





TRANSACTIONS 


American Society for Metals 


VOL. XLII 


TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—3i1st ANNUAL 
CONVENTION, CLEVELAND, OCTOBER 15 to 21, 1949 


OR purposes of record and for the benefit of members who were 

not in attendance at the Thirty-first Annual Convention of the 
Society, held in Cleveland, October 15 to 21, 1949, the Programs 
of the Technical Papers and Educational Lectures together with the 
Reports of Officers for 1949 are herewith published in full. 


TECHNICAL PAPERS PROGRAM 


Seminar on 
Thermodynamics in Physical Metallurgy 
All Sessions—Euclid Ballroom, Statler Hotel 
Saturday, October 15—9:30 A.M. 


Chairmen 
John Chipman, Massachusetts Institute of Technology 
Max Gensamer, Carnegie-Illinois Steel Corp. 
The Principles of Thermodynamics, by P. W. Bridgman, Professor of Mathe- 
matics, Harvard University. 
The Role of Statistical Mechanics in Physical Metallurgy, by C. Zener, Asso- 
ciate Director, Institute for the Study of Metals, University of Chicago. 
Application of Thermodynamics to Heterogeneous Equilibria, by L. S. Darken, 
Research Chemist, U. S. Steel Corp. 
Application of Electromotive Force Measurements to Phase Equilibria, by F. J. 
Dunkerley, Assistant Professor of Metallurgy, University of Pennsylvania. 


Saturday, October 15—2:00 P.M. 


Chairmen 
Morris Cohen, Massachusetts Institute of Technology 
J. C. Fisher, General Electric Co. 

Mechanism of Diffusion, by Frederick Seitz, Head, Department of Physics, 
Carnegie Institute of Technology. 

On Equations of State and the Phase Diagrams of Simple Binary Alloys, by 
A. W. Lawson, Associate Professor of Physics, Institute for the Study of 
Metals, University of Chicago. 

Thermodynamics of Liquid Metallic Solutions, by John Chipman, Head, Depart- 
ment of Metallurgy, and John F. Elliott, Massachusetts Institute of Tech- 
nology. 
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Saturday, October 15—8:00 P.M. 


Chairman: R. F. Mehl, Carnegie Institute of Technology 
Physical Factors Affecting Order in Metallic Systems, by C. E. ‘Birchenall, 
Assistant Professor of Metallurgy, Carnegie Institute of Technology. 
Heterogeneous Nucleation, by J. H. Hollomon, Research Associate, General 
Electric Co. 


Sunday, October 16—9:30 A.M. 


Chairmen 
D. Turnbull, General Electric Co. 
J. B. Austin, U. S. Steel Corp. 
Precipitation from Solid Solution of C and N. in Alpha Iron, by Charles Wert, 
Institute for the Study of Metals, University of Chicago. 
Eutectoid Decompositions, by John Fisher, Research Associate, General Electric 


oO. 
Thermodynamics of the Martensite Transformation, by Morris Cohen, Professor 
of Metallurgy, Massachusetts Institute of Technology. 


Sunday, October 16—2:00 P.M. 


Chairmen 
C. E. Birchenall, Carnegie Institute of Technology 
J. H. Hollomon, General Electric Co. 


Nucleation of Ferromagnetic Domains, by Liecuwe Dijkstra, Research Associate, 
Institute for the Study of Metals, University of Chicago. 

Principles of Solidification, by D. Turnbull, Research Associate, General 
Electric Co. 

Contribution of Thermodynamics to Metallurgical Research and Operations, by 
J. B. Austin, Director, Research Laboratories, U. S.. Steel Corp. 


Monday, October 17 
Alloy Steels Session-—I 


Grand Ballroom, Statler Hotel—9:30 A.M. 


Chairmen 
W. R. Breeler, Allegheny Ludlum Steel Corp. 
M. F. Hawkes, Carnegie Institute of Technology 


Tensile Properties of a Heat Treated Low Alloy Steel at Subzero Tempera- 
tures, by E. J. Ripling, Research Associate, Case Institute of Technology. 

Relationship of Inclusion Content and Transverse Ductility of a Chromium- 
Nickel-Molybdenum Gun Steel, by John Welchner, Metallurgical Engineer, 
and W. G. Hildorf, Metallurgical Consultant, Timken Roller Bearing Co. 

The Effect of Vanadium and Carbon on the Constitution of High Speed Steel, 
by Donald J. Blickwede, Head, High Temperature Alloys Section, Naval 
Research Laboratory, Morris Cohen, Professor of Physical Metallurgy, 
Massachusetts Institute of Technology, and George A. Roberts, Chief 
Metallurgist, Vanadium-Alloys Steel Co. 

Unnotched Impact Strength of High Speed Steels, by Arthur H. Grobe, Re- 
search Metallurgist, and George A. Roberts, Chief Metallurgist, Vanadium- 
Alloys Steel Co. 


Alloy Steels Session—II 


Music Hall, Public Auditorium—2:00 P.M. 


Chairmen 
R. S. Archer, Climax Molybdenum Co. 
G. A. Roberts, Vanadium-Alloys Steel Co. 


Effect of Boron and Kind of Boron Addition Upon the Properties of Steel, by 
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R. A. Grange and W. B. Seens, Members of Staff, U..S. Steel Corp. 
Research Laboratory, W. S. Holt, Metallurgist, Jessop Steel Co., and 
_ M. Garvey, Research and Development Division, Carnegie-Illinois Steel 
orp. 

Characteristics and Properties of Cast Low Chromium-Molybdenum Steels, by 
N. A. Ziegler, Research Metallurgist, W. L. Meinhart, Assistant Research 
Metallurgist, and J. R. Goldsmith, Metallurgical Engineer in Charge of 
Research Foundry, Crane Co. 

Iron-Manganese and Iron-Manganese-Nickel Alloys, by Irvin R. Kramer, 
Head, Mechanics and Materials Branch, Office of Naval Research, Stewart 
L. Toleman, Metallurgist, Naval Research Laboratory, and Walter T. 
Haswell, Metallurgist, Latrobe Steel Co. 

Metallurgical Factors Affecting the Magnetic and Mechanical Properties of 
Iron-Cobalt Alloys, by J. K. Stanley, Magnetic Department, Westinghouse 
Electric Corp. 


Tuesday, October 18 
Oxidation Session 
Grand Ballroom, Statler Hotel, 9:30 A.M. 


Chairmen 
M. G. Fontana, Ohio State University 
C. A. Zapffe, Consultant 

The High Temperature Oxidation of Manganese, by R. S. Gurnick, Research 
Engineer, Thompson Products, Inc., and W. M. Baldwin, Jr., Research 
Professor, Case Institute of Technology. 

Determination of Oxygen in Metals by the Vacuum-Fusion Method, by R. K. 
McGeary, J. K. Stanley and T. D. Yensen, Westinghouse Research Lab- 
oratories. 

Methods of Determining Vapor Pressure of Metals, by Rudolph Speiser, De- 
partment of Metallurgy, and H. L. Johnston, Director, Cryogenic Lab- 
oratory, Ohio State University. 

An X-Ray Study of the Scale Formed on Iron Between 400 and 700°C, by 
O. A. Tesche, Government Metallurgical Laboratory, University of the 
Witwatersrand, Johannesburg, South Africa. 


Quenching Session 
Euclid Ballroom, Statler Hotel—9:30 A.M. 


Chairmen 
M. Cohen, Massachusetts Institute of Technology 
E. S. Rowland, Timken Roller Bearing Co. 

A Quench Cracking Susceptibility Test for Hollow Cylinders, by Cyril Wells, 
Member of Staff, Metals Research Laboratory, Carnegie Institute of Tech- 
nology, C. F. Sawyer, Metallurgist, Vanadium-Alloys Steel Co., I. Brover- 
man, Los Alamos Scientific Laboratory, and R. F. Mehl, Director, Metals 
Research Laboratory, Carnegie Institute of Technology. 

An Engineering Analysis of the Problem of Quench Cracking in Steel, by J. W. 
Spretnak, Associate Professor of Metallurgy, Ohio State University, and 
Cyril Wells, Member of Staff, Metals Research Laboratory, Carnegie 
Institute of Technology. 

Pre-Bore Quench for Hollow Cylinders, by J. W. Spretnak, Associate Pro- 
fessor of Metallurgy, Ohio State University, and C. C. Busby, Metals 
Research Laboratory, Carnegie Institute of Technology. 

Statistical Methods for Evaluating the Quality of Certain Wrought Steel 
Products, by Edwin G. Olds, Associate Professor, Mathematics Depart- 
ment, and Cyril Wells, Member of Staff, Metals Research we 

Carnegie Institute of Technology. 
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High Temperature Metallurgy Session 
Little Theater, Public Auditorium—2:00 P.M. 


Chairmen 
H. C. Cross, Battelle Memorial Institute 
J. J. Kanter, Crane Co. 

Influence of Strain Rate and Temperature on the Creep of Cold Drawn Ingot 
Iron, by W. D. Jenkins and T. G. Digges, Chief, Thermal Metallurgy, 
National Bureau of Standards. 

Stability of AISI Alloy Steels at Elevated Temperatures, by A. B. Wilder, 
Chief Metallurgist, National Tube Co., and J. O. Light, Chief Metallurgist, 
Lorain Works, National Tube Co. 

On the Extrapolation of Short-Time Stress-Rupture Data, by N. J. Grant, 
Associate Professor of Metallurgy, and Albert G. Bucklin, Research 
Assistant in Metallurgy, Massachusetts Institute of Technology. 

The Tungsten-Iridium Thermocouple for Very High Temperatures, by Walter 
C. Troy, Supervisor, and Gary Steven, Research Metallurgist, Metals 
Department, Armour Research Foundation. 


Wednesday, October 19 
ASM Annual Meeting 
Grand Ballroom, Statler Hotel—10:00 A.M. 


Edward deMille Campbell Memorial Lecture, by E. H. Dix, Jr., Assistant 
Director of Research, Aluminum Company of America, entitled The 
Aluminum-Zinc-Magnesium Alloys—Thew Development and Commercial 
Production. 

K. R. Van Horn, Aluminum Company of America, Chairman 


Transformation and Temper Brittleness Session 
Music Hall, Public Auditorium—2:00 P.M. 


Chairmen 
G. A. Timmons, Climax Molybdenum Co. 
A. R. Troiano, Case Institute of Technology 

Measurement of Retained Austenite in Carbon Steels, by B. L. Averbach, 
Assistant Professor, L. S. Castleman, Research Assistant, and M. Cohen, 
Professor of Metallurgy, Massachusetts Institute of Technology. 

The Effect of Alloying Elements on the Transformation Characteristics of 
Induction-Heated Steels, by J. F. Libsch, Assistant Professor of Metal- 
lurgy, W. P. Chuang and W. J. Murphy, Graduate Students, Lehigh 
University. 

Influence of Composition on Temper Brittleness in Alloy Steels, by A. P. 
Taber, Colonel, Ordnance Department, J. F. Thorlin, Lt. Colonel, Aber- 
deen Proving Ground, and J. F. Wallace, Metallurgist, Watertown Arsenal. 

Isothermal Temper Embrittlement, by L. D. Jaffe and D. C. Buffum, Water- 
town Arsenal Laboratory. 


Thursday, October 20 
Stainless Steels Session 
Ballroom, Public Auditorium—9 :30 A.M. 


Chairmen 
Russell Franks, Electro Metallurgical Co. 
V. N. Krivobok, International Nickel Co. 
A Bar Bend Test and Its Application to Stainless Steel, by C. A. Zapffe, R. L. 
Phebus and F. K. Landgraf, Consultants, Baltimore. 
Creep and Rupture of Several Chromium-Nickel Austenitic Stainless Steels, by 
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= weg E. J. Dulis and E. G. Houston, Research Laboratory, U. S. 

teel Corp. ; 

The Effect of Sigma Phase on the Short-Time High Temperature Properties 
of 25 Chromium—20 Nickel Stainless Steel, by Glen J. Guarnieri, James 
Miller and Frank J. Vawter, Cornell Aeronautical Laboratory, Inc. 

Stress Corrosion in a Stainless Steel Compressor, by Frank W. Davis, Chief 
Metallurgist, E. B. Badger. & Sons Co. 


Mechanical Metallurgy Session 
Music Hall, Public Auditorium—2:00 P.M. 


Chairmen 
M. Gensamer, Carnegie-Illinois Steel Corp. 
I. R. Kramer, Office of Naval Research 

A Study With New Equipment of the Effects of Fatigue Stress on the Damp- 
ing Capacity and Elasticity of Mild Steel, by B. J. Lazan, Professor and 
Head, Department of Materials Engineering, Syracuse University. 

Effect of Steady Stress on Fatigue Behavior of Aluminum, by J. A. Sauer, 
Head, Department of Engineering Mechanics, Pennsylvania State College, 
and D. C. Lemmon, General Electric Co. 

New Criteria for Predicting the Press Performance of Deep Drawing Sheets, 
by W. T. Lankford, S. C. Snyder and J. A. Bauscher, Research and 
Development Division, Carnegie-Illinois Steel Corp. 

Fractographic Study of Deformation and Cleavage im Ingot Iron, by C. A. 
Zapffe and C. O. Worden, Consultants, Baltimore. 


Friday, October 21 
Atomic Energy Metallurgy Session 
Music Hall, Public Auditorium—9 :30 A.M. 


Chairmen 
B. S. Old, U. S. Atomic Energy Commission 
Frank Foote, Argonne National Laboratory 

The Metallurgy of Beryllium, by A. R. Kaufmann, Massachusetts Institute of 
Technology, Paul Gordon, Illinois Institute of Technology, and David W. 
Lillie, U. S. Atomic Energy Commission. 

Some Aspects of Uranium Metallurgy subdivided as follows: 

Uranium Crystal Structure, by C. W. Tucker, Knolls Atomic Power Lab- 
oratory. 

Elastic Constants of Uranium, by Henry L. Laquer, Wm. E. McGee and Myra 
F. Kilpatrick, Los Alamos Scientific Laboratory. 

Uranium-Manganese and Uranium-Copper Alloy Systems, by H. A. Wilhelm 
and O. N. Carlson, Iowa State College, Ames Laboratory, U. S. Atomic 
Energy Commission. 

Thorium-Carbon System, by H. A. Wilhelm and Primo Chiotti, Iowa State 
College, Ames Laboratory, U. S. Atomic Energy Commission. 


Nonferrous Session 
Music Hall, Public Auditorium—2:00 P.M. 


Chairmen 
W. M. Baldwin, Jr., Case Institute of Technology 
K. R. Van Horn, Aluminum Company of America 


Fabrication and Mechanical Properties of Ductile Zirconium, by E. T. Hayes, 
Physical Metallurgist, E. D. Dilling, Metallurgist, and A. H. Roberson, 
Metallurgist, Bureau of Mines, Northwest Electrodevelopment Laboratory. 

A Study of Arc-Melted Molybdenum-Rich Chromium-Molybdenum Alloys, by 

Harold D. Kessler, Research Metallurgist, and M. Hansen, Armour Re- 

search Foundation. 
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Effects of Quenching Rate and Quench Aging on the Tensile preniana: of 
Aluminum Alloy 61S, by R. C. Lemon, Research Metallurgist, and H. Y. 
Hunsicker, Assistant Chief, Cleveland Research Division, Aluminum Com- 
pany of America. 

Preparation of Metal Single Crystals, by A. N. Holden, Research Laboratory, 
General Electric Co. 


ASM EDUCATIONAL LECTURES 
Machining—Theory and Practice 
Monday, October 17 
Music Hall, Public Auditorium—4:30 P.M. 


Chairman: H. B. Knowlton, International Harvester Co. 
Symposium Keynote, by Hans Ernst, Director of Research, Cincinnati Milling 
Machine Co. 
Metal Cutting Research—Theory and Application, by M. E. Merchant, Physi- 
cist, Cincinnati Milling Machine Co. 
Cutting Fluid Theory, by Milton Shaw, Associate Professor of Mechanical 
Engineering, Massachusetts Institute of Technology. 


Monday, October 17 
Clubroom B, Public Auditoriwn—8:00 P.M. 


Chairman: J. F. Kahles, University of Cincinnati 
Materials and Machinability, by F. W. Boulger, Supervising Metallurgist, 
Battelle Memorial Institute. 
Metallurgy and Machinability of Steels, by J. D. Armour, Chief Metallurgist, 
Union Drawn Steel Division, Republic Steel Corp. 
Tool Steels, by G. A. Roberts, Chief Metallurgist, Vanadium-Alloys Steel Co. 


Tuesday, October 18 
Little Theater, Public Auditorium—4:30 P.M. 


Chairman: G. M. Cover, Case Institute of Technology 
Cemented Carbide Tool Materials, by J. C. Redmond, Kennametal, Inc. 
Heat in Metal Cutting, by A. O. Schmidt, Research Engineer, Kearney and 
Trecker Corporation. 
Evaluation of Machinability of Rolled Steels, Forgings and Cast Irons. by 
Michael Field and N. Zlatin, Metcut Research Associates. 


Tuesday, October 18 
Clubroom B, Public Auditorium—8:00 P.M. 


Chairman: N. J. Grant, Massachusetts Institute of Technology 

Tool Life Testing, by O. W. Boston, Chairman, Department of Metal Process- 
‘ing, University of Michigan. 

Some Metallurgical Aspects of Grinding, by L. P. Tarasov, Research Metallur- 
gist, Norton Co. 

Economics of Machining, by W. W. Gilbert, Associate Professor, University 
of Michigan. 

Development of the Macrostructure of Metals by Machining, by L. M. Clare- 
brough and G. J. Ogilvie, University of Melbourne, Melbourne, Australia. 
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ASM EDUCATIONAL LECTURES 
Stress-Corrosion in Metals 
Wednesday, October 19 
Music Hall, Public Auditorium—4;30 P.M. 
Chairman: F. L. LaQue, The International Nickel Co., Inc. 


Introduction, by H. B. Knowlton, International Harvester Co., Chairman ASM 
Educational Committee. 


Generalized Theory of Stress-Corrosion, by J. T. Waber, Staff Metallurgist, 
University of California, Los Alamos Scientific Laboratory. 


Corrosion Fatigue and Stress-Corrosion as Encountered in a Practical Way 
in the Petroleum Industry, by Fred Prange, Phillips Petroleum Co. 


Wednesday, October 19 
Clubroom B, Public Auditorium—8:00 P.M. 


Chairmen 
K. L. Fetters, Youngstown Sheet & Tube Co. 
F. L. LaQue, The International Nickel Co., Inc. 


Stress-Corrosion of Stainless Steels, by James J. Heger, Carnegie- Illinois 
Steel Corp. 


ASM PANEL DISCUSSIONS 
on “Economy-in-Production” 
All sessions held in the Ballroom, Public Auditorium 


Monday, October 17—2:00 P.M. 


ECONOMY-IN-PRODUCTION THROUGH BETTER 
CLEANING AND FINISHING METHODS 


Chairman—Adolph Bregman, Consulting Engineer, New York, N. Y. 


Panel Members—Guy Cole, Process Engineering Manager, Ternstedt Mfg. Co., 
Detroit. 


Walter L. Pinner, Manager of Research, Houdaille-Hershey Corp., Detroit. 
Harold L. Farber, Chemist, Westinghouse Electric Corp., Mansfield. Ohio. 


Arnold Ejickhoff, Head, Metal Painting Research Section, National Lead 
Co., Research Laboratories, Brooklyn. 


Arthur Proctor, Metallurgical Lab., Ford Motor Co., Detroit. 


Monday, October 17—8:00 P.M. 
ECONOMY-IN-PRODUCTION THROUGH IMPROVED 
PRESS SHOP OPERATIONS 
Chairman—E. E. Thum, Editor, METAL Procress, Cleveland, Ohio. 


Panel Members—R. B. Schulze, Supervisor of Mfg. Research, The Glenn L. 
Martin Co., Baltimore. 


George Eglinton, Lincoln Park Industries, Detroit. 


Albert T. Hamill, Metallurgical Engineer, Materials Engineering Dept., 
Westinghouse Electric Corp., East Pittsburgh. 


H. L. Von Ende, Metallurgical Engineer for Sheet and. Strip, Carnegie- 
Illinois Steel Corp., Pittsburgh. 


Wm. F. Longfield, Engineering Dept., Federal Machine & Welder Co., 
Warren, Ohio. 


George Sachs, Consulting Engineer, Cleveland. 
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Tuesday, October 18—2:00 P.M. 


ECONOMY-IN-PRODUCTION THROUGH IMPROVED 
WELDING TECHNIQUES AND EQUIPMENT 
Chairman—A. B. Kinzel, Vice-President, Union Carbide & Carbon Research 

Lab., New York. 


Panel Members—John Randall, Welding Research, Ford Motor Co., Dearborn, 
Michigan. 


Carl Underwood, Northern Ordnance Co., Minneapolis. 
Frank J. Pilia, Development Engineer, Linde Air Products Co., Newark. 


Robert A. Wyant, Assoc. Professor of Metallurgy, Rensselaer Polytechnic 
Institute, Troy, N. Y. 


Tuesday, October 18—8:00 P.M. 


ECONOMY-IN-PRODUCTION THROUGH IMPROVED 
HEAT TREATMENT OPERATIONS 
Chairman—Horace C. Knerr, President, Metallurgical Laboratories, Inc., 
Philadelphia. 


Panel Members—Glen C. Riegel, Chief Metallurgist, Caterpillar Tractor Co., 
Peoria, Illinois. 


Robert N. Lundquist, Supervisor, Metallurgical Dept., Minneapolis-Moline 
Co., Minneapolis. 


C. H. Leland, Assistant Furnace Engineer, Buick Motor Co., Flint, Mich. 


W. E. Bancroft, Chief Metallurgist, Pratt & Whitney Division, Niles- 
Bement-Pond Co., West Hartford, Conn. 


Ralph L. Wilson, Director of Metallurgy. Timken Steel & Tube Division, 
Timken Roller Bearing Co., Canton, Ohio. 


Wednesday, October 19—2:00 P.M. 


ECONOMY-IN-PRODUCTION THROUGH THE USE OF TAILOR- 
MADE ALLOYS OR MORE ADAPTABLE MILL PRODUCTS 
Chairman—Muir L. Frey, Assistant to General Works Manager, Tractor 

Plants, Allis-Chalmers Mfg. Co., Milwaukee. 


Panel Members—Harry W. McQuaid, Consulting Metallurgist, Union Com- 
merce Bldg., Cleveland. 


Everett C. Gosnell, Manager, Chemical & Process Equipment Div., Colonial 
Iron Works Co., Cleveland. 


Harry P. Croft, Wheeling Bronze Casting Co., Moundsville, W. Va. 
William Hodges, Metallurgist, General Electric Co., Schenectady. 


Kirby F. Thornton, Head, Aircraft Section, Development Div., Aluminum 
Company of America, New Kensington, Pa. 


Wednesday, October 19—8:00 P.M. 


ECONOMY-IN-PRODUCTION THROUGH THE USE OF 
MORE PRECISE CASTINGS OR FORMED SHAPES 
Chairman—Charles O. Burgess, Technical Director, Gray Iron Founders’ Soci- 

ety, Cleveland. 


Panel Members—A. P. Miessler, Works Metallurgist, Richmond Works, Inter- 
national Harvester Co., Richmond, Indiana. 
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L. A. Danse, Supervisor of Materials & Processes, General Motors Corp., 
Detroit. 


Claud L. Stevens, Supervisor, Quality Control Laboratories, A.M.O., Ford 
Motor Co., Rouge Plant, Dearborn, Michigan. 


a H. Harris, President, Alloy Engineering and Casting Co., Champaign, 
Illinois. 


John R. Townsend, Materials Engineer, Bell Telephone Laboratories, Inc., 
Murray Hill, N. J. 
Thursday, October 20—2:00 P.M. 
ECONOMY-IN-PRODUCTION THROUGH IMPROVED 
METALLURGY IN MACHINE SHOP OPERATIONS 


Chairman—A. H.. d’Arcambal, Vice-President and Consulting Metallurgist, 
Pratt & Whitney Division, Niles-Bement-Pond Co., West Hartford, Conn. 


Panel Members—Stewart M. dePoy, Supt. and Production Manager, Dayton 
Forging and Heat Treating Co., Dayton. 


E. J. Weller, Mechanical Engineer, Schenectady Works Laboratory, Gen- 
eral Electric Company, Schenectady. 


Nelson G. Meagley, Chief of Quality Control, Willys-Overland Motors 
Co., Toledo. 


Ralph Casella, Assistant Metallurgist, Fafnir Bearing Co., New Britain, 
Conn. 


Friday, October 20—2:00 P.M. 
ECONOMY-IN-PRODUCTION BY THE USE OF BRAZING, 
SOLDERING AND WELDING FOR SUBASSEMBLIES 


Chairman—C. E. MacQuigg, Dean, Engineering College, Ohio State Univer- 
sity, Columbus, Ohio. 


Panel Members—Lawrence Jacobsmeyer, General Manager, Salkover Metal 
Processing of Illinois, Chicago. 


P. H. Brotzman, Chief Metallurgist, Parker Appliance Co., Cleveland. 


F. N. Woolrich, Metallurgist, Works Laboratory, Refrigerator Div., Gen- 
eral Electric Co., Erie. 


S. M. Spice, Buick Motor Division, General Motors Corporation, Flint, 
Michigan. 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Cleveland, Wednesday, October 19, 1949 


The meeting was called to order by President H. K. Work, who 
announced that the first order of business was the President’s report. 
He then asked Vice-President A. E. Focke to occupy the chair while 
he read his report. This is published in full beginning on page 10 
of this volume of TRANSACTIONS. 

VicE-PRESIDENT Focke: You have heard the report of the 
President. There being no objections, the report will stand approved . 
as read. I now return the chair to the President. 
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PRESIDENT Work: The next order of business will be the 
annual report of the treasurer, E. L. Spanagel. 

Treasurer Spanagel presented his report which appears in full 
beginning on page 13. 

PrEsIDENT Work: You have heard the report of the Treasurer. 
There being no objections, it will stand as read. The next order 
of business is the report of the Secretary. 

Secretary Eisenman presented his report which appears in full 
beginning on page 18. 

PRESIDENT WorK: You have heard the report of the Secretary. 
There being no objections, it will stand as read. The next order 
of business is the election of officers. (See page 26.) 


ANNUAL ADDRESS OF THE PRESIDENT 
Harotp K. Work, President 
Thirty-first Annual Meeting, Cleveland, October 19, 1949 


HEN the activities of a year are reviewed, the talk, of 

necessity, reflects the special conditions obtaining during 
that year. Directly after the war, the wartime activities of the 
Society were presented. Last year alloy steels, which were used 
in large quantities during the busy postwar years to make steels go 
farther, were emphasized. This year the theme of the National 
Metal Congress is “Economy-in-Production”. The appropriateness 
of this theme will be reflected throughout this review of the past 
year in ASM. 

Your Society has continued its steady growth. We have 20,345 
members and 78 Chapters as of September 1. One of the important 
activities of your officers is to visit these Chapters, give technical 
talks, and then discuss the various matters having to do with the 
welfare of the Chapters of the National Society. With the growth 
of the Society and the addition of new Chapters from year to year, 
however, the burden on your President and Secretary has become 
increasingly great. Consequently, the number of Chapters visited, 
on a percentage basis, has necessarily become less and less. To 
remedy this, your Secretary has suggested having as many as 
possible of the National Officers give talks before Chapters. This 
year your President and the other officers (excluding your Secretary 
who ordinarily visits the Chapters with one of the other officers) 
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appeared before a total of 57 Chapters. This is undoubtedly a 
record coverage of the Chapters and was made possible by the 
active cooperation of all the officers. In addition to these Chapter 
visits, your National Officers held four board meetings on October 
29, 1948, April 12, 1949, August 19, 1949, and October 18, 1949. 

A particularly valuable part of the visits to the Chapters con- 
sisted of the frank discussion between the Chapter officers and the 
National Officers on matters of Society business. Your President 
was very much impressed by the way the various Chapters explained 
what they were doing and asked for suggestions from the National 
Office. They also discussed matters of National policy, asked frank 
questions, and offered constructive criticism. This type of discussion 
is without doubt one of the strongest factors in directing work of 
your officers to best meet your needs. 

The Merats HANpbBOOK continues to be important news. Some 
16,000 members returned their old HANpBooxs and received new 
copies in exchange. In addition, approximately 5000 copies have 
been sold. In the course of visits to the Chapters, the comments 
on the Metats HANbDBOOoK were overwhelmingly favorable. In all 
your President’s visits to the Chapters, he received only one criticism 
—a young metallurgist said that with such a complete book available, 
metallurgists were no longer necessary—the office boy could make 
the metallurgical decisions. 

The Treasurer will soon present the financial report of the 
Society and, as usual, it will be favorable. This, in a way, might 
appear surprising, for technical societies have been having bad times. 
The costs of paper and help have gone up, but most of the societies 
tried to avoid raising dues. Unfortunately, many of them could not 
do this. Your Society, however, has been able to maintain its dues 
constant and there has been no resorting to special levies. We have 
still continued in the black. In addition, over the last two or three 
years your Society has absorbed charges amounting to about a 
quarter of a million dollars resulting from the publishing of the 
MetaLts HANDBOOK. 

Carrying this thought a little further, it is interesting to note 
that membership dues represented only about 20% of the total income 
of the Society. More than half of this, however, was applied to 
Chapter activities in one way or another. Furthermore, the Society 
spent approximately forty-two dollars for each membership—a rather 
impressive figure. Stated in another way, if the Society had no 
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other sources of income, dues of $42 per year would be needed to 
provide the current service to the members. 

The question is frequently asked as to why ASM is building up 
a substantial reserve fund. It has been the feeling of your officers 
that ASM should have a reserve equal to about three times its 
annual operating rate. This would carry the Society through any 
prolonged and serious depression. I think you will agree that the 
current difficulties in other technical societies, with which many of 
us are familiar, bear out the contention that ASM has been wise 
in pursuing a conservative financial policy. 

The financial side of the picture, however, tells only a part of 
the story of the works of your Society. Take, for example, the 
Hanpsook. While it cost about $8 per copy to print and mail, 
there is no inclusion in this figure of any value for the thousands 
and thousands of man-hours contributed to this publication by the 
members themselves. And here is a point I would like to make— 
namely, that there is probably not a technical society in the country 
where the members work harder or more constructively than 
in ASM. 

It is customary in these annual reviews of the President to say 
a few words about the National Metal Congress (and in the case 
of alternate years, the Western Metal Congress). Both of these 
have proved successful as educational projects. The Expositions 
have also proved successful, both in their benefits to the industry 
and as financial propositions. 

During the past year, the first book of a series of tech books 
has been produced. It discusses the subject of magnesium. At the 
moment, this looks like another of those projects, promoted by your 
National Secretary, to the credit of your Society. 

Most of you may wonder about the status of the FM radio 
station which has been under consideration by your Board of 
Trustees. In view of the rapid advance of television and the 
uncertainty of the possible future of an FM station, the situation 
is being approached with great caution. At the moment it is not 
possible to say whether it would prove desirable to go ahead with this. 

During the last Metal Congress the President’s Medal was 
awarded to A. L. Boegehold. The Howe Award was given to J. W. 
Spretnak. The ASM Gold Medal award was conferred on Francis 
C. Frary, Director of Research of the Aluminum Company of 
America, and the ASM Medal for the Advancement of Research 
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was conferred on the late Willard H. Dow, President of the Dow 
Chemical Company. The 1948 Campbell Lecture was given by 
Morris Cohen of the Massachusetts Institute of Technology. 

In closing, your President has just concluded an interesting and 
pleasant experience. The tremendous amount of work done by the 
other officers and members is so great that anything the President 
cari do to contribute to the success of the Society is small indeed. 
He wishes to express his great thanks to all of the members of the 
Society who have labored in its behalf. In particular, he would like 
to mention the Secretary. It seems to be customary whenever 
technical societies have difficulties to blame them on the Secretary. 
If we agree that our Society is successful, we have no alternative 
but to credit it to our outstanding Secretary. 


TREASURER’S REPORT 
E. L. SPANAGEL, Treasurer 


Your Society’s fiscal year, ending on August 31, 1949, has been 
another very successful year, and hence it is a pleasure for your 
Treasurer to present this report. 

A condensed balance sheet, showing the financial condition of 
the Society as of August 31, 1949, is presented below: 


ASSETS Aug. 31, 1949 
TE eS, uw a ale eg $ 271,270.29 
I aR ee ie s avn 1,382,703.65 
Cash surrender value of life insurance .......... 1,144.19 
I I ia 55 6 in 5 50 bab cn 40 ake one’ 56,542.74 
RE ss Ge ss Sie v ok c Chine o ban koe e ss 114,579.73 
I I es 56 SR Sis hi i es SU Edy 7,643.70 
CU i aku ole a ace'n't dit 60,657.52 
Office furniture, fixtures, and equipment ........ 54,437.06 
RPO MII Sat la as ecu oes veces 45,721.33 
$2,064,700.21 

LIABILITIES, RESERVES AND SURPLUS 
PR IR sss Suicills ys odes das 0idureurtn $ 51,370.89 
Nene eal 183,154.50 
SE MN, SS, in a's ss ob weaeOe css 207,604.25 
FE SEP es Pas cade s ocd couia os daees s aaids 1,622,570.57 
. $2,064,700.21 


The cash assets show an increase of $151,672.22 as compared 
to that of a year ago. Security holdings of the Society increased 
by $67,796.09 within the past year. The principal changes in the 
investment portfolio involved the sale of certain U. S. Government 
Bonds and the use of the proceeds therefrom together with surplus 
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funds to purchase other U. S. Government Bonds, effecting an 
improvement in the maturity schedule of the government holdings. 
Rights were also exercised to purchase additional shares of common 
stocks in Columbia Gas System, Inc., Pacific Gas & Electric Co., 
Cleveland Electric Illuminating Co., and debenture bonds in Ameri- 
can Telephone & Telegraph Co. As has been customary since 1931, 
all investments were made on recommendation of the Society’s fiscal 
agents, the Cleveland Trust Co., with whom the Finance Committee 
and the Board of Trustees keep in constant touch so as to maintain 
a close contact with the investment market. 

The Society's investment portfolio is now distributed as follows: 

Carrying Amount 





as of Per Cent 

August 31,1949 of Total 
U.S. Government Bonds ............ $ 900,744 65:2 
Canadian Government Bonds ........ 10,000 0.7 
Manes Manes isi cies. ves evs 16,547 1.2 
Puc Winey Bonds ..n. cc icc enene 34,014 2.5 
Kolbebtrint TSG 2 si so. ss. HOR TAs 17,524 13 
Stek Bawls: inci eas itissie. He $ 978,829 70.9 
Conmmen: Geet. ..c:. isis oth Se $ 333,060 24.1 
PU SE sone ik < Cv tee boiks .< 2 18,694 1.3 
Land Trust Certificates ............. 44,978 3.2 
Pa Batre 6 i A EL ok) Se 0.5 
Tee: Serene 5 TS. ois ol $1,382,703 100.0 


As of August 31, 1949, the Society’s investments had a market 
value of approximately $1,448,054. Interest and dividends earned 
on the above investments amounted to $50,309.81, or 3.65% this 
year, as compared to $47,141.58 and 3.60% for the previous year. 

In addition to the cash assets and the investments in securities, 
the Society’s assets included real estate represented by the National 
Headquarters carried at $60,658 and inventories in books, furniture 
and equipment totaling $169,017. The total assets of the Society, 
at $2,064,700.21, show an increase of $220,651.52 or 12% over the 
total as of a year ago. 

It is of interest to note also that the combined assets of the 
Local Chapters now total approximately $200,000. The various 
Chapters are thus in position to assure a continuance of their respec- 
tive activities in the promotion of the aims of the Society. 

The statement of total income and expense for the year ending 
August 31, 1949, is as follows: 


RE. oii 8 Os KERR ed wed 9 Cs Gh $1,009,260.45 
PEONGS C505 Fon vik opetrcdin dn sahks Ghee 857,329.37 


Excess of Income over Expense ....$ 151,931.08 
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This gain was exceeded on only three previous occasions in our 


Society’s history—namely, the fiscal years ending in 1944, 1945 and 
1946. 


The Society’s income dollar may be divided as follows: 


Where it came from Where it went 
METAL PROGRESS .......... 34¢ METAL PROGRESS .......... 29¢ 
Metal Exposition ......... 26 Metal Expositions ...... adi oe 
Membership Dues ......... 20 Dues returned to Chapters.. 8 
Books and Sundry Sales ... 6 Merats ReEvIEW .......... 7 
Metats HANDBOOK ....... 5 Books and Misc. Mdse. ... 5 
Interest and Dividends .... 5 Merats HANDBOOK ....... 4 
Merats REVIEW .......... 2 Membership Expense ..... 4 
Miscellaneous ............ 2 TRANSACTIONS ............ 3 
100 General Admin. & Misc. .. 6 
Added to Surplus ......... 14 
100 


The income from Meta Procress, together with the income 
from the Metal Expositions, representing about 60% of the total 
income of the Society, are obviously very important factors in the 
over-all net gain for the year. 

Gross income from membership dues this past year amounted 
to $221,140.69. Of this amount, $90,288.43 was returned to the 
Chapters. Both of these figures are within a fraction of one per 
cent of the corresponding amounts for the previous year, indicating 
a stabilization in our membership. 

TRANSACTIONS and the Metats Review are not self-sustaining. 
and hence cost the Society net sums of approximately $30,392 and 
$45,215 respectively. 

Sales of books published, including the Metats HANpDBooK and 
Review OF METAL LITERATURE, resulted in approximately $30,350 
excess income over expense. In addition, $29,377 was placed in our 
reserves account, allocated to the publication of the next revision of 
the Metats Hanpsoox. A total of about $50,000 is now set aside 
for this purpose. _ 

The Society is greatly indebted to Secretary William Eisenman 
for the excellent and secure financial condition which this report 
reveals. Your Treasurer gratefully acknowledges the fine cooperation 
and able assistance given by Secretary Eisenman, Assistant Treas- 
urer A. A. Hess, W. W. Horner, Vice-President of Cleveland 
Trust Co., members of the Finance Committee and the Board of 
Trustees. 





16 TRANSACTIONS OF THE A. S. M. 


AUDITED BALANCE SHEET 
AMERICAN SOCIETY FOR METALS 
August 31, 1949 


ASSETS 
ar (includes $6,329.38 of Canadian funds at 
ahs sa aldo hasan cae ewe ae 


SECURITIES (approximate market prices ag- 
gregate $1,448,054.18) 
Bonds, stocks, and land trust certificates— 


SCE cw 'b'e ot bcs Sew O REE Re ees 64+0RS $1,375,561.37 
MI: WeNONG i ik Ss oe Ss, oes ska oS 7,142.28 


CASH SURRENDER VALUE OF LIFE INSURANCE 
ACCOUNTS RECEIVABLE 


i CO ot, in ile y wehbe 6 oak $ 25,843.86 
National Metal Exposition—Cleveland— 
GON, NOs ies veka dG tsb kaw kaua ued 18,600.25 
GROUND = 4a hc, shies be LER RAS Cs so tbo 14,098.63 $ 58,542.74 
Less allowance for doubtful accounts ........ 2,000.00 


INVENTORIES—at cost or lower 
Bound and unbound publications, books, paper 


GE FO 58 din 0.0 Sd aMEES ¢ bd a BADER $ 120,579.73 
Less allowance for obsolescence ............ 6,000.00 


OTHER ASSETS 
Officers, employees, and stundry accounts and 
GRIN indnak che 00d 5 Balces ope es anne 


REAL ESTATE (at cost less allowances for 
depreciation ) 


OFFICE FURNITURE, FIXTURES, AND EQUIPMENT 
(at cost less allowances for depreciation).... 


DEFERRED CHARGES 
Prepaid exposition expenses: 
ational Metal Exposition—Cleveland— 


Fe: See, eee ee $ 32,773.88 
Prepaid publication and sundry expenses .... 10,087.36 
Breen ee rites |: SaeS 2,860.09 


LIABILITIES, RESERVES, AND SURPLUS 
ACCOUNTS PAYABLE 


For pusGhnses, GRpemeet, G06. occ. sncusccvee es: veccesccives $ 47,253.73 
For apportionment of dues to local chapters ............... 2,645.46 
eR WE whksens cess gh ves whic ager-sh* > ines teed 1,471.70 
RESERVES . 
Mona's ga. wis 6.0 bb wn WOR Cee pO ORS Os $ . 60,000.00 
We Wee DON We VATS. ocic ccs ccc ckcnsaie danbssnvovenns 50,000.00 
a? ne PE. - 2's. cin aie 6.0 eke ceeds Cabbaane ee 48,154.50 
Campbell Memorial lecture fund .............-e2-eeeeeess 15,000.00 
Be OU EE GE nk ceca cv ccccaseus KeCpEb eR aebe 5,000.00 
Sauveur achievement award ...... ap wasivcisteveegecsio ons 5,000.00 


DEFERRED INCOME 


National Metal Exposition—Cleveland—October, 1949...... 
SURPLUS 
Balance at September 1, 1948 ........ cece es cececevececes $1,470,639.49 


Add net income for the year ........0ccsccsereeeccccvees 151,931.08 
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$ 271,270.29 


1,382,703.65 
71,144.19 


56,542.74 


114,579.73 


7,643.70 
60,657.52 


54,437.06 


45,721.33 
$2,064,700.21 


$ 51,370.89 


183,154.50 


207,604.25 


1,622,570.57 


$2,064,700.21 


aa 
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AUDITED INCOME AND EXPENSE STATEMENT 
AMERICAN SOCIETY FOR METALS 
Year Ended August 31, 1949 


INCOME 

MetTaL Procress—monthly publication .....................- $ 373,926.79 

Sy III, 2. ge PIN hE Shes VRC av Ure ride adewacecrs 287,478.45 

Neen ne ee ne wteneeas 131,358.11 

ee PE I an SS os ee ce ctuees 54,313.08 

CTE Te nee ee ne. eben cescconsps 50,309.81 

Ms os 6b Ee 5 kok cc koe eee wee wa 49,272.16 

Metats Review—monthly publication ...................+- 36,138.33 

po RR RB og Br eS oS 1 Se a aes <cog  F 8,871.00 

a ne toe dnewc t ghbe © Gn 7,098.34 

Ss FON oo o's ek wR sos oe veh vn cheuee ingest 4,666.87 

Dee ee cn ga eiais ng bel tee @ ao 0b 0 3,763.25 

Increment in cash value and dividends on life insurance...... 1,732.73 

Sales of books purchased for resale .........6....ccceceeees 331.53 
eek. ee eek Cwalieke bed eas 6 ede va ek ewanaee $1,009,260.45 
EXPENSES 

Metat Procress—monthly publication ...................00. $ 313,889.28 

National Metal Exposition—Philadelphia—October, 1948 ..... 144,751.49 

Western Metal Show—Los Angeles—April, 1949 ............ 70,674.17 

Metats Revi—w—monthly publication ...................06% 66,467.22 

WOE I 950 05 2s Soa Ce COWES Oca ens ceed ones Sie s el cette 48,363.24 

Te, ae a gs. i cn habia baba 0 cee hee 39,263.00 

A I oa os ck cc ecw c ccc cecieecstere 39,180.05 

I oe ee ie 5 era tala hk le dua wow dle gieechue dine 39,034.80 

GG SES oi acc tcc ees eeces Pies ts caer ieee 27,754.82 

a i ae cin beleia alah ce nd eine tn 23,642.88 

eT one a Ui sc nos 0s eck edebetiucsmhee 14,297.92 

ii 5 a Winans on opines » Cag de wasitee sh eae 13,945.55 

eee sain alg a dbo OOK ook wee ae ee ED 3,640.23 

Te I NN i B's os os keihin s dle oN vie Seb ww Ob SO 3,143.97 

ee oa ao Sings cos bip aia s pawkuce a 2,589.95 

8 AA, cig Sk gw oc 0 0 SHES ha opine ade ERS 1,725.05 

Miscellaneous merchandise, etc. ............2e ce eee cee eeeees 1,249.12 

Fee ES. Fe 5 6 ak 6 Ba atece 2B Sk sid WOERS Oke 906.06 

ee ies, bck cv bea ace dee bade wees pees 769.27 

Le a een «a ks ARS sR WEA i OA ae ee es 0 0 gS ES 733.99 

ns na ek eke oi ds wea SOREN Fe seme pc ceu sg eat 520.00 

ee Ns 8 et OL, ee aie chee beh aw Oke hb ee eee wee 298.49 

Research and educational contributions ...............-..+++. 250.00 

BicORh - CURSE isa s bis 0c SOBRE ee cha cer eda ees tees 238.82 
ee ee od nse, bie oC ond gh OURS bal Babies 0's $ 857,329.37 

res Ae 62 Cd Sey ate « own wind 10d bs ow ace $ 151,931.08 


Board of Trustees, 
American Society for Metals, 
Cleveland, Ohio. 

We have examined the balance sheet of American Society for Metals as of 
August 31, 1949, and the related statements of income and expense and surplus 
for the year then ended. Our examination was made in accordance with gen- 
erally accepted auditing standards, and accordingly included such tests of the 
accounting records and such other auditing procedures as we considered nec- 
essary in the circumstances. 

In our opinion, the accompanying balance sheet and statement of income 
and expense present fairly the financial position of American Society for Metals 
at August 31, 1949, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 

ERNST & ERNST 


Certified Public Accountants 
Cleveland, Ohio 


September 21, 1949 
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ANNUAL REPORT OF THE SECRETARY 
W. H. EtsEnMAN, Secretary 


The American Society for Metals on October 1, 1949, had a 
total membership of 20,370. Of this number 17,267 or 84.8% were 
the member classification; 1669 or 8.2% were sustaining members ; 
while 1399 or 6.9% were junior members. There were 35 honorary 
and founder members. 


TRANSACTIONS 


Since the last National Metal Congress, Vol. 41 and Vol. 41A 
of the TRANSACTIONS were published and distributed to the member- 
ship in May 1949, Vol. 41 totals 1451 pages and constitutes 50 
articles with their discussions. It contains all of the papers presented 
at the October 1948 Convention held in Philadelphia, together with 
other interim papers received during the year. The president, secre- 
tary and treasurer’s report for 1948 and other current items of record 
were included in Vol. 41, together with a report of the Convention. 

Vol. 41A contains the 18 papers (364 pages) presented at the 
seminar on “Cold Working of Metals” held on Saturday and Sunday, 
October 23 and 24, 1948, during the National Metal Congress and 
Exposition, Philadelphia. This seminar was sponsored by the 
American Society for Metals, the subject being selected by a com- 
mittee appointed by the Board of Trustees. The personnel of this 
committee was: John Chipman, Chairman; R. M. Brick, John E. 
Dorn, J. H. Hollomon, R. F. Mehl, George Sachs and A. R. Troiano. 
The preparation and coordination of the series of subjects and 
solicitation of speakers was carried on by Dr. M. Gensamer. 


METAL PROGRESS 


Statistics of editorial production, advertising volume and income 
and expense for your monthly magazine, MetTaL Procress, may be 
summarized as follows: 

Total of editorial pages for fiscal 1949 was 620.6 while the 
total advertising volume for fiscal 1949 was 1356.8 pages. 

Total circulation has remained steady for the last four years, 
the monthly print order averaging about 23,500 copies. 

The high editorial standard of Mretat Procress, to which the 
members of the Society have become accustomed, has been main- 
tained. Assignment of Dr. Taylor Lyman, full time as associate 
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editor since Jan. 1, 1949, has greatly increased the editorial potential. 
A shorter average length of article has improved the editorial cover- 
age. Notable items of editorial content during the year have been 
the very numerous brief biographies of metallurgists of note— 
especially those who received the ASM’s Distinguished Service 
Awards at the last convention for meritorious contributions to 
progress in alloy steels. Likewise there has been a large increase 
in the space devoted to abstracts of European literature. The editor’s 
“Critical Points” (his observations of noteworthy happenings in the 
field of metallurgy near and far) continue to receive high praise - 
from the readers. All these developments are in line with the 
original aim to create a magazine for recording progress in metal- 
lurgy—the manufacture, fabrication, use and study of quality metals 
and alloys. In passing, it may be observed that, at the present time, 
MeTAL ProGRess is the only American periodical which caters 
exclusively to this field of metallurgical engineering. 

In an effort to determine the effectiveness of the magazine, two 
questionnaires were circulated early this year to two equivalent 
samples of members, selected and balanced by scientific methods. 
One was sent from the Society’s general office and the other from 
the Commercial Research Bureau of Cleveland. Results of these 
two surveys were practically identical. Follow-ups on those who 
failed to respond to the first inquiry brought, again, results that 
were almost exactly parallel to the first two groups of replies. From 
these surveys it is definitely proven that each member of the Society 
spends, on the average, 114 hours reading Meta Progress, dividing 
his attention about equally between advertising and editorial pages. 
18% of the respondents graded the editorial matter as “excellent”, 
60% “good”, 18% “fair”, and 2% “poor”’. 

Further information gained in the above-mentioned survey 
established definitely that 88% of the readers of MreTAL PRrocREss 
specify, recommend or purchase equipment or supplies, and 78% 
have acted on advertisements read in METAL Procress. Such facts 
as these indicate the unusually high value of MetTat Progress as a 
medium where advertisers can reach an influential buying public. 


MetTAats REVIEW 


Metats Review during the past 12 months has carried regu- 
larly four feature sections: a special article reviewing the literature 
in a specific field of metalliirgy, a section devoted to ASM national 
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and chapter news, the Review of Current Metal Literature, and the 
section headed “New Products in Review”. 

The special literature survey articles have covered such diver- 
sified and timely subjects as nodular graphite, high-temperature 
metals, powder metallurgy, electroplating, the less common metals, 
heat treating, welding, and corrosion. They are all based on the 
literature published during the preceding 12 months and carry refer- 
ences to the abstracts contained in the Review of Metal Literature. 

In the ASM news section, the 78 chapters of the American 
- Society for Metals have contributed 249 reports of their meetings 
and activities during the 12-month period. These have been well 
written and well illustrated with newsy photographs, and constitute 
a tribute to the painstaking efforts of the chapter reporters and 
publicity chairmen. 

The Review of Metal Literature has continued to expand its 
coverage until now an average of 900 technical articles and books 
are abstracted in each monthly issue. 

An offshoot of this activity was the formation last January of 
a Literature Classification Committee sponsored jointly by the 
American Society for Metals and the Special Libraries Association. 
This committee has in course of preparation a classification scheme 
for metallurgical literature that can be adapted to either a standard 
card file of references, to a collection of clippings and data, or to a 
punch card filing system. It is expected that the classification, when 
completed, will be adopted as the classification system for the ASM 
Review of Metal Literature, replacing the method currently in use. 


MetTALs HANDBOOK 


The 1948 edition of the Metats Hanpspock has now been 
available for more than a year, and reviews of the new edition have 
been published by a number of European journals. These reviews 
have been uniformly complimentary. 

The Metats Hanpsook Committee, under the chairmanship 
of J. B. Johnson, of Wright Field, held one meeting during the past 
year. The Committee is considering general policies relating to the 
scope and size of the next edition. The history of the Merats 
Hanpsook has been one of steady growth; each of the last five 
editions has been from 30 to 50% larger than its predecessor. Con- 
tinued expansion at this same rate would necessitate a division of 
the book into two volumes. During the next year or two, the 
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Committee will review the subject matter of the HanpsBoox in 
relation to its intended purpose for ASM members, and will seek 
to determine what subjects fall within the proper scope of the book, 
and what size is desirable for the next edition. When the question 
of size has been decided, authors and subcommittees will be 
appointed, and the active work of preparing the next HANpDBooK 
will begin. 


Books 


During the past year, a total of 19,360 books published by the 
Society were sold to members and others. This figure includes 
3180 copies of the 1948 Metrats HANDBOOK. 

During this period eleven titles were added to the publication 
list. These are: 

Transactions of the ASM, Vol. 41 : 

ASM Review of Metal Literature—Vol. 5 

A Brief History of Alloy Steel—By C. A. Zapffe 

The Story of Magnesium—By W. H. Gross 

Sleeve Bearing Materials—By 20 authors 

Physical Metallurgy of Aluminum Alloys—By 5 authors 

Properties of Metals in Materials Engineering—By 8 authors 

Metallurgy and Magnetism—By J. K. Stanley 

Grain Control in Industrial Metallurgy—By 4 authors 


Cold Working of Metals—By 20 authors 
Stainless Steels—By C. A. Zapffe 


The following titles are now in preparation: 


Mechanical Wear (A symposium held at MIT )—By 22 authors 
Machining—Theory and Practice—By 15 authors 

Melting of Copper Alloys—By Andrew Hull 

Heat Treatment in Controlled Atmospheres—By Floyd Harris 


You may be interested to know that your Society is the world’s 
largest publisher of books for the metals industry. 


PUBLICATIONS COMMITTEE 


The Publications Committee for the year 1948-49 was made up 
of the following personnel: R. H. Aborn, Chairman; W. M. Bald- 
win, Jr., Edgar Brooker, C. K. Donoho, C. T. Evans, Jr., M. G. 
Fontana, A. J. Herzig, J. H. Hollomon, W. E. Mahin, W. A. Pen- 
nington, F. N. Rhines, L. E. Simon, H. Solakian, A. R. Troiano, 
C. A. Zapffe, and Ray T. Bayless, Secretary. 

During the year the Committee has reviewed 68 papers, which 
included 10 papers presented at the 1949 Western Metal Congress. 
Of the 68 papers considered, 36 were approved for presentation at 
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this Conyention; 13 not approved; 2 withdrawn by authors; 7 of 
the Western Metal Congress papers approved for publication in 
TRANSACTIONS; 1 published in the “Cold Working of Metals” 
Seminar book; 1 placed on the 1949 lecture series on “Machining— 
Theory and Practice” ; and 8 recommended for publicatidn in METAL 
Procress. Five papers are now in the process of review. - 

The Publications Committee held one formal meeting on June 
8 and 9, 1949, at which time the final arrangements for the technical 
program at this Convention were made. 


PREPRINTS 


Of the 36 papers being presented at this Convention, 35 were 
prepared in preprint form and distributed to those members of the 
Society who requested them. The number of pages in the 1949 
preprints is 869. A total of 40,000 preprint copies was distributed 
free to the membership. 


EDUCATIONAL COMMITTEE 


The Educational Committee for the year 1949 was composed 
of the following personnel: H. B. Knowlton, Chairman; G. M. 
Cover, K. L. Fetters, H. L. Grange, N. J. Grant, J. G. Jackson, 


J. F. Kahles, C. L. Lewis and Ray T. Bayless, Secretary. 

This Committee held one formal meeting on February 2, 1949, 
at which time the two educational lecture courses for the 1949 
Convention were selected and planned. These lectures are: 

1. “Machining—Theory and Practice’, by 15 authors: 


Hans Ernst, Cincinnati Milling Machine Co. 

M. E. Merchant, Cincinnati Milling Machine Co. 
Milton Shaw, Massachusetts Institute of Technology 
F. W. Boulger, Battelle Memorial Institute 

J. D. Armour, Union Drawn Steel Div., Republic Steel Corp. 
G. A. Roberts, Vanadium-Alloys Steel Co. 

J. C. Redmond, Kennametal, Inc. 

A. O. Schmidt, Kearney and Trecker Corp. 

Michael Field, Metcut Research Associates 

N. Zlatin, Metcut Research Associates 

O. W. Boston, University of Michigan 

L. P. Tarasov, Norton’ Co. 

W. W. Gilbert, University of Michigan 

L. M. Clarebrough, University of Melbourne 

G. J. Ogilvie, University of Melbourne 


2. “Stress-Corrosion in Metals’, by 3 authors: 


J. T. Waber, Los Alamos Scientific Lab., University of Calif. 
Fred Prange, Phillips Petrcleum Co. 
J. J. Heger, Carnegie-Illinois Steel Corp. 
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. SEMINAR ON 
THERMODYNAMICS IN PHYSICAL METALLURGY 


The Seminar on “Thermodynamics in Physical Metallurgy” this 
year was a great success—five important and interesting sessions— 
with the meeting room filled to capacity. This interest is a great 
compliment to the committee and the seminar speakers and assures 
a continuance of this important event. 

The committee was: 

M. Gensamer, Carnegie-Illinois Steel Corp., Pittsburgh, Chairman 
R. M. Brick, University of Pernsylvania, Philadelphia 
Lloyd Jackson, Battelle Memorial Institute, Columbus 


J. H. Hollomon, General Electric Co., Eastern New York 
Morris Cohen, Massachusetts Institute of Technology, Boston 


C. Zener (Institute for the Study of Metals, University of 
Chicago) was coordinator of the Seminar. 


METAL CONGRESS 


The outstanding National Metal Congress now in session speaks 
for itself to all those in attendance. To the absent members we 
extend sincere regret that they are unable to be present at this out- 
standing educational Congress. 

The officers, trustees and members of the Society express their 
sincere appreciation for the cooperation received and the splendid 
programs prepared not only by their own ASM committees but also 
by the American Welding Society, the Institute of Metals Division 
f the American Institute of Mining and Metallurgical Engineers, 
ind the Society for Nondestructive Testing. 

It has been the interest and programs of these four great tech- 
nical societies that make the Metal Congress the mecca for the top- 
fight metals engineers of the world. 

This Congress and Exposition has also been recognized by top 
government officials as is indicated by: 


Message from Charles Sawyer, Secretary of Commerce, Washington: ' 


I want to congratulate the National Metal Congress and 
Exposition for having chosen this year to dramatize “Economy-in- 
Production”. 

Conservation of our natural resources is an important aspect of 
economy in production. Equally important is the effect of econom- 
ical production on the American standard of living. 

As head of the Cabinet Department charged by law with the 
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responsibility for developing and promoting the commerce of the 
United States, I want to urge every metal-working plant in the 
country to adopt methods that will result in more finished products, 
at lower prices, with the least expenditure of material. 

I am confident that all forward-looking manufacturers will 
recognize the wisdom of economy in production. 


Message from Louis Johnson, Secretary of Defense, Washington: 


The war demonstrated that in this era, as never before, a 
country’s security can be no greater than its economic and industrial 
strength. Certainly one of the best ways of promoting economic and 
industrial health is by eliminating production waste everywhere 
through the application of scientific research. 

The exchange of information about more economical production 
at this National Metal Congress and Exposition doubtless will 
speed technological advancement throughout the whole metal-working 
industry, thus strengthening our economy and enhancing our 
security. 

The Department of Defense has a real interest in all programs 
designed to point the way to lower production costs. 

Seldom in history has change in military science and concept 
rendered our arms and materiel obsolete so rapidly. Anything which 
can be done to reduce the cost of necessary replacements while 
improving designs means more security for every dollar spent for 
military items. 

The Department of Defense, for example, is greatly interested 
in production economy based in part, at least, on the use of smaller 
amounts of critical materials and on designs for lighter arms and 
equipment without sacrifice of strength or utility. There is no doubt 
that many of our defense problems can be solved at the same time 
and by the same means that industry employs to solve its problems 
of production economy. 


Message from Paul Hoffman, Administrator, Economic Cooperation 
Administration : ; 

The theme “Economy-in-Production” has unusual significance 
for the Economic Cooperation Administration since a major phase 
of our program is the reduction of present production costs in the 
ECA nations. 

As Economic Administrator I want to take this opportunity to 
express my own very great personal appreciation of the cooperation 
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our own people are giving us in this tremendous but vastly important 
job. All of us will share in its regards. 


Message from Edwin G. Norris, Chairman, Council of Economic 
Advisers: | 


I am happy to have this opportunity to wish the greatest success 
to the National Metal. Congress and Exposition, and am gratified 
that its sponsors have chosen ““Economy-in-Production” as its theme. 
So much depends upon continued high achievement along this line 
by American heavy industry. 

I am sure the metal industries will show the world that they 
have both the intention and the “know-how” to win this battle. 


Message from J. A. Krug, Secretary of the Interior, Washington: 

“Economy-in-Production” is of greater importance now than 
at any time in the history of the nation. 

We do not want substitutes merely because they are cheaper ; 
we want replacements that are both superior and more economical. 
The field of alloys is almost infinite in its possibilities. A century 
of research and development on steel still finds us with plenty to do 
on the iron-carbon series of alloys. Our knowledge of bronzes aud 
brasses is still incomplete. It is encouraging to note that much 
research is being conducted on the manganese supply problem and 
to devise new methods of recovery and utilization. 

True economy and conservation are inseparable. I am sure 
that the National Metal Congress will provide the inspiration for 
redoubled work in this field so important to our future security and 
welfare. 


Message from Joseph C. O’Mahoney, Chairman, Joint Committee on 
the Economic Report, Congress of the United States: 


“Economy-in-Production” is an altogether appropriate theme 
for this exposition and National Metal Congress, for the use of metal 
from the very beginning has resulted in economy of effort on the 
part of men. 

By achieving lower costs in work, in time, and in money, 
“Economy-in-Production” has continuously raised the standard of 
living in every age and in every country. 

The object of production is distribution. That is what makes 
“Economy-in-Production” so important. It lowers costs, reduce: 
prices, and increases profits and wages, thus creating new purchasing 
power for new markets for more efficient production to serve. 
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The competitive drive for “Economy-in-Production” is the first 
requisite for economic health. 

For all that has been gained in the past by “Economy-in- 
Production” much more remains to be achieved in the future. 


THE EXPOSITION 


At the time the floor pians were being sent out for this 
Exposition the question of increasing the efficiency of the annual 
Exposition received serious consideration. It was then decided that 
the theme of the Congress and Exposition should be based on the 
thought uppermost in the minds of all metal industries, which was 
to reduce costs by means of economies in operations. 

So “Economy-in-Production™” became the watchword and the 
byword of this Exposition. It received instantaneous acceptance as 
a theme in which all exhibitors could take part and make an effective 
presentation of their product. Some 350 metal-producing and metal- 
working firms are participating in a demonstration of the economy- 
producing advantages of their products and services. 

This group of exhibitors will occupy the greatest amount of 
space that has ever been used for a display by the metals industry. 

Those involved in the management of these stupendous activities 
now gratefully extend their thanks to the many hundreds and thou- 
sands of members and other individuals who have contributed to the 
success of these events. 

The National Metal Exposition and Congress is recognized 
as a basic service to a basic industry. 


ELECTION OF OFFICERS 


PRESIDENT WorK: We will now proceed with the election of 
officers. Complying with the constitution, I appointed in March, 
1949, the following nominating committee, selected from the list of 
candidates suggested by the eligible chapters prior to March 1, 1949: 


A. L. Boegehold, Chairman—Detroit 


O. J. Horger, Canton-Massillon L. W. Oswald, Pittsburgh 

W. J. Harris, Notre Dame D. W. Smith, Inland Empire 

L. K. Jetter, Oak Ridge W. A. Pennington, Syracuse 

N. B. Brown, Ottawa Valley A. W. Demmler, West Michigan 


The Committee met in Detroit on May 20, 1949, and made the 
following nominations for the following offices: 
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For PRESIDENT 
Arthur E. Focke, Chief Metallurgist, Diamond Chain Co., Inc., 
Indianapolis—1 year. 


For Vice-PRrEsIpENT 
Walter E. Jominy, Staff Engineer, Chrysler Corp., 
Detroit—1 year. 


For TREASURER 
Ralph L. Wilson, Director of Metallurgy, Timken Roller Bearing Co., 
Canton—2 years. 


For TRUSTEES 
Elmer Gammeter, Chief Metallurgist, Globe Steel Tubes Co., 
Milwaukee—2 years. 
Thomas G. Digges, Chief, Thermal Metallurgy, National Bureau 
of Standards, Washington—2 years. 


A report of these nominations duly appeared in the MeErTALs 
REVIEW, June 1949, 

I have been informed by the Secretary that no additional nom- 
inations were received prior to July 15, 1949, for any of the vacancies 
appearing on the Board of Trustees. Consequently, the nominations 
were closed. I now call upon the Secretary to carry out the pro- 
visions of the constitution in respect to the election of officers. 

SECRETARY EIsENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
I hereby cast the unanimous vote of the members for the election 
of the aforenamed candidates who were nominated May 20, 1949. 

PresIDENT WorkK: I hereby declare the nominees as duly 
elected to their respective offices. 

President Work then introduced the newly-elected officers, at 
which time President-Elect Focke gave a few words of acceptance. 

President Work awarded certificates to H. E. Krayenbuhl, who 
has served as secretary of the Golden Gate Chapter for ten years, 
and to L. E. Zeitz, who has served as secretary of the Canton- 
Massillon Chapter for ten years. In recognition of their endeavors, 
they are this year attending the congress as guests of the Society. 

PRESIDENT WorK: Has anyone present anything to bring before 
this meeting for the good of the Society? If not, a motion to adjourn 
is in order. 

Dr. Work then introduced Past President Kent R. Van Horn, 
Chairman of the Campbell Memorial Lecture meeting, who in turn 
introduced the lecturer, Dr. Edgar H. Dix, Jr., Assistant Director 
of Research, Aluminum Company of America, Research Laborato- 
ries, New Kensington, Pa., who presented his lecture entitled, “The 
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Aluminum-Zinc-Magnesium Alloys—Their Development and Com- 
mercial Production”, which is published in full in this volume of 
TRANSACTIONS, pages 1057 to 1127. 


ASM ANNUAL DINNER 


On Thursday evening, October 20, members and guests assem- 
bled in the Grand Ballroom of the Statler Hotel for the Annual 
Dinner of the Society. The attendance was well over 650. 

Those persons seated at the speakers’ table were: C. L. Harvey, 
Lamson and Sessions Co., Cleveland—Chairman, Cleveland Chapter, 
ASM; H. E. Krayenbuhl, Oliver United Filters, Inc., Oakland— | 
Ten-Year Secretary, Golden Gate Chapter, ASM; R. L. Wilson, 

Timken Roller Bearing Co., Canton, Ohio—Treasurer-Elect, ASM ; 
Elmer Gammeter, Globe Steel Tubes Co., Milwaukee—Trustee- 
Elect, ASM; T. G: Digges, National Bureau of Standards, Wash- 
ington—Trustee-Elect, ASM; E. G. Mahin, University of Notre 
Dame, Notre Dame, Ind.—Trustee, ASM; C. M. Carmichael, Shaw- 
inigan Chemicals, Ltd., Montreal—Trustee, ASM; E. L. Spanagel, 
Rochester Gas & Electric Co., Rochester—Treasurer, ASM; Earl 
Shaner, Steel, Cleveland; W. E. Mahin, Armour Research Foun- 
dation, Chicago; E. C. Bain, Carnegie-Illinois Steel Corp., Pitts- 
burgh—Past President, ASM, and Recipient of Gold Medal of ASM ; 
J. M. Schlendorf, Republic Steel Corp., Cleveland; A. L. Boegehold, 
General Motors Corp., Detroit—Past President, ASM; Fred H. 
Haggerson, Union Carbide and Carbon Corp., New York—Recipient 
of Medal for the Advancement of Research; Charles R. Cox, Car- 
negie-Illinois Steel Corp., Pittsburgh—-Principal Speaker; H. K. 
Work, New York University, New York—President, ASM; F. B. 
Foley, The Midvale Co., Nicetown, Philadelphia—Past President 
ASM; M. A. Grossmann, Carnegie-IIlinois Steel Corp., Pittsburgh 
—Past President, ASM, and Recipient of the Albert Sauveur 
Achievement Award; C. F. Hood, American Steel & Wire Co., | 
Cleveland; W. P. Woodside, Chairman of the Board, Park Chemical | 
Co., Detroit—Past President and Founder Member, ASM; G. N. | 
Sieger, S-M-S Corp., Detroit—President, American Welding Soci- 
ety; A. E. Focke, Diamond Chain Co., Indianapolis—Vice-President 
and President-Elect, ASM; D. W. Smith, Permanente Metals Corp., | 
Spokane, Wash.—President, Society for Non-Destructive Testing ; 3 
G. T. Hook, Publisher, /ron Age; E. H. Dix, Jr., Aluminum Com- | 
pany of America, New Kensington, Pa.—1949 Campbell Memorial 
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Lecturer; B. L. Averbach, Massachusetts Institute of Technology, 
Cambridge—Recipient of 1949 Howe Award; Morris Cohen, Massa- 
chusetts Institute of Technology, Cambridge—Recipient of 1949 
Howe Award; S. G. Fletcher, Latrobe Electric Steel Co., Latrobe 
Pa.—Recipient of 1949 Howe Award; W. E. Jominy, Chrysler 
Corp., Detroit—Vice-President-Elect, ASM; F. J. Robbins, Sierra 
Drawn Steel Corp., Los Angeles—Trustee, ASM; H. P. Croft, 
Wheeling Bronze Casting Co., Moundsville, W. Va.—tTrustee, 


ASM; W. H. Eisenman, Secretary, American Society for Metals, 
Cleveland. 


Presentation of President's Medal 


The annual presentation of the President’s Medal was made by 
H. K. Work to F. B. Foley, the twenty-eighth president, who served 
the Society so ably in 1948. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scien- 
tist, often called the dean of American metallurgists, the Board of 
Trustees in 1922 established the first of its medals. The rules 
governing the award of this medal make the provision that it be 
awarded to the author or authors of the paper judged of highest 
merit, presented before the ASM and published during any one year 
in the TRANSACTIONS of the Society. 

The 1949 award was made to the authors of the paper entitled 
“The Dimensional Stability of Steel, Part III, Decomposition of 
Martensite and Austenite at Room Temperature” which was pub- 
lished in Vol. 40 of Transactions, 1948, page 728. The authors 
who were honored are B. L. Averbach, Morris Cohen and S. G. 
Fletcher. Dr. Averbach was presented a certificate, a gold medal 
and a bronze replica. Due to the fact that Drs. Cohen and Fletcher 
had previously won the Howe Medal, they were presented a 
certificate. 


Edward DeMille Campbell Memorial Lecture 


In 1926 the Society established the Edward deMille Campbell 
Memorial Lecture and each year since that time has invited a dis- 
tinguished scientist to present this lecture. The 1949 lecturer was 
Dr. Edgar H. Dix, Jr., Assistant Director of Research, Aluminum 
Company of America, Research Laboratories, and to commemorate 
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this lecture a certificate certifying to that event was presented to 
Dr. Dix. 4 
Albert Sauveur Achievement Award 


In 1934 the Board of Trustees established an award consisting 
of a metal plaque and certificate in honor of Dr. Albert Sauveur, 
distinguished metallurgist and for many years an honorary member 
of the ASM. The purpose of this award is to recognize a metal- 
lurgical achievement which has stood the test of time and stimulated 4 
others along similar lines to the extent that a marked basic advance ; 
has been made in the metal arts and sciences. The 1949 candidate | 
was Marcus A. Grossmann, Director of Research, Carnegie-Illinois 
Steel Corp., and Past President of the ASM, who was presented by 
F. B. Foley, following the reading of the citation of Dr. Grossmann’s 
accomplishments. President Work then conferred the award. The 
presentation and citation is as follows: 

“It is characteristic of American ways of utilizing Science 
for industrial progress that the technologically useful content 
of successful research effort is often subsequently extracted, 
extended and applied by many investigators. Indeed, the ensu- 
ing, sustained interest thus aroused by a new item of knowledge 
is an almost automatic measure of its soundness and true tech- 
nical value. That such pioneering research should be especially 
recognized is most fitting and I briefly recount to you a 
typical narrative of a novel approach to a metallurgical problem, 
and the solution of it by an admired and respected Past Presi- ! 
dent of this Society. ! . 

“In the early 1930’s the need for a quantitative measure | 
of the hardenability of steel had become apparent, for large 
sections of alloy steel, several inches across, were already so 
employed in machinery as to require properties greatly en- 
hanced by hardening and tempering. With only the cumber- 
some, though admittedly definitive, plot of hardness from 
surface to center of quenched bars of pertinent sizes to describe 
hardenability, the technology of hardenability slowed tempo- 
rarily for want of a meaningful index of the property. 

“After an interval, a first step was taken when Grossmann 
proposed, as a measure of hardenability, the concept of a 
critical diameter of round; that is, the diameter of a round 
of a steel which would just harden to one-half martensite at 
the center. However, this criterion was still dependent on the 
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severity of quench which had thus to be standardized. A 
numerical measure was still needed which excluded variations 
in the severity of quench and would, therefore, reflect harden- 
ability alone. This lack was met in a paper by three investi- 
gators, Asimow, Urban and Grossmann, who offered an index 
which, while retaining the feature of the critical diameter of 
round, placed it on the abstract basis of an infinite quench. 
Moreover, these authors showed how the number could be 
secured easily with any good quenching bath, and two bar 
sizes of the steel. Either plates or rounds could be utilized. 
There may, too, have been special significance in the criterion 
of half-martensite, since this is a state of transformation of 
special significance in the fundamental geaction which prevents 
hardening. 

This circumstance needs relating because it is now clear 
that only with this kind of an index of hardenability could an 
even more useful, simple relationship have been discovered— 
that existing between the composition of the steel and its hard- 
enability. Grossmann discovered that each alloying element, 
including carbon (and even the grain size), could be regarded 
as offering a simple coefficient of hardening capacity depending 
upon the effective amount present; the product of all these 
coefficients was the diameter of the bar of steel just hardenable 
to the center as described. The author of this scheme of 
computation points out that steels of very high hardenability 
(over perhaps about 3 inches) are not accurately estimated in 
this manner but certainly the method was of vast usefulness 
in setting up the lean alloy Emergency Steel specifications 
during the War.” 


Citation 


“For the development of a directly usable index of the 
hardenability of steels and a system of closely estimating this 
hardenability index from composition, reflecting as it does the 
culmination of many years of leadership in the pioneering of 
advanced thought on the science of alloy steels, the Committee 
on the Sauveur Achievement Award, with the concurrence. of 
the Board of Directors, presents to you, Mr. President, Dr. 
Marcus A. Grossmann for the 1949 Sauveur Achievement 
Award.” 
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In accepting the award Dr. Grossmann said: 


“Mr. President, [ am deeply appreciative of this gracious 
act, and I wish to express my thanks to you, Mr. President, 
to Mr. Foley, to my sponsors and to the Society itself. 

“In addition to the honor of joining the illustrious names 
that have received the Sauveur Award, I cannot help thinking 
of my early privilege of having studied under Dr. Sauveur 
himself. I like to think he would be pleased to know that 
one of his pupils received the award named for him. 

“T also like to think that I share this award with my many 
associates, and especially with the two who played such a large 
part in the hardenability research involved here—Dr. M. 
Asimow, whose penetrating analyses of the quenching process 
made the whole program possible, and Dr. S. F. Urban, whose 
talents in the techniques of precise measurement were also of 
the essence of this work. 

“Once more, I thank you.” 


Conferring of the ASM Medal for the Advancement of Research 


The 1949 ASM Medal for the Advancement of Research was 
awarded to Fred H. Haggerson, President of Union Carbide and 
Carbon Corp., in recognition of his consistent sponsorship, fore- 
sight, and influence in financing and prosecuting metallurgical re- 
search, which have helped substantially to advance the arts and 
sciences relating to metals. 

In presenting Mr. Haggerson, A. L. Boegehold read the citation 
engrossed on the scroll which accompanies the medal. President 
Work then conferred the award. The citation is: 


“For a period of twenty years Mr. Fred H. -Haggerson, 
President, Union Carbide and Carbon Corporation, has been 
an outstanding example of the modern executive in a manu- 
facturing enterprise employing industrial research as an effec- 
tive aid in the achievement of commendable business objectives. 
Through the continuous.’support of sustained research, of 
which a considerable part is metallurgical in nature, dealing 
with new alloys and their properties, alloying and accessory 
steelmaking materials, as well as welding methods and the 
application of oxygen and acetylene in steelmaking, Mr. Hag- 
gerson has advanced technological progress in broad fields of 
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the metal industries to the ultimate benefit of the consuming 
public.” } 


In accepting this award, Mr. Haggerson said: 


“Thank you for this very great honor. I accept this medal 
with a great deal of pride, and I am proud to be numbered 
among those who have received it, but I accept it most humbly 
for it really belongs to the hundreds of people in the laborato- 
ries of our company who are responsible for the achievements 
mentioned. 

“T notice that the last words of the citation read, ‘to the 
ultimate benefit of the consuming public’. This is a subject 
of particular interest to me, and one which I feel has a chal- 
lenge for all of us. You gentlemen know only too well how 
the research efforts of your good companies have helped raise 
our American standard of living. Every day you see examples 
of how the wonderful developments of your laboratories have 
helped bring the comforts and conveniences of life within the 
reach of everyone. And you know that the work now going 
on in your laboratories means even better things tomorrow for 
the people of our country and of the world. 

“Research, and I mean scientific industrial research, stems 
largely from privately endowed institutions and the laboratories 
of industry, both of which are a part of our free enterprise 
system—the American business system. The cost could not 
be met nor the inspiration supplied without our free enterprise 
system. But, how well does the consuming public know this? 
Does it appreciate or even begin to understand what this 
research means to our daily lives? Industry spends millions 
and millions of dollars each year not only to support the work 
of thousands of research people but to pioneer in new fields 
and new ideas to assist in the competitive struggle with each 
other. Kill competition, which is also a part of our free enter- 
prise system, and you will just as surely kill research. Kill 
research and you will kill any hope for a more abundant future. 

“Does our public generally understand what our free 
enterprise system is doing for the benefit of all? I think not. 
There, then, is the challenge to industry—bring to the public 
a knowledge and understanding of our great research achieve- 
ments and what they mean to our daily lives, and, further, that 
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this progress could be accomplished only through our free 
enterprise system. 

“You know there are those who would do away with our 
free enterprise system and the research it fosters and supports, 
thereby lowering our standard of living. It is our duty to 
enlighten all, and to protect the things that have made this 
nation of ours the strongest and happiest in the world. 

“Thank you.” 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, established in 1943, recognizes 
the recipient for outstanding metallurgical knowledge and great ver- 
satility in the application of science to the metal industry, as well as 
exceptional ability in the diagnosis and solution of diversified metal- 
lurgical problems. Dr. W. E. Mahin presented Edgar C. Bain, Vice- 
President in Charge of Research and Technology, Carnegie-IIlinois 
Steel Corp., as the candidate for the 1949 award. In presenting him, 
Dr. Mahin read the citation engrossed on the scroll which accom- 
- panies the medal. President Work then conferred the medal award 
upon Dr. Bain. The citation is as follows: 


“The highly prized and infrequently awarded Gold Medal 
of the American Society for Metals is this year conferred upon 
Edgar Collins Bain, Vice-President in charge of research and 
technology for Carnegie-Illinois Steel Corp., Past President of 
the American Society for Metals, outstanding scientist. 

“Since the beginning of his professional career in 1919, he 
has exhibited exceptional ability in the diagnosis and solution 
of diversified metallurgical problems. One of the first Ameri- 
cans to study metals with X-rays, he therewith clarified the 
essential nature of solid solutions, and later was able to explain 
the far more intricate structure of martensite, the hard con- 
stituent in quenched steel. Some years later he initiated and 
supervised work on isothermal transformation which clarified 
several obscure happenings in the quenching process, developed 
an entirely new philosophy of the annealing processes, and 
isolated the metallurgical constituent now called bainite in his 
honor. 

“His penetrating mind has also entered the fields of alloy 
steels, toolsteels and stainless steels. Indeed, his encyclopaedic 
knowledge of the “Functions of the Alloying Elements in 
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Steel”, cogently presented in a book by that title, constitutes 
the first comprehensive and quantitative appraisal of the whole 
field, and is the starting point for innumerable improvements 
in alloy steels.” 


In accepting this award, Dr. Bain said: 


“President Work, Dr. Mahin, Honored Guests, Ladies 
and Gentlemen: It is not easy for me to put in appropriate 
words, as I so much wish to do, the satisfaction and deep 
gratitude I feel in receiving this great honor of the Society 
and in the far more than generous words of Dr. Mahin. 

“There are circumstances which make scientific research, 
and particularly industrial research and development, in Amer- 
ica a satisfying vocation. One is that research is so often a 
creative group activity, and so rarely a task performed by an 
individual alone. 

“Thus one has the joy of the companionship of co-workers, 
and none has been more fortunate in this than I. I therefore 
have the pleasant obligation of acknowledging an equity in this 
honor on the part of those with whom I have worked, with 
whom I have published the results of study and to whom 
reference has there been made. 

“T wonder sometimes if many of us realize the exceedingly 
favorable atmosphere under which metals research is conducted 
in our country. Consider the freedom of our technologists 
from excessive authoritarianism! The absence of too abject 
and prolonged loyalty to a so-called ‘school of thought’. 

“More perhaps than any other favorable circumstance, the 
unrestrained exchange of technical views at such meetings as 
have been held here this week keep free and objective and 
purposeful the pursuit of technical knowledge through experi- 
mental study. Energetic criticism, and it is outspoken, is almost 
universally constructive. Corrected errors are forgotten, but 
new truths are remembered and credited to the discoverer. 

. “Under such generous principles this ASM flourishes as 
a potent factor in metals technology. As an extreme instance 
of this generosity, I take it, is this award. In grateful acknowl- 
edgment I should like to make a prediction, and I think a safe 
one—‘So long as the American Society for Metals carries on 
in the traditions of objectivity and helpfulness, thus far so 
characteristic of its policies, it will stimulate the best effort of 
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its members, and it may call upon and receive our fullest 
loyalty. Again my wholehearted thanks.” 


Address of the Evening 


Charles R. Cox, President, Carnegie-Illinois Steel Corp., pre- 
sented the main address of the evening entitled “The Changing 
Problem’’, which is printed in full herewith. 


I am most happy to be with the American Society for Metals 
tonight on this occasion of its thirty-first Annual Dinner and it 
would be impossible for me not to feel some pride in the honor 
accorded my associates, Grossmann and Bain. It has been good to 
see old friends here and to become acquainted with some of the 
young members who will assume the leadership of the Society in 
the future. It could not but be a matter of interest and pleasure 
to come into this circle representing a society of twenty thousand 
persons associated together for your worthy purposes. There is a 
tremendous area of mutual interest for the Steel Industry and an 
organization devoted, as is the ASM, “to the promotion of the Arts 
and Sciences connected with the manufacture and treatment of 
metals.” 

There is, to me, something very impressive about an enterprise 
which can evoke the great loyalty and devotion which I find among 
your members. A good many years ago, I discovered that every 
Autumn for about a week, it was difficult to find any metallurgical 
people about our offices and plants; I have, long since, learned 
through the expense accounts, which later duly appeared, where 
everybody went. I must admit a little envious admiration for an 
activity which holds such an appeal for the metals technologist! 

This year you have begun, I believe, a fourth decade of this 
association’s work, with local meetings, educational courses, technical 
publications and new books. Thirty years is not a great age in 
comparison with that of some of our institutions, but it is long 
enough to have brought up critical problems, to have required 
decisions, and to have revealed weaknesses in policy had there been 
such. To have survived in itself would have indicated soundness— 
to grow in service and flourish year after year, as the ASM has 
done, shows the fulfillment of accurately -appraised needs and an 
exceptional vigor. 

It seems almost incredible to me that this Society, without pro- 
fessional qualifications for membership, should have sponsored a 
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successful and well-attended two-day conference on the subject, 
“Thermodynamics in Physical Metallurgy”! This subject, for me, 
would seem to lie in the most abstruse reaches of Advanced Science. 
But to this amazing circumstance we must add another item; the 
keynote of this entire Congress is “Economy-in-Production”, a 
subject that J really understand! Take these two topics together 
and you have the unique kind of incongruity which could work 
miracles, and which, I suspect, is characteristically American. Per- 
haps there is something significant and even prophetic in this bring- 
ing together of seemingly unlike points of view; the highly scientific 
research—and the development of economical processes through 
improved technology. 

It is this accepted pattern of Industry’s dependence upon tech- 
nological developments that led my thoughts along the channels 
which I shall follow in discussing with you some of the changing 
problems of the steel industry over the past century, and some of 
the problems we will encounter in continuing economical production 
in the face of so many increasing costs, deterioration of raw mate- 
rials, and ever higher quality standards. To see this picture in true 
perspective, I would like to review briefly some of the problems 
which we have already faced and licked. 

This year 1949 and these years at the middle of the twentieth 
century mark the centennial of many stirring events which occurred 
during the beginnings of American industrialism. It is not surprising 
that centennial celebrations are the order of the day in the West, 
for a century ago the Nation was leaving the “fabulous forties” for 
the “fitful fifties”. Just a century ago gold was discovered in Cali- 
fornia. The words “Unlimited Possibilities’ alone seemed fitting 
to describe the new America, if only the various resources could be 
brought together for fabrication and for the markets, and the manu- 
factured goods distributed clear to the frontiers! The answer was 
Transportation. Nothing could stop the restless vigor of a people 
who sought a richer pattern of experience and wider horizons of 
life; the country moved from a basically agricultural life toward a 
burgeoning industrialism. There was Transportation and there was 
iron for it. 

Within four years after Fulton’s little Clermont steamed up the 
Hudson, there were steamboats on the Mississippi. The great canal 
projects were rushed, but, to quote Charles and Mary Beard, “the 
banks of the new waterways were hardly carpeted with grass when 
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they were sprinkled with the soot of locomotives”. In 1850, only 
nineteen years after the first passengers were invited:to ride over 
the iron-topped rails from Albany to Schenectady behind the iron 
horse—the famous “DeWitt Clinton”—over nine thousand’ miles of 
rail had been laid down. Great though the demand was for iron 
and steel, the industry was actually very small. Less than a fourth 
of the iron rails were rolled here, the bulk being imported. Only with 
a considerable tariff could the domestic iron compete. Was there 
ever such a task awaiting a small but growing industry—the job of 
making the age of “steam and steel’’? 

The first great problem facing the industry was the development 
of processes capable of making strong and ductile steel cheaply in 
large quantities. Steel, in contrast to brittle pig iron or soft wrought 
iron, was relatively rare. Produced in small quantities by tedious 
processes virtually unchanged for centuries, steel was restricted to 
the finest cutting edge tools because of its cost. 

As has so often happened in the past, when the need is great 
and the reward is promising, men surpass themselves in meeting the 
challenge; a process was developed which was to make steel avail- 
able by the thousands of tons instead of by the pound. At Eddyville, 
Kentucky, William Kelly operated a charcoal blast furnace, a refinery 
and a forge. The iron produced by the blast furnace was hard and 
brittle, and suitable only for castings. The hard pig iron could, 
however, be transformed to soft, wrought iron suitable for forging 
and rolling by a laborious and expensive puddling process. One day 
while watching the refinery fire, William Kelly noticed that the 
molten metal directly under the air blast was much hotter than the 
rest. The truth dawned on him. The cold air, instead of chilling 
the hot iron, as every ironmaster before him had believed, was 
actually making it hotter. The oxygen in the air was heating the 
metal by burning the carbon and other metalloids in the iron. Why 
not deliberately and effectively blow air through the melt? Kelly’s 
first experiments were made in 1847, and by 1851 some of his 
product had been used as boiler plate, but he was unable to bring 
his process to commercial reliability. 

In 1854, Henry Bessemer also discovered that carbon and other 
impurities could be removed from pig iron by an air blast, but 
Bessemer had difficulty in producing good iron, not to mention steel. 
Thus, neither Bessemer nor Kelly succeeded in getting beyond the 
experimental stage with the process. The credit for adapting it to 
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the successful manufacture of steel belongs to Robert Mushet, who 
found that by adding manganese to the blown metal he could bring 
the steel to a sound condition. 

In 1865, the first Bessemer rails were rolled at the North 
Chicago Rolling Mill Company, speeding the great era of railroad 
expansion. The price of steel rails dropped from a high of $166 per 
ton in 1867 to $45 per ton ten years later. In 1886, the United 
States became the greatest steelmaking nation on earth. 

The reduction in cost of Bessemer steel was due in part to the 
efforts of the famous Captain Bill Jones, who reasoned that if the 
molten iron coming from the blast furnace could be held hot in a 
large container until needed by the converter, a great saving could 
be achieved by eliminating the remelting previously necessary. 

The Bessemer converter had, however, two drawbacks. It 
could not utilize the mounting piles of steel scrap, and it could not 
reduce the phosphorus content of the pig iron. Hence, although 
there were immense deposits of cheap higher phosphorus ore, it 
was necessary to purchase premium quality low phosphorus ore 
for the Bessemer. 

Steelmakers were, therefore, on the lookout for another steel- 
making process which would overcome these deficiencies. Here 
again when the need was recognized, a solution was forthcoming. 
The regenerative open-hearth furnace, previously developed in 
Europe for producing the highest temperatures yet obtained in a 
commercial gas-fired furnace, was able to melt the scrap, but it, like 
the Bessemer process, could not remove the phosphorus. However, 
it was found that by changing the acid lining to a basic, and by 
using the proper basic slag, the open-hearth could reduce the phos- 
phorus content to a satisfactory level. The cheaper, high phos- 
phorus ore could thereby be utilized, and the scrap problem was 
solved. 

With the Bessemer and the Open-Hearth processes worked out, 
the industry now attacked the second great problem, that of expan- 
sion, in an era characterized by emphasis on production. The raw 
materials were rich and reasonably uniform. The “cream of the 
crop” was used and nothing was held back in achieving tonnage 
record upon record to meet the huge demand for steel. So adapt- 
able was the basic open-hearth process to the needs of the day that 
it soon surpassed the Bessemer converter in output. Perhaps the 
Bessemer would not have been relegated to a secondary role so 
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easily had the steelmakers of that day known how to regulate such 
factors as temperature and state of oxidation. Furnaces were driven 
at top speed with a fuel input well beyond the possibility of efficient 
use. From this period until the present day, there has been a con- 
tinuous advance in the efficiency of open-hearth steel production, 
largely due to improvement in mechanical implementation, better 
refractories, and the gradual establishment of quality control. The 
accumulated improvements were tremendous, although the individual 
innovations seemed minor when made. 

In the early 1900’s, steel was just steel, and the only specifi- 
cations were the simple designations: soft, mild and tool or rail 
steel. The advent of the automotive and the allied machinery indus- 
tries, with interchangeable parts and mass production methods, cre- 
ated the third great problem: the need for quality steels, made for 
a particular job. This problem was solved by metallurgical control 
of our steelmaking processes at all stages. 

The voracious appetite of America for rails and structural steel 
continued, and the drive was on for more production with the exist- 
ing equipment, but now within a framework of controls which 
insured that each customer would get the quality of steel he required. 

I regret that we have no time to appreciate the tremendous 
changes that have taken place in the field of rolling and fabricating 
the solid steel, since it is here, perhaps, that the industry has made 
the most progress. Indeed, the modern sheet and strip mill with 
its continuous heating, synchronized rolling and coiling with elec- 
tronically controlled finishing operations convinces one of the high 
state of applied engineering knowledge in our machine age. We 
have no apprehension about future progress of such mechanical 
operations. 

It is not in the rolling mills, but rather in the refining shops 
that we find the major difficulties. These, I regret, must be solved 
without the aid of Joe Magarac—that Paul Bunyan of the Braddock 
steel workers—who squeezed out rails between his fingers when the 
mill broke down. In the melting furnaces, we are dealing with liquid 
iron and steel at white-hot temperatures under conditions which 
cause the very containers to dissolve, where every degree of super- 
heat is obtained in the molten bath at the risk of melting down the 
furnace itself, and where special refractories and water cooling must 
be employed to hold the treacherous liquid metal under control. 
Because of their very nature, the melting operations have been the 
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ones to change most slowly, and our progress will be limited by the 
ability of the ceramic industry to produce better refractories at a 
reasonable cost. 

I would like to turn now to the great problem facing the steel 
industry today. Our very existence depends on adapting our proc- 
esses to less desirable and more expensive raw materials in such a 
way that the quality will continue to improve and the cost will 
remain within reasonable limits. The time is passing when high- 
grade ore and low-ash coal can be shipped direct fromgthe mines 
ready for the furnaces or the coke ovens. 

The lush period of rich Mesabi ores is drawing to an end. 
Lower grade ores are being washed and then agglomerated by 
sintering, nodulizing or pelletizing. As we all know, high-grade 
ores are available from South America and new areas to the north 
in Labrador are being opened to replenish our dwindling supply of 
direct shipping ores at a cost. However, if in the future we are 
to be completely self-contained, as we may have to be, should an 
emergency arise, we have great difficulties to overcome in the 
recovery of usable iron from the vast supplies of Taconite rock which 
lie in the Minnesota. iron ranges. Here is iron ore so finely divided 
and so intimately dispersed with silicates in a hard rock formation 
that the ore must be beneficiated by grinding to a powder, concen- 
trating, and reagglomerating. 

The use of such beneficiated ores will require changes in 
operating technique, but these should be no more difficult to carry 
out than those attendant on the initial displacement 40 years ago 
of the lumpy underground ores by the earthy open-pit Lake ores. 
However, this problem will not be solved right in the Blast Furnace. 
as was the introduction of the open-pit ores, which though being 
soft enough to mine with a steam shovel, were much finer than had 
previously been employed. A story of the first trial of these ores 
by the Carnegie Steel Company in 1896: Henry Oliver had taken 
an option on a large amount of this ore, and had persuaded Andrew 
Carnegie to try it. Carnegie, in turn, tried unsuccessfully to talk 
his blast furnace operators into using the new ore. Finally, Neale 
and Camp, at Duquesne, said that they would try it, but that they 
would not be responsible for damage to the furnace. Carnegie 
replied that he would authorize the experiment if it was not danger- 
ous to the men. The operators agreed, and 400 carloads of fine ore 
arrived at the plant. Neale started charging the ore, and increased 
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the wind. As expected, the furnace began to stop up after about 
eight hours. Carnegie had said to go the limit, so the new blowing 
engines were turned on full force, but there was no improvement. 
In desperation, Neale cut the wind down to a low level for a few 
minutes ; this proved to be the solution. The burden dropped down, 
and the furnace began to run smoothly. The following morning, 
Andrew Carnegie asked how the trial was progressing. Neale 
informed him that the pig iron produced the day before had more 
than doubled the previous record of the furnace. Carnegie then 
called Henry Oliver and asked him for 4,000,000 tons of. fine ore 
for the next three years. 

Let us turn our attention, now, to the fuel situation. In all 
American history, we have dug from the ground less than 5% of 
the known bituminous coal reserves. But, unfortunately, this 5% 
represented much of the best low-sulphur, low-ash coking coals so 
well adapted to the blast furnace. With mechanized mining taking 
over in place of hand mining, picked coal no longer comes to the 
surface—rather a mixture of coal and slate that the machines quarry 
from the earth. Hence the need for washers which reduce the 
extraneous matter in the coal. In the blast furnace, high-ash and 
high-sulphur coke requires more lime which in turn forms more 
slag and slows production. Coal washing still leaves the sulphur 
relatively high. The use of such high-sulphur coal now appears 
inevitable, and will entail costly desulphurization of coke oven gas 
and perhaps even desulphurization of pig iron outside the blast 
furnace, for sulphur, as you know, is one of the elements which 
gives the mill much trouble in the rolling of steel. To be sure, this 
effect varies among different steels and will be more marked in 
some mills than in others. But we know that for each processing 
practice, there is a critical sulphur content in the steel above which 
surface conditioning costs become excessive. Today the sulphur 
problem is exacting from research and engineering their utmost 
ingenuity. 

For the whole problem of raw materials, unless the added cost 
of beneficiation is somehow offset by operating economies, the cost 
of steel production will inevitably increase. Fortunately, such a 
compensation, at least in part, seems not to be impossible. Benefi- 
ciation offers the opportunity not only to enrich the raw material, 
but to increase its chemical and physical uniformity, thereby permit- 
ting closer control and more economical operation of the steel plant. 
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Our technologists must therefore design, and indeed are now design- 
ing, beneficiation processes which will provide this greatly improved 
uniformity in the material for our furnaces, charge after charge, 
week after week. 

The aggressive spirit typical of early work in ironmaking is 
being manifested in the development of two new operating techniques 
in the blast furnace field. The operation of blast furnaces under 
elevated pressure, begun in 1943 by the Republic Steel Corporation, 
is an ingenious method of increasing production by means of carry- 
ing high blast rates while the low gas velocity at the top results in 
correspondingly lower dust losses. Another development is the 
enrichment of the blast with oxygen, a subject which has long been 
of interest. Large-scale experiments, now under way at three steel 
plants—Bethlehem, Wheeling and Weirton—should indicate more 
clearly the degree to which oxygen enrichment of the blast is 
justified. 

Periodically one hears that the direct reduction process for 
making sponge iron from ore is to replace the blast furnace. The 
blast furnace is actually our most efficient metallurgical process, and 
I am assured that it will not be forced from its leading role until 
the raw materials change radically. 

In the Open-Hearth there has been a steady stream of improve- 
ments in furnace design and in the mechanization of all the auxiliary 
facilities. The universal employment of modernization methods has 
resulted in astonishing progress in steel production. This is illus- 
trated by the fact that one furnace alone has produced annually more 
than the entire output of this country in 1885, at which time 32 
plants produced some 149,000 tons. In looking forward, the use of 
cheap oxygen for flame enrichment and bath decarburization offers 
possibilities for further increase of production. 

The driving force of necessity at work today is the same that 
we traced in the rise of the Bessemer process, and its decline in 
favor of the Open-Hearth due to availability ot cheap scrap and 
the greater control of quality possible in the Open-Hearth. Some 
of us, however, believe that we gave up too easily on the funda- 
mentals of the Bessemer process. Today our technical people are 
turning their attention to the development of a rapid process which 
will combine the most desirable features of the Open-Hearth and 
the Bessemer, and which will require no external fuel. In the end, 
economics, as it balances cost and quality, will decide and a new 
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process may gradually take its place alongside the older ones. Like- 
wise, the time when special steel shapes can be extruded from the 
ingot may not be too far distant. 

The problems of 1949, which are vastly more difficult technically 
than those of 1849, will not be solved now by the ingenuity of skilled 
craftsmen alone. The industrial research worker who thinks eter- 
nally in costs as well as in physical chemistry, electronics or statis- 
tical mechanics, teamed with the experienced engineer, will be needed 
for today’s task. We must now be much more certain at each step 
about our new developments, since even pilot plants cost more than 
entire mills in that earlier era. 

It is difficult to realize that within the lifetime of many now 
living, the steel industry has grown from scattered local crafts pro- 
ducing a few thousand tons a year to great competitive enterprises 
rolling out nearly 90 million tons a year. In this growth, the indus- 
try has continuously solved one problem only to face a harder one. 
I have not the slightest doubt that our newest problems will be 
solved, and that even more progress will be made in our basic 
industry. 

Seventy-seven years ago in a talk before the American Institute 
of Mining and Metallurgical Engineers in Pittsburgh, Mr. E. C. 
Pechin made a prophecy so sound in principle that it remains the 
keynote of the industry’s successful and continued existence, and I 
would like to conclude by quoting from his remarks : 


“To build up a business that will be permanently success- 
ful, that will grow with our nation’s growth and strengthen 
with her strength, we must put ourselves in the position to 
make as good an article and sell as cheaply as any other 
people can or will, and anything short of this is practically 
failure. To accomplish this, we must summon to our aid three 
assistants—Science, Mechanical Appliances, and Contented 
Labor. These three are so closely connected that take one 
away and the others are paralyzed.” 








THE TENSILE IMPACT PROPERTIES OF SOME 
METALS AND ALLOYS 


By D. S. CLarK anv D. S. Woop 


Abstract 


The results of tensile impact tests in which force-time 
relations are determined can be placed on a rational basis 
through the concept of the theory of plastic strain propa- 
gation. The theory of elastic and plastic strain propaga- 
tion is reviewed in this paper. 

Tensile impact tests have been made on ingot iron, © 
several plain carbon steels of different carbon content, sev- 
eral alloy steels, stainless steel (Type 302), copper, alu- 
minum, two aluminum alloys, four magnesium alloys, and 
a zinc-base die casting alloy. The influence of different 
heat treatments on the static and tensile impact properties 
of some of the steels is presented. 

The ultimate strength, percentage elongation, and en- 
ergy absorption under both static and dynamic conditions 
are presented graphically for all the materials. The critical 
velocity of these materials is defined and the experimental 
values are compared with the computed values of critical 
velocity. The results show that the ultimate tensile 
strength of all materials tested 1s greater under dynamic 
conditions than under static conditions. The advantages 
and disadvantages of a quench and temper treatment and 
an austemper treatment are presented from the standpoint 
of tensile impact properties. 


DIFFERENCE between the performance of metals under static 

and dynamic conditions has been recognized for many years 

and a large amount of work has been expended in an attempt to eval- 

uate these differences. Many data have been accumulated concern- 

ing the performance of materials under static conditions of loading 
and under certain complex conditions of dynamic loading. 

A stress that is applied to a material in some recognizable finite 

time may be said to be rapidly applied, and the condition is called 

rapid loading. If some point of the material is set into motion instan- 


A paper presented before the Sixth Western Metal Congress and Exposi- 
tion held in Los Angeles, April 11 to 15, 1949. Of the authors, D. S. Clark is 
associate professor of mechanical engineering and D. S. Wood is research 
assistant in mechanical engineering, California Institute of Technology, Pasa- 
dena, Calif. Manuscript received February 21, 1949. 
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taneously so that that point attains a velocity v,, the stress at this 
point will instantaneously change from 0 to some value o, depending 
upon the velocity v,. This condition may be classified as impact. 
This paper is concerned with the behavior of some > materials under 
the impact type of loading in tension. 

In 1936 and 1937 H. C. Mann (1, 2)* attempted to measure the 
energy absorbed by a specimen in a tensile impact test. In 1938 Clark 
and Datwyler (3) secured quantitative information based on a 
determination of the force-time relation prevailing during tensile 
impact. Later this work was extended to higher velocities (4). Other 
investigators have contributed significant information on this subject 
(5, 6,7). 

In 1941 Theodore von Karman conceived a basic theory of 
plastic strain propagation which made it possible to interpret in a 
more rational manner the results of tensile impact tests (8,9). It is 
the purpose of this paper to present the results of tensile impact tests 
made upon several metals and alloys conducted under contract with 
the National Defense Research Committee of the Office of Scientific 
Research and Development. A brief review of the theory of plastic 
strain propagation is presented so that a proper interpretation can 
be placed on the test results. 


REVIEW OF THEORY OF STRAIN PROPAGATION 


The concept of the propagation of strain under elastic conditions 
is not new. In fact, it has been known for a long time that the rate 
at which an elastic strain is propagated in a long rod is given by the 


relation 
Co= \ E 
p 


where Co = velocity of propagation 
E = modulus of elasticity 
p = mass density of the material 


In 1807 Thomas Young (10) stated that the elastic strain which 
propagates in a bar is proportional to the velocity of impact. This 
means that if the end of a long prismatic bar is suddenly put into 
motion with a constant velocity, an elastic strain wave will travel 
in the bar. The magnitude of this strain will depend upon the veloc- 
ity, v,, with which the end of the bar is struck and will be given by 
the relation €¢, = v,/c,. From this, it is apparent that there will be 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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a certain velocity producing a strain that will exceed the elastic limit 
strain and produce plastic deformation. Theodore von Karman pre- 
sented the idea that the velocity of propagation of a plastic strain is 
smaller than the velocity of propagation of elastic strain. He pointed 
out that the velocity of propagation of a given plastic strain would 
depend upon the slope of the stress-strain curve at that value of 
strain. The velocity of propagation of a particular strain is given 
by the relation 


where do/de is the slope of the engineering stress-strain diagram at the value 
of strain being considered and p is the mass density. 


The impact velocity that will produce a plastic strain €, is given by 
the relation 


It is evident that the plastic strain increases with increasing 
impact velocity. However, the slope, do/de, of an engineering ten- 
sile stress-strain curve becomes zero when the strain reaches the 
value €,, corresponding to the ultimate strength. Therefore, the 
theory predicts that rupture will occur at the instant of impact at the 
impacted end of the bar when the impact velocity is 


"de 
Vi — Vm — de de 
0 p 


where vm may be called the critical impact velocity. 


Actually the theory does not apply under conditions in which a 
“neck” is formed. However, it has been experimentally observed 
(11) that for v, = v,, the bar ruptures very rapidly near the impacted 
end and that the plastic strain propagated along the bar is very much 
less than for impact velocities slightly below the critical velocity. 
Hence the critical velocity as defined above is of considerable sig- 
nificance, even though impact velocities greater than the critical 
velocity do not cause brittle rupture. In particular, the energy 
absorbed by a bar decreases markedly when it is subjected to a ten- 
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sion impact velocity greater than the critical velocity. The strain at 
any time along a bar subjected to a known impact velocity can be 
computed from the stress-strain curve. Since the stress-strain curve 
is not given in analytical form, the computation is carried out graph- 
ically. The slope of the stress-strain diagram is determined for a 
series of values of strain. The velocity of propagation for each 
strain is computed and plotted for each of the corresponding strains. 
This curve is integrated to obtain a curve relating v, and ¢,. The 
critical velocity is that velocity which corresponds to the strain at the 
ultimate strength. If the calculation is based on the static stress— 
strain diagram, the critical velocity so computed may not agree with 
the experimental value as determined in the tensile impact test. Any 
disagreement is not surprising, since it is probable that the stress— 
strain relation existing under dynamic conditions is not the same 
as under static conditions. Even so, the computed critical velocity 
is usually of the correct order of magnitude when based on the static 
stress-strain diagram. At this point it should be indicated that such 
computations, on materials for which there is a definite yield point, 
are not satisfactory. The discontinuity imposed by the yielding 
mechanism is not taken into consideration in the analysis. Experi- 
mental investigations at California Institute of Technology have 
shown an unusually satisfactory agreement between theory and 
experiment for materials for which the stress-strain curve is every- 
where concave toward the strain axis, in spite of the approximation 
on which the theory is based and difficulties of making experiments 
conform to these requirements (11). 

Some investigators have expressed the results of tensile impact 
tests in terms of strain rate. It can be shown readily with the aid 
of the theory of plastic strain propagation that such a practice is 
untenable. In such a test, the strain rate varies in all parts of the 
specimen nonuniformly from a relatively low value to almost infinity. 
By this same reasoning it is not permissible to convert a force-time 
diagram obtained at either end of the test specimen in an impact test 
into a stress-strain diagram. This difficulty can be surmounted only 
by the elimination of the propagation effect from the test. Such a 
requirement dictates a test of entirely different character. 


EQUIPMENT AND METHOD OF TESTING 


For the study of the tensile impact properties of metals, a rotary- 
type impact testing machine was designed and installed at the Cali- 
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Fig. 1—Rotary Impact Testing Machine. 


fornia Institute of Technology in about 1938. The major portion of 
this equipment consists of a steel disk, 44 inches in diameter, that is 
directly connected to a 250-horsepower direct-current motor. The 
weight of the disk, shaft and rotor is approximately 2000 pounds. 
Originally, this machine was a hydraulic impulse turbine and an 
exciter generator. The normal operating speed of the machine is 
750 rpm with a corresponding peripheral velocity of 150 feet per sec- 
ond. The machine can be operated with safety at a peripheral veloc- 
ity of between 200 and 250 feet per second. A general view of the 
equipment is shown in Fig. 1. 

Striking jaws are attached to the wheel, counterbalanced by 
plates located diametrically opposite to the jaws. One end of the 
specimen to be tested is screwed into the dynamometer, the device 
by which the force acting during impact at the fixed end of the speci- 
men can be measured. This dynamometer is attached as rigidly as 
possible to the end of a 715-pound anvil. The anvil is arranged so 
that it may slide horizontally on finished ways to facilitate insertion 
and removal of the specimen, as well as adjustment of position. The 
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anvil can be locked onto the ways to provide reasonable rigidity. The 
end of the specimen to which the impact is to be applied is provided 
with a tup consisting of a piece of steel 1 inch square and ™% inch 
thick. The tup is drilled and tapped so that it may be threaded onto 
the end of the specimen. The types of specimens used in these tests 
are shown in Fig. 2, The arrangement of the specimen in the machine 
ready for test is shown in Fig. 3. The width of the tup is slightly 





Used for Zamac Zinc Base Die Casting Alloy 


Fig. 2—Test Specimens. 


smaller than the space between the two jaws on the wheel, thus per- 
mitting the wheel to rotate without making contact with the tup. A 
yoke consisting of a piece of heat treated steel is held by two pins to a 
sliding member actuated bya torsional spring. The yoke is normally 
held in a position below the tup and jaws by holding the torsional 
spring in a stressed condition by means of a latch. After the wheel is 
brought up to the desired speed, measured by means of a strobotac, 
the latch is released by a solenoid actuated through a thyratron cir- 
cuit that is synchronized with the disk rotation. When the latch is 
released, the yoke is raised to a position immediately adjacent to one 
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Fig. 3—Specimen Mount and Accessories, Rotary Impact Testing Machine. 
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Fig. 4—Dynamometer. 
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Fig. 5—Recording System, Schematic Block Diagram. 





TRANSACTIONS OF THE A. S. M. 


Fig. 6—Recording Panel. 


surface of the tup and into the path of the striking jaws. On the 
next rotation of the wheel the jaws make contact with the yoke. The 
yoke, the tup, and one end of the specimen then fly off tangent to 
the wheel and are deposited in a container full of cotton waste. 

The dynamometer by which the force acting during a tension 
impact test can be determined is shown in Fig. 4. A resistance- 
sensitive strain gage is cemented to the outer cylindrical surface of 
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the dynamometer. The response of this dynamometer has been 
described in another paper (12). The leads from the strain gage on 
the dynamometer are connected in the circuit shown in Fig. 5. This 
circuit consists of a 140-volt battery, a ballast resistor, and a calibra- 
tion circuit. A change of resistance produced by a force acting on the 
dynamometer causes a change of voltage in the circuit. This voltage 
change is amplified, producing a vertical deflection on a cathode-ray 
oscilloscope. The oscilloscope provides for a single horizontal sweep 
of the electron beam at any desired speed within limits. A known 
frequency is applied to provide a time scale. The traces of calibra- 
tion, timing line, and force-time curve on the screen of the oscillo- 
scope are recorded photographically on a stationary 35-millimeter 
film with a Zeiss biotar f:1.4 lens. The control and recording panel 
for this, and other dynamic testing equipment, is shown in Fig. 6. 

The static tests reported in this paper were made with a 30,000- 
pound universal testing machine, having a least reading of 10 pounds. 
The strain measurements on these tests were obtained with two dial 
gages and two Huggenberger extensometers which were mounted on 
the specimen over a 20-millimeter gage length. The Huggenberger 
gages permitted a more accurate measurement of the strain for the 
first portion of the stress-strain curve up to a deformation of 0.6%. 
The percentage elongation is determined by reassembling the frac- 
tured specimen and measuring the distance between shoulders. The 
percentage reduction of area is measured with point micrometers at 
the fracture section. 


MATERIALS TESTED 


The materials considered in this paper were received in the form 
of round bars of diameters varying from 7% to 34 inch. Specimens 
were taken from these bars and machined to the dimensions given 
in Fig. 2. Eight groups of materials were investigated, including 
ingot iron, plain carbon steels, alloy steels (including stainless steel 
—Type 302), copper, aluminum, aluminum alloys, magnesium alloys, 
and zinc-base die casting alloy. The analyses of the ferrous mate- 
rials, the aluminum alloys, and the magnesium alloys are given in 
Table I. Many of the steels were tested in different heat treated con- 
ditions. The heat treatment for these materials is given in Table II. 

The data secured from the impact tests include the force-time 
diagram, the per cent elongation, the per cent reduction of area, and 
the impact velocity. The force-time record is traced on an enlarged 
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Table I 
Analysis of Materials Tested 


ae . — exiosaaepgrmestiannnensinensneamsesn( pf eam as 





Ferrous Alloys 
Per Cent 


socenshnirnichsitanedgiaaddiphee nna, 
Material Cc Mn Si S P Cr Ni Mo 
Ingot Iron 0.03 0.02 0.008 0.032 0.009 Fen’ 
Low Carbon 0.12 0.78 0.17 0.01 0.098 Pes 
SAE 1015 0.17 0.39 0.09 0.041 0.010 Sa ais 
Hi S-P 0.20 0.89 Trace 0.29 0.15 Bei 
SAE 1022 0.19 1.03 0.34 0.029 0.018 een? 
SAE 1040 0.43 0.75 0.19 0.043 0.009 ase 
SAE 1045 0.45 0.83 0.19 ae ike Oia em 
SAE 1078 0.78 0.33 0.22 0.030 0.025 gia, 
SAE 1095 0.90 0.47 > RS OP ee ES eo 
Carb.—Hi Mn 0.45 2.05 0.25 0.029 0.018 ee fae S85 
SAE 2345 0.44 0.75 0.24 0.027 0.008 ea 3.41 been 
SAE 4140 0.40 0.73 0.25 0.032 0.012 0.97 snk 0.23 
SAE 5150 0.49 0.71 0.26 0.028 0.011 0.96 kine oun 
NE 8715 0.19 0.78 0.25 0.032 0.013 0.60 0.52 0.27 
NE 8739 0.42 0.85 0.31 0.024 0.015 0.60 0.47 0.19 
NE 9415 0.18 0.80 0.40 0.030 0.017 0.20 0.31 0.15 
NE 9445 0.46 1.11 0.47 0.027 0.015 0.41 0.37 0.15 
Stainless 302 0.09 0.97 0.63 0.021 0.083 19.21 °* 8.36 ct ats 
Nonferrous Alloys 
Per Cent———_- 
Al Mg Zn Cu Mn Si 
Copper No analysis given 
Aluminum 2S 99.0 minimum nominal 
Al Alloy 17S Bal. 0.25 .... 4.20 0.54 0.13 
Al Alloy 24S Bal. 1.55 .... 4.59 0.64 0.20 
Dow F Oe ee ica SN vag eee ee 
Dow J 3.39 Bal. 0.13 0.22 0.04 
Dow M ee ree 1.61 0.05 
Dow O 3.12 Bal. 0.03 0.32 0.04 
Zamac II Nominal analysis 
4.1 0.03 Bal. 2.7 (mab ee s 0.075% Max. Fe, 0.003% Max. Pb, 


0.003% Max. Cd, 0.001% Max. Sn 





scale with the aid of a projector. From this record the ultimate 
strength and specific energy absorption are obtained. The static and 
dynamic test results are presented for all materials in Table III. 
Average values are given, each based on not less than three tests for 
any one condition. 


Stress-Time Diagrams 


From the results obtained with these several alloys it is clear 
that the character of the stress—time diagram depends upon the ratio 
of the static elastic limit to the static ultimate strength. From the 
theoretical principles of strain propagation, an analysis of the force 
measuring system (12), and the static stress-strain diagram, it is 
possible to establish the stress—time relation that should exist at the 
fixed end of a tensile specimen subjected to a constant impact velocity. 

The shape of the stress—time diagrams can be explained on the 
basis of the theory of strain propagation, At the moment that impact 











Material 


Ingot Iron 
Low Carbon 
SAE 1015 
Hi S—-P 
SAE 1022 


SAE 1040 
SAE 1045 


SAE 1078 
SAE 1095 


Carbon—Hi Mn 


SAE 2345 


SAE 4140 
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Table Il 


Treatment of Materials Tested 


Qualifying 
Symbol 


A 
CR 
A 
A 
CR 





Treatment 


1725 °F—15 min.—Cooled slowly in furnace. 

As-received—cold-rolled. 

1600 °F—Cooled slowly in furnace. 

1575 °F—Cooled slowly in furnace. 

As-received—cold-rolled. 

1750 °F—2 hr.—Ceoled slowly in furnace. 

1620 °F—30 min.—Quenched in water—Temper 670 °F 
—30 min. 

1600 °F—Cooled slowly in furnace. 

Normalize 1450 °F—1 hr.—1650 °F—30 min.—Cooled in 


still air. 
1 hr.—1500 °F—30 min. —Cooled 


Normalize 1450 °F — 
slowly in furnace. 

Normalize 1450 °F—1 hr.—1800 °F—30 min.—Cooled 
slowly in furnace. 

Normalize 1450 °F—1 hr.—1500 °F—30 min.—Quenched 
in oil—Spheroidized 1300 °F—10 hr. 

Normalize 1450 °F—1 hr.—1500 °F—30 min.—Quenched 
in oil—Temper 900 °F—1 hr. 

1450 °F—Cooled slowly in furnace. 

Normalize 1450 °F—1 hr.—1650 °F—30 min.—Cooled in 
still air. 

Normalize 1450 °F—1 hr.—1450 °F—30 min.— Cooled 
slowly in furnace. 

Normalize 1450 °F—1 hr.—1800 °F—30 min.— Cooled 
slowly in furnace. 

Normalize 1450 °F—1 hr.—1450 °F—30 min.—Quenched 
in oil—Spheroidized 1300 °F—10 hr. 

Normalize 1450 °F—1 hr.—1450 °F—30 min.—Quenched 
in oil—Temper 900 °F—1 hr. 

Annealed 1450 °F—1 hr.—1520 °F—15 min.—Quenched 
in bath at 800 °F—30 min. 

Annealed 1450 °F—1 hr.—1520°F—15 min.—Quenched 
in bath at 580 °F—30 min. 

Annealed 1450 °F—1 hr.—1520 °F—15 min.—Quenched 
in oil—Temper 1114 °F—30 min. 

Annealed 1450 °F—1 hr.—1520 °F—15 min.—Quenched 
in oil—Temper 570 °F—30 min. 

Annealed 1550 °F—1 hr.—1450°F—15 min.—Quenched 
in bath at 710 °F—12 min. 

Annealed 1550 °F—1 hr.—1550 °F—15 min.—Quenched 
in bath at 500 °F—45 min. 

Annealed 1550 °F—1 hr.—1550 °F—15 min.—Quenched 
in oil—Temper 945 °F—35 min. 

Annealed 1550 °F—1 hr.—1450 °F—15 min.—Quenched 
in oil—Temper 485 °F—30 min. 

Annealed 1550 °F—1 hr.—1575 °F—15 min.—Quenched 
in bath at 780 °F—60 min. 

Annealed 1550 °F—1 hr.—1575 °F—15 min.—Quenched 
in bath at 500 °F—30 min. 

Annealed 1550 °F—1 hr.—1575 °F—15 min.—Quenched 
in oil—Temper 1135 °F—45 min. 

Annealed 1550 °F—1 hr.—1575 °F—15 min.—Quenched 
in oil—Temper 600 °F—30 min. 


takes place at the moving end (origin of the time axis) and until a 
certain time t,, the force remains zero at the fixed end. The interval 
of time t, is the time it takes for the elastic wave to travel the length 
Therefore, t, = L/c,, where L is the length of the 
specimen and c, is the velocity of propagation of the elastic wave. 
At time t, the force at the fixed end increases suddenly to a value 


of the specimen. 


which corresponds to a stress greater than the elastic limit, since a 
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Table Il—(Continued) 
Treatment of Materials Tested 


ualifyin 
ow bol” Treatment 


Material ym 
SAE 5150 A3l 


AS1 
QT32 
QTS2 
NE 8715 


NE 8739 


NE 9415 


NE 9445 


Stainless Steel Type 302 


Copper I 
Copper II 


Aluminum 2S 4H 


Aluminum Alloy 17ST 
Aluminum Alloy 24ST 


Magnesium Alloy Dow F 
Dow 
Dow 
Dow O 
Zamac II 


Annealed 1625 °F—1 hr.—1550 °F—15 min.-—Quenched 
in bath at 800 °F—30 min. 

Annealed 1625 °F—1 hr—1550 °F—15 
in bath at 570 °F—30 min. 

Annealed 1625 °F—1 hr.—1550 °F—15 min.—-Quenched 
in oil—Temper 1100 °F—30 min. ; 

Annealed 1625 °F—1 hr.—1550°F—15 min.—-Quenched 
in oil—Tem mper 600 °F—30 min. 

Annealed 1700 °F—8 hr.—1625 °F—30 min.——Quenched 
in oil—1450 °F—45 min.—Quenched in oil—Temper 
600 °F—45 min 

Annealed 1550 °F—1 hr. —1525 °F—30 min.-—-Quenched 
in bath at 750 °F—60 min. 

Annealed 1550 °F—1 hr.—1525 °F—30 min:-——-Quenched 
in bath at 450 °F—30 min. 

Annealed 1550 °F—1 hr.—1525 °F—30 min.——Quenched 
in oil—Temper 1100 °F—35 min. 

Annealed 1550 °F—1 hr.—1525 °F—30 min.—Quenched 
in oil—Temper 480 °F—30 min. 

Annealed 1700 °F—8 hr.—1575 °F—30 min.-——Quenched 
in oil—1450 °F—45 min.—Quenched in oil—Temper 
600 °F—45 min. 

Annealed 1600 °F—1 hr.—1525 °F—30 min.-—Quenched 
in bath at 750 °F—60 min. 

Annealed 1600 °F—1 hr.—1525 °F—30 min.——Quenched 
in bath at 450 °F—60 min. 

Annealed 1600°F—1 hr.—1525 °F—30 min.——Quenched 
in oil—Temper 1100 °F—35 min. 

Annealed 1600 °F—1 hr.—1525 °F—30 min.-—Quenched 
in oil—Temper 540 °F—30 min. 

As-received 

Annealed 900 °F—1 hr. 

As-received—cold-rolled 

Annealed 900 °F—1 hr. 

As-received 

Annealed 720 °F 

As-received 

As-received 

Annealed 675 °F—20 min.—cooled in furnace at rate of 
25 °F /hr 

As-received 

As-received 

As-received 

As-received 

As-received—die cast as per Fig. 2. 


min.——Quenched 





reflection occurs from the fixed end which adds to the incident elastic 


wave. 
reflections. 


Then the stress increases progressively as a result of further 
Generally, very marked steps are present in the diagram. 


These steps are of small amplitude and more numerous at low impact 


velocities. 


The amplitude of the steps increases with the impact 


velocity, and as a consequence the number of steps decreases. 
Those metals for which the ratio of elastic limit to ultimate 


strength is very low (0 to 0.25) have a theoretical stress—time curve 
of the type presented in Fig. 7. This curve was computed for a speci- 
men of annealed copper 8 inches long and for an impact velocity of 
134 feet per second. The ratio of elastic limit to ultimate strength 
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of this material is 0.13. The experimental stress-time diagram 
obtained for this material under the conditions for which the theo- 
retical curve was computed is also given in Fig. 7. 

Those metals for which the ratio of elastic limit to ultimate 
strength is between approximately 0.25 and 0.6 have stress—time 
diagrams similar to the one shown in Fig. 8. The stress—time dia- 
gram for an SAE 2345 steel for which the ratio is 0.54 is also shown 
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in Fig. 8. The increase in stress at the moment the elastic wave 
reaches the fixed end of the specimen is much greater than in the 
first type of diagram because of the relatively higher value of the 
elastic limit. After the first sudden increase, the stress rises pro- 
gressively to the maximum force. 

When the ratio of elastic limit to ultimate strength is approxi- 
mately between 0.6 ond 1.0, the stress—time curve takes the shape of 
the character shown in Fig. 9. In this same figure an experimental 
stress-time diagram is presented for an SAE 1020 cold-rolled steel. 
In this type of diagram the increase of stress at the moment the elastic 
wave reaches the fixed end of the specimen is so large that the maxi- 
mum stress is attained almost immediately and the remaining part of 
the diagram is almost horizontal. 
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There appears to be reasonable agreement between the shapes of 
the theoretically computed and the recorded stress—time diagrams. 
In the recorded diagrams, however, oscillations are present which 


are due primarily to the vibration of the dynamometer. 


From this 


discussion it is evident that the yield stress cannot be obtained from 
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(b) Stress—-Time Diagrams for an 8-Inch (b) Stress—-Time Diagrams for an 8-Inch 
Long SAE 2345 Steel Specimen Austem- Long SAE 1020 Cold-Rolled Steel Speci- 
red to a Hardness of Rockwell C-51. men. Impact velocity 75 feet per second. 
mpact velocity 100 feet per second. 


the stress-time diagram with any degree of reliability. However, the 
maximum stress reached by a mean line drawn through the oscilla- 
tions of a record provides a reasonably close approximation to the 
ultimate strength, and the total area under the diagram multiplied by 
the impact velocity gives a first-order approximation of the energy 
absorbed by the specimen. 


Effect of Impact Velocity on the Ultimate Strength 


In general, the ultimate tensile strength of metallic materials 
determined in the range of impact velocities from 25 to 200 feet per 
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second is greater than the static ultimate strength. Two of the curves 
of ultimate strength versus impact velocity are shown in Fig. 10. 
The increase in ultimate strength occurs at impact velocities below 
approximately 25 feet per second and is little changed at higher 
velocities. This increase of ultimate strength varies from material 
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to material, but in all tests reported here and for all materials which 
have been tested in the authors’ laboratory an increase has been 
observed. This is shown in Table III and graphically in Figs. 15, 
16, 17, 18, 19 and 20. 


Effect of Impact Velocity on the Percentage Elongation and Energy 


The effect of impact velocity on the percentage elongation dif- 
fers considerably for different materials. The curves that show this 
effect seem to fall into three types. 

In the first type, shown in Figs. 11 and 12, the percentage 
elongation remains essentially constant within a certain range of 
impact velocity. Above a certain velocity the elongation decreases 
more or less rapidly to a small value (generally smaller than the 
static value). The velocity at which the decrease occurs is the critical 
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velocity defined in the review of the theory. That portion of the 
curve for which the percentage elongation is constant may be higher 
or lower than the static elongation; however, the reverse has been 
observed for annealed ingot iron or annealed very low carbon steel, 
and in some high carbon steels after a spheroidizing treatment. In 
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curves of this type it is possible to consider an average value of elon- 
gation under dynamic conditions, i.e., for velocities below the critical. 
Such values are reported in Table III. 

The second type of percentage elongation versus impact velocity 
curve, Fig. 13, increases progressively with impact velocity from the 
static value up to a maximum and then decreases progressively. In 
this case the impact velocity corresponding to the maximum in the 
curve is the critical velocity. Diagrams of this character have been 
observed so far only for cold-roiled materials. In such cases, it is not 
possible to average the percentage elongation over any range of 
impact velocity. The maximum values are indicated in parentheses 
in Table III. 

The third type of curve includes those cases in which the per- 
centage elongation shows considerable scatter when plotted against 
impact velocity. A typical example is shown in Fig. 14. While there 
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may be a slight increase of percentage elongation with increasing 
impact velocity followed by a slight decrease, the variation is not of 
the same order of magnitude as observed in the curves of the second 
type. These curves cannot be classified with the first type. Since 
the elongation does not vary markedly with impact velocity, it is pos- 
sible to consider an average elongation under dynamic conditions. 
This average cannot be considered to be as significant as the averages 
computed for the curves of the first type. In general, curves for 
quenched and tempered and austempered steels are of this type. 
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locity, for SAE 2345 Steel Quenched and 
Tempered to a Hardness of Rockwell C-52. 


Since the ultimate strength is not essentially changed by impact 
velocities above about 25 feet per second, the energy required to 
rupture is roughly proportional to the percentage elongation. The 
similarity between the energy versus impact velocity curves and the 


elongation versus impact velocity curves is illustrated in Figs. 11, 
12, 13 and 14. 


Annealed Ingot Iron and Carbon Steels 


A comparison of annealed ingot iron and carbon steels with 
respect to static and dynamic properties is of interest. The static 
and dynamic ultimate strength, percentage elongation, and energy are 
shown graphically in Fig. 15. All of these materials produce elonga- 
tion versus impact velocity curves of the first type. The ultimate 
strength increases with carbon content as would be expected. The 
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dynamic ultimate strength is greater than the. static ultimate strength 
in all cases, but there is no systematic variation with carbon content. 
With the exception -of the ingot iron, the dynamic energy-absorbing 
capacity is greater than the static values. The energy values increase 
with increasing carbon content, reaching a maximum with the SAE 
1045 steel. There is not any systematic change in the percentage | 
increase of energy-absorbing capacity of the steel. 


Low Carbon Steel—Annealed, Cold-Rolled, Quenched and Tempered 


The static and dynamic tensile properties for an SAE 1022 steel 
are compared in Fig. 16. In all three conditions—namely, annealed, 
cold-rolled, and quenched and tempered—the dynamic ultimate 
strength is greater than the static values and the percentage elonga- 
tion under dynamic conditions is greater than under static conditions. 


Comparison of Static and Dynamic Properties for Annealed, 
Spheroidized, Normalized, and Quenched and Tempered Steels 


Some interesting facts are revealed by comparing the static and 
dynamic properties of SAE 1045 and 1095 steels with respect to 
different heat treatments. The results are shown graphically in Fig. 
17. As would be expected, the static ultimate strength is lowest in 
the case of the spheroidized condition, and this treatment yields the 
greatest percentage increase of ultimate strength. The elongation is 
not as great for the spheroidized condition as for the other treat- 
ments; in fact, the spheroidized SAE 1095 steel shows a definite 
decrease of percentage elongation under dynamic conditions. Fur- 
thermore, the critical velocity of the spheroidized steels is the lowest 
of that obtained from all treatments. This condition is undoubtedly 
related to the presence of relatively large contiguous areas of ferrite 
in the microstructure, as was pointed out in a previous comparison. 
This is further illustrated by comparing the SAE 1045 steel with the 
low and high annealing treatments. The low temperature anneal 
produced less regular lamellar pearlite than the high temperature 
anneal. There appeared to be more contiguous areas of ferrite in 
the structure of the steel annealed at a low temperature. The elonga- 
tion and the critical velocities reflect this effect. 

In the case of the SAE 1095 steel the situation is somewhat dif- 
ferent. It appears that the best combination of ultimate strength and 
energy-absorbing capacity is obtained with annealing at the higher 
temperature of 1800 °F (980°C). However, the spheroidizing treat- 
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ment leads to a low critical velocity and a slight decrease of energy 
absorption under dynamic conditions. 


Comparison of Austemper and Quench and Temper Treatments 


The results of tests on several alloy steels heat treated in two 
different ways—namely, quench and temper and austemper—are par- 
ticularly interesting because they show some significant character- 
istics that seem to correlate with the structures produced by two 
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different processes, but which have essentially the same hardness. 
The proportional limit of all the steels tested is lower for the aus- 
temper treatment than for the quench and temper treatment. The 
static stress-strain diagrams of the quenched and tempered speci- 
mens of low hardness (approximately Rockwell C-31) give an indi- 
cation of a yield point, which does not appear in the austempered 
specimens. The presence of a yield point may be attributed in part 
to a greater agglomeration and formation of regularly contiguous 
very small grains of ferrite in tempering which permits unobstructed 
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slip. In austempering, a finer distribution and less contiguous group- 
ing of the ferrite may be present, thus interfering with slip. 

In the static test, the greatest elongation and energy required 
for rupture were obtained with quenched and tempered specimens of 
low hardness and with austempered specimens of high hardness. This 
situation is undoubtedly attributable to the structural differences pro- 
duced by the two treatments. When the quenched specimens are 
tempered to a high temperature, the increased toughness of the struc- 


= 300 
G 
es 
® 8200 
38 
22 
ebatelrbat dal rt Se ut ia in 
test Sea! - AS AS Se 
SAE2345 SAEGIAO SAESBO NESTSS NE CorbMiNin SAEZ345 SMEG SAESSO NEBTSS. 
£ 
c 
s* 10 
of 
2a 
2 
. UU | Uo Wd ddauol, 
west Tt as SLL a a HM Mn , . A xo 
= SAEES4S SAE4I40 SAESISO NESTS wesees CorbHi.Mn, SAE2345 SAE4I40 SAESISO NE®739 NES445 
a 
£ 
oO, 
oo 
- = 
2. 
uw 
=5 
9 | 
= ob ett “EL PP 
Heat Traat Ts a a 
Material 


Coriatin SAEZS4S sneer SAESISO NESTS neneas. Corb asin SAE2345 SAE 40 SAESISO NEGT3O NESS 
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ture overbalances the influence of any microcracks which may have 
been produced by quenching. At the lower hardness, the acicular 
structure of the austempered specimens is not as tough as the more 
spheroidal structure of the quenched and tempered specimens. 

In general, the relation between static and dynamic properties 
follows the trend that has been discussed with other materials. It is 
of specific interest to discuss the comparison of the dynamic proper- 
ties of these steels with respect to the type of heat treatment as shown 
in Fig. 18. The superior properties derived from quenching and 
tempering as compared with austempering to obtain a hardness of 
Rockwell C-31 are clearly shown in the figure. The advantages 
derived from austempering to obtain a hardness of Rockwell C-51 
in these steels are also clear. 
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The fact that the quenched and tempered specimens of low hard- 
ness require more energy to break than do the austempered specimens 
and that the reverse is true of the high hardness specimens may be 
attributed to the existence of microcracks and the character of the 
structure. Microcracks are likely to be produced during the forma- 
tion of martensite by rapid cooling. If such a structure is tempered 
slightly, the cracks and a brittle structure will still be present; but 
if the steel is softened more by tempering at a higher temperature, the 
influence of microcracks which will still be present may be over- 
balanced by a softer, more ductile matrix. This condition does not 
exist in the austempered specimens, provided the transformation does 
not occur at too low a temperature. 

In all cases of specimens that were austempered, the critical 
velocity was higher than 200 feet per second. The steels that were 
quenched and tempered to a hardness of approximately Rockwell 
C-32 with one exception (SAE 2345) had a critical velocity below 
200 feet per second. If impact velocities above these values are to be 
encountered, it might be better to use the austemper process to secure 
better energy-absorbing characteristics. Again the existence of more 
free ferrite appears to lead to lower critical velocities. 

It is apparent from these results that better dynamic properties 
will be secured from a steel that is austempered than from one 
quenched and tempered, if the hardness is to be of high order. How- 
ever, the reverse is true if the hardness is to be a lower order of 
magnitude, provided very high impact velocities are not to be 
encountered. 


Other Ferrous Alloys 





Included in Table III are a few other materials the properties 
of which may be compared with those of other materials that have 
already been discussed. The characteristics of these materials are 
shown graphically in Fig. 19. Two steels of carburizing grade are 
given, designated as NE 8715 and 9415. The results of tests on 
these materials are in the same direction as in the previous cases in 
that the ultimate strength and energy are greater under dynamic 
conditions than under static conditions. The critical velocity of both 
of these steels is above 200 feet per second. 

Results are also given for an 18% chromium — 8% nickel stain- 
less steel (Type 302). This material is the same as that used in a 
previous study (4) and the results are essentially the same. In the 
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previous work the gage length of the specimen was only 1 inch. The 
present results show an increase of ultimate strength under dynamic 
conditions and a pronounced decrease of percentage elongation. This 
decrease of elongation was observed at all impact velocities. The 
energy required to rupture the specimen under dynamic conditions 
is not essentially different from the static value. The critical velocity 
of this material is above 200 feet per second. 





60 
200 50 4 
o a? 
S € 40 "e 
8 150 o 23 
c £ . 
_ te 
© 8 sid ° 
® 100 . & 2 
o e 20 es 
: : 3 | 
@ | 
> 
O |s\o D D O : 
NE NE Loc Type NE NE Loc. Type NE NE Loc. Type 
8715 9415 302 8715 9415 302 8715 9415 302 


Fig. 19—Comparison of the Static and Dynamic Tensile Properties of Four Steels. 


In Table III are given the static and dynamic properties of a 
low carbon steel in the cold-rolled condition. The properties of this 
steel follow the same trend as the other cold-rolled materials and 


the elongation versus impact velocity curve is of the second type 
discussed above. 


Nonferrous Metals and Alloys 


A group of nonferrous metals and alloys have been investigated. 
These include copper, aluminum, two aluminum alloys, four magne- 
sium alloys, and a zinc-base die casting alloy (Zamac II). In gen- 
eral, the results obtained with these materials are essentially the same 
as those described for the ferrous alloys. The results of the tests 
on these materials are given in Table III. The ultimate strength 
and energy-absorbing capacity of each material is presented graph- 
ically in Fig. 20. 

The dynamic ultimate strength of these materials is higher than 
the static value. The percentage increase over the static value varies, 
as in the case of the ferrous alloys, from 5 to 54%. The percentage 
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elongation is generally greater under dynamic conditions. The two 
magnesium alloys, M and O, were very brittle at all impact veloci- 
ties. Such low percentage elongation is ascribed to the small radius 
of fillet. Other tests on specimens with a large radius of fillet (1 inch 
—Fig. 2) give more reliable results, but still show very low per- 
centage elongation. The percentage elongation of alloy M in the ten- 
sion impact test is 39% less than the static value. 
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Fig. 20—Comparison of the Static and Dynamic Tensile Proper- 
ties of "hase Nonferrous Materials. 














In the case of the zinc-base die casting alloy, an increase of 
260% is reported for the dynamic elongation in relation to the static 
elongation. However, the restilts are greatly scattered, probably 
because of the nonuniformity of the cast material. 

All three types of elongation versus impact velocity diagrams 
are observed for the nonferrous materials studied. The annealed 
copper and aluminum and the two heat treated aluminum alloys are 
of the first type in which there is little change in percentage elonga- 
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tion with increasing impact velocity until the critical velocity is 
attained. The-cold-rolled copper and the half-hard aluminum exhibit 
the second type of elongation versus impact velocity curve in which 
the percentage elongation increases to a maximum with increasing 
impact velocity and then at the critical velocity the percentage elonga- 
tion decreases. The four magnesium alloys and the zinc-base die 
casting alloy have the third type of elongation versus impact velocity 
diagram in which there is no significant change in percentage elonga- 
tion with increasing impact velocity, and a clear-cut critical velocity 
is not indicated within the range of impact velocity covered in these 
tests. 


SUMMARY AND CONCLUSIONS 


From the results presented in this paper on several ferrous 
and nonferrous materials, it may be concluded that there are three 
types. of stress—time diagrams depending upon the ratio of the static 
elastic limit to the static ultimate strength. The curves of percentage 
elongation versus impact velocity fall into three general types of 
which the most outstanding is the type in which the percentage 
elongation increases with increasing impact velocity to a maximum 
corresponding to a critical velocity beyond which the percentage 
elongation decreases. The cold-worked metals and alloys exhibit 
this type of curve. Most of the annealed materials show little change 
of percentage elongation with increasing impact velocity until the 
critical velocity is reached, at which the percentage elongation de- 
creases markedly. 

The order of magnitude of critical velocity can be predicted 
fairly well from the static stress-strain diagram, provided the mate- 
rial does not exhibit a yield point. Considerable differences may be 
found if the dynamic stress-strain relations differ from the static 
relations. 

The ultimate strength of all materials considered in this paper 
is not less than the static value when determined at impact velocities 
between 25 and 200 feet per second. In most cases the dynamic 
ultimate strength is greater than the static value. 

A significant result is shown in this paper in comparing a series 
of steels heat treated in two ways to the same hardness. It is appar- 
ent that for steels which are to be heat treated to a hardness of about 
Rockwell C-32 the quench and temper treatment is preferable to the 
austemper treatment. Where a hardness of the order of Rockwell 
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C-51 is required, the austemper treatment is superior as evidenced 
by the greater energy-absorbing capacity of the material under 
dynamic conditions. 
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EFFECT OF BORON AND KIND OF BORON ADDITION 
UPON THE PROPERTIES OF STEEL 


By R. A. GranGceE, W. B. SEENs, W. S. Hott ann T. M. Garvey 


Abstract 


Samples from selected locations throughout each of 
thirteen large commercial heats comprising AISI 1046, 
1321 and 4150 grades of steel were investigated to deter- 
mine the effect of boron, and kind of ferro-alloy in which 
it was added, upon uniformity of boron distribution, hard- 
enability, austenite grain coarsening, susceptibility to tem- 
per embrittlement, and tensile and impact properties in 
each of several heat treated conditions. Since for each 
grade there was a plain heat and three or four heats to 
each of which boron had been added as a different kind 
of ferro-alloy, comparisons are drawn between (a) prop- 
erties at different locations in each of the thirteen heats, 
(b) heats containing boron with a plain heat of corre- 
sponding grade, and (c) effect of different kinds of boron 
addition. 

Properties were found to be as uniform in heats con- 
taining boron as in each corresponding boron-free heat. 
As expected, hardenability was always considerably in- 
creased by adding a minute amount of boron. Boron 
appeared to have had a grain coarsening effect which, 
however, was partially overcome by deoxidation with 
aluminum and by addition of boron in a complex ferro- 
alloy containing titanium and zirconium. With a micro- 
structure of tempered martensite, boron had a_ small 
adverse effect upon mechanical properties at low hardness 
and, tf anything, a slight favorable effect at high hardness. 
In the partially hardened and tempered condition (mix- 
ture of bainite and martensite as quenched) no definite 
effect of boron upon mechanical properties was observed; 
in the unhardened condition (pearlitic microstructure ) 
boron affected toughness adversely, as measured by 
notched-bar impact tests. Under certain conditions, boron 
somewhat increased susceptibility to temper embrittle- 
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and W. B. Seens are members of the staff of the United States Steel Corpo- 
ration Research Laboratory, Kearny, N. J., W. S. Holt is metallurgist, Jessop 
Steel Co., Washington, Pa., and T. M. Garvey is associated with the Research 
and Development Division, Carnegie-Illinois Steel Corp., Pittsburgh. Manu- 
script received May"6, 1949. 
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ment. In general, properties of boron steels were not 
critically dependent upon the kind of ferro-alloy in which 
boron was added. 


— investigators have studied steel containing a minute 
percentage of boron; Toerge (1)* has summarized recent 
literature on the subject. Almost all such investigations have dealt 
with samples either from small laboratory heats or from large ingots 
to which boron was individually added to the mold. Most boron 
steels used for commercial applications have had boron added to 
the ladle to produce an entire heat of steel containing boron. Since 
the effect of boron is intimately associated with steel deoxidation, 
results obtained from samples from small laboratory heats, or from 
individually treated ingots, may not be wholly reliable when applied 
to large commercial heats of boron steel. In particular, the question 
of uniformity of properties throughout a large heat of boron steel, 
which has been of some concern in the past, has never been ade- 
quately discussed in the published literature. The principal object 
of this investigation was to determine whether large commercial 
heats of boron steel were likely to be as uniform in properties as a 
heat of corresponding size and composition without boron, and 
whether the kind of ferro-alloy. in which boron was added had any 
appreciable effect. 

The powerful effect of a minute percentage of boron upon hard- 
enability has been well established; this effect is known to decrease 
with increasing carbon content and, indeed, to become negligible in 
steel containing more than about 0.9% carbon (2). Since mechan- 
ical properties are primarily dependent upon microstructure, the 
greater hardenability of boron steel, compared to the same compo- 
sition without boron, will, unless an excessive percentage of boron 
is present, necessarily result in better properties for the boron steel 
in the range of section size where this greater hardenability is 
required in order to quench to an essentially martensitic structure.’ 
In this investigation, mechanical properties are compared among 
specimens having essentially the same microstructure, thus elim- 
inating the indirect influence of hardenability difference and reveal- 
ing the direct influence of boron. 

Because of the relatively large number of tests conducted, 





1The figures appearing in parentheses pertain to the references appended to this paper. 


2This statement is a logical inference from experience with steel in ae and has actually 
been well established (3) for boron steels. 
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experimental details have been reduced to a minimum and _ the 
results are summarized graphically. Even though thirteen heats 
comprising three different grades were investigated, so many imper- 
fectly controlled variables are associated with commercial steel- 
making that definite generalized conclusions may be somewhat 
questionable. 


MATERIAL AND METHOD OF SAMPLING 


Three steel compositions were selected, these being AISI grades 
C1046, 1321 and 4150. For each grade, samples were obtained 
from a heat to which no boron was added and from three or four 
closely matching heats to which boron was added to the ladle. 
Pertinent details are listed in Table I. The 4150 and 41B50 grades 
were made in an electric furnace; the others are open-hearth steels. 
All were full-size commercial heats, and steelmaking and subsequent 
processing conformed to regular practice at Duquesne Works, 
Carnegie-Illinois Steel Corporation, where all these heats were made. 
Boron was added in the form of each of four kinds of ferro-alloy ; 
these contain, in addition to boron, the elements given in Table I. 
Hereinafter, heats are identified according to the kind of ferro-alloy 
added ; thus, for each of three grades there is a plain heat (no boron 
added), a Grainal X79 heat, a Silcaz No. 3 heat, and a ferroboron 
heat. In addition, there is a Grainal No. 1 heat in the 1046 grade. 

After rolling to billets, samples were taken from the bottom® 
of the first ingot (first metal poured), middle of the middle ingot, 
and top® of the last ingot (last metal poured); these so-called 
standard locations are designated, respectively, “FB”, “MC”, and 
“LT”. Samples were also taken from six other locations in each 
heat, but it was not considered necessary to test these. The only 
exception to this scheme of sampling was that samples were obtained 
only from the top, middle, and bottom of the middle ingot of the 
Grainal No. 1 heat of the 10B46 grade. Billet samples were rolled 
or forged to 1%-inch diameter bars. All bars were normalized 
prior to preparing test specimens. 


HARDENABILITY 


End-quench hardenability tests were made using a sample from 
each of: the three standard locations in each heat. As is to be 


’After normal cropping of the ingot, top and bottom discard was essentially the same, in 
heats to which boron was added, as in the boron-free heat of corresponding grade. 
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expected, there was some variation in hardenability among different 
locations. To illustrate, results for 1046 and 10B46 grades, which 
are typical, are shown in Fig. 1.4 No particular location is con- 
sistently high or low in hardenability with respect to the other 
two locations in a heat. The curves of the plain heat lie closer 


F B= Bottom of the 
First ingot of the Heat 







MC = Middle of the 
Middle ingot of the Heot 


LT = Top of the 
Last Ingot of the Heat 


m 


Vickers Hardness Number (30 Kg Load) 


o @® 


0 oe GCA @48. Oo 0.2 04 06 
Distance From Quenched End-inches 


Fig. 1—End-Quench Hardenability Results for 1046 
and 10B46 Heats. 


together than those for any 10B46 steel, but allowance should be 
made for the tact that a given separation in the region where hard- 
ness falls abruptly indicates a greater difference in hardenability 
when it occurs nearer the quenched end. A more convenient com- 
parison of hardenability variation is possible if hardenability is 
expressed as an index, such as ideal diameter (D,;). This was done 
by measuring under the microscope, after suitable polishing and 
etching, the distance from the quenched end of each test specimen 
to a selected percentage of martensite and then converting (4) this 
distance to a D,; value. For the 1046 and 1321 grades, 50% mar- 


hardness with the Vickers hardness tester, which permits more closely spaced impressions than 
the conventional Rockwell tester. 
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tensite was the chosen criterion because this percentage best reflected 
small differences in the hardenability of these grades; the end- 
quenched bars of 41B50 steel nowhere contained less than’ about 
99% martensite; consequently the 50% martensite criterion could 
not be used. Instead, for 4150 and 41B50, 99.9% martensite was 
chosen as the criterion most likely to reveal variation in harden- 
ability on the basis of ideal diameters. In Fig. 2, each heat is repre- 
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Fig. 2—Comparison of Hardenability and Per Cent Variation in Hardenability 
(Size of Circles) Throughout Each Heat. D1 estimated on basis of 50% martensite 
for 1046 and 1321, on 99.9% martensite basis for 4150. 


sented by a vertical line whose height indicates the mean of the 
maximum and minimum value of D, for different locations in the 
heat. The diameter of the circle centered at the end of each line 
represents the percentage variation® in hardenability among different 
locations in the heat. It is evident from Fig. 2 that hardenability 
variation was never unusually large and could therefore logically be 
attributed to the normal variation in composition throughout large 
heats. Differences in hardenability variation from heat to heat are 
not regarded as consistently large enough to indicate that either 
boron or the kind of ferro-alloy in which boron was added had a 
significant effect upon hardenability variation in these heats. 
The quantitative effect of boron upon hardenability in 1321 and 
°D; max.— D, min. aan 
D, max. +Dy, min. 
2 
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13B21 heats is shown in Fig. 3. In order to reveal precisely the 
effect of boron, it is necessary to correct D; values for differences 
between each 13B21 heat and the 1321 heat in base composition 
and austenite grain size. This was done by first averaging the D, 
values of the different locations in each heat and then correcting 
this average D; value according to Grossmann’s multiplying factors 
(5), using the average composition and average austenite grain size 


aM Bey 


Mm 


Hardenability Index-D, Inches 
Multiplying Factor For Boron 


@o0r0 = 50% pe 
gor0 -90% " 





s" ££: Be. 65 50 90 99 
2 se So ES % Martensite Used For 
5* G*= u® Estimating Boron Factor 


Fig. 3 (Left)—-Comparison of Hardenability of 1321 and 13B21 Steels. 
Fig. 4 (Right)—Multiplying Factor for Boron in 13B21 Steel. 


of end-quenched bars from the three locations in each heat. In 
Fig. 3, corrected D; values estimated on the basis of 50, 90, and 99% 
martensite are shown graphically. All 13B21 heats have much 
greater hardenability than the plain heat. Among heats to which 
boron was added, the Grainal X79 heat had the greatest harden- 
ability and the ferroboron heat the least. The order of relative hard- 
enability is independent of the percentage of martensite chosen as a 
basis for estimating D;. In Fig. 4, a multiplying factor for boron, 
calculated from the D, values of Fig. 3, is plotted against the per- 
centage of martensite used as a criterion. In agreement with Crafts 
(6), the multiplying factor for calculating the hardenability effect of 
boron is greater the higher the percentage of martensite chosen as 
a basis for estimating D,;. Since it is also dependent upon carbon 
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content (2) and does not correlate well with the percentage of boron, 
it is apparent that the hardenability effect of boron cannot be 
expressed in a simple quantitative term. 

Corrected average D,; values for the 1046 and 10B46 heats are 
compared graphically in Fig. 5. All four boron steels have greater 
hardenability than the plain heat, but the difference is less than in 
the case of the 1321 grade; this is in agreement with the well- 
established tendency of boron to be more effective in low. carbon 
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Fig. 5 (Left)—Comparison of Hardenability of 1046 and 10B46 Steels. 
Fig. 6 (Right)—Comparison of Hardenability of 4150 and 41B50 Steels. 


steel. The Grainal No. 1 heat has greater hardenability than the 
other three 10B46 heats, but, when its D,; value is corrected (5) 
for vanadium added in Grainal No. 1, the effect of boron was essen- 
tially the same in all four 10B46 heats and therefore independent of 
the kind of boron addition. The same is true with respect to the 
4150 and 41B50 heats whose corrected average D; values are shown 
in Fig. 6. 

In general, no unusual variation in hardenability among differ- 
ent locations in the heat resulted from addition of boron. In the 
13B21 grade, but not in the others, complex ferro-alloys containing 
powerful oxide-forming and nitride-forming elements, such as tita- 
nium and zirconium, yielded somewhat greater hardenability than 
ferroboron. Although this may have been merely fortuitous, due to 
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investigation of only one heat with each kind of ferro-alloy addition 
or possibly due to factors associated with steelmaking, it is reason- 
able to assume that, prior to adding aluminum, the more highly 
oxidized condition of a low carbon heat such as 13B21 may make 
the extra “protection” to boron, afforded by strong oxide-forming 
and nitride-forming elements, of relatively greater importance than 
in higher carbon grades such as 10B46 or 41B50. However, it is 
inadvisable to conclude on the basis of these limited data that low 
carbon heats having the full hardenability of boron cannot be made 


except by adding boron in the form of a particular kind of complex 
ferro-alloy. 


AUSTENITE GRAIN COARSENING 


It is well established (1) that boron tends to increase the 
austenite grain size of steel to which it is added, but that this effect 
is partially, if not entirely, overcome by addition of suitable amounts 
of aluminum or other strong deoxidizing elements, which must be 
done in any event to retain boron in a form effective in increasing 
hardenability. Although this effect is well known, it was considered 
desirable to measure the austenite grain size of these steels after 
austenitizing at each of a series of temperatures, because most of 
such data were measured for sampies from small laboratory heats 
or from individually treated ingots. Furthermore, such a study would 
compare the effect of kind of boron addition upon grain coarsening 
and upon grain size variation in each heat. 

Small specimens from each location in each heat were quenched 
in brine after heating for 20 minutes at each of a series of temper- 
atures in the range 1400 to 2000°F (760 to 1095°C). In such 
specimens, austenite grain size was estimated under the microscope 
after etching in picric-hydrochloric acid. Arbitrarily choosing as a 
basis for evaluating coarsening temperature the maximum temper- 
ature, to the nearest 50°F, at which all grains observed were 
smaller than No. 4 ASTM, maximum and minimum coarsening 
temperature for each heat is shown in Fig. 7.° It is evident that all 
these heats are “fine-grained” in the sense that they did not apprecia- 
bly coarsen until the normal austenitizing temperature was exceeded. 
In general, the range in coarsening temperature among different 
locations in the heat was not significantly greater in heats containing 

*The coarsening temperature is influenced by austenitizing time and, to a lesser extent, by 


such factors as heating rate and prior structure; hence, for a particular piece of steel there is no 
definite coarsening temperature which is applicable to all austenitizing conditions. 
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Fig. 7—-Austenite Grain Coarsening Temperatures (to Nearest 50 °F) 


Determined for Small Specimens from Each Standard Location Austenitized 
for 20 Minutes. (See text for basis for estimating coarsening temperature.) 


boron. The complex ferro-alloys, Grainal X79 and Silcaz No. 3, 
seem to have partially overcome the grain coarsening effect of boron, 
but even in ferroboron heats judicious addition of aluminum resulted 
in steels which are classed as “fine-grained” as usually heat treated. 
However, the minimum coarsening temperature for a heat was, with 
one exception, higher in the plain heat than in any heat of corre- 
sponding grade containing boron; this is evidence of an inherent 
grain coarsening effect of boron. 

The average grain size as a function of austenitizing temper- 
ature is shown graphically in Fig. 8; the data apply only to the 
middle of the middle ingot of each heat. In the 1046 and 1321 
grades, both of which were melted in an open-hearth furnace, the 
ferroboron heat had larger average austenite grain size at low 
austenitizing temperatures and coarsened more or less uniformly. 
Other boron steels of these two grades were quite similar to the 
plain heat in grain growth. In the 4150 grade, the Silcaz No. 3 
heat coarsened even more gradually than the ferroboron heat; all 
three 41B50 heats coarsened at a lower temperature than the plain 
heat, which remained fine-grained even at 2000 °F (1095 °C). 
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Fig. 8—Austenite Grain Growth as Measured for Specimens from the Middle of 
the Middle Ingot of Each Heat. 


These results emphasize the complex nature of the effect of 
deoxidation upon austenite grain growth. An inherent grain 
coarsening tendency of boron is indicated, but apparently it may 
be overcome by addition of the proper amount of aluminum and 


other strong deoxidizers, either before or concomitant with addition 
of boron. 


TENSILE AND IMPACT PROPERTIES OF TEMPERED MARTENSITE 


It has been shown that boron significantly increased the hard- 
enability of all heats to which it was added; consequently, for each 
grade of steel there is a range in section size within which steels 
containing boron, but not the plain heat, would quench to essentially 
all martensite. If mechanical tests were to be made using specimens 
taken from heat treated bars in this range of section size, the results 
would unquestionably indicate definite superiority for boron steel; 
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due to the well-recognized dependence of mechanical properties upon 
microstructure, however, such results would principally reflect differ- 
ence in hardenability, which is evaluated better by direct harden- 
ability test. Evaluation of any effect of boron upon mechanical 
properties, independent of its indirect effect through hardenability, 
thus requires comparison of boron and no-boron steel specimens 
having the same sort of microstructure. 

In this part of the investigation, tensile and impact properties 
were measured, using specimens having a microstructure of tempered 
martensite. From 1'%-inch diameter bars, tensile and Charpy 
V-notch impact specimens were machined 0.015 inch oversize, heat 
treated, and then finished by grinding. The V-notch of each impact 
specimen was also finished by grinding after heat treatment. When 
quenched in oil, standard size’ tensilé and impact specimens from 
the 1046 heat did not develop the desired fully martensitic micro- 
structure. This made it necessary, if an oil quench was to be used, 
to adopt substandard size specimens® for the 1046 heat; since reliable 
comparison of the 1046 heat with 10B46 heats was desired, these 
substandard specimens were also adopted for 10B46 heats. When 
these were oil-quenched, only 2 to 5% of nonmartensitic trans- 
formation product formed in the 1046 specimens, and none at all in 
10B46 specimens. About 1% of nonmartensitic product also was 
present after water quenching standard size tensile and impact speci- 
mens of the boron-free 1321 heat. These small percentages of micro- 
constituents, which formed on cooling through the “nose” region 
of the isothermal transformation diagram, are assumed to have had 
an insignificant effect upon the measured mechanical properties of 
the 1046 and 1321 heats.® Pertinent heat treating details for all 
heats are given in Table II. 

Specimens from each location in each heat were tempered to 
each of three arbitrarily selected hardness levels. It was sometimes 
necessary to make minor adjustment in tempering temperature in 
order that specimens from different locations in a heat would have 
the desired common hardness, and, of course, the tempering temper- 
ature was varied among different heats and grades. That is, it was 
our aim to prepare groups of specimens having a microstructure of 


7Tensile specimens 0.505 inch diameter; impact specimens 0.394 inch square. 
’Tensile specimens 0.252 inch diameter; impact specimens 24 standard width. 


*This assumption seems justified since there is no definite evidence in the literature that 
such small percentages of ‘“‘slack-quenched”’ products have a significant effect upon ordinary 
tensile and impact results. 
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Table Il 
Size and Heat Treatment of Tensile and Impact Specimens' 
-—Austenitized—~ 
Specimen Size————. Temp. Time’, 
Grade Tensile Impact °F mins. Quenchant‘ Microstructure 
1046 0.252-in. Diam. 0.394 x 0,263? 1550 20 Oil 95-98% TM 
1-in. Gage Length x 2,165 in. 
10B46 0.252-in. Diam. 0.394 x 0.263? 1550 20 Oil 100% TM 
(4 heats) 1-in. Gage Length x 2.165 in. 
1320 0.505-in. Diam. 0.394 x 0.394 1700 20 Water 98-99% TM 
2-in. Gage Length x 2.165 in. 
13B20 0.505-in. Diam. 0.394 x 0.394 1700 20 Water 100% TM 
(3 heats) 2-in. Gage Length x 2.165 in. 
4150 0.505-in. Diam. 0.394x 0.394 1550 20 Oil 100% TM 
2-in. Gage Length x 2.165 in. 
41 B50 0.505-in. Diam. 0.394x 0.394 1550 20 Oil 100% TM 
(3 heats) 2-in. Gage Length x 2.165 in. 


1After quenching, groups of specimens from each location in each heat were tempered to 
each of three hardness levels; the tempering time was always 2 hours and all specimens were air- 
cooled after removal from the tempering furnace. 


*Charpy V-notch type of 34 standard width; for ductile specimens, impact value is nominally 
24 the value for standard size specimens. 


3Estimated time at temperature. 
*Moderate agitation. 


5TM is abbreviation for tempered martensite; where less than 100% TM is given, the balance 
of the microstructure comprised transformation products formed on cooling through the ‘‘nose”’ 
region of the isothermal transformation diagram. 


tempered martensite, for comparison at a common hardness.*° The 
fact that not all locations in a particular heat had the same hardness 
after the same tempering treatment is attributed to the normal 
variation in chemical composition throughout a large commercial 
heat; there was no evidence that boron had any significant direct 
effect upon the hardness of tempered specimens. Specimens from 
all thirteen heats were tempered to 300 and to 400 BHN;; in addition, 
a set from 1321 and 13B21 heats was tempered to 200 BHN, a set 
from 1046 and 10B46 heats to 500 BHN, and a set from 4150 and 
41B50 heats to 550 BHN.™ 

The space required to present all the data would be excessive 
and, since the same general trend was observed in all grades, results 
for different locations in the heat are given for only one of the grades. 
In Fig. 9, tensile results are shown for the 1321 and 13B21 heats. 
Each point represents the average result of duplicate tensile tests ; 
different locations in the heat are represented-by a distinctive kind 
of point. Bands are drawn to represent the spread in results among 
different locations in each heat. These bands are as wide in the 


Despite adjustment of tempering temperature on the basis of preliminary trials, there was 
some small variation in measured hardness among specimens of the same nominal hardness. 


'\Impact specimens having a hardness of 500 BHN were also tested. 
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Fig. 9—Tensile Results for 1321 and 13B21 Heats, Showing Variation in 
Properties among Standard Locations in Each Heat. 


1321 heat as in any 13B21 heat; hence, boron did not cause an 
abnormal variation in tensile properties throughout these large com- 
mercial heats. Impact results are compared on a similar basis in 
Fig. 10. In this chart, each point is the average result for three 
impact specimens. No unusual variation in impact value was found 
among different locations in any of these heats. The narrow bands 
in the ferroboron heat are probably explained by the relatively low 
impact values obtained at intermediate tempering temperature. 
Similar data for the 1046 and 4150 steels confirm the conclusions 
drawn with respect to the 1321 grade. 
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Fig. 10—Charpy V-Notch Impact Results for 1321 and 13B21 Heats, Showing 
Variation in Properties among Standard Locations in Each Heat. 


Since all heats were comparable with respect to variation in 
mechanical properties among different locations, it suffices for gen- 
eral comparison to represent ‘each heat by values obtained by 
averaging results for all three locations in each heat. In Fig. 11, 
average hardness for each heat is plotted against the corresponding 
average tensile strength. As expected, all points lie substantially 
on one curve, the slight scatter being attributed to small error in 
measuring hardness. It is well established that the tensile strength 
of steel can be quite closely estimated from hardness; it is not 
surprising that, as shown in Fig. 11, addition of boron did not 
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affect the usual relationship of tensile strength and hardness. 
Average yield strength is plotted against tensile strength in 
Fig. 12. Below 150,000 psi tensile strength, the relationship is linear 
and independent of composition, boron included, but at higher 
strength points lie in a curved band. In general, there was no con- 
sistent trend for heats containing boron to have. either higher or 
lower yield strength at a given tensile strength than the plain heat 
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Fig. 11—Relationship of Hardness to Tensile Strength for 
Specimens Having a Microstructure of Tempered Martensite. 


of corresponding grade. Points representing 1045 and 10B45 heats 
lie near the upper limit of the band, which demonstrates that with 
a microstructure of tempered martensite, alloying elements do not 
necessarily increase the yield strength — tensile strength ratio. Points 
for 1321 and 13B21 heats are on the low side of the band at 200,000 
psi tensile strength; this may be explained by the fact that in these 
low carbon heats this strength level is close to the maximum, and 
it is generally true that in all steels yield strength increases relatively 
less than tensile strength as the hardness of untempered martensite 
is approached. 
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Reduction of area and elongation in the tensile test are com- 
pared in Fig. 13. At corresponding tensile strength, both of these 
properties varied among different heats of the same grade and, 
especially, among different grades; consequently, each grade is 
represented by a separate chart and each heat by an individual 
curve. Since these two properties correlate and reveal the same 









0.2% Offset Yield Strength- 1000 PSI 





Fig. 12—Relationship of 0.2% Offset Yield Strength 
to Tensile Strength for Specimens Having a Microstruc- 
ture of Tempered Martensite. 


significant trends, reduction of area and elongation will be discussed 
together under the term tensile ductility. In the 1046 and 1321 
grades, tensile ductility was significantly greater at the highest 
strengths tested in heats to which boron was added; at intermediate 
and low strength there were only minor and probably insignificant 
differences in tensile ductility among heats of the same grade. In 
4150 and 41B50 heats, differences in tensile ductility are, on the 
whole, rather *small.and no significant trend is evident. Among 
themselves, boron heats are somewhat different, but no particular 
kind of boron addition was consistently superior to others. 
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Fig. 13—Comparison of Reduction of Area and Elongation in Tensile Test for 
Specimens Having a Microstructure of Tempered Martensite. 


Impact data, summarized in Fig. 14, reveal the following trends: 


(a) In all three grades, impact values at 300 BHN (also 
at 200 BHN in 1321) were higher in the plain heat than in 


the boron steels of corresponding grade. 


(b) At 400 BHN, impact values for the 4150 heat were 
slightly higher than for 41B50 heats; however, in the 1046 and 
1321 heats, impact values of the plain heat were about average 
as compared to 10B46 and 13B21 heats, respectively. 

(c) At 500 BHN, impact values were considerably lower 
in 1046 than in 10B46 heats, but slightly higher in 4150 than 


in the 41B50 heats. 


(d) Comparison of impact values of all heats containing 
boron reveals that, on the whole, no particular kind of boron 
,addition was superior to the other kinds. Thus, the only con- 
sistent trend observed was that boron appeared to affect 
adversely impact values at low hardness. The fact that speci- 
mens of 1046 and 10B46 were only two-thirds standard width 
explains the relatively low impact values measured for this 


grade. 
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Fig. 14—Comparison of Impact Values—Charpy V-Notch Speci- 
mens Having a Microstructure of Tempered Martensite. 


Considered collectively, these results for tensile and impact 
specimens having a microstructure of tempered martensite indicate 
that neither boron nor the kind of boron addition had any very 
large effect upon tensile properties or impact values. Specifically, 
for specimens of corresponding hardness, there was no effect upon 
tensile strength nor, apparently, upon 0.2% offset yield strength. 
Boron, independent of the kind of boron addition, seemed to have 
had a small adverse effect upon tensile ductility and notched-bar 
toughness at low hardness, and, if anything, a slight favorable effect 
at high hardness. 


TENSILE AND IMPACT PROPERTIES OF NORMALIZED AND TEMPERED 
4150 anp 41B50 STEELs 


In the preceding section, tensile and impact properties have been 
compared for fully hardened and tempered specimens. In practice, 
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many quenched and tempered parts do not fully harden and, in the 
center of relatively large pieces, the microstructure consists of a 
mixture of tempered martensite and transformation products which 
form, during cooling, near the temperature of the “nose” of the 
isothermal transformation diagram (ferrite, pearlite and bainite). 
Such parts may be considered satisfactory for many applications, even 
though their mechanical properties are likely to be inferior to similar 
parts made of steel whose hardenability is sufficient to insure all 
martensite on quenching. Thus, there is some interest in the effect 
of boron upon mechanical properties of steel which has only partially 
hardened on quenching. 

When 1'%-inch diameter bar samples of 4150 and 41B50 were 
air-cooled from 1550°F (845°C) (normalized) partial hardening 
occurred.*? In the plain heat, the normalized microstructure con- 
sisted of nominally 5% martensite, 5% ferrite and 90% bainite; in 
41B50 heats, all of which were quite similar, the microstructure was 
estimated to be 20% martensite, 1% ferrite and 79% bainite. After 
tempering all these normalized bars to a hardness of 311 BHN, 
tensile and impact specimens were prepared and tested.** Results, 
summarized in Fig. 15, are the average of duplicate tensile tests 
and triplicate impact tests. The plain heat is quite close to the 
average with respect to each property measured; thus, boron appears 
to have had no very significant effect. Somewhat better properties 
for 41B50 than for 4150 specimens might, in the absence of an 
effect of boron, have been logically anticipated, since the micro- 
structure of the former contained more tempered martensite; how- 
ever, the difference in microstructure was small and possibly offset 
by austenite grain size difference. Among themselves, 41B50 heats 
differ, particularly in impact value; however, it would be unwise to 
conclude that these few tests constitute adequate evidence in favor 
of some particular kind of boron addition. 


TENSILE AND IMPACT PROPERTIES OF ANNEALED SPECIMENS 


A final comparison of mechanical properties was made using 
specimens which were annealed by furnace cooling’* from 1550 °F 
(845 °C). The microstructure was pearlite in 4150 and 41B50 heats, 


12Much the same microstructure would result from quenching very large pieces of these steels. 


18Preparation of specimens and testing procedure were the same as previously described for 
quenched and tempered specimens; in this case, however, all specimens were taken from the 

location in the heat. 

MStandard size specimens from MC location in each heat cooled at approximately 180°F 
per hour. 
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and ferrite and pearlite in the other two grades; the only observed 
difference in microstructure among heats of corresponding grade 
was due to difference in austenite grain size and consequently was 
relatively minor. Fig. 16 is a bar diagram which summarizes results. 
Considering these results collectively, it appears that boron had a 
harmful effect on tensile properties of these annealed steels, since, 
for the same tensile strength, the yield strength, reduction of area 
and elongation were usually slightly lower in heats containing boron 
than in the corresponding plain heat. The boron steels also had a 
much lower impact value; the large difference is not seemingly 
explained by what were comparatively very minor differences in 
microstructure, and hence is believed to be a direct effect of boron. 
It is known (7) that it is possible to reveal metallographically the 
presence of boron by a special heat treatment which develops a 
visible precipitate of a boron constituent in prior austenite grain 
boundaries ; the observed brittleness of annealed boron steels may be 
associated with the tendency of this boron constituent to form in 
prior austenite grain boundaries, even though its actual presence was 
not detected in the microstructure of any of these steels. 
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temper embrittlement is often associated with high hardenability, 
although recently Jaffe and Buffum (8) have shown that even plain 
carbon steel is somewhat susceptible. Although only a minute 
percentage of boron:is normally present, it has a large effect upon 
hardenability and conceivably might have an appreciable effect upon 
temper embrittlement. 

Susceptibility to temper embrittlement is conveniently revealed 
by tempering two identical sets of samples at about 1200 °F. (650 
°C) and then comparing the impact values of a set furnace-cooled 
from the tempering temperature with a set quenched from the 
tempering temperature.*® Accordingly, Charpy V-notch impact speci- 
mens, prepared from the MC location of each heat, were quenched 
to martensite and then tempered in a furnace at nominally 1200 °F 
(650 °C) for 2 hours; one half of the specimens were then removed 
from the tempering furnace and quenched in brine, while the other 
half were cooled with the furnace to near room temperature. 

Results for 1046 and 10B46 heats are summarized in Fig. 17.'° 
Specimens broken at 80 °F do not reveal any appreciable embrittle- 
ment in any of the heats; this is evidence that 1046 and 10B46 
heats were not very susceptible to temper embrittlement. Tests at 
—90 °F, however, indicate that all heats were, to some extent, 
embrittled by slow cooling. Although the difference in impact value 
between quenched and furnace-cooled specimens is much greater in 
the plain heat than in any 10B46 heat, it does not necessarily follow 
that the latter were less susceptible to temper embrittlement, since 
impact values for 10B46 heats are relatively low in the quenched 
condition (unembrittled) and hence less sensitive than the plain 
heat to further embrittlement due to slow cooling. This difference 
in impact values for unembrittled specimens confirms the previous 
data which indicated that, with a structure of tempered martensite, 
boron had an adverse effect upon impact values at low hardness. 
Additional tests between —90 °F and room temperature might pos- 
sibly reveal whether 10B46 heats as a group are more susceptible to 
temper embrittlement than plain 1046 and also if there were differ- 
ences among heats containing boron; but, in view of the very slight 
embrittlement in this grade of steel, such an extended investigation 





154 better, but less convenient, method of evaluating susceptibility to temper embrittlement 
consists of exposing previously tempered martensitic specimens for a series of times at each of 
several temperatures in the embrittling range and then measuring impact values; to do this for 
all thirteen of our steels would, however, have been a tedious task. It was felt that the less in- 
volved quench-versus-slow-cool comparison would satisfactorily reveal any very significant differ- 
ence in susceptibility to temper embrittlement. 


‘6Each impact value represented on this chart is the average of three specimens. 
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Fig. 17—Comparison of Impact Values for Specimens 
Quenched from Tempering Temperature (Solid Bar) with 
Specimens Furnace-Cooled from Tempering Temperature. 
1046 and 10B46 steel tempered at 1200°F for 2 hours. 
Charpy V-notch specimens of % standard width. 


did not seem worthwhile.’ The only conclusion drawn from the 
data is that 1046 and 10B46 steels are both slightly susceptible to 
temper embrittlement; thus, in a grade of steel only slightly suscep- 
tible to temper embrittlement, addition of boron neither eliminated 
the embrittlement nor appreciably increased it. 

As shown in the upper chart of Fig. 18, impact tests at room 
temperature reveal that the 1321 grade is moderately susceptible to 
temper embrittlement, since slowly cooled specimens had a lower 
impact value than quenched specimens of each corresponding heat. 
The ferroboron heat seems more susceptible than other 13B21 heats. 
Relative embrittlement of different heats is more comprehensively 
compared in the lower chart of Fig. 18, in which impact values of 
slowly cooled (embrittled) specimens are shown as a function of 


17These questions are answered more satisfactorily in the other grades investigated. 
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testing temperature. In order of increasing embrittlement, the heats 
rank (a) plain, (b) Grainal X79, (c) Silcaz No. 3 and (d) ferro- 
boron. Thus, boron appears to have increased susceptibility to temper 
embrittlement in the moderately susceptible 1321 grade, especially 
when boron was added as ferroboron. 
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Fig. 18—Charpy V-Notch Impact Results Comparing 
Sennen Embrittlement in 1321 and 13B21 Heats. 


Similar data for 4150 and 41B50 heats are shown in Fig. 19. 
The upper chart, which compares quenched versus slowly cooled 
specimens broken at —50°F, shows that all these heats were 
definitely embrittled and to about the same extent by slowly cooling 
from the tempering temperature. In the lower chart, results for 
embrittled specimens over a range of testing temperatures are shown. 
The curves, each representing one heat, are more or less parallel, 
and hence in this grade neither boron nor the kind of boron addition 
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seemed to significantly increase susceptibility to temper embrittle- 
ment. The curve for the plain heat lies above those for 41B50 heats 
because of: the aforementioned tendency of boron to lower impact 
values at low hardness. 

These results of a study of temper embrittlement in three grades 
of steel, with and without boron, when considered collectively indi- 
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Fig. 19—Charpy V-Notch Impact Results Comparing 
Temper Embrittlement in 4150 and 41B50 Heats. 


cate that boron does somewhat increase susceptibility to temper 
embrittlement. This increase is, however, rather small and definitely 
significant only in the moderately susceptible 1321 grade. It appears 
that when boron is added as a complex ferro-alloy containing ele- 
ments such as titanium and zirconium, its effect on temper embrit- 
tlement may be somewhat less than. when added as ferroboron, 
although many more data are required in order to establish this 
definitely. 
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NONMETALLIC INCLUSIONS AND RESPONSE TO CARBURIZATION 


Nonmetallic inclusions in all thirteen heats were rated according 
to SAE recommended practice’* using specimens from the top, 
middle and bottom of the first, middle and last ingot of each heat.’ 
Heats containing boron were not appreciably different from the plain 
heat of corresponding grade, nor did the kind of boron addition 
appear to.make any significant difference in regard to “cleanliness” 
as rated in this way. Apparently, relative “cleanliness” is principally 
controlled by general steelmaking practice, and the effect of boron, 
if any, is very minor. 

Samples from the three standard locations in each heat were 
pack-carburized at 1700°F (925°C) for 18 hours and furnace- 
cooled. Subsequent microscopic examination revealed that, apart 
from difference in austenite grain size and other differences asso- 
ciated directly with grain size, neither boron nor the kind of boron 
addition influenced response to carburization. 


UNIFORMITY OF Boron DISTRIBUTION 


If boron is to be retained in the final product in a form effective 
in increasing hardenability, the molten steel to which a minute 
percentage of boron is to be added must first be thoroughly deoxi- 
dized, usually with aluminum. It has been suggested by some 
investigators that under these circumstances boron might not mix 
uniformly with the relatively vast quantity of molten metal. Further- 
more, effectiveness of boron is closely associated with effectiveness 
of aluminum deoxidation, which might conceivably vary throughout 
large heats.2° These considerations, which have caused some con- 
cern to producers and purchasers of boron steels, led us to test 
several different, carefully identified locations in each heat. 

In hardenability results previously described, there was no 
evidence of a significant variation in effectiveness of boron in any 
of the thirteen heats investigated, nor did the kind of ferro-alloy in 
which boron was added seem to affect such variation critically. In 
order to measure distribution of boron in another way, a specimen 
from each standard location in each heat was heat treated in a 
special way and examined metallographically to see how much boron 


ISSAE Handbook, 1947, p. 342-347. 


_. Except that in the 10B46 heat to which Grainal No. 1 was added, samples from the top, 
middle and bottom of the middle ingot only were available. - 


_. %*For example, steel products from the last-poured ingot of a large aluminum-killed heat 
will sometimes have a lower austenite grain coarsening temperature than the balance of the heat. 
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constituent had formed.??. Previous experience has indicated that 
the relative amount of boron constituent revealed in this way is 
associated with the amount of boron present in a form effective in 
increasing hardenability. Boron constituent was observed in all 
samples from nine of the ten heats to which boron was added. In 
the tenth heat, 13B21 treated with Silcaz No. 3, no boron constituent 
was visible; apparently, the amount of effective boron in this heat, 
while sufficient to increase hardenability considerably, was below the 
threshold value necessary for formation of microscopically visible 
boron constituent. Three standard locations in each heat were com- 
pared, but no difference was detected in the amount of boron con- 
stituent; thus, this test also indicates that boron was uniformly 
distributed. 


EFrrect oF KINp oF Boron ADDITION 


Four kinds of ferro-alloy containing boron were individually 
added to one or more of the heats investigated. Although many 
other kinds are available commercially, the four selected are among 
the most well-known. They include a relatively simple type (ferro- 
boron) and three kinds of the complex type. One of the latter, 
Grainal No. 1, adds vanadium and has a significant effect upon 
hardenability wholly apart from the effect of the boron it contains. 
Grainal No. 1 was consequently more potent than the other ferro- 
alloys in increasing hardenability, but when allowance was made 
for the estimated hardenability effect of vanadium, its boron effect 
was similar to that of the others. In 13B21, ferroboron was some- 
what less effective in increasing hardenability than Silcaz No. 3 or, 
especially, Grainal X79; however, it was just as good in 10B46 and 
41B50. Thus, with the possible exception of low carbon grades, it 
seems likely that the magnitude of the hardenability effect of boron 
is not critically dependent upon the kind of ferro-alioy in which it 
is added. 

It seems to be more difficult to produce a very fine-grained steel 
with addition of ferroboron than with addition of a more complex 
type of ferro-alloy containing boron; however, steel of moderately 
fine grain size does not seem difficult to make using ferroboron. 

With respect to mechanical properties, no particular kind of 
boron addition had a consistent advantage over others, although in 
one grade the susceptibility to temper embrittlement did vary some- 





21Reference (7) describes details of this metallographic test for boron. 
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what with the kind of ferro-alloy used to add boron. It is well 
established that an overdose of boron can be harmful, but all boron 
steels of this investigation seemed to have contained about the 
optimum amount. It may be that it is a little easier to add and 
retain consistently the optimum amount of effective boron with 
certain kinds of boron additions, but this is so closely related to 
over-all steelmaking practice that choice of kind and amount of 
ferro-alloy by which to add boron may well be left to the judgment 
of the steelmaker. 


SUMMARY 


Tests of samples taken from the bottom of the first ingot (first 
metal poured), middle of the middle ingot, and top of the last ingot 
(last metal poured) in each of thirteen commercial heats, with and 
without boron, indicate that all properties measured were as uniform 
throughout the heat in boron steels as in the plain heat of each of 
three grades investigated ; thus, there was no indication of a “fading”’ 
effect of boron in the last portion of any heat. 

Boron always increased hardenability, the relative increase being 
greatest in the lowest carbon grade. In the 1046 and 4150 grades, 
the effect of boron was essentially the same whether added as Grainal 
X79, Sileaz No. 3, or ferroboron. When boron was added as Grainal 
No. 1 to a 1046 heat, the over-all increase in hardenability was 
greater than that obtained with the other ferro-alloys; however, 
when allowance was made for the effect of vanadium in Grainal 
No. 1, all four kinds of boron addition were about equally effective. 
The complex ferro-alloys Silcaz No. 3 and, especially, Grainal X79 
were somewhat more effective than ferroboron in the 1321 grade. 
It was not feasible to express the hardenability effect of boron as a 
multiplying factor, as has been done for other alloying elements, 
because such a factor was: (a) greater the larger the percentage 
of martensite used as the hardenability criterion; (b) much greater 
in the low carbon grade; and (c) largely independent of the per- 
centage of boron as determined by a chemical method. 

In confirmation of previous experience of ourselves and others, 
boron appeared to have a grain coarsening effect. This effect of 
boron was partially counteracted when boron was added as a com- 
plex ferro-alloy, but none of the heats to which ferroboron was 
added would be considered “coarse-grained” as usually heat treated. 

In steel quenched to form essentially all martensite and then 
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tempered to corresponding hardness, boron had no appreciable effect 
upon tensile strength or upon yield strength. With respect to tensile 
ductility and to toughness as measured by the notched-bar impact 
test, boron seemed to have had an adverse effect at low hardness 
and, if anything, a slight favorable effect at high hardness. Mechan- 
ical properties of tempered martensite were, in general, independent 
of the kind of ferro-alloy used to add boron to the heat. 

Based upon tensile and impact tests of normalized 4150 and 
41B50 steels, neither boron nor the kind of boron addition had an Ls 
appreciable effect when the microstructure was a mixture of bainite E 
and martensite (partially hardened condition such as might be 
obtained in the center of a relatively large quenched part). 

When annealed to a microstructure of pearlite, or ferrite and 
pearlite, such as might be encountered in the center of quenched 
large pieces of certain grades of moderate and low hardenability, 
boron apparently had an adverse effect upon tensile properties and, 
especially, upon notched-bar toughness. 

In a grade only very slightly susceptible to temper embrittle- 
ment (1046) and one quite susceptible (4150), boron had no 
observed effect upon susceptibility to temper embrittlement. How- 
ever, in a moderately susceptible grade (1321), boron increased 
susceptibility to temper embrittlement, especially when added as 
ferroboron. 


Cin ot eam ee 





Neither boron nor the kind of boron addition appreciably 
affected the nonmetallic inclusion rating nor response to carburi- 
zation. 

The advantage of one particular kind of ferro-alloy containing 
boron over the others was relatively minor and possibly purely 
circumstantial due to testing a limited number of heats. With the 
exception of a somewhat lower hardenability effect and a small 
inerease in susceptibility to temper embrittlement, both observed in 
the 1321 grade but not in 1046 or 4150, there was no definite 
advantage in adding boron in the form of a complex ferro-alloy 
rather than as ferroboron. 
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DISCUSSION 


Written Discussion: By Norman F. Tisdale, manager of sales, Molyb- 
denum Corporation of America, Pittsburgh. 

This paper will certainly take its place as a real contribution to 
augment the meager supply of knowledge that we have on the behavior 
of boron, 

It is well to note that these tests were conducted on full heats and the 
conditions encountered were normal. As has been established by practice, 
I am assuming these heats were fully deoxidized and the boron additions 
were made before the ladle was half full. 

My experience has shown, using the D; figure for calculation, that the 
optimum boron contént in the steel for maximum hardenability is 0.0027%. 
We add .0.0083%—loss by oxidation leaves residual 0.0022 to 0.0027%. In 
the 13B21 grades, I do not believe that ferroboron additions give consist- 
ently lower hardenability. When the 1300 series has been properly de- 
oxidized and the heat additions made correctly, boron usually has better 
effect than shown by this particular heat. 

I would question the temper brittleness values of the 1300 grade made 
with boron. There was a considerable tonnage made of this steel prior 
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to the war and also during the war. I do not recall seeing any which 
would indicate such a wide variation. The figures given for the ferroboron 
grades are extremely low and I would want to check the steelmaking 
practice of this heat before accepting the values given. 

I am very pleased to note the authors’ remarks regarding the uni- 
formity of boron throughout the heats. This fact has been established 
by several companies long ago and was published by me in 1948. 

This paper offers positive evidence of many facts that were previ- 
ously found out the hard way, i.e., practice. Boron has been accepted as 
having little value in ductility or impact strength. It has not been recom- 
mended for normalized 4150. 

In general, this paper has substantiated many claims made for boron 
steels by the writer and others. It gives a story which confirms boron’s 
effect on grain size, hardenability, ductility and uniformity of boron 
distribution. The effect of the addition of boron to steels quenched to 
form all martensite was as expected and just as true for boron as other 
elements. The value. of boron to normalized steels has not been advocated 
and so shown by this paper. 

May I extend my congratulations to the authors for this fine piece 
of work. It will clarify the boron steel situation considerably. 

Written Discussion: By F. J. Robbins, vice-president, Plomb Tool 
Co., Los Angeles. 

The authors are to be congratulated upon the excellent presentation 
of their subject. All of the material is supported by an ample volume of 
test data, the origin of which data is above question. 

Mr. Lawless and I have been interested in the subject of boron steel 
from a consumption standpoint for some time. We note that the authors 
have approached the subject principally from the standpoint of properties 
as related to kind of application—the steelmakers’ viewpoint. It is grati- 
fying to learn that most of the information is in substantial agreement 
with data which have been collected by the writers incident to the produc- 
tion consumption of many thousands of tons of boron steel. A detailed 
report of this consumption experience was made before the Western 
Metals Congress in 1949” wherein it was shown that the properties of 
boron steel in correct application yielded products of quality, equal to 
expectation. The performance of forging dies was noted to be as much as 
25% improved, annealing cycles were short, and machinability satisfactory 
in boron steel as compared to other materials capable of equal reliability 
in heat treatment and of achieving equal mechanical properties. 

A question of particular interest from the consumer viewpoint is the 
effect of heating for forging, annealing, etc., upon the properties of boron 
steel after subsequent heat treatment. The present authors show that 
the boron steel as compared to nonboron material, otherwise similar, 
exhibits lower mechanical properties, especially notched bar toughness. 
On the other hand, consumption experience indicates that heat treatment 
of annealed forgings results in recovery of the original advantage in 


“=F. J. Robbins and J. J. Lawless, “‘Use of Boron Steel in Production,’’ Metal Progress, 
Vol. 57, 1950, p. 81. 
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hardenability and properties of the boron steel as compared to nonboron 
but otherwise similar material. 

Therefore, we believe that the fine work of the authors could advan- 
tageously be supplemented with data and discussion as to the effect of 
prior thermal treatment upon the hardenability of boron steel. 

Written Discussion: By H. B. Emerick, assistant chief metallurgist, 
Jones & Laughlin Steel Corp., Aliquippa, Pa. 

It would be of interest to learn the authors’ experience with boron 
in relation to its effect on as-hot-rolled mechanical properties. Our own 
experience has been that boron treatment of low carbon manganese- 
molybdenum alloy steels enhances both the yield strength and the tensile 
strength of hot-rolled bars. The observed increase in average yield 
strength varied between 10,000 and 20,000 psi for the several gage group- 
ings employed; tensile strengths were increased 6000 to 10,000 psi. No 
indication of “fading” could be detected in the latter portions of the heats. 

An investigation was conducted to determine the relative effective- 
ness of boron introduced into the steel as ferroboron and as a complex 
ferro-alloy containing boron in lowered concentration (not vanadium 
Grainal). Hardenability curves were derived from the average hardness 
at each sixteenth-inch depth on standard end quench tests for each type 
of steel. In a 0.28% carbon manganese-molybdenum alloy steel the 
hardenability curve for ferroboron heats averaged 5 to 10 points Rockwell 
C lower hardness than the curve for the complex ferro-alloy, once the 
4/16-inch position was passed. A similar effect was observed again in a 
lower carbon manganese-molybdenum alloy grade. 

In comparing the as-hot-rolled mechanical properties it was noted 
that both grades of steel exhibited a consistent advantage in yield 
strength and, to a lesser degree, in tensile strength, for the heats intensi- 
fied with the complex ferro-alloy. This advantage was greatest on the 
lower carbon grade, thus essentially confirming the authors’ results on 
the AISI 1321 grade. 

The decidedly lower cost of boron added in the form of ferroboron 
cannot be overlooked, and experiments are currently in progress to suit- 
ably improve the efficiency of this ferro-alloy. 

Written Discussion: By Walter Crafts, chief metallurgist, Union 
Carbide and Carbon Research Laboratories, Inc., Niagara Falls, N. Y. 

The authors are to be complimented on making an evaluation of the 
effects of boron on such a closely comparable basis with steels that were 
given effective boron treatments. Many of the reports on boron steels 
contain so much data on experimental and ineffectively treated steels that 
the real effects of boron have been somewhat obscured. 

The relatively low impact values found after incomplete hardening in 
quenching confirm other experience and it would appear that application 
of boron-treated steels in this condition should be approached cautiously. 
The lower impact strength found after tempering martensite to low 
hardness seems to be of somewhat less significance, as the level of impact 
strength is fairly high where the difference is found. It would be of 
interest to know whether this loss occurred after a certain tempering 
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treatment or whether its appearance was dependent on hardness alone. 
If the tendency to lower impact strength depended only on the tempering 
treatment, it might be expected at higher hardness in a more highly 
alloyed steel with a greater resistance to softening. 

It is gratifying to have confirmed the observation of J. L. Lamont 
and myself that the influence of boron on hardenability is greater at high 
martensite levels. This is one of the major differences between boron and 
other depth hardening agents and should be of specific value in those 
applications that require a hard surface and a soft core. 

Written Discussion: By Jerome Strauss, vice-president and technical 
director, Vanadium Corporation of America, New York. 

This paper contains as comprehensive a collection of data as has yet 
been published on the influence of boron-containing alloys upon the 
carbon and low alloy steels. It is hoped that the results of subsequent 
work by the authors, which is no doubt continuing, will answer in detail 
additional questions for which adequate data have not yet appeared in 
print. 

It is observed from Fig. 1 that, in spite of the small scale of the 
drawing, two of the alloys show greater uniformity throughout the heats 
than do the others. Had the graphs been on a larger scale, this difference 
would have been more evident although, on the basis of statements made 
by the authors, they presumably would not attribute any significance to 
these differences. The statement is made that “Differences in harden- 
ability variation, from heat to heat, are not regarded as consistently large 
enough” to be regarded as a significant effect, but some users may differ 
with this conclusion, depending upon the nature of their work and their 
specific requirements. 

Fig. 4 is of interest in that it may represent the portion of the boron 
actually added, in the form of the various alloys, that is significant in 
producing what may be described as “the boron effect”. Another tenable 
view is that the other elements present in the complex alloys add signifi- 
cantly to the contribution of the boron. 

The one important question that remains unanswered is the relative 
ability of available alloys to reproduce results from heat to heat without 
the necessity for deflecting heats to other than the intended uses. Very 
definite opinions are held on this question by some steelmakers, who 
presumably have data in their own files, although such is not available to 
the writer for presentation here. 

Written Discussion: By E. A. Loria, senior fellow, Mellon Institute 
of Industrial Research, Pittsburgh. _ 

The authors are to be complimented on augmenting the available 
data on the effect of boron addition on the properties of steel. Of par- 
ticular significance is the fact that the results are based on commercial 
heats. The paper is an interesting sequel to the recent work cited as 
references 2 and 7. 

In order to provide a more complete background it would be worth- 
while to consider some prior work done by NDRC on small additions of 
boron to armor steels, The program carried out included studies of the 
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influence of variations in boron, carbon and manganese on the mechanical 
properties and the influence of the composition of alloys used for making 
the boron additions to such steels. 

It was shown that additions of from nil to 0.006% boron made with 
intensifiers, either with or without grain-refining elements, had no signifi- 
cant influence on the following properties of the steels: (a) cleanliness, 
(b) hot working, (c) transformation temperatures, (d) resistance to 
softening by tempering, and (e) tensile strength when the steels were 
fully hardened and tempered, except possibly in improvement in ductility 
when tempered at low temperatures. Much the same results were obtained 
in this comprehensive study of larger, commercial heats. 

Also, it might be noteworthy to include the recent work by Glen” 
on the effect of boron on the hardenability of steel. In laboratory heats, 
aluminum plus ferroboron additions were made to medium carbon steel 
(0.30 to 0.50% carbon) containing varying amounts of manganese, nickel, 
chromium and molybdenum. In boron-treated manganese steel (0.70 to 
2.0% manganese), the effect of manganese on the ideal diameter was 
found to be greater than in the untreated steel and the effect increased 
when the carbon content increased from 0.30 to 0.50%. In manganese- 
chromium steels (0.34 to 2.00% manganese, 0.45 to 2.00% chromium), the 
effect of the boron addition was again to increase the hardenability in all 
cases but its effect seemed to diminish at the higher ranges of analyses. 
The author concluded that in the simpler steels the effect of boron is 
reasonably constant. In the higher alloyed steels the multiplying effect 
of boron tends to increase very rapidly, which indicated the boron is more 
effective in the more complex, triple alloy type of steel. 

In regard to austenite grain coarsening, a recent study was made by 
Vinarov™ on the nature of the effect of small amounts of boron (0.001 
to 0.010%) on austenite grain size in medium carbon steel (0.35 to 0.37% 
carbon, 0.15 to 0.23% silicon, 0.46 to 0.67% manganese, 0 to 0.095% 
boron). Seven experimental heats were made, the weight of the ingots 
poured being 60 to 66 pounds. Into the completely deoxidized bath, ferro- 
boron was introduced in such quantity to obtain the desired boron con- 
tent. The austenite grain size was determined by statistical methods 
and it was found that with boron contents of about 0.003 to 0.004%, 
which are primarily of interest to industrial practice, the “actual 
grain” (15 minutes at 1650°F in an oxidizing atmosphere) was refined, 
while the “inherent grain” (S-hour hold at 1700°F) was coarsened. For 
example, with a boron content of 0.004%, the growth of the austenite 
grain proceeded more slowly than in the boron-free steel for the first 
15 minutes; after this period of time, however, the growth intensified 
sharply and the grain attained a larger size than in the preceding case. 


233. Glen, “The Effect of the Major Alloying Elements and of Boron on the Harden- 
ability of Steel,”” Symposium on the Hardenability of Steel, The Iron and Steel Institute, 
Special Report No. 36, 1946, p. 356-400. 


24S. M. Vinarov, ‘‘Kinetics of Austenite Grain Growth in Steel with Low Boron 
Content,’ Izvestiya Akademii Nauk USSR, Otd. Tekh. Nauk, 1948, No. 6, p. 899-906. 
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Authors’ Reply 


The discussers of our paper comprise an authoritative group which 
includes those concerned with the production and commercial application 
of boron steels; their valuable comments are very much appreciated. 

The heats investigated were made on a commercial scale by a mill 
experienced in the production of boron steels; it was their responsibility 
to provide a product representative of commercial practice. We were not 
informed as to steelmaking details, nor can we be certain that each heat 
is entirely typical of its particular grade and kind of boron addition. 
Thus, it is possible that, as Mr. Tisdale points out, the 1321 heat to which 
ferroboron was added may have behaved somewhat less favorably than is 
generally the case. On the other hand, Mr. Emerick mentions several 
heats in which a complex ferro-alloy resulted in higher hardenability than 
was obtained with ferroboron. Thus, the majority opinion, at the moment, 
would seem to be that, while the addition of boron as ferroboron is often 
as effective as a complex ferro-alloy addition, it is easier to realize con- 
sistently the maximum boron effect when a complex ferro-alloy addition 
is made; this is particularly true in low-carbon grades where the higher 
degree of oxidation in the molten steel necessary to reduce carbon to a 
low value makes the extra “protection” afforded by elements such as 
titanium and zirconium of greater importance. However, additional ex- 
perience with ferroboron additions may be expected to lead to improve- 
ment in the efficiency of this kind of boron addition. 

We agree with Mr. Robbins that the data presented could advanta- 
geously be supplemented by a study of the effect of prior thermal treat- 
ment upon the hardenability of boron steel; at the moment, we have no 
discussion to offer beyond pointing out that data in the literature suggest 
that boron steels may exhibit anomalous behavior in this respect. We 
hope to study this subject and to present data at a future date. 

Our exeperience with normalized boron steels, in agreement with Mr. 
Emerick’s experience, indicates that, over a wide range in section size, 
normalized steel containing boron has higher tensile and yield strength 
than the same grade without boron. This is to be expected as a conse- 
quence of the effect of boron in increasing hardenability. Thus, in com- 
paring the mechanical properties of the 4150 heats as normalized and 
tempered, it was necessary to temper heats containing boron at a tem- 
perature about 100°F higher than was used for the plain heat in order 
to reduce all heats to the same hardness and tensile strength. Mechanical 
properties after normalizing were measured for the 1321 heats, although 
results were not included in the paper; in view of Mr. Emerick’s interest, 
we summarize these data in Table III. 

Mr. Crafts, in discussing the relatively low impact values observed for 
boron steels quenched to martensite and then tempered to low hardness, 
wonders whether the low impact values are associated with the tempering 
treatment or depend on hardness alone. This is an involved question, the 
answer to which might help to explain just why boron has this effect. 
However, present data do not include a sufficient variety of tempering 
treatments to provide a reliable answer. 
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Table Ill 








Tensile and Impact Properties of Normalized* 1321 Steel 
3 0.2% Offset V-Notch Charpy 

Hard- Tensile Yield Red. of Elong. in Impact Value 

ness, Strength, Strength, Area 2 Inches, ft-lbs. ft-lbs. at 
Heat BHN 1000 psi 1000 psi % % at80°F —50°F 
Plain 192 87.9 61.3 73.5 30.2 133 110 
Grainal X79 241 111.1 68.7 54.8 21.5 19 9 
Silcaz No. 3 229 105.0 69.1 56.1 22.2 68.5 24 
Ferroboron 235 109.3 67.1 53.9 21.5 13 6 


*Air-cooled from 1700 °F in the form of slightly oversize tensile and impact specimens. 


Mr. Strauss points out that some of our data might have a slightly 
different interpretation than the one we chose. This is quite true, but 
we were unwilling to emphasize a difference of such small magnitude that 
it is well within the limits of experimental error. If, as Mr. Strauss 
suggests, the greater hardenability of 13B21 to which boron was added 
as a complex ferro-alloy is due to the hardenability contribution of 
elements other than boron contained in the complex ferro-alloy, one 
wonders why in the 4150 and 1046 grades the hardenability effect of 
boron was observed to be independent of the kind of boron addition. 

The discussions comprise several different viewpoints and serve to 
emphasize the many uncertainties that exist relative to the best way of 
adding boron to molten steel. In this investigation, we attempted to 
procure representative commercial heats and to analyze the results with- 
out prejudice. The fact that, on the whole, there is no serious disagree- 
ment between our results and commercial experience, or between our 
results and, as Mr. Loria points out, recent data on boron steels in the 
literature, is reassuring. 








MEASUREMENT OF RETAINED AUSTENITE IN 
CARBON STEELS 


By B. L. Aversacu, L. S. CASTLEMAN AND M. CoHEN 


Abstract 


An X-ray method previously applied to the determi- 
nation of retained austenite in tool steels has been extended 
to the determination of retained austenite in low and me- 
dium carbon steels. Measurable quantities of austenite 
are found in a series of quenched plain carbon steels (both 
refrigerated and nonrefrigerated) containing from 1.07 
down to 0.20% carbon. Below 0.50% carbon, relatively 
little austenite transforms by refrigeration. 


N the course of an investigation on the role of retained austenite 

in the mechanical behavior of structural steels, it became neces- 
sary to develop a suitable technique for the determination of austenite 
at low and medium carbon levels. An X-ray method, requiring no 
calibration, has been previously described (1)* and applied to tool 
steels (2), but no reliable data were obtained for the lower carbon 
materials. 

This paper is concerned with the extension of the above X-ray 
method to austenite contents ranging down to below 1%, and the 
results on a series of plain carbon steels are presented. While the 
correlation of austenite content with mechanical properties will be 
treated in later papers, enough austenite was found even in the low 
carbon steels (where none had been suspected) to warrant this pre- 
liminary report. 


MetTuop oF AUSTENITE DETERMINATION 


The X-ray method of measurement by integrated intensities, 
described by two of the present authors (1), is sensitive enough to 


1The figures appearing in parentlieses pertain to the references appended to this paper. 
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detect austenite contents below 1%. Furthermore, no independent 
calibration is necessary because the diffraction lines from the co-exist- 
ing martensite are used as internal standards. In addition, the tech- 
nique is especially adaptable to the finely dispersed austenite-martens- 
ite mixtures which are characteristic of commercially hardened steels 
and which are virtually irresolvable from a metallographic standpoint. 
However, exposure times up to 48 hours are required for austenite 
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Fig. 1—Arrangement of Bent Rock Salt Crystal Monochromator, Debye 
Camera, and Specimen for X-Ray Exposures. 


contents around 3%, and it became important to improve this aspect 
of the technique in order to make extensive measurements feasible. 

The improvement was realized by using a plastically bent rock 
salt crystal (3) instead of a flat crystal to obtain monochromated FeK, 
or CoK, radiation, as illustrated in Fig. 1. The monochromator 
was made by cleaving a single crystal of rock salt parallel to the 
(200) plane, grinding a slab to 4.5 by 2 by 0.2 cm, then bending to a 
20-cm radius at 1000 °F (540 °C), and finally grinding to a 10-cm 
radius. The bent crystal was arranged to focus on the slit (1.5 mm 
wide by 2.5 mm long) of a Debye camera, and a collimator was intro- 
duced to limit the divergence slightly. The irradiated surface of the 
specimen was flat. — 

With the above procedure, the exposure times were reduced by 
a factor of 6 to#8 as compared to those with the plane monochromator. 
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Exposure times for varying amounts of retained austenite are indi- 
cated below (Cok, radiation, 10 m.a. and 40 KV, or FeK, radiation, 
11 m.a. and 35 KV): 


Retained Austenite Exposure Time 
WEDGE ss waietes bab > es be ee ee 2%to 4hours 
Bee eR SS a IT Pe ek 856 i 4 to 8hours 
ie i go nc aie Ce 8 to12 hours 
CA CELETD a v.kwics cab 605 OSes bes oe 12. to 48 hours 


Rotation of the specimens during exposure became necessary 
with grain sizes larger than approximately ASTM No. 7. Without 
rotation, the diffraction lines obtained from such specimens were too 
spotty to permit reliable microphotometer measurements. Rotation 
at the rate of 1 rpm was sufficient to re-establish the uniformity of the 
lines. 

The previously used (1) evacuation of the Debye camera proved 
to be unnecessary. There was no perceptible increase in background 
on the X-ray patterns when evacuation was discontinued. 

The nature of the steel composition became of increasing impor- 
tance in the lower carbon steels which required rather long exposure 
times. For example, it was found that when a specimen containing 
0.35% carbon and 0.71% manganese was exposed for 16 hours to 
Cok, radiation, sufficient fluorescence was excited from the manga- 
nese to obscure the weak austenite lines. Hence, it was necessary to 
substitute FeK, radiation for the CoK,, since the former does not 
fluoresce manganese. 

The smallest amount of austenite detectable by the X-ray method 
is limited by practical rather than theoretical considerations. In the 
first place, it was found that the long exposure times required to bring 
out the very weak austenite lines tend to overexpose the martensite 
lines. Masking of the martensite lines alone with aluminum foil of 
known thickness has proved unsatisfactory because of the increased 
background due to scattering from the edges of the foil. By the use of 
duplicate exposures (one without masking foil to bring out the austen- 
ite lines, and the other of identical length with the second film com- 
pletely masked to reduce the intensity of the martensite lines), it was 
possible to measure retained austenite contents as low as 0.3%. For 
still smaller quantities of austenite, the requisite increase in exposure 
time brought the background level up to the point where it submerged 
the weak austenite lines. It is conceivable that the largest contribu- 
tion to the background arises from the fluorescence caused by half 
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wave-length radiation, and some improvement in this direction may 
render it feasible eventually to measure down to 0.1% austenite. 

The X-ray factors originally reported (1) were calculated for 
pure iron and applied to high carbon, low alloy steels (2). In the 
present investigation, these factors were recalculated for each com- 
position. It should be mentioned, however, that the “pure iron 
assumption” introduces an error of less than 10%, which is negligible 
for the amounts of austenite under consideration here. By the same 
token, the presence of free ferrite in the structure causes little error, 
because it merely contributes to the integrated intensity of the mar- 
tensite lines and hence behaves as an equal quantity of martensite. 
On the other hand, carbides do not contribute to either the martensite 
or austenite lines, and must be determined separately. This can be 
done by lineal analysis (1), but is usually unnecessary except where 
the amount of carbide exceeds about 10%, as in some high speed 
steels. If the carbides are finely dispersed, as in very fine pearlite, 
it may be desirable to measure the amount of pearlite by lineal analy- 
sis and then estimate the fraction occupied by iron carbide. Experi- 
ments are now under way on methods of austenite determination 
which do not depend on the identity of the co-existing phases. 


~- 


TREATMENT OF STEELS AND SAMPLE PREPARATION 


The compositions of the steels? studied are listed in Table I. They 
were received as 4§ to ;%-inch diameter rods in the annealed condi- 
tion. Disk-like samples, 3 inch in diameter by % inch thick, were 
machined from these rods and were austenitized at the temperatures 
shown in Table II. In each case, the austenitizing time was 30 min- 
utes and temperature was selected (except for the 1.07% carbon 
steel) in accordance with commercial practice. Quenching was car- 
ried out in 10% brine at 68 °F, and samples to be refrigerated were 





Table I 
Composition of Steels 








Chemical Analysis——_—___—_—_ 

Code c Mn P Ss Si 
Bl 0.20 0.93 0.012 0.036 0.26 
B2 0.35 0.71 0.012 0.027 0.22 
B3 0.53 0.87 0.015 0.028 0.29 
B4 0.70 0.78 0.013 0.037 0.22 
B6 0.82 0.80 0.009 0.026 0.24 
B7 0.94 0.47 0.013 0.030 0.21 
B8 1.07 0.30 0.012 0.015 0.25 











*Furnished through the courtesy of the Carnegie-Illinois Steel Corporation. 
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Table II 
Austenitizing Temperatures 
Carbon Austenitizing 
Code Content (%) - Acs (°F)* Temperature, °F 
Bl 0.20 1605 1650 
B2 0.35 1520 1550 
B3 0.53 1430 1500 
B4 0.70 1405 1475 
B6 0.82 1395 1450 . 
B7 0.94 i. ; 1450 
: B8 1.07 ae 1550 


*Determined in a dilatometer at a heating rate of 4 to 5°F per minute. 





then cooled immediately to —321 °F (—196 °C) in liquid nitrogen, 
where they were held for 1 hour. 

After heat treatment, about 0.060 inch was ground off one of the 
flat surfaces on a wet emery belt, and the specimen was given a metal- 
lographic polish and nital etch for the X-ray determination. The 
microstructures of some of the specimens are indicated in Table III; 
Rockwell hardness values are also included. It should be noted that 
the retained austenite was visible under the microscope (at « 1560) 
only when the austenite content exceeded about 10%. 


RESULTS 


The retained austenite determinations are summarized in Table 
IV. It is seen that, although the quantity of austenite decreases rap- 
idly with carbon content, there are measurable amounts of austenite 
even in a 0.20% carbon steel. It is also evident from Fig. 2 that 
refrigeration converts part of the austenite, but becomes less effective 
as the carbon content is lowered. Below 0.50% carbon relatively lit- 
tle austenite is transformed on subcooling. If the fraction of retained 
austenite removed by refrigeration is compared with the carbon con- 





Table Ill 
Microstructure and Hardness Values of Brine-Quenched Steels 
Microconstituents ——Rockwell C Hardness*———. 
Code % Carbon Visible at X 1560 Not Refrigerated Refrigerated 
Bi 0.20 Martensite 44 45 
B2 0.35 Martensite 53 54 
B3 0.53 Martensite 64 63 
B4 0.70 Martensite 65.5 65.5 
B6 0.82 Martensite 66 67 
B7 0.94 Martensite, carbides, 
retained austenitet 66 67.5 
B8 1.07 Martensite, carbides, 
retained austenitet 64 66 


*Average of at least three readings. 
+Retained austenite in nonrefrigerated steels only. 
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Table IV 
Retained Austenite as a Function of Carbon Content 








-——Refrigerated to —321 °F. % Retained 





an Not Refrigerated 
Number Average Number Average Austenite 
of Retained Deviation of Retained Deviation Removed by 
% Determi- Austenite (% Determi- Austenite (% Refriger- 
Code Carbon nations (Vol.%) Austenite) nations (Vol.%) Austenite) ation 
Bl 0.20 3 0.3 0.10 3 0.3 0.10 0.0 
B2 0.35 3 0.6 0.10 3 0.5 0.10 0.1 
B3 0.53 3 3.3 0.47 3 asa 0.47 cia 
B4 0.70 3 5.0 0.65 3 3.0 0.46 2.0 
B6 0.82 6 8.8 .<a2 6 5.0 0.47 3.8 
B7 0.94 3 10.8 0.48 6 5.3 1.23 5.2 
B8 1.07 3 12.4 0. 3 4.5 0.33 7.9 


| 
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Retained Austenite in Quenched Steels 
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to-321°F 


Oo 


o 


Retained Austenite % 





O 0.5 1.0 
Carbon % 


Fig. 2—Retained Austenite in Quenched Steels as 
a Function of Carbon Content; Vertical Lines Indicate 
Average Deviation of Each Determination. 


tent (Fig. 3), it is evident that subcooling has a progressively 
decreasing influence on the austenite as the carbon content is lowered. 

These results also suggest that quenched low alloy structural 
steels containing 0.30 to 0.50% carbon may contain significant quan- 
tities of retained austenite, and that it may not be possible to reduce 
this austenite substantially by refrigeration (4). The effect of aus- 
tenitizing temperature and the influence of stabilization (cooling rate) 
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remain to be investigated for these steels, but it is apparent that previ- 
ous comparisons of properties, obtained in cases where subcooling 
was presumed to have converted all of the retained austenite, should 
be re-examined. 

Furthermore, in the case of welding, where low carbon steel is 
effectively austenitized at high temperatures and then drastically 


Fraction of Retained Austenite 
Removed by Refrigeration 


Fraction of Austenite Removed 
by Refrigeration 
Oo 
on 





O 0.5 1.0 
Carbon % 
Fig. 3—The Elimination of Retained Austenite by 


Refrigeration to —321°F (—196°C) in Quenched Carbon 
Steels. 


quenched by the adjacent mass of metal, it now appears that austenite 
may be retained in measurable amounts. There is also good reason 
to believe (8) that such austenite undergoes isothermal transforma- 
tion at room temperature, as has been observed in high carbon steels 
(5, 6, 7) and thus may have a bearing on the phenomenon of under- 
bead cracking. In fact, the present detection of retained austenite, 
under circumstances where none was hitherto believed to exist, sig- 
nifies that this factor should be kept in mind in the general problem 
of the brittle behavior of steel. 


SUMMARY 


Retained austenite contents have been measured in a series of 
quenched plain carbon steels containing 0.20 to 1.07% carbon. Sig- 
nificant quantities of retained austenite are present even below 0.50% 


carbon, and in such steels comparatively little austenite transforms on 
subsequent refrigeration. 


— 
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DISCUSSION 


Written Discussion: By C. E. Sims, assistant director, Battelle Memo- 
rial Institute, Columbus, Ohio. 

When a new tool of such precision as that just described is developed, 
a whole new field of investigation is opened. It seems inevitable that we 
are now in a position to gather data that will explain many hitherto 
mysterious phenomena. 

Although the fact of retained austenite after fast cooling of even the 
lower carbon and lower alloy steels has been amply confirmed, the reason 
for retained austenite has been lightly passed over. The reason, however, 
seems quite obvious. Steel is quite heterogeneous in its alloy content, as 
a result of dendritic segregation. During freezing, all substances dissolved 
in the iron tend to be rejected to the grain boundaries or dendritic fillings 
to form a high concentration on a microscopic scale. The rate of diffusion 
of most alloy constituents is too slow to allow this segregation to be 
broken up during ordinary cycles of processing and heat treating. Thus, 
steel is made up of low alloy and high alloy portions. The low alloy parts 
transform rapidly, but as the alloy contents increase, the transformation 
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is more sluggish until the highest concentrations are still austenitic when 
quenching is complete. When there is enough retained austenite to be seen 
under the microscope, it has been noted that its favorite location is near 
grain boundaries. 

The evidence that such retained austenite may undergo isothermal 
transformation at room temperature is considered highly important. In a 
study of underbead cracking phenomena in the arc welding of low alloy 
structural steels at Battelle Memorial Institute, a strong chain of circum- 
stantial evidence was built up which fostered the conclusion that both 
hydrogen and a small amount of temporarily retained austenite were nec- 
essary to explain the observed behavior of the steel in developing this 
type of defect. The theory counted on isothermal transformation of 
retained austenite after the weld zone had reached ambient temperature. 
The weak points were: the absence of direct measurement of retained 
austenite, and the rather prevalent opinion that austenite would not 
transform isothermally at room temperature. 

The behavior of welds in forming underbead cracks indicates that the 
austenite which transforms in the first several hours after welding causes 
most damage, and that after about 24 hours the quenched zone has 
reached a condition of stability that will not cause further cracking. 


Authors’ Reply 


The authors wish to thank Dr. Sims for his discussion on the possible 
role of retained austenite in welding problems. While it is true that grain 
boundary and dendritic segregation may result in retained austenite, the 
latter is more often caused by the failure of the normal austenite-to- 
martensite reaction to be complete at room temperature. This is certainly 
the case in high carbon steels, and the same condition undoubtedly 
prevails in the lower carbon steels. Segregation may increase the amount 
of retained austenite, but it is difficult to account for all of the retained 
austenite in this way. 

There is now good evidence® for the isothermal formation of martens- 
ite from retained austenite on aging at room temperature and this 
phenomenon could very well be important in underbead cracking problems. 


8B. L. Averbach and Morris Cohen, ‘‘The Isothermal Decomposition of Martensite and 
Retained Austente,’”’ Transactions, American Society for Metals, Vol. 41, 1949, p. 1061. 
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THE EFFECT OF ALLOYING ELEMENTS ON THE 
TRANSFORMATION CHARACTERISTICS OF 
INDUCTION-HEATED STEELS 


By Josep F. Lisscu, WEN-PIN CHUANG AND 
Witiiam J. Murpuy 


Abstract 


of steels used for induction hardening has been studied. 
The alloying elements are classified into two fundamental 
groups: carbide-forming elements, and ferrite-strengthen- 
ing elements. The influence of each group of elements 
upon the transformation characteristics of the austenite 
formed in induction heating is presented and discussed. 
The isothermal transformation diagrams for steels heated 
by induction may depart in a striking manner from the 
diagrams determined for furnace heating. The isother- 
mal transformation diagrams are given for AISI 4340 
and 1050 steels austenitized by induction heating. Data 
obtained from end-quenched specimens have been used to 
study the degree of alloy solution in the austemte, and 
such data show a marked difference between induction 
and furnace heating for some alloy steels. The data from 
end-quenched specimens are presented to show the trans- 
formation characteristics of several medium carbon steels, 
and the effect of austenitizing time and temperature on 
the degree of carbide solution. 
It 1s concluded that for proper selection of alloy steels 
to be used in induction hardening, the austenitizing cycle 
and the nature of the alloying elements must be consid- 
ered. In plain carbon steels and alloy steels containing 
ferrite-strengthening elements only, the austenitizing cycle 
is of minor importance, and the properties of the hard- 
ened and tempered steel are similar to those obtained with 
conventional heating. In alloy steels containing carbide- 
forming elements, the austenitizing cycle assumes primary 
importance. Austenitizing temperatures 150 to 300°F 
in excess of conventional hardening temperatures are 
A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, J. F. Libsch is 
assistant professor of metallurgy at Lehigh University and consulting metal- 
lurgist, Lepel High Frequency Laboratories, Inc., New York, and W. P. 


Chuang and W. J. Murphy are graduate students at Lehigh University, Beth- 
lehem, Pa. Manuscript received April 25, 1949. 
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required to take full advantage of these alloying elements. 
These temperatures may be used in induction heating 
without prohibitive grain coarsening, but they will develop 
somewhat deeper cases in surface hardening. Finally, it 
1s believed that a significant combination of properties, 
involving high wear resistance on the one hand and an 
optimum balance of strength and toughness on the other, 
may be produced in medium carbon steels by taking 
advantage of an induction heating cycle wherein the 
alloy carbides are only partially dissolved. 


HE unique features of heating steel by. induction in prepara- 

tion for hardening appear to be an extremely rapid heating 
rate and zero holding time at the hardening temperature. There 
appears to be general agreement (1, 2, 3)* that conventional metal- 
lurgical principles may be applied successfully to interpret the unique 
observations associated with induction-hardened steels, provided 
proper significance is assigned the short austenitizing time. 

The response of engineering alloy steels to induction harden- 
ing has been studied by Martin and Van Note (2). They conclude 
that the increased hardenability imparted by alloying elements dur- 
ing conventional hardening is of secondary importance in induction 
hardening, and that the effect of the alloying elements upon the initial 
microstructure, and the critical tensperatures, is of primary impor- 
tance. Depth-hardness curves of various alloy steels surface-hard- 
ened by induction after heating to a constant austenitizing temperature 
are given to show that steels containing nickel and manganese pro- 
vide optimum response to the short austenitizing cycle. 

In conventional hardening practice, alloying elements are added 
to engineering alloy steels primarily to provide greater harden- 
ability ; but also to provide special effects such as: (a) restriction 
of austenitic grain growth, (b) wear resistance in hypereutectoid 
steels, (c) resistance to softening and loss of strength upon heat- 
ing, (d) strengthening of unhardened steels, (e) a better balance 
between strength and toughness, and (f) decreasing the tempera- 
ture of transition from ductile to: brittle-type failure. Since the 
increase in hardenability provided by alloying elements is of little 
importance in most induction heating applications, the special effects 
of the alloying elements appear to be of primary interest. 

For consideration of the special effects developed by alloying 
elements, the elements are usually divided into two groups, the first 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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consisting of those elements called “carbide formers’, which com- 
bine readily with carbon and are dissolved in the ferrite in limited 
amounts; and the second consisting of those elements called “‘fer- 
rite strengtheners”, which are almost wholly dissolved in the ferrite 
in either pearlitic or tempered martensitic structures. The “ferrite 
strengtheners” are readily soluble in austenite as well as ferrite, while 
the “carbide formers” are soluble in the austenite with varying 
degrees of difficulty (4). 

The carbide-forming elements, including chromium, molybde- 
num, vanadium, and tungsten, restrict austenitic grain growth and 
provide abrasion resistance in hypereutectoid steels, because the alloy 
carbides remain essentially undissolved in the austenite. The other 
effects developed by carbide-forming elements, including resistance 
to softening and loss of strength upon heating, and a better balance 
between strength and toughness, depend upon solution of the alloy- 
ing elements in the austenite. Likewise, the desirable effects of the 
ferrite-strengthening elements depend upon solution in the austenite 
during heating for hardening. 

In heating for hardening by conventional methods, sufficient 
time is provided to establish a relatively homogeneous austenite, 1.e., 
the alloying elements go into solution. Because the unique features 
of induction heating provide extremely short austenitizing times, the 
austenite formed is not homogeneous, and solution of the alloying 
elements in the austenite may or may not be complete. Accordingly, 
the effects of alloying elements in steels to be induction-hardened 
may be substantially different from those associated with conven- 
tional hardening methods. 

It is the purpose of this paper to develop information concern- 
ing the behavior of various alloying elements when alloy steels are 
heated by induction for hardening. 


MECHANISM OF CARBIDE SOLUTION 


Some controversy has arisen concerning the solution rate of 
carbides by different heating methods. Early investigators (5) re- 
ported that the rate of carbide solution by induction heating was 
higher than that obtained by conventional means. The increased 
rate of carbide solution has been attributed to a higher electrical 
resistivity of the carbide phase, as compared with the ferrite phase 
(14). More recently, other investigators (1, 3) have concluded that 


no extraordinary carbide solution rate could be obtained by induc- 
tion heating. 
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Kerr (6) has come to the same conclusion as these later inves- 
tigators. Working with a hypereutectoid steel, coarsely spheroidized, 
and heated by induction to slightly below the lower critical tempera- 
ture, he was unable to find any evidence of preferential carbide 
solution at the ferrite-carbide interface after a considerable period 
of time. In another series of experiments Kerr (6) heated malleable 
iron specimens, consisting of temper carbon nodules in a ferrite 


Table | 


Chemical Composition of Steels Used in Isothermal 
Transformation Studies 








Mn > Ss Si Cr Ni Mo 


Steel . 
AISI 4340 0.40 0.68 0.020 0.013 0.28 0.74 1.87 0.25 
AISI 1050 0.52 ah nee a ees Are: 


0.69 0.020 0.028 ‘ 


matrix, to various temperatures above the lower critical for varying 
periods of time, both by induction and in a lead bath. Microscopic 
comparison of the specimens heated by induction and in lead showed 
no significant difference in the degree of carbon solution. Thus, the 
mechanism of carbide solution in induction heating seems essentially 
the same as that for conventional heating methods. 


ISOTHERMAL TRANSFORMATION CURVES FOR STEELS HEATED 
BY INDUCTION 


The transformation characteristics of austenite are satisfactorily 
revealed by isothermal transformation diagrams. Moreover, the 
effect of alloying elements upon the time — temperature — transforma- 
tion diagram is very pronounced, if these alloying elements are in 
solution in the austenite. Such diagrams, developed for steels aus- 
tenitized by a normal induction heating cycle, should provide inter- 
esting information concerning the solution of the alloying elements 
during induction heating. 


Material—Two medium carbon steels were chosen for study, 
AISI 1050 and AISI 4340. Their chemical composition is listed in 
Table I. 

The AISI 1050 steel was chosen because it is commonly speci- 
fied for induction heating applications and contains no alloying ele- 
ments. AISI 4340 steel was selected because it contains both carbide- 
forming elements (chromium and molybdenum) and a ferrite- 
strengthening element (nickel). 
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Both steels were received as %-inch-round forged bars. In an 
effort to obtain optimum response of the steel during induction heat- 
ing to form austenite, the forged bars of each steel were austenitized, 
quenched, and tempered to develop a fine sorbitic structure. Speci- 
mens 3; inch round and 1 inch long were then machined from each 
steel. 






oO i etoeoneenee [} 
S E 
Oo 
= 
Oo F 
© 
Oo 

G 


A- Thermocouple Wire Leads 
B- Fused Silica Tube 


C- Thermocouple Insulator 
D- Induction Coil 
E- 2" Specimen 


F - Transite Stick for Supporting 
the Specimen 


G- Sliding Door 


Fig. 1—Fixture for Induction Heating 
Specimens for Determination of Isothermal 
Transformation Diagrams. 


Procedure—Specimens were heated to the austenitizing tem- 
perature with a 30-kilowatt high frequency converter, operating at a 
frequency of approximately 300,000 cycles per second, using the 
coil and fixture shown in Fig. 1. In this fixture, the specimen (E) 
contained in a silica tube (B) is placed within the induction coil 
(D) shown to scale in the figure. During heating, the specimen 
is supported by a piece of transite (F) resting on the sliding door 
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(G) of the fixture. For quenching into hot salt, the specimen is 
allowed to fall by gravity into the salt when the sliding door (G) 
is opened, thus avoiding any significant delay associated with transfer 
of the specimen. 

All specimens were austenitized at 1600°F (870°C) for 0 
seconds at temperature. The total heating time to temperature was 
5 to 5.5 seconds and the time of heating in the austenite did not 
exceed 2 seconds. 

The heating cycle was controlled and recorded by a modified 
high speed recorder (7),? employing a chromel-alumel thermocouple 
with fine (0.012-inch diameter) wires individually percussion welded 
to the specimen at the base of a hole drilled into one end of the 
specimen. (See Fig. 1.) The controller-recorder has an electronic 
amplifier and a drive mechanism which enables the pen carriage to 
move at a rate of 1500 °F (815 °C) per second with a maximum lag 
of 9°F. Since, in this investigation, the heating rates in the austenite 
did not exceed 150 to 200 °F per second, the temperature recorded 
appears accurate within 9°F. The instrument is shielded to prevent 
radio frequency pick-up from the induction heating coils. The con- 
troller is connected to the converter, so that it is possible to hold the 
surface of the specimen at a given temperature for any desired length 
of time. 

In the experimental work not all specimens were heated with 
thermocouple control. Instead, control specimens were used at the 
beginning and end of each isothermal temperature series, and this 
heating cycle was reproduced by an accurate timer for all other 
specimens, thus avoiding any interference by the thermocouple dur- 
ing quenching into the hot salt. 

For isothermal transformation, a steel crucible containing a 
suitable salt was used. The crucible was heated in a small open-top 
electric furnace. The temperature of the salt bath was measured 
with a thermocouple and was controlled by adjusting the current 
input to the furnace. The crucible of molten salt was placed directly 
below the induction heating fixture, and the specimen, after induc- 
tion heating, was allowed to fall into a small wire basket contained 
in the salt, from which it could be removed after the time interval 
desired, and water-quenched. 

Isothermal transformation diagrams were constructed from data 
obtained, by plotting the hardness measured on a transverse section 


*Manufactured by the Leeds & Northrup Co., as a Speedomax (Type G) recorder, 
and modified to control and record very rapid heating or cooling rates. 
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after quenching from the isothermal. temperature versus the time of 
holding at each temperature. A representative curve is shown in 
Fig. 2. The points considered to represent the beginning and ending 
of transformation are indicated in the figure, and these points were 
plotted on the isothermal transformation diagram. No attempt was 
made to distinguish between the formation of proeutectoid ferrite 
and the formation of carbide. 
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Fig. 2—Typical Hardness— Time Curve for De- 
termination of the Beginning and End of Isothermal 
Transformation. AISI 4340 steel at 900°F. Closed 
points show progress of transformation as determined 
microscopically. 


Also plotted in Fig. 2 are the results of a microscopic study 
showing the progress of isothermal transformation for AISI 4340 
steel at the same temperature. A comparison of the isothermal 
reaction curves, using hardness and microscopic examination as 
criteria for the progress of transformation, shows that the beginning 
and end of transformation as determined by the hardness — time 
curves correspond to approximately 3 and 93% of transformation 
as determined microscopically. 

Data showing the continuous variation in hardness and micro- 
structure resulting from decomposition of austenite are given by 
Thomson and ‘Siebert (8). Their data indicate good agreement for 
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Table Il 


Pertinent Data for Curves Reproduced from the Atlas 
of Isothermal Transformation Diagrams (9) 





Chemical Composition Austenitizing Austenitic 





Steel Cc Mn Ni Cr Mo Temperature Grain Size 
AISI 4340 0.42 0.78 1.79 0.80 0.33 1550°F 7-8 
AISI 2340 0.37 0.68 3.41 “eeu este 1450°F 7-8 


AISI 1050 0.50 0.91 ooh ye o tase 1670°F 7-8 





the beginning and end of transformation as determined by either 
the hardness or microscopic criterion. While the method selected to 
follow the progress of transformation is not considered as accurate 
as the microscopic technique, it was deemed the most satisfactory 
method for showing important variations in the transformation char- 
acteristics of the austenite formed by different austenitizing proce- 
dures. 

For comparison with isothermal transformation diagrams devel- 
oped by heating with induction, isothermal transformation diagrams 
of AISI 4340, 2340, and 1050 steels, austenitized by conventional 
heating, are presented. These curves are reproduced from the Atlas 
of Isothermal Transformation Diagrams published by the United 
States Steel Corporation (9). Chemical composition, austenitizing 
temperature, and austenitic grain size for each of the steels whose 


isothermal transformation diagrams are reproduced are listed in 
Table IT. 


RESULTS 


Isothermal transformation diagrams for AISI 4340 and AISI 
1050 steels austenitized at 1600 °F (870°C) for O seconds at tem- 
perature by induction heating are shown in Figs. 3, 4 and 5. Frac- 
ture grain size specimens from each steel austenitized in the same 
manner and quenched in water were rated ASTM number 9. 

Fig. 3 compares the curves for the beginning and end of trans- 
formation of the AISI 4340 steel, heated by induction, with the same 
curves developed for AISI 4340:steel austenitized in the conventional 
manner. 

Fig. 4 compares the isothermal transformation characteristics of 
AISI 4340 steel, heated by induction, with AISI 2340 steel heated 
in the conventional manner. 

Fig. 5 compares the curves for the beginning and end of 
transformation of AISI 1050 steel, heated by induction, with the 
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curves developed for AISI 1050 steel austenitized in the conven- 
tional manner. 

The curves for the beginning and end of isothermal transforma- 
tion of AISI 4340 steel heated by induction and in the conventional 
way (Fig. 3) clearly illustrate the. difference in transformation 
characteristics of the austenite formed during heating. The magni- 
tude of the change caused by induction heating is striking. 

The reason for this difference is evident when the behavior of 
the alloying elements is considered. It is well known that alloying 
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Fig. 3—Comparison of Isothermal Transformation Dia- 


grams for AISI 4340 Steel Austenitized by Induction Heat- 
ing and Furnace Heating. 


elements increase the hardenability only if they are in solution in the 
austenite, and further, that they affect the isothermal transformation 
diagram to a degree which depends upon their solution in the aus- 
tenite. Actually, undissolved carbides may help to decrease the 
hardenability by increasing the rate of nucleation of pearlite from 
austenite, but this effect is considered small in comparison with the 
effect of dissolved alloying elements (4, 10). If the behavior of 
the alloying elements present in AISI 4340 steel, i.e., nickel, a 
“ferrite strengthener”’, and chromium and molybdenum, “carbide 
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formers”, is considered in the light of the extremely short austenitiz- 
ing time associated with induction heating, one might expect the 
nickel to be dissolved in the austenite, but the chromium and molyb- 
denum to remain primarily as carbides. Thus, the isothermal trans- 
formation characteristics of AISI 4340 steel heated by induction 
should be similar to those of a nickel steel heated in the conventional 
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Fig. 4—Comparison of Isothermal Transformation Dia- 


grams for AISI 4340 Steel Austenitized by Induction Heating 
and AISI 2340 Steel Austenitized by Furnace Heating. 


way. That this is so is illustrated by Fig. 4 which compares a steel 
containing nickel (AISI 2340) austenitized in the conventional way 
with the AISI 4340 steel heated by induction. Although there is an 
indication in the curve representing the end of transformation that a 
small amount of chromium and7or molybdenum entered into solu- 
tion during the induction heating cycle, the two isothermal trans- 
formation diagrams are similar. 

Since the metallurgical structure before induction heating and 
the actual heating cycle influence the transformation characteristics 
of the austenite formed, the isothermal transformation diagram may 
vary for different applications. In applications involving surface 
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hardening, however, the austenitizing period is very short, and the 
transformation characteristics might be expected to be similar to 
those presented for the induction-heated AISI 4340 steel. 

From the foregoing analysis, it is possible to consider the prop- 
erties which might be developed in hardened and tempered steel 
after induction heating and the specific effects of the alloying ele- 
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Fig. 5—Comparison of Isothermal Transformation Dia- 


grams for AISI 1050 Steel Austenitized by Induction Heating 
and Furnace Heating. 


ments. Since the chromium and molybdenum do not dissolve appre- 
ciably in the austenite during heating, any special effects of these 
elements which depend on their solution in the austenite will not be 
experienced. Any special effects of these elements which depend 
upon the presence of undissolved carbides, i.e., restrictton of 
austenitic grain growth and wear resistance, should not be lost 
during induction heating. The nickel should behave in the same 
manner as it does in conventional furnace heating, developing the 
special effects normally experienced. Induction-heated AISI 4340 
steel, therefore, may be expected to have properties similar to those 
of a nickel steel, with the exception of any beneficial or detrimental 
effects caused by the presence of numerous undissolved alloy carbides. 
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Fig. 6—Microstructure of AISI 4340 Steel Showing Numerous Undissolved 
Carbides. Heated by induction to 1600°F and water-quenched. Picral etch. 
000. 


Fig. 6 shows the microstructure of AISI 4340 steel heated by 
induction to 1600°F (870°C) in the same manner as specimens 
used for isothermal transformation studies and then quenched directly 
into water. The presence of an unusuai number of very small un- 
dissolved carbides is evident. While no studies have as yet been 
made to determine the physical properties of such a metallurgical 
structure, it is believed that such a structure should combine the 
balance of strength and ductility, exhibited by quenched and tem- 
pered medium carbon alloy steels, with some of the high wear 
resistance normally exhibited by high carbon alloy steels. 

A comparison of the isothermal transformation diagrams for 
AISI 1050 steel heated by induction and AISI 1050 steel heated in 
the furnace illustrates that there is little difference in the transforma- 
tion characteristics of the austenite formed. It is to be expected, 
therefore, that essentially similar properties will be obtained whether 
this steel is heated by induction or by conventional methods. It 
appears that the recommended and wide use of this steel for induc- 
tion hardening applications is well founded. 

The results presented indicate that the chemical analysis* of the 
steel and its behavior in conventional heat treatment are not satis- 
factory criteria for prediction of the behavior of the steel in induc- 
tion heating. New isothermal transformation diagrams are necessary. 
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This is particularly true when carbide-forming elements are present. 
In such cases it is. necessary to consider the behavior of the alloying 
elements in light of the austenitizing cycle. 


Stupy OF TRANSFORMATION CHARACTERISTICS BY 
Enp Quencu TESTS 


The influence of alloying elements upon the transformation char- 
acteristics of steel heated by induction for hardening is clearly illus- 
trated by isothermal transformation diagrams. However, this method 
of study requires a large number of specimens and is time consum- 
ing. Some other method of determining the degree of alloy solution 
in the austenite during heating for hardening appears desirable. 

Martin and Van Note (2) adopted the isothermal reaction 
method used by Roberts and Mehl (15) to study the behavior of 
alloy steels heated for a very short time. This method consists of 
heating steels to various temperatures in the austenite range, holding 
them for increasing periods of time at constant temperature, fol- 
lowed by quenching, and finally by hardness determinations. From 
such data isothermal reaction curves may be plotted which indicate 
the time required to obtain maximum hardness in the steel. 

While this method appears suitable for plain carbon steels, it 
seems doubtful whether it defines the behavior of the alloying ele- 
ments, particularly carbide formers, in alloy steels heated rapidly. 
It is generally recognized that the alloying elements have only a 
minor influence upon the magnitude of hardness (11) and that their 
primary influence is upon depth of hardening. It was believed that 
some test which would reflect depth of hardening as influenced by 
the degree of alloy solution would be more suitable to develop the 
behavior of alloying elements in induction hardening. 

An end quench test of bars heated by induction provides infor- 
mation concerning both the maximum hardness that can be obtained 
with specific austenitizing conditions, and the influence of dissolved 
alloying elements upon the depth of hardening. Such end-quenched 
specimens provide a convenient means for the study of the trans- 
formation characteristics of induction-heated steel containing alloying 
elements. 

It is the object of this portion of the paper to show the influence 
of time and temperature upon the degree of alloy solution obtained 
in induction heating,-and to correlate this degree of solution with 
the austenitic grain size established. Also an attempt has been made 
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to evaluate the response of various medium carbon steels to a given 
induction heating cycle. 


EXPERIMENTAL DETAILS 


Material—The chemical composition of six commercial medium 
carbon steels used for end quench tests is shown in Table IlI. These 


Table Ill 


Chemical Composition of Steels Used in End Quench Tests to 
Study Transformation Characteristics 





Chemical Composition 





Steel te Mn Si S Ni Cr Mo V 
AISI 1050 0.50 0.83 0.21 et. oe 
AISI 1144 0.46 1.50 0.12 0.22 aad cme aw 
AISI 2340 0.39 0.74 0.28 wae 3.48 0.09 0.03 
AISI 4150 0.50 0.85 0.25 eeu 0.14 0.95 0.24 
AISI 4340 0.40 0.76 0.24 oem 1.80 0.80 0.24 schciatl 
AISI 6150 0.49 0.78 0.28 ae 0.11 0.99 0.03 0.16 











steels were received as 14-inch diameter hot-rolled bars, and were 
sorbitized by heating to 1500 °F (815 °C) for 40 minutes, quenching 
in oil, and tempering at 1250°F (675°C) for 2 hours. The AISI 
1050 steel was quenched in water before tempering. Bars were 
subsequently machined to 1-inch rounds, cut to 3-inch lengths and 
drilled and tapped at one end to engage a suspending bolt. 

Method—A conventional Jominy end quench test fixture was 
adopted for use in induction heating of the specimen described. The 
special arrangement for induction heating and quenching the speci- 
men is shown in Fig. 7. For heating, the specimen (F) is sus- 
pended within the center of the induction coil by a long bolt (B) 
held in position by a removable block (A) containing a longitudinal 
groove to accommodate the bolt. This block in turn rests on the 
frame (C), which is in permanent position directly over, and aligned 
with, the end quench fixture. For quenching, the block (A) is 
removed, and the specimen with the aid of a guide (D) drops to 
position (H) for quenching. Since the quench may be turned on 
immediately, any time elapse between heating and quenching is neg- 
ligible. The coil shown is 4 inches long, 114 inches in internal 
diameter, and was made from ;';-inch copper tubing, flattened to 
¥ inch. 

Temperature control was achieved by percussion welding the 
individual wires of a thermocouple to the surface of the specimen 
approximately '% inch frem the lower end, and by use of the con- 
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troller-recorder previously described. The thermocouple arrange- 
ment, including a very fine 2-holed ceramic insulator inserted between 
two turns of the coil, is shown in Fig. 7. Time at temperature was 
controlled automatically by an auxiliary circuit, including a timer 
and relays connected to the controller-recorder. 

All specimens were heated at a rate designed to provide a period 
of 25 to 30 seconds in the austenite range, i.e., time above the Ac, 


Q ® 






A - Removable Wood Block 
with a Groove on the 
Left 

B - Steel Rod for Holding 
the Specimen 

C - Wood Frame 
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D - Guide V ‘ 
E - Induction Heating Coil rita 
F - End Quench Specimen : r — 
on Heating ass 
G - Thermocouple Wire 
Leads oad 


H - End Quench Specimen 
on Quenching 


| - Water Jet 


. 7—Fixture for Induction Heating and Quenching 
End icak Test Specimens. 


temperature, unless otherwise noted. To maintain a constant aus- 
tenitizing time, higher temperature specimens were heated with 
higher power input from the converter. Heating was accomplished 
with a 30-kilowatt converter operating at a frequency of approxi- 
mately 300,000 cycles per second. Although the austenitizing time 
selected is longer than that experienced in normal induction surface 
hardening applications employing progressive feed, the theoretical 
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implications concerning the behavior of the alloying elements are 
clearly demonstrated by the heating cycle used. Adaptations of the 
method described are possible; these may involve smaller diameter 
specimens and heating rates to correspond with rates encountered 
in practice. 

In this investigation specimens were heated by induction to tem- 
peratures desired, held for the desired time, and then end-quenched. 
After quenching, the specimens were ground to provide parallel flats, 
% inch wide and 180 degrees apart, and Rockwell C hardness read- 
ings were taken on these flats at increasing distances from the 
quenched end. For purposes of comparison, specimens of all steels 
were also heated in the furnace at 1600 °F (870°C) for 40 minutes 
at temperature and end-quenched. Duplicate specimens were treated, 
and the results presented represent the average hardness of both 
specimens. 

Austenite grain size determinations of all steels were made for 
correlation with carbide solution data. Tests were conducted by 
comparison of fractures at the quenched end of the test specimen 
with ASTM fracture standards, and by microscopic examination of 
the test specimen. 


RESULTS AND DISCUSSION 


Furnace Versus Induction Heating—Comparison of end quench 
specimens austenitized in the furnace at 1600°F (870°C) for 40 
minutes and by induction at 1600 °F (870 °C) for 0 seconds is made 
in Figs. 8 to 13 for a number of medium carbon steels. Table IV 
shows the fracture grain size of these steels austenitized as before 
by induction heating and furnace heating. 

A study of these curves leads to a number of interesting obser- 


Table IV 


ASTM Standard Fracture Grain Size Numbers for Steels Heated 
by Induction and Furnace in End Quench Tests 


ASTM eos Fracture Grain Size Number— 








— 


Induction—Heated t Furnace-Heated to 
1600°F, Held 0 ead 1600°F, Held 40 Minutes 
Steels at Temperature at Temperature 
AISI 1050 9 7-8 
AISI 1144 9 7-8 
AISI 2340 9 7-8 
AISI 4150 9 7-8 
AISI 4340 7-8 


9 ¥ 
AISI 6150 9-10 9 
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Fig. 9—Comparison of Transformation Characteristics for 
AISI-1144 Steel as Developed by End Quench Specimens, Induc- 
tion and Furnace Heated. 
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AIS! 2340 Steel 


e——e Furnace -Heated 
o——o induction-Heated 


O 4 8 4 16 na e.lUlUe Sh SS 
Distance From Quenched End, Sixteenths of Inch 


Fig. 10—Comparison of Transformation Characteristics for 
AISI 2340 Steel as Developed by End Quench Specimens, Induc 
tion and Furnace Heated. 
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AISI 6150 Steel as Developed by End Quench Specimens, Induc- 
tion and Furnace Heated. 
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AISI 4340 Steel as Developed by End Quench Specimens, Induc- 
tion and Furnace Heated. 
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AISI 4150 Steel as Developed by End Quench Specimens, Induc- 
tion and Furnace Heated. 
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vations. It is apparent that the transformation characteristics of the 
plain carbon (AISI 1050), the nickel alloy (AISI 2340) and the high 
manganese — high sulphur (AISI 1144) steels are similar, regardless 
of the heating method. The small variation shown between furnace- 
heated and induction-heated specimens may easily be due to the some- 
what coarser austenitic grain size developed in the furnace-heated 
specimens. 

The transformation characteristics of the chromium-vanadium 
alloy (AISI 6150), the chromium-nickel-molybdenum alloy (AISI 
4340), and the chromium-molybdenum alloy (AISI 4150) steels, 
heated by induction, depart strikingly from those of the same steels 
heated in the furnace. 

The difference in behavior of these two groups of medium car- 
bon steels is unquestionably associated with the presence of the car- 
bide-forming elements chromium, vanadium and molybdenum in the 
latter group. While a comparison of results for these steels with 
the results of AISI 1050 steel shows that some of these ‘alloying ele- 
ments have gone into solution in the austenite during induction heat- 
ing, it is apparent that a large proportion of the alloying elements 
remain undissolved as carbides, and therefore will not contribute 
any specific effects to those properties of the quenched and tempered 
structure which require solution of the alloying element. 

Although AISI 1144 steel contains manganese, a mild carbide- 
forming element, the steel behaves primarily as a plain carbon steel 
in induction heating, because a large proportion of the manganese 
is combined with the sulphur present. 

A number of the steels heated by induction show a somewhat 
higher hardness at the quenched end than the hardness experienced 
in furnace heating. This increased hardness has been observed by 
other investigators (3, 5, 12), and has been termed superhardness. 
The degree of superhardness shown is smaller than that normally 
experienced. This is probably due to the relatively slow heating rate 
used in these experiments. Dunn (12) has shown that superhard- 
ness depends upon the rate of heating, the time at the austenitizing 
temperature, and the austenitizing temperature itself. Actually, the 
AISI 4340 steel heated by induction shows lower hardness than that 
heated in the furnace. This may possibly be explained if undissolved 
alloying elements which tend to form carbides decrease the carbon 
content of the austenite and thus reduce the hardness in the steep 
portion of the hardness versus carbon content curve. 
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The results presented are characteristic of the particular aus- 
tenitizing cycle used in these experiments. Obviously, different aus- 
tenitizing conditions will change the exact position of the induction 
heating curves. While the general behavior of the alloying elements 
is demonstrated by these experiments, in practice new data should 
be obtained for each specific induction heating cycle. Thus end- 
quenched specimens appear suitable in evaluating the effect of alloys 
on the transformation characteristics of steels heated by induction. 
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Fig. 14—Effect of Time at Temperature on the Degree of 
Carbide Solution and the Transformation Characteristics of AISI 
4150 Steel. 


Effect of Time at Temperature on Degree of Carbide Solution— 
Fig. 14 illustrates the effect of increasing time at the austenitizing 
temperature upon the degree of carbide solution for AISI 4150 steel. 
Holding for 60 seconds at a temperature of 1600 °F (870°C) 
sufficient to develop essentially similar transformation characteristics 
in induction-heated and furnace-heated AISI 4150 steel. 

Unfortunately, little practical advantage can be taken of increased 
time at the austenitizing temperatures. Most induction heating 
applications are concerned with selective or surface hardening, and 
increased time at temperature decreases the degree of selectivity 
and incteases the case depth produced because of heat conduction 
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from the surface to the center. Where through hardening or very 
deep cases on heavy sections are desired, steels containing carbide- 
forming elements may be heated at slow rates, or held at tempera- 
ture for short periods of time to develop transformation character- 
istics similar to those associated with furnace heating. 

Effect of Temperature on Degree of Carbide Solution—The rate 
of carbide solution increases rapidly as the austenitizing temperature 
increases. It is reasonable to assume, therefore, that alloy steels con- 
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Fig. 15—-Effect of Austenitizing Temperature on the Degree 


of Carbide Solution and the Transformation Characteristics of 
AISI 4150 Steel. 


taining carbide-forming elements may be heated to higher austenitiz- 
ing temperatures rapidly, providing a high degree of carbide solution, 
but avoiding deep penetration of the heat due to conduction. With 
such treatment, alloy steels containing carbide-forming elements, 
heated by induction to 150 to 300 °F above their conventional hard- 
ening temperatures, might develop the same transformation charac- 
teristics as the furnace-heated steel, without a large increase in case 
depth during surface hardening. 

Such a procedure can be satisfactory only if the higher aus- 
tenitizing temperature does not cause prohibitive grain coarsening. 
Fortunately, austenitic grain growth is a nucleation and?’ growth 
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Table V 
Austenitic Grain Size for End Quench Specimens Heated 
to Various Austenitizing Temperatures by Induction 
AISI 4150 Steel 





Austenitizing Temperature Austenitic Grain Size———. 
F 


Fracture Microscopic 
1600 9 9 
1700 8% 9 
1800 7% 7 
1900 6% 6% 








process, involving both temperature and time. Data published by 
one of the authors (13) indicate that while grain coarsening does 
take place in steels heated by induction, prohibitive grain coarsening 
temperatures are much higher for rapid induction heating cycles than 
those experienced in conventional heating. This was found to be 
true for both AISI 1050 and AISI 6150 steels. Further, for steels 
containing carbide-forming elements, austenitic grain growth should 
be inhibited by the presence of the undissolved carbides themselves. 

Fig. 15 shows the influence of austenitizing temperature upon 
the degree of carbide solution, and the consequent transformation 
characteristics of AISI 4150 steel. The austenitic grain size deter- 
mined on the end quench specimens for each austenitizing tempera- 
ture is shown in Table V. 

It is evident that heating by induction to 1900°F (1040 °C) 
without holding at temperature provides transformation character- 
istics which are similar to those of the same steel heated in the fur- 
nace at 1600 °F (870 °C) for 40 minutes. While the austenitic grain 
size increases progressively with the austenitizing temperatures, it 
may be considered relatively fine at 1900 °F (1040°C). The micro- 
structures of specimens heated to 1600°F (870°C) and 1900 °F 
(1040 °C) (Fig. 16) show the marked effect of temperature on the 
degree of carbide solution. These photomicrographs were taken on 
the end-quenched specimens approximately 1% inch from the quenched 
end. It will be observed that some carbides remain undissolved, even 
after heating to 1900 °F (1040 °C). 

From primary metallurgical considerations, the treatment at 
1900 °F (1040 °C) should allow the use of alloy steels containing 
carbide-forming elements in applications where the specific effects of 
these elements in the hardened and tempered structure depend upon 
their solution. Since the austenitizing temperature is higher, how- 
ever, these steels will not give minimum case depths. Where mini- 
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Fig. 16—Microstructure of AISI 4150 Steel Heated by Induction. Picral etch. 
X 1000. (a) 1600°F; (b) 1900°F, 


mum case depth is most important, plain carbon, or alloy steels con- 
taining ferrite-strengthening elements, i.e., nickel, should be most suc- 
cessful. As pointed out by Martin and Van Note (2), manganese 
steels may also give shallow case depths, since manganese decreases 
the critical temperature. 


SUMMARY 


The data presented demonstrate that, for proper selection of 
steels used in induction hardening, the austenitizing cycle and the 
nature of the alloying elements present, i.e., carbide-forming or fer- 
rite-strengthening elements, must be considered. 

In plain carbon steels and alloy steels containing ferrite-strength- 
ening elements only, the austenitizing cycle is of minor importance, 
and the transformation characteristics and properties to be expected 
for hardened and tempered steel are similar to those obtained by 
means of conventional furnace heating. 

In alloy steels containing carbide-forming elements, the aus- 
tenitizing cycle assumes primary importance. With induction heat- 
ing cycles using conventional hardening temperatures, the effects of 
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these alloying elements are limited to restraint of austenitic grain 
growth, and possibly increased wear resistance, since these effects 
do not depend on solution of the carbides. It is believed that a sig- 
nificant combination of properties, involving high wear resistance 
on the one hand and an optimum balance of strength and toughness 
on the other, may be produced in medium carbon steels by taking 
advantage of an induction heating cycle wherein the alloy carbides 
are only partially dissolved. 

With induction heating cycles employing austenitizing tempera- 
tures 150 to 300°F in excess of those used in conventional hard- 
ening, alloy steels containing carbide-forming elements develop trans- 
formation characteristics similar to those associated with conventional 
furnace heating, and without prohibitive grain coarsening. Under 
these austenitizing conditions, the alloying elements should provide 
all the specific effects in the quenched and tempered steel normally 


associated with furnace heating, although minimum case depths will 
not be obtained. 
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DISCUSSION 


Written Discussion: By C. E. Sims, assistant director, Battelle Memo- 
rial Institute, Columbus, Ohio. 

The authors have rendered a distinct service in showing the impor- 
tance of the time-temperature relationship in heat treating alloy steels 
and also in obtaining quantitative data for the conditions of induction 
hardening. The same principles apply, naturally, to any operation where 
steel is heated and cooled rapidly. For example, in metal-arc welding, 
the rapid thermal cycle may exceed that of induction heating, and effects 
similar to those found for induction hardening are noted. A steel contain- 
ing difficultly soluble carbides will often behave like a steel lower in 
carbon and alloy content, as far as the heat-affected zone under the weld 
bead is concerned. 

In their discussion of carbide-forming elements, the authors seem in- 
advertently to have omitted reference to manganese. As far as can be 
judged from results, manganese forms a carbide that is idiomorphic with 
iron carbide, and which seems to dissolve in austenite about as fast as the 
latter. 

In explaining the reason for the lower hardenability for the rapidly 
heated specimens, the authors have cited the alloy that was withheld from 
solution in the undissolved carbides. From work on welding problems, it 
was concluded that the carbon thus withheld from solution was at least 
as important as the dearth of alloying elements. 

The previous thermal history of the steel also has a large effect on 
the behavior in a fast heating and cooling cycle, apparently because it 
influences carbide composition, in alloy steels. After complete solution of 
the carbides in austenite, followed by fast cooling, the carbides formed 
will not only be small but will have the highest iron content and the 
lowest alloy content. If the steel is given a long subcritical anneal, how- 
ever, such as in spheroidizing, the carbides will be much larger but will 
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also have the highest alloy content and will be much less soluble. In the 
latter condition, they have the maximum effect in reducing hardness and 
hardenability as a result of a rapid thermal cycle. This factor should be 
considered in adjusting the heat treatment. 

Written Discussion: By J. J. Preisler, materials standards engineer, 
Sperry Gyroscope Co., Great Neck, N. Y. 

The authors are to be commended for their work in correlating induc- 
tion hardening phenomena with established metallurgical principles of 
steel heat treatment. We would like to comment on the authors’ conclu- 
sions regarding overheating and increased heating time, both of which, 
they find, are required for optimum hardening of alloy steels containing 
carbide-forming elements. While we do not question the validity of these 
findings, or the theoretical considerations applicable thereto, we feel that 
an even greater variable affecting heating times and temperatures is the 
prior condition of the steel, with reference to size and dispersion of the 
carbide aggregates. 

At Sperry, we have been induction hardening a variety of steels, in 
various prior conditions, for the past nine years. Our most widely used 
material (SAE 4140—hardened and tempered to 300 Brinell) responds 
readily to heating times of 2 to 4 seconds. Using the same induction 
coil and machine settings, annealed SAE 4140 (in the same size) requires 
upwards of twice the time required for the prehardened material. The 
same relationship holds for SAE 52100. In both cases, the material is 
heated to about 100°F over the conventional hardening temperatures. 
It has been our experience that the spread in required heating times is 
less for materials of similar prior conditions and different analyses than 
for materials of the same analyses and different prior conditions. This 
includes steels containing carbide-forming elements and steels containing 
ferrite-strengthening elements. The dependence of solution rates on prior 
microstructure seems to be sufficiently predominant to overshadow the 
variation of austenitizing cycle with analysis. The above considerations 
apply to parts of lintited size (usually under 1 inch diameter), using high 
heating rates. Lower rates of heating may reverse the relative importance 
of the above factors, especially since the time required to reach the 
optimum temperatures will then be a potent variable. 

Written Discussion: By P. Payson, assistant director of research, 
Crucible Steel Company of America, Harrison, N. J. 

It is regrettable that the authors have classified the elements nickel, 
silicon, copper, etc., as “ferrite strengtheners” merely because these 
elements do not tend to form carbides. Actually, molybdenum, which 
definitely is a carbide former, is also as effective a ferrite strengthener 
as nickel.* 

The authors are concerned here not with the effect the elements 
may have on the properties of ferrite, but rather with the effect the 
elements have on the composition, and hence transformation properties, 
of the austenite of the steel, when the steel is heated very rapidly to 





8C. E. Lacy and M. Gensamer, “The Tensile Properties of Alloyed Ferrites,” 
Transactions, American Society for Metals, Vol. 32, 1944, p. 88. 
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conventional austenitizing temperatures and then immediately quenched. 
For a better understanding of the behavior of induction-heated alloy 
steels, the elements therefore should be classified on the basis of their 
solubility in austenite. Those elements that do not form carbides are 
naturally more soluble than those that are in the carbides. Furthermore, 
those elements which are in the carbides in the annealed steel dissolve 
in the austenite at different rates, depending on the solubility of the 
carbides. ' 

It is to be expected that chromium in the chromium steel, 5140, 
would dissolve more readily than molybdenum in the nickel-molybdenum 
steel, 4640, because the chromium carbide is more soluble than the molyb- 
denum carbide. However, it is not so easy to predict the solubility of the 
elements when they are present in the more complex carbides. For 
example, in the chromium-molybdenum steel, 4150, and in the chromium- 
vanadium steel, 6150, it is to be expected that the solubility of the chro- 
mium is retarded because of the presence of the molybdenum or vanadium 
in the carbide along with chromium: It may very well be that because 
of the vanadium in the 6150 steel, the hardenability effect of the chro- 
mium in the steel is considerably diminished in induction heating. 

Written Discussion: By R. H. Lauderdale, metallurgist, Northern 
Ordnance, Inc., Minneapolis. 

The authors have made an interesting theoretical approach to the 
problems involved, and to the probable advantages to be derived from 
the use of alloy steels for induction heating applications. They have 
shown, by use of TTT curves, a phenomenon well known to us, namely, 
that certain of the alloy steels such as SAE 4140 do not readily respond 
to the short heating cycles normally associated with induction heating 
and require a higher temperature or a longer soak to develop a hardness 
value consistent with the carbon content. 

The use of a higher temperature may result in greater distortion 
during the quench following the heating cycle, and a longer soak may 
result in an undesirable amount of heat and hardness penetration. How- 
ever, it seems likely that in cases where it is not necessary to develop 
the maximum hardness permitted by the carbon content, some beneficial 
effect may result from partial alloy carbide solution. 

I would like to ask the authors if they have done or contemplate 
doing any research to establish the effects of partially dissolved alloy 
carbides on wear resistance and related properties. 


Authors’ Reply 


The authors wish to express their appreciation to those who have 
contributed to the discussion of this paper. 

Mr. Sims’ comments concerning the importance of the time-tempera- 
ture relationship in other metallurgical processes is appreciated. The fact 
that incomplete carbide solution and inhomogeneous austenite are impor- 
tant considerations in metal-arc welding, flame hardening, and other 
processes which are based on rapid heating and cooling cycles, broadens 
the significance of the present paper. 
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Manganese is generally recognized as a mild carbide-forming element. 
The true influence of manganese in the AISI 1144 steel studied is not 
revealed because a large proportion of the manganese is combined with 
the sulphur. It is quite probable that end-quench curves for an AISI 1340 
steel containing 1.60 to 1.90% manganese and a low sulphur content would 
show an appreciable difference when heated in the furnace and by induc- 
tion. 

The authors agree that appreciable amounts of carbon may be with- 
held from solution in the austenite during rapid heating, but are of the 
opinion that reduced carbon content in the austenite will influence pri- 
marily the magnitude of hardness achieved upon quenching and not the 
hardenability. 

Both Mr. Sims and Mr. Preisler point out the important influence of 
prior structure on the behavior of steels subjected to rapid heating and 
cooling cycles. As a result of this influence, it has been customary to 
specify a sorbitic structure in those induction heating applications which 
require a minimum case depth and therefore have a very short heating 
cycle. Since the objective of the present paper was to evaluate the effects 
of the alloying elements upon the transformation characteristics, it 
appeared desirable to eliminate as far as possible the effect of prior 
structure. Where the size and distribution of the ferrite-carbide aggregate 
differs from that encountered in sorbitic structures, the effect of the 
chemical analysis in determining the optimum -heating cycle will be 
minimized. 

Mr. Payson’s suggestion that the alloying elements be classified with 
respect to their relative solubility in austenite rather than as “ferrite 
strengtheners” and “carbide formers” is well received. Certainly this is 
the basic consideration. 

As Mr. Payson and Mr. Sims point out, the composition of the 
carbides may have an important influence upon their solution rate in the 
austenite. The authors believe that the presence of a second alloying 
element may have an important influence in the solution of an alloy 
carbide, regardless of whether the second element dissolves readily in 
the austenite or forms a complex carbide. However, any prediction con- 
cerning the exact influence of the second alloying element appears 
premature. 

It is pleasing to have Mr. Lauderdale confirm the results and implica- 
tions of our laboratory study with observations that he has made in 
practice. In answer to his question concerning the effects of partially 
dissolved alloy .carbides on wear resistance and related properties, the 


authors wish to state that this work is currently under way at Lehigh 
University. 








METALLURGICAL FACTORS AFFECTING THE 
MAGNETIC AND MECHANICAL PROPERTIES 
OF IRON-COBALT ALLOYS 


By J. K. STANLEY 


Abstract 


The soft magnetic alloys of tron and cobalt in the 
range of 35 to 50% cobalt are of considerable current 
interest for electrical apparatus because of their high 
magnetic saturation. The development of the alloys has 
been handicapped by the high cost of cobalt and brittleness 
in the range of high saturation. 

The metallurgical factors such as impurities (carbon 
and oxygen), grain size, and order-disorder are considered 
with respect to magnetic quality and fabrication of the 
material. Increase in impurities such as carbon and 
oxygen harms the magnetic quality, decreasing permeability 
and increasing the losses. Increasing the grain size results 
in somewhat improved permeability and decreased losses. 

It is pointed out that the order-disorder phenomena 
have considerable effect on the magnetostriction, the elec- 
trical resistivity and the ductility of the material. 


INCE the discovery of the high magnetic saturation value of 

iron-cobalt alloys by Weiss (1)* in 1912, many attempts have 
been made to utilize these alloys in industry. In the permanent 
magnet type of alloy, signal success has been obtained but in the 
soft magnetic types only partial success has been achieved.? The 
development of soft magnetic alloys has been handicapped by two 
factors: the high cost of cobalt ($1.75 per pound) and the brittle- 
ness of alloys in the range of highest saturation. These factors have 
not been such severe limitations in the permanent magnet field 
because the (B-H) max. product per unit volume of material has been 
increased sufficiently to compete on a cost basis with cheaper though 


1The figures appearing in parentheses pertain to the references appended to this paper. 
*Permanent magnet materials are characterized by high hysteresis loss while ‘“‘soft”’ 
magnetic materials have low hysteresis. In this connection it is advisable to draw a dis- 
tinction between cobalt-iron and cobalt-steel. Cobalt-steel is strictly a hardenable alloy of 


high cobalt content and contains carbon. Cobalt-iron is nonhardenable and is essentially 
carbon-free. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The author, J. K. Stanley, is 
associated with the Westinghouse Electric Corp., E. Pittsburgh. Manuscript 
received April 20, 1949. 
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Saturation Values 41I,, Kilogausses 


Mn (Quenched 
from 800°C) 
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Fig. 1—Effect of Elements on the Saturation Values of Iron. 
Stablein and Yensen. 


bulkier types, and the brittleness of permanent magnets has been 
of little consequence, since most of them need not be fabricated by 
some forming process. 

The high cost of soft magnetic iron-cobalt alloys precludes 
their general use except for applications where cost is of secondary 
importance and weight and/or volume are primary factors, such as 
in aircraft or submarines. There also exists a special application of 
the alloys, due to their high magnetostriction.* 

The brittleness of the iron-cobalt alloys, in the range 35 to 50% 
cobalt where the highest saturation induction is found, has been 
eliminated at least for hot and cold working operations by alloying 
and heat treatment. This is accomplished by adding vanadium or 
chromium to the alloys and quenching them from about 750 to 900 
°C (1380 to 1650°F) after hot rolling to around 0.10 inch (2). 
This treatment makes the alloys sufficiently ductile for cold rolling, 
punching or shearing. As a matter of fact, the cobalt alloys have 
been cold-rolled to 0.0006 inch without difficulty. However, the 
brittleness returns after annealing. 





*Magnetostriction is the change in dimensions of a ferromagnetic material, either plus 
or minus, when the material is magnetized. 
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The purpose of the present paper is to present some magnetic 
data on alloys containing 25 to 50% cobalt and to discuss some of 
the factors affecting their magnetic quality. The properties to which 
the alloys owe their usefulness are the highest magnetic saturation 
induction and the unusually high saturation magnetostriction. 

The addition of all elements except cobalt to iron will decrease 
the saturation value. This is shown in Fig. 1. Cobalt additions in 
the range of 35 to 50% cobalt have an intrinsic saturation induction 
(41I,)* value around 24,000 gausses. This high value of saturation 
induction is about 12% higher than for iron (21,600), about 15% 
higher than 1% silicon iron (21,000), and about 25% over 4.5% 
silicon iron (19,000). This increase in saturation induction, and 
the improvement with higher inductions for H = 10 to 100 oersteds, 
can be translated into savings in weight of motors and generators of 
about 20% if the machine is designed with iron-cobalt alloys in mind. 
A certain weight saving would also be achieved if the iron-cobalt 
alloys were used for transformers because of the higher induction 
of the alloys over commercial materials when used at lower magne- 
tizing forces, providing the core loss of the material is as low as 
that of conventional materials. 


ALLoys STUDIED 


The equilibrium diagram of the iron-cobalt alloys is given in 
Fig. 2. The alloys reported on here had small additions (% to 1%) 
of vanadium or chromium, but these do not change the equilibrium 
diagram to any appreciable degree. All the alloys consist of a single 
phase. 

Most of the alloys were vacuum-melted in a high frequency 
furnace using electrolytic iron, cobalt rondels, electrolytic chromium 
or, in some cases, ferrovanadium. The alloys varied in cobalt content 
from 25 to 50% ; additions of about 1.0% vanadium or about 0.75% 
chromium were made in the respective cases. The ingots produced 
were 17-inch diameter by 4 inches long. All of them forged readily 
at 1050 °C (1920°F) to-1 by 2-inch bars. They were then hot- 
rolled in a temperature range of 800 to 950°C (1470 to 1740 °F) 
to a thickness of 0.08 inch. The 25 and 30% cobalt alloys were cold- 
rolled directly to 0.014 inch, but the higher cobalt materials had to 
be quenched before cold rolling was possible. Strips 1 inch wide by 
6 inches long were tested for magnetic properties by the method 
devised by Carr (3). 


‘Is is the saturation.dntensity of magnetization. 
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MAGNETIC PROPERTIES 


The iron-cobalt alloys containing 35% cobalt have the highest 
magnetic saturation value of any material so far discovered, namely 
a ferric induction, 411, of 24,200 as compared with 21,600 for iron. 


1600 pao th + aa 


a+ Dee 


ae 


Temperature °C 


600 — Superlattice 
Formation 





Cobalt % 
Fig. 2—Equilibrium Diagram for Iron-Cobalt Alloys. 


The saturation induction of the alloys remains close to 24,000 up to 
50% cobalt and then decreases. The magnetic properties of two iron- 
cobalt alloys containing cobalt® are shown in Fig. 3 in comparison 
with Armco iron, 1% silicon and 4.5% silicon-iron; note the higher 
induction obtainable at low fields for both the 35 and 50% cobalt 
alloys. 

Ferromagnetic quality can be considered under the heading of 
structure-insensitive properties such as saturation magnetization, 
Curie temperature, and saturation magnetostriction as determined 
on single crystals, and the structure-sensitive properties such as 
permeability, hysteresis, coercive force, remanence, and the technical 
saturation magnetostriction as measured on polycrystalline material. 





®'The Westinghouse trademark Hiperco has been given to these alloys. The alloys are 
identified as Hiperco-35 and Hiperco-50. 
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In our consideration here we are primarily concerned with the 
saturation magnetization, the permeability, »,° the coercive force, 
H,,” and the core loss, P,, a quantity considered below. 

Magnetic properties are only completely described if both D.C. 
and A.C. measurements are available. The structure-sensitive and 
insensitive properties mentioned above are considered as properties 


1% Silicon Iron 


4.5 % Silicon Iron 


B-H Kilogausses 





H - Oersteds 


Fig. 3—Comparison of B-H Curves of Armco and Silicon Iron to Iron- 
Cobalt Alloys. 


determined by D.C. methods. A.C. measurements are most com- 
monly used for determining the ¢ore loss of the material. The core 
loss, P., is a combination of hysteresis loss, P,, and eddy current 
loss, P.. The core loss can be approximated by the equations: 


P.=Pa+P. 


— K, fA, + K, Lt Bn! 
p 
where 


f is frequency 
Ay is the area of the hysteresis loop and hence a function 
of the maximum induction 
t is the specimen thickness 
Bm is the maximum induction attained in the cycle 
p is the electrical resistivity 
K, and Ke are appropriate constants 


Some of the D.C. and A.C. magnetic properties of the 35% 


®The permeability is defined as B/H where the flux density, B, is in kilogausses and 
the magnetizing field, H, is in oersteds. The permeability has meaning only in the c.g.s. 
system. 


t "The coercive force, He, is that value of the magnetizing field required to reduce the 
induction to zero after a ferromagnetic material has been magnetized to some value of B. 


_ 
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cobalt alloys were presented in an earlier paper (4). The magnetic 
properties to be presented here cover the range of 25 to 50% cobalt 
with alloy additions of chromium or vanadium. The D.C. properties 
given are permeability for H = 10 and 100 oersteds and the coercive 
force for a Bmax. of 10 kilogausses; for good quality material the 
permeability should be as high as possible and the coercive force 
as low as possible. These quantities, while not giving a complete 
magnetic description of the material, are sufficient to be used as 
criteria for the evaluation of the alloys. The two permeability values 
give a good idea of the magnetization curve in the range where the 
material can be used effectively for electrical machinery. The 
coercive force for a maximum induction of 10 kilogausses is a 
measure of the hysteresis loss; it does not increase appreciably for 
higher inductions. As the coercive force appears often in the litera- 
ture, it is convenient to use this property for comparison. 

For most of the alloys annealing at 800 to 925°C (1470 to 
1700°F) in dry hydrogen gives good magnetic properties. The 
data indicate that the annealing temperature is rather critical if 
both high permeability and low coercive force are required. For 
the 50% cobalt alloy, with chromium up to 0.75%, annealing tem- 
peratures above 850°C (1560°F) cause poor magnetic quality, 
due to the formation of a precipitate, which as yet is unidentified, 
but which presumably is some intermetallic phase. The addition of 
2% vanadium to 35 and 50% cobalt alloys also results in the 
formation of the precipitate and a decrease in magnetic quality. 
This precipitate must be some vanadium or chromium compound 
of cobalt and/or iron. These precipitates occur even when the 
carbon is under 0.002% and hence cannot be carbides. The first 
visible indication of precipitation under the microscope greatly affects 
the magnetic properties. 

The time of annealing would be expected to play some role 
in the improvement of magnetic properties and in some cases the 
50-hour anneals show better permeabilities and lower losses than 
the 10-hour anneals. The annealing temperatures are limited by the 
transformation and hence excessive grain growth, as is possible in 
iron-silicon and iron-nickel systems, is impossible. See Fig. 2. The 
variation of magnetic quality as a function of cobalt content at 
different annealing temperatures for 10 hours is given in Fig. 4. 
Data for unalloyed iron-cobalt alloys are from Bozorth (5). 

The cobalt content of the alloys investigated has a large effect 
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on the permeability both at H = 10 and 100. The best permeability 
at H = 10 was obtained on the 50% cobalt alloys; in one alloy a 
Hyo* of 2040 and a coercive force of 0.24 were obtained aiter 10 
hours at 850°C (1560 °F), and in another alloy a p,, of 2100 and 
an H, of 0.43 were obtained after 10 hours at 900°C (1650 °F). 


Minor Alloying Element Minor Alloying Element 

is Vanadium is Chromium 
240 
230 


220 


wr 
210  “—Bozorth 
(Pure Co-Fe) 


200 


Permeability For H=!|00 


1900 
1800 
1700 
1600 
1500 f 


1400 


be 


1300 
1200 


Permeability For H=|0O 


~—” 


10 Hours Precipitate Forms 





25 30 35 40 45 50 25 30 35 40 45 50 
Cobalt % 
Fig. 4—Effect of Cobalt Content on Permeability. 


For alternating current applications the core loss should be as 
low as possible. The A.C. core loss in watts per pound at 60, 240 
and 480 cycles and at 10, 15 and 20 kilogausses was obtained on 
another alloy which was available in quantity. The A.C. loss was 
determined for 35 and 50% cobalt alloys made from 1000-pound 
ingots melted in air. The ingots were first “cogged’’ down to sheet 
bars 1 inch thick and were then further hot-rolled to about 0.100 
inch and quenched. After pickling, the strips were cold-reduced to 
20, 15, 10 and 5-mil thicknesses. From the strips baby Epstein 
strips were prepared for annealing in dry hydrogen. 





8Symbol for permeability at H = 10 oersteds. 
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The improvement in core loss of the 50% cobalt alloy as thick- 
ness decreases is plotted in Fig. 5. A vacuum-melted composition 
of a similar alloy also is given to indicate the improvement one 
might expect from vacuum melting. The core loss for the 35% 
cobalt alloy is somewhat higher than that of the 50% cobalt alloy ; 
see reference 4. 
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Fig. 5—Core Loss as a Function of Thickness. 


Factors AFFECTING MAGNETIC QUALITY 


Impurities—The effect of impurities, especially interstitial such 
as carbon and nitrogen, on the magnetic quality of soft magnetic 
materials has long been appreciated. Yensen (6) as long ago as 
1924 has shown the importance of these impurities on the magnetic 
properties of iron and iron-silicon alloys. It will be indicated here 
that impurities, particularly carbon, have a very harmful effect on 
the magnetic quality of iron-cobalt alloys. Substitutional atoms also 
harm magnetic quality but their effect is roughly proportional to the 
size. The addition of silicon to iron does not harm its properties 
but the addition of oxygen into the iron lattice does. 
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Carbon forms an interstitial solid solution. Although we do 
not know the solid solubility of carbon in the iron-cobalt alloys at 
any temperature, we do know that in such solution the coercive force 
is rapidly increased as shown in Fig. 6, lower diagram. 

There is another interesting effect due to carbon and that is 
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Fig. 6—Coercive Force and Resistivity as a 
Function of Carbon Content. 


that as the carbon content increases the electrical resistivity decreases. 
See Fig. 6, upper diagram. This anomaly can be explained by the 
fact that as the solid solution cools from the annealing temperature 
the carbon combines with chromium and takes it out of solution as 
a precipitate. When the carbon is consequently removed, the chro- 
mium goes back into solution, thereby increasing the electrical 
resistance. 


ae 
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Most of all the other elements not forming an interstitial solid 
solution form the substitutional solid solutions. These impurities are 
not as harmful per se as the interstitial ones. The impurities under 
this classification are oxygen, sulphur, phosphorus and the other 
metallic elements. 

Oxygen dissolved as such or present as inclusions in various 
degrees of dispersion is probably the worst offender of this class 
with respect to the magnetic properties. Fig. 7 shows how the 
coercive force is lowered when both the oxygen and carbon contents 
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Fig. 7—Effect of Carbon and Oxygen on the Coercive 
Force of 35% Cobalt Alloys. 


of the alloy are reduced. As a matter of fact, when the oxygen was 
reduced to 0.0029% and the carbon to 0.001%, a coercive force of 
0.26 oersted was obtained. 

Grain Size—It is known from work on other soft magnetic 
materials that large grains are conducive to good magnetic quality 
(6, 7) and the iron-cobalt alloys are no exception. The higher the 
annealing temperature the larger will be the grain size. It is unfor- 
tunate that the iron-cobalt alloys cannot be annealed higher than 
about 925°C (1700°F) because of the transformation which will 
cause the grains to become refined as one cools through the trans- 
formation range; see Fig. 1. In the case of soft magnetic materials 
of iron-silicon .and of iron-nickel, they can readily be annealed at 
1200 °C (2190°F) or higher and since there is no transformation 
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the grains can grow to large sizes, sometimes to more than a centi- 
meter in diameter. The effect of grain size is forcefully shown in 
Fig. 8, where the permeability for H = 10 and coercive force, H,, 
are plotted against \/N, N being expressed in terms of grains per 
square millimeter. Two groups of alloys are plotted here, those 
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Fig. 8—He and sy versus VN for 25 to 50% 
Cobalt "Rilers Containing Less than 0.005% Carbon. 


containing 25 to 40% cobalt and those containing 50%. This 
division is warranted because the magnetic properties appear to 
fall into these two groups. In the figure the effect of increased grain 
size is well demonstrated: the coercive force increases and the 
permeability at H = 10 decreases. 

The four alloys in Fig. 9 show how the electrical resistivity, 
grain size, carbon and coercive force change with the annealing 











1950 IRON-COBALT ALLOYS 161 


GS.He © 
g 3s 


7 0.10 
6 2 0.08 
5 0.06 
4 | 0.04 


0.02 





35.4%Co 33.3%Co, |.29%V, 0.006% 


asa e—_f/\ ite 


bs 
7 0.10 21 et | 
5 x N 

6 2 008 22 we owe oh 

1 \ 
5 0.06 20 x : et p 

Ry. 
4 | 0.04 18 x f ™~. \/ x He 
S —o” “Se “x xHe ‘i. 

3 0.02 !6Fe¢ d 6s. 
2 0 Oo 14 bad Cf) TOO 


700 750 800 850 900 950 700750 800 850 900 950 
Annealing Temperature °C 
Fig. 9—Change of Carbon %, Grain Size, ASTM, Electrical Resistivity, 


and Coercive Force, He, with Annealing Temperature. Annealing time, 
10 hours. 


temperature. Figs. 9a and 9b are for 35% cobalt, 0.65% chromium 
with initially high (0.13%) carbon and low (0.004%) carbon, 
respectively; Figs. 9c and 9d are for similar alloys which contain 
vanadium instead of chromium. Note in Figs. 9a and 9c that as 
carbon is eliminated the resistivity increases; also note that as 
carbon is eliminated and grain size increases the coercive force 
decreases ; the peaks at the 925 °C (1700 °F) anneal are unexplained. 
In Figs. 9b and 9d the carbon is so low that it does not affect the 
resistivity or the coercive force; the grain size is the only factor 
which changes and hence there is a slight tendency to decrease the 
coercive force. 


ORDER-DISORDER (SUPERLATTICE FORMATION) 


In an ordinary substitutional solid solution the different species 
of atoms are arranged at random on the crystal lattice. There are 
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types of solid solution, however, in which a different atomic dis- 
tribution can be induced, particularly at or near compositions corre- 
sponding to ratios AB or AB,. The segregation of atoms from a 
random solid solution to preferred lattice sites causes the formation 
of an ordered solid solution or superlattice. Various changes in 
physical properties occur when disordered solid solutions change to 
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Fig. 10—Effect of Quenching Temperature on Prop- 
erties of an Iron-Cobalt Alloy. 


ordered ones and vice versa. Some properties affected are electrical 
resistivity, specific heat, hardness, tensile strength and elongation. 

That an order-disorder transformation exists in iron-cobalt 
alloys was suspected by Kussmann, Scharnow and Schulze (8) in 
1932 on the basis of electrical conductivity —composition curves. 
Superlattice lines were detected at the composition FeCo in an 
X-ray examination of the system by Rodgers and Maddocks (9). 
Recently Shull and_ Siegel (10), using neutron diffraction tech- 
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niques, showed that one 50-50 iron-cobalt alloy quenched from 
850 °C (1560°F) was disordered and that one cooled slowly from 
750°C (1380°F) was ordered. A systematic study of the system 
with special attention to the order-disorder transformation was made 
by Ellis and Greiner (11), who found ordering around 725 °C 
(1340 °F) in the range of 40 to 65% cobalt. R. K. McGeary of 
our laboratory, using Smith’s method (12), has also detected order- 
ing in a 35% cobalt alloy but not in a 30% cobalt alloy. 
The ordering temperature of the 35 to 65% cobalt range is given 
in Fig. 2 as a broken line. 

The occurrence of the order-disorder is important in connection 
with the following aspects of the iron-cobalt alloys: fabrication of 
the alloy, magnetostriction and electrical resistivity. 

Fabrication of the Alloy—The processing of iron-cobalt alloys 
depends to a great extent on the ability of the alloys to become 
ductile when quenched from a temperature range of 750 to 900°C 
(1380 to 1650°F). The production of a ductile material satisfac- 
tory for cold rolling from an almost glass-brittle material is believed 
to be associated with the order-disorder phenomenon. See for 
example Fig. 10, which shows how the elongation (which is related 
to ductility or more correctly to cold rollability in some complex 
manner) changes with quenching temperature. It is believed that 
quenching is responsible for retention of the disordered condition. 
While the increase in ductility has not been definitely correlated with 
the degree of disorder, there exists a certain amount of circum- 
stantial evidence from electrical resistivity and neutron diffraction 
experiments. As, for example: when the cold-worked alloy is 
annealed and slowly cooled for optimum magnetic quality, the dis- 
ordered structure is converted to an ordered one and the alloy 
becomes brittle again. 

Magnetostriction—When iron and other materials are magne- 
tized, they suffer a change in dimensions which is positive in weak 
fields and negative in strong fields. Nickel suffers a contraction 
in all fields. The change in dimensions is very small, being 
of the order of 10-°. The fractional change in length, Al/1, with field 
strength, H, or flux density, B, is slow at first, then rapid, and 
finally approaches a limiting value called the saturation magneto- 
striction (Al)/(l)s. The change in length of 35% cobalt alloys 
with flux density, B, is shown in Fig. 11. Only the lower curve has 
the saturation magnetostriction determined. 
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The alloys of iron-cobalt have very high technical magneto- 
striction values—the highest of any ferromagnetic material known. 
Magnetostriction measurements were made of the iron-cobalt alloys 
using the strain gage technique (13). The magnetostriction was 
determined for various inductions from zero to saturation. The 
presence of carbon appears to lower the magnetostriction ; this effect 
is unexplained. Fig. 12 shows the range of variation in magneto- 
striction, mostly due to annealing temperature, as a function of 
cobalt content. 
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Fig. 13—Magnetostriction as a Function of Flux Density for 
Hiperco-35. 


An experimental and theoretical study of the relationship 
between saturation magnetostriction and the order-disorder trans- 
formation in an iron-cobalt alloy containing 50% cobalt, 0.75% 
chromium and the balance iron has been carried out by Goldman 
and Smoluchowski (13). An increase in saturation magnetostriction 
was observed on ordering. 

The annealed, well-ordered alloy had a saturation magneto- 
striction of 9.2 « 10°° and an electrical resistivity of 18.8 micro- 
ohm centimeters; the quenched and only slightly ordered alloy had 
a magnetostriction of 6.5 & 10°° and a resistivity of 24.2. 

The effect ‘of three types of heat treatment on the magneto- 
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striction of the 35 and 50% cobalt alloys, measured only in the 
direction of rolling, is shown in Figs. 13 and 14, respectively. Fig. 
13 shows that the 35% cobalt alloy furnace-cooled from 825 °C 
(1515 °F) and also given a duplex treatment, 10 hours at 825 °C 
(1515 °F) plus 10 hours at 700°C (1290 °F), had similar satura- 
tion magnetostriction of the order of 2 X 10°. The higher magne- 
tostriction of the rapidly cooled sample—cooled by pulling the sample 
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Fig. 14—Magnetostriction as a Function of Flux 
Density for Hiperco-50. 


into the cold part of the furnace—is unexplained. Magnetostriction 


curves for the 50% cobalt alloy are given in Fig. 14. In all cases 
the saturation magnetostriction is of the order of 7 « 10°. 


Electrical Resistiwvity—The electrical resistivity of the iron- 
cobalt alloys is known to vary anomalously with composition (14). 
See Fig. 15. This figure also shows that the addition of other 
elements such as chromium to the iron-cobalt alloys increases the 
resistance. This is certainly desirable for A.C. applications. Varia- 
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tions in resistivity are also affected by the presence of carbon, as 
has been previously indicated. However, even without carbon 
(<0.002%) and in the presence of chromium or vanadium, varia- 
tions occur in the resistivity which are ascribed to the order-disorder 
effect. The ordered lattice has a lower resistance than the disordered. 
The change in electrical resistivity on quenching a 50% cobalt 
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Fig. 15—Electrical Resistivity of Iron-Cobalt Alloys. 


alloy has been already indicated. There is also a decrease in the 
resistivity due to ordering when the cold-rolled material is annealed 
at 700 °C (1290 °F) (the ordering temperature is 725°C) as com- 
pared to material annealed above 725 °C (1340 °F). 

Mechanical Properties—The production of iron-cobalt strip 
involves the hot working of the alloy from the ingot to strip suitable 
for cold rolling. Alloys containing only iron and cobalt in the range 
of highest saturation (35 to 50% cobalt) are difficult to forge 
and/or hot roll without breakage, but additions of vanadium and 
chromium in small percentages remove this difficulty. Many other 
elements can be used for the same purpose (carbon, manganese, 
silicon, aluminum, titanium, tungsten, etc.) but they all have a 
harmful effect on magnetic quality of the finished strip. One other 
consideration is ‘important: the alloying element should produce as 








168 TRANSACTIONS OF THE A. S. M. Vol. 42 


high an electrical resistance per per cent alloy addition as possible 
in order that the eddy currents be minimized and the saturation 
value be affected as little as possible. Vanadium and chromium fulfill 
the requirements very well. 

Iron-cobalt alloys up to 25% cobalt are ductile and easy to 
process by cold rolling into sheet or strip, but alloys containing 
higher percentages of cobalt, including the range in which the 
saturation magnetization is a maximum, are increasingly brittle with 
increasing cobalt to 50% and are impossible to cold roll. The pres- 
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Fig. 16—Mechanical Properties versus Per Cent Cobalt at 800 and 
900 °C Annealing Temperature. 


ence of vanadium or chromium does not help the cold roilability of 
the previously hot-rolled strip directly. The elements render the hot- 
rolled strip ductile on quenching, probably, by retarding the rate of 
approach to order, so that the quenched material can be cold-rolled. 
The change in tensile strength and elongation of a 35% cobalt alloy 
has already been indicated; see Fig. 10. The cold rolling, once 
started, assists in further disordering should any degree of order 
be present. Strain hardening of the material on cold rolling does 
not appear to embrittle the material, since no difficulty is experi- 
enced with the material once it has been initially cold-reduced 10 
to 20% during the first pass. 

In this connection it is worthwhile to mention that in the early 
development of the iron-cobalt alloys, one could prepare ductile 
compositions of 35 to 50% cobalt without resort to quenching. If 
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the hot-rolled strip were reduced to 0.05 to 0.06 inch by conventional 
rolling, further rolling and rerolling on the mill without reheating 
to about 0.025 inch would render the material sufficiently ductile to 
be cold-reduced to any desired thickness. The idea behind such 
procedure is that plastic deformation, while the strip is cooling, causes 
atomic disorder which results in material which can be subsequently 
cold-rolled. 

After the alloys are annealed for optimum magnetic quality, 
they again become brittle, since they must be slowly cooled (rela- 
tively) through the ordering temperature. The tensile strength and 
elongation data of the alloys, after annealing for 10 hours at the 
indicated temperatures and followed by furnace cooling, are given 
in Fig. 16. The alloys after annealing can be handled without break- 
age if some caution is exercised. As an example it may be men- 
tioned that armature teeth can be bent 90 degrees, but if straightening 
is attempted, breakage results. This material does not appear to be 
any more brittle than iron-silicon alloys containing 4 to 6% silicon. 


SUM MARY 


The D.C. and A.C. magnetic properties of iron-cobalt alloys in 
the range of 25 to 50% cobalt containing 1% vanadium oi 0.7% 
chromium were investigated. Saturation is highest (24,000 gausses ) 
for alloys containing 35 to 50% cobalt. The 50% cobalt alloys have 
high permeability at H = 10, over 2000, and decrease coercive force 
as low as 0.24 oersted. The high saturation makes the material 
useful for applications where space or weight is at a premium and 
cost is secondary. 

Increase in impurities such as carbon and oxygen harms the 
magnetic quality, decreasing permeability and increasing the losses. 
Increasing the grain size results in somewhat improved permeability 
and decreased loss. 

Magnetostriction is very high for these alloys. 

It is pointed out that order-disorder phenomena have consider- 


able effect on the magnetostriction, the electrical resistivity and the 
ductility of the material. 
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DISCUSSION 


Written Discussion: By Richard W. Fountain and Joseph F. Libsch, 
Department of Metallurgical Engineering, Lehigh University, Bethlehem, Pa. 
Of all phenomena concerning electricity and magnetism, frictional 
electricity and ferromagnetism are the oldest known to man, and perhaps 
the least understood today. Dr. Stanley is to be commended for his 
contribution to the knowledge of ferromagnetism presented in this paper. 
It has been interesting for us to compare the magnetic properties 
presented by the author for his 50% cobalt-iron alloy with data already 
presented in the literature, and with the magnetic properties of a 50% 
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iron-50% cobalt alloy recently prepared by powder metallurgy and mag- 
netically annealed.® This comparison is presented in Table I. 
Although the saturation values shown are in fair agreement, the 
coercive force reported by Stanley for the 50% cobalt alloy is remarkably 
low. A coercive force of 0.26 oersted given by the author for a 35% 


Table I 


Comparison of Magnetic Properties 
50% Iron -50% Cobalt Alloy 


Saturation 
: H = 100 Retentivity Coercive Force 

History Gausses Gausses Oersteds 
Fusion Alloys 

Stanley Re pe 0.24 
Fusion Alloys 

Literature ss A” dace 1.001! 
Powder Metallurgy 

Before Mag- 

netic Anneal 22,200 12,600 1.14 
Powder Metallurgy 

After Mag- 

netic Anneal 22,400 19,000 0.68 


cobalt alloy is also striking. The possible reasons for the low coercive 
forces reported and their discrepancy with other data are interesting to 
consider. 

It is noted that the coercive force given in the paper just presented 
was determined for a Bmax. of 10 kilogausses, while the values given in 
Table I for the powder metallurgy alloys were determined for induction 
values approaching saturation (H=100). The effect of measuring the 
coercive force for a Bmax. of 10 kilogausses would probably be to give a 
lower value for this magnetic property. The author’s comments and any 
data for coercive force measured at higher inductions should be helpful 
in clarifying this point. 

Data presented in the paper demonstrate that the presence of carbon 
and oxygen in iron-cobalt alloys may cause a pronounced increase in the 
coercive force. The exact mechanism by which the reduction in coercive 
force is accomplished is not discussed, although the harmful effect of these 
elements is related to their presence in solid solutions or as dispersed 
inclusions. Since all the alloys prepared by Dr. Stanley contained either 
chromium or vanadium additions to facilitate fabrication, there is some 
question in our minds as to whether the chromium and vanadium may not 
exert an important influence in reducing the coercive force, either as 
alloying elements directly or by combining with small amounts of dis- 
solved carbon and oxygen, thus removing these elements from solid 
solution. 


*J. F. Libsch, E. Both and G. Beckman, “Effect of Magnetic Annealing on the Magnetic 
Properties of Iron-Cobalt and Iron-Cobalt-Nickel Alloys Prepared by Powder Metallurgy.”’ 
In preparation for publication. 


10G, W. Elmen, reported in Bell Telephone System Monograph B 1445 by R. M. 
Bozorth. 


1S. Kaya and H. Sato, Proceedings, Physico-Mathematical Society of Japan, 3rd 
Series, Vol. 25, 1943, p. 4. 
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Finally, it is noted that the author used cobalt rondels as a raw mate- 
rial in preparing his alloys. Unfortunately, pure cobalt powder or metal 
seems difficult to obtain. Commercial cobalt powder or rondels generally 
have a stated purity of 98 to 98.5% cobalt, and therefore contain appre- 
ciable amounts of impurity. The marked influence of such contained 
impurities is demonstrated in Table II by the results of preliminary experi- 
ments with cores prepared by the powder metallurgy technique. 


Table Il 


Influence of Impure Cobalt Powder 
50% Iron -50% Cobalt Alloy 


Commercial Cobalt Special High-Purity 
Properties* Powder Cobalt Powder 
Seperation 


H = 100) 21,000 gausses 22,400 gausses 
Retentivity 17,000 gausses 19,000 gausses 
Coercive Force 0.87 oersted 0.68 oersted 


*After magnetic annealing. 


Since Stanley and Yensen™ have reported considerably higher values 
of coercive force (0.56 to 0.65 oersted) for 35% cobalt alloys in a previous 
paper, it would be interesting to know whether purer cobalt powder was 
used to prepare the present alloys, and whether any data concerning the 
effect of such impurities as nickel (up to 0.5% in commercial powder) 
upon the magnetic properties of iron-cobalt alloys is available. 

Written Discussion: By J. E. Goldman, research physicist, Westing- 
house Electric Corp., Research Laboratories, E. Pittsburgh. 

Dr. Stanley has called attention to some of the work that we have 
done in relating the saturation magnetostriction in 50% iron-cobalt alloys 
to the state of order in the material. This work has been supplemented 
by an investigation of the effect of ordering in this same alloy on the 
saturation magnetization.“ A small but nevertheless measurable increase 
in saturation is observed in agreement with the theoretical predictions of 
our earlier work.“ In these experiments, the investigation of the magnetic 
properties was paralleled by a study of the state of order by means of 
neutron diffraction and resistivity measurements on the same samples on 
which magnetic measurements were made. The observed correlation then 
provided us with a satisfactory method of noting, at least approximately, 
the degree of order in a given sample by measuring the moment. This 
revealed the fact that in order to retain the disordered state completely 
it is necessary to quench very“rapidly. This implies that the relaxation 
time is very short. Inasmuch as we believe the magnetic effect to be due 
to a nearest neighbor interaction, it is impossible to state whether this 
represents a state of short-range order or long-range order. From the 
point of view of the effect of order on the magnetic properties, therefore, 
aay, K. Stanley and T. D. Yensen, Transactions, American Institute of Electrical 
Engineers, Vol. 66, 1947, p. 714. 


133]. E. Goldman and R. Smoluchowski, Physical Review, Vol. 75, 1949, p. 310. 
“Ref. 13 in Stanley’s paper. 
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the various treatments indicated in Figs. 13 and 14, including the one 
labeled rapid cool, would not appreciably alter the state of order. Since 
these measurements are made in only one direction in the sample, it is 
likely that the minor differences observed between the various treatments 
are due to variations in crystal or domain orientation. This probably 
explains the unusual shape of the electrical resistance versus composition 
curve shown in Fig. 15. Since the cooling rate is so critical as revealed 
by the magnetic measurements, it is likely that the indicated values in 
Fig. 15 were obtained on ordered samples. The curve is certainly charac- 
teristic of an alloy with an order-disorder transformation. Note, too, that 
our measured value of the resistivity of the quenched (disordered) sample 
which was made on material containing 0.75% chromium fits quite well 
into the curve, and that if the value of the resistivity of the annealed 
(ordered) sample were plotted on the same curve, its shape would be 
more characteristic of such alloy systems. This should emphasize ail the 
more the importance of the order-disorder transformation in influencing 
the electrical and magnetic properties. It is quite possible, as Stanley 
suggests, that the technologically important mechanical properties of 
alloys are also very significantly affected by the order-disorder trans- 
formation, a phase of the subject that has not been previously explored 
to any considerable extent. 


Author’s Reply 


A discussion of the problems of others working in allied fields is 
always welcome. Comparisons of properties, especially if the materials 
under test are made by different techniques, are enlightening. Hence the 
discussion by R. W. Fountain and J. F. Libsch is very pertinent here. 
These workers raise several questions and it is perhaps best to answer 
them in the sequence in which they are asked. 

In regard to the coercive force, we can say that it does not change 
appreciably for tip values higher than 10,000 gausses (see reference 4). 
For example, the coercive force for a 35% cobalt alloy measured for a 
Bmax. Of 10,000 gives a coercive force of 0.56 oersted, whereas for tip 
values of B = 15,000 and 20,000, we have coercive forces of 0.63 and 0.65 
oersted, respectively. On the basis of the domain theory this means that 
most of the 180-degree domain reversals have been completed at an 
induction of 10,000 gausses, and the extension of the tip is merely due 
to reversible 90-degree domain turns which do not affect the coercive 
force. 

As to the effect of impurities, we know that they are quite harmful, 
particularly since the foreign atoms distort the lattice. We know that 
carbon and oxygen are particularly bad. The presence of alloy additions 
such as chromium or vanadium is not harmful and the elements have 
very little effect on the coercive force and permeability, although they do 
dilute the ferromagnetic material, thereby decreasing the saturation value 
slightly. Equally good magnetic properties have been obtained on iron- 
cobalt alloys free of chromium or vanadium. The added elements serve 
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primarily to aid hot working properties and to increase the electrical 
resistivity. 

We do not know whether other impurities or residual elements in 
the cobalt rondels used for melting affect the magnetic quality. There 
are indications that nickel up to 0.5% does not affect the magnetic prop- 
erties of the 35% alloys. Higher nickel contents appear to aggravate the 
already brittle material. 

We have not experimented with alloys prepared from high-purity 
cobalt. We hope to prepare some electrolytic cobalt shortly and try a few 
high-purity alloys. 

J. E. Goldman is a colleague of ours and we wish to thank him for 
his comments and his emphasis of the importance of the order-disorder 
transformation on the magnetostriction of these iron-cobalt alloys, a field 
of study in which he has been a pioneer. 
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CHARACTERISTICS AND PROPERTIES OF CAST 
LOW CHROMIUM-MOLYBDENUM STEELS 


By N. A. ZiecLer, W. L. MeEINHART AND J. R. GoLDSMITH 


Abstract 


A study has been made of some low chromium- 
molybdenum cast steels recommended for their resistance 
to graphitization in superheated *steam service. These 

3 steels consisted of five groups containing (a) 0.4, (b) 

4 0.7, (c) 1.25, (d) 2.0, and (e) 3.0% chromium with 

_ several molybdenum levels between 0.4 and 08% and 

4 carbon contents between 0.05 and 0.30% within each 
group. Results of the investigation of thermal character- 
istics, microstructures, physical properties and weldability 
are presented. 

Thermal sluggishness or hardenability of these steels 
is increased by the combined effect of carbon, chromium 
and. molybdenum. However, this effect is weak unless 
carbon exceeds 0.16% or chromium about 2% in this 
carbon range. 

Chromium, in general, increased the tensile strength, - 
yield point and hardness, but decreased elongation, reduc- 
tion of area and impact resistance in the 0.15 to 0.30% 
carbon steels. It had only slight effect on the lower carbon 
steels. Molybdenum had practically no effect on room 
temperature properties. 

Metal arc welding presented no difficulties with re- 
spect to cracks or voids. However, obtaining satisfactory 
ductility in the heat-affected zones becomes more difficult 
as chromium, molybdenum and carbon contents are 
increased. 


i a a few years ago, superheated steam piping and valves 
in power plants were made primarily from carbon-molybdenum 
steels, because of their desirable high temperature creep resistance 
and good weldability. On the other hand, steels of the 4 to 6% 
chromium — 0.5% molybdenum type were used in oil refinery service 
for their superior corrosion resistance. In other words, the valve 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, N. A. Ziegler 
is research metallurgist, W. L. Meinhart is assistant research metallurgist, and 
J. R. Goldsmith is metallurgical engineer in charge of research foundry, Crane 
Co., Chicago. ManuScript received April 15, 1949. 
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and fitting industry was chiefly interested either in chromium-free 
steels, or in those containing at least 4% chromium. Consequently, 
the authors’ previous researcli-studies and publications dealt with 
either chromium-free steels (1, 2, 3, 4)* or with those containing 
2.5 to 9.0% chromium (5, 6). Steeis containing lower chromium 
were of a minor interest and were used to a lesser extent for special 
applications. 

Tn 1943 a welded carbon-molybdenum steel superheated steam 
pipe line fractured suddenly’ while operating at about 950°F (510 
°C), (15, 16). Subsequent investigation revealed that the failure 
was caused by graphitization. Even though the phenomenon of 
graphitization in low carbon steels was by no means new (7-14), 
this failure initiated an extensive research which still is in progress 
by the steel industry catering to the requirements for welded pres- 
sure structures (15-35). It soon was found that carbon-molybdenum 
steels are satisfactory for service not exceeding 850°F (455 °C). 
At higher temperature, however, their complex iron-molybdenum 
carbides become unstable and it is only a question of time before 
they might graphitize. An external factor, like welding, develops a 
fine structure in the heat-affected zones about ;; inch from the weld, 
which decomposes more readily than that of the original steel and 
sometimes may result in a continuous network of graphite. Such 
continuity of graphite particles creates a weakness in the metal which 
in turn might cause failure. 

Various means and ways have been recommended to combat 
graphitization of steels in high temperature service—over 850 °F 
(455 °C). For example, eliminating or at least reducing aluminum 
as a deoxidizer in steel melting practice decreases the graphitizing sus- 
ceptibility of the resultant product. On the other hand, the most 
practical method at present appears to be the addition of chromium, 
up to about 3%, to such steels. This stabilizes carbides and elim- 
inates graphitization or, perhaps more correctly, arrests it for time 
periods sufficiently long to prevent its occurrence during the normal 
expected life of high temperature installations. 

Several grades of steels, with chromium ranging between 0.50 
and 3%, have thus been recommended. for the service over 850 °F 
(455°C) and up to 1050°F (565°C) (36). These chromium 
additions presented new metallurgical problems and necessitated 
further modifications of the carbon-molybdenum base composition. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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For one thing, the percentage of molybdenum has been raised to 
improve creep resistance at the higher temperatures. Moreover, the 
combined effect of chromium and molybdenum resulted in increased 
thermal sluggishness and air hardenability. To maintain the welding 
characteristics of the metal at about the same level as carbon- 
molybdenum steels, the carbon content of the higher chromium- 
molybdenum compositions had to be reduced. 

It was felt that a systematic survey of these cast chromium- 
molybdenum steels was desirable, in order to establish the trends 
in their various physical properties, thermal characteristics, hard- 
enability and weldability, as affected by modifications in their con- 
stitutional variables. The present paper describes the authors’ 
contribution to this problem. 

An extensive general bibliography on chromium-molybdenum 
steels was previously (5, 6) given. One appended to this paper 
(37-51) brings the latter up to date. No attempt was made to include 
in the present piece of work either high temperature creep resistance 
or graphitizing susceptibility, both of which are being studied. 


EXPERIMENTAL PROCEDURE 


The preparation, processing and testing of the experimental 
steel compositions were the same as described in the authors’ pre- 
vious publications (1-6). A series of melts was made in a 200- 
pound high frequency electric furnace, using low carbon steel scrap 
as raw material and conventional melting and deoxidizing technique. 
Each heat was killed by the addition of about 2 pounds of aluminum 
per ton, tapped into a 250-pound-capacity ladle and cast into (a) 
keel coupon blocks and (b) welding plates, using green sand molds. 

These steels (Table I) are divided into five groups: those con- 
taining 0.4, 0.7, 1.25, 2.0 and 3.0% chromium. Within each group 
three carbon levels were used: under 0.1%, about 0.15% and about 
0.30% carbon. Each chromium-carbon combination was repeated 
with several molybdenum levels, as follows: 


0.4% chromium group ............ 0.4 and 0.6% molybdenum 
0.7% chromium group ............ 0.4, 0.6 and 0.8% molybdenum 
1.25% chromium group ........... 0.5 and 0.8% molybdenum 
2.0% chromium group ............ 0.5 and 0.8% molybdenum 
3.0% chromium group ............ 0.5 and 0.8% molybdenum 


Coupon blocks and welding plates belonging to 0.4, 0.7 and 
1.25% chromium groups were heat treated by normalizing from 
1750 °F (955°C) and drawing at 1250°F (675°C). Those from 





Serial 
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2.0 and 3.0% chromium groups were heat treated by normalizing 
from 1750 °F (955 °C), air quenching from 1600 °F (870°C) and 
drawing at 1250°F (675°C). 


Nominal 
———Composition——~ 
Cr Mo Cc 
0.40 0.40 0.10 
max. 
0.40 0.60 0.10 
max. 
0.40 0.40 0.15 
0.40 0.60 0.15 
0.40 0.40 0.30 
0.40 0.60 0.30 
0.70 0.40 0.10 
max. 
0.70 0.60 0.10 
max. 
0.70 0.80 0.10 
max. 
0.70 0.40 0.15 
0.70 0.60 0.15 
0.70 0.80 0.15 
0.70 0.40 0.30 
0.70 0.60 0.30 
0.70 0.80 0.30 
1.25 0.50 0.10 
max. 
1.25 0.80 0.10 
max. 
1.25 0.50 0.15 
1.25 0.80 0.15 
1.25 0.50 0.30 
1.25 0.80 0.30 
2.00— 0.80 0.05 
3356 
2.00— 0.50 0.10 
2.25 
2.00— 0.80 0.10 
2.25 
2.00—- 0.50 0.15 
2.25 
2.00— 0.80 0.15 
2.43 
2.00— 0.80 0.20 
2.25 
2.00— 0.50 0.30 
2.25 
2.00-— 0.80 0.30 
2.25 
3.00 0.50 0.10 
max. 
3.00 0.80 0.10 
max. 
3.00 0.50 0.15 
3.00 0.80 0.15 
3.00 0.50 0.30 
3.00 0.80 0.30 
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Si 
0.30 
0.27 
0.34 
0.42 
0.39 
0.53 
0.26 
0.26 
0.35 
0.42 
0.46 
0.42 
0.49 


0.48 
0.42 


0.32 
0.36 
0.43 
0.46 


0.46 
0.50 


0.38 
0.33 
0.38 
0.38 
0.46 
0.44 
0.47 
0.41 


0.33 
0.41 


0.42 
0.48 
0.53 
0.51 


Table I—Part One 
Low Chromium-Molybdenum Steels 


Mn 
0.26 
0.25 
0.66 
0.73 


0.64 
0.90 


0.30 
0.35 
0.39 
0.70 
0.85 
0.47 
0.83 


0.62 
0.79 


0.35 
0.34 
0.61 
0.76 


0.66 
0.82 


0.38 
0.36 
0.45 
0.58 
0.70 
0.62 
0.65 
0.76 


0.35 
0.44 


0.65 
0.74 
0.68 
0.80 





0.013 
0.012 
0.026 
0.028 


0.025 
0.034 


0.021 
0.018 
0.026 
0.027 
0.030 
0.032 
0.034 


0.038 
0.038 


0.026 
0.038 
0.034 
0.032 


0.027 
0.045 


0.023 
0.021 
0.022 
0.022 
0.036 
0.031 
0.030 
0.027 


0.018 
0.030 


0.024 
0.035 
0.040 
0.043 


Coupon blocks were used for 


Chemical Analysis 
P 2s 


0.022 
0.023 
0.023 
0.026 


0.022 
0.026 


0.018 
0.022 
0.024 
0.022 
0.024 
0.027 
. 0.021 


0.018 
0.024 


0.021 
0.011 
0.019 
0.021 


0.021 
0.027 


0.009 
0.023 
0.011 
0.036 
0.025 
0.021 
0.023 
0.018 


0.020 
0.010 


0.034 
0.025 
0.056 
0.025 
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Ni Cr Mo 
0.06 0.03 0.37 0.37 
0.06 0.10 0.54 0.60 
0.15 0.09 0.47 0.40 
0.16 0,08 0.49 0.67 
0.29 0.03 0.43 0.34 
0.32 0.02 0.51 0.66 
0.05 0.03 0.51 0.45 
0.04 0.03 0.57 0.62 
0.05 0.05 0.71 0.75 
0.16 0.10 0.75 0.43 
0.18 0.10 0.80 0.67 
0.14 0.06 0.70 0.80 
0.29 0.03 0.73 0.42 
0.32 0.03 0.67 0.61 
0.27 0.05 0.72 0.76 
0.06 0.03 1.21 0.52 
0.06 0.10 1.17 0.76 
0.16 0.03 1.34 0.51 
0.13 0.05 1.32 0.81 
0.29 0.03 1.32 0.52 
0.26 0.05 1.13 0.81 
0.03 0.05 2.20 0.84 
0.07 0.03 1.88 0.50 
0.09 0.05 2.30 0.79 
0.15 0.08 1.93 0.51 
0.16 0.05 2.24 0.78 
0.19 0.05 2.31 0.85 
0.30 0.03 2.10 0.48 
0.28 0.05 2.18 0.80 
0.04 3.15 0.51 
0.06 0.05 2.92 0.79 
0.16 0.10 2.53 0.49 
0.16 0.05 2.88 0.78 
0.29 0.08 3.25 0.54 
0.28 sak 3.35 0.80 


tensile? and Charpy impact* testing. The latter was performed: (a) 
at room temperature, (b) at —25 °F (—32 °C) and (c), some selected 
compositions, at 1000 °F (540 °C). Cast plates were used for welding 


2Standard 0.505-inch diameter, 2-inch gage length. 
%Standard Charpy test bar with keyhole notch. 
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Table I—Part Two 
Low Chromium-Molybdenum Steels 





Hardness of 




















Dilatometer 
Speci- Physical Properties (Parent Metal) 
——mens— Tensile Properties Charpy Impact 
Se- 5-Hr. Air M.E. Hard- Resistance, Heat 
rial Cool Cool T.S. Tare P.L. B.S. El. R.A. psi ness Ft-Lbs. Treat- 
No. VPN VPN psi psi psi psi % % X10° Y.R. VPN R.T. 1000°F -—25°F ment 
1 108 115 52,800 30,000 37,600 151,600 43.0 78.0 31.9 0.57 116 3=61.5 57.0 ) 
2 111 122 54,500 32,500 33,500 171,700 44.0 79.0 29.6 0.60 120 61.8 49.3 
3 144 176 72,800 48,000 49,000 144,100 33.5 63.0 35.8 0.66 i151 43.3 24.0 
1 158 207 80,500 56,000 56,500 159,900 31.0 64.5 29.3 0.70 177 30.0 24.0 7 
175 215 84,300 55,500 57,000 140,900 28.0 52.0 32.2 0.66 165 34.8 20.5 ° 
199 319 101,000 73,500 74,500 156,500 22.0 49.5 30.7 0.73 225 23.5 16.5 3 
106 118 51,500 24,800 23,000 142,000 42.5 74.0 32.5 0.48 117 60.8 56.8 - 
104 116 52,500 28,000 30,000 138,600 43.0 76.0 29.5 0.53 118 64.0 58.5 ~ 
114 128 53,000 28,000 24,000 114,200 40.8 72.0 32.3 0.53 117 §=62.3 35.5 53.8 3 
158 199 80,500 55,300 53,000 132,400 27.0 56.5 31.3 0.69 175 34.5 22.8 ng 
171 274 92,800 69,500 63,500 152,900 25.0 56.0 33.6 0.75 205 25.5 15.3 -° 
159 216 76,300 59,500 47,000 133,300 30.5 61.0 31.7 0.78 162 31.0 25.8 25.8 = 
185 289 99,800 75,000 67,000 154,600 23.0 50.0 32.2 0.75 218 29.0 17.8 = 
‘ 189 294 100,800 75,300 74,500 168,000 23.5 52.5 28.5 0.75 222 23.5 17.3 
184 309 102,800 78,800 62,000 158,300 22.0 49.0 31.7 0.77 223 24.3 23.5 16.3 ne 
wn 
119 128 56,500 32,800 33,500 163,100 41.2 74.5 32.1 0.58 130 60.8 55.8 S 
114 136 57,800 29,500 27,000 120,900 34.8 70.7 30.4 0.51 128 42.8 31.3 25.5 "_ 
; 154 215 82,000 53,000 52,500 136,300 27.5 60.5 31.0 0.65 177 36.3 23.5 
‘ 179 281 84,000 50,300 49,500 151,700 28.0 61.0 31.1 0.60 182 31.3 20.3 24.5 
’ 193 315 104,800 77,000 73,000 165,700 27.5 50.5 30.8 0.74 225 28.0 17.0 } 
4 258 354 115,500 94,000 84,500 165,200 17.0 45.0 32.5 0.82 244 26.3 20.3 17.8 
a 108 116 51,300 23,800 22,000 122,500 43.5 75.5 30.1 0.47 106 59.3 42.0 52.5 
4 115 126 57,000 29,300 30,500 159,400 42.0 76.0 28.1 0.52 124 63.3 62.0 
3 128 242 67,800 39,500 40,500 142,500 33.8 70.0 31.1 0.58 141 41.8 27.3 33.0 —'7 
156 228 84,800 58,500 55,000 165,400 27.5 64.0 28.0 0.69 182 36.8 20.5 4 £ 
; 218 366 87,600 58,500 58,700 168,400 27.0 63.5 32.2 0.67 189 29.5 23.0 23.5 S3 
e 258 397 93,500 58,500 49,000 152,800 26.3 55.5 30.9 0.63 202 35.5 24.8 21,3 7. 
§ 256 421 110,300 83,000 78,000 175,000 21.0 50.0 31.0 0.76 240 30.3 20.3 ponte 
& 409 450 132,000 108,000 91,000 175,100 16.0 38.5 31.2 0.82 298 23.8 21.5 17.3 9 3 
4 118 139 58,300 96,300 24,000 162,000 40.5 77.0 31.5 0.45 121 62.3 62.5 mw 
115 183 61,300 30,300 29,500 160,000 39.0 75.0 31.2 0.50 124 57.0 34.8 $2.3 S> 
; 154 351 97,800 74,000 69,000 178,400 23.5 61.0 32.3 0.76 212 34.8 23.0 2D 
g 218 366 85,000 68,300 59,000 162,000 27.5 61.5 32.0 0.80 193 33.5 24.8 37.3 =" 
* 413 488 115,300 98,000 87,000 182,000 21.5 51.5 264 0.85 248 31.8 21.8 
4 455 488 125,000 99,800 85,500 184,200 23.8 52.0 32.8 0.81 278 31.0 27.5 19.5 ) 








experiments and subsequent testing, which will be described separately. 
All these compositions were subjected to dilatometric thermal analysis. 

Test results are compiled in Table I. They include (a) nominal 
compositions, (b) chemical analyses, (c) hardnesses of the dilatom- 
eter samples, (d) tensile, impact and hardness data, and (e) test 
data in connection with the weld assemblies. It may be noted that 
the minor elements (silicon, manganese, sulphur and phosphorus) 
are reasonably uniform. Chromium, molybdenum and carbon vary 


(within an experimental error) as previously specified, thus permit- 
ting certain observations to be made. 


THERMAL ANALYSIS AND MICROEXAMINATION 


All experimental steels were subjected to thermal analysis, 
using a self-recording differential dilatometer. In each case a speci- 
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Table I—Part Three 
Low Chromium-Molybdenum Steels 





Physical Properties (Welded Assemblies — “‘As Welded’’) 








Charpy 
Impact 
—————————Teensile Properties Resistance, Heat 
Serial TS. Tz. B.S. El. R.A, -———Ft-Lbs._—._ Treat- 
No. psi psi psi % % MR: R.T. 1000°F ment 
1 57,200 36,200 134,500 27.0 75.3 0.63 52.0 38.3 ) 
2 58,300 38,800 138,800 23.5 73.0 0.67 53.8 33.0 
3 75,300 51,100 128,100 16.5 56.0 0.68 43.3 21.0 
4 81,700 59,900 126,400 15.0 45.0 0.73 30.5 21.0 
5 86,700 58,800 140,500 17.5 48.5 0.68 28.8 17.8 Zz 
6 92,500 72,000 180,300 14.5 58.5 0.78 22.8 17.0 - 
7 55,300 38,100 136,300 24.5 74.5 0.69 49.0 28.8 
8 56,000 41,100 141,000 24.5 75.0 0.73 46.8 27.5 ae 
9 57,800 49,500 137,200 19.5 70.0 0.86 35.8 19.5 wm 
10 87,300 64,800 145,000 16.0 50.0 0.75 21.0 21.8 . 
11 93,800 72,300 173,200 16.0 54.5 0.77 27.5 22.0 =) 
12 82,000 61,300 139,300 17.0 52.0 0.75 32.8 20.8 
13 104,600 72,600 162,300 15.5 44.0 0.70 26.0 20.5 v 
14 105,600 78,200 147,700 13.5 35.0 0.74 24.3 19.3 . 
15 102,000 81,300 130,000 10.0 21.5 0.80 20.3 18.5 P 
16 59,800 43,000 140,900 23.0 72.0 0.72 38.8 30.8 S 
17 62,800 45,800 110,800 18.0 51.5 0.74 37.3 16.8 ns 
18 > 
19 91,000 75,400 140,800 15.8 45.0 0.84 29.8 25.8 
20 108,500 80,300 136,500 12.3 28.5 0.74 22.8 19.8 
21 90,000 74,000 130,000 14.5 50.0 0.83 25.3 19.3 
22 56,400 40,900 161,700 23.0 75.0 0.73 45.3 33.0 ) 
23 63,300 43,300 150,500 22.3 73.5 0.69 45.3 32.3 | 
24 75,000 55,000 157,200 19.0 65.0 0.73 36.0 23.8 7 
25 81,000 52,800 160,900 17.0 60.3 0.66 22.8 22.3 Se 
26 90,000 75,000 128,700 13.0 36.5 0.83 30.0 19.5 °3 
27 98,000 84,000 138,200 6.0 30.5 0.86 31.8 27.8 =" 
18 114,000 86,300 ~°151,500 9.0 27.5 0.76 13.8 19.5 ~ 
29 * 106,400 80,700 142,600 11.0 36.5 0.76 21.5 23.5 v S 
30 60,500 43,000 145,600 25.3 73.3 0.71 39.5 29.8 eae 
31 64,200 46,100 151,600 18.5 67.5 0.72 Re 18.0 s> 
32 90.800 65,300 162,900 15.0 55.0 0.72 25.3 22.5 2D 
33 32.3 23.0 =. 
34 128,200 97,300 154,100 ia 18.0 0.68 17.0 18.3 | 
35 107,500 88,900 126,000 pe) 22.0 0.64 23.0 27.3 ) 





men* was heated in vacuum to 1830 °F (1000 °C) in 2 hours, and 
then cooled to room temperature while enclosed in a _ porcelain 
vacuum tube (a) in 5 hours® and (b) “in air”.® 

The dilatometer curves are compiled in Figs. 1 and 2 for the 
0.4 and 0.7% chromium groups, in Figs. 3 and 4 for the 1.25 and 
2.0% chromium groups, and in Figs. 5 and 6 for the 3.0% chromium 
group. Moreover, Figs. 1, 3 and 5 are the curves obtained on slow 
cooling (5 hours) and Figs. 2, 4 and 6 are those obtained on more 
rapid cooling (“in air”). The chemical analysis and final Vickers 
hardness of each specimen are given adjacent to the corresponding 
curve in each of the above figures. Within each chromium group, 

450 millimeters long and 4 millimeters in diameter. 


5An average cooling rate of 3.2°C (5.8°F) per minute. 
®An average cooling rate of 50°C (90°F) per minute. 
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Fig. 1—Thermal Curves of Carbon-Molybdenum Steels Containing 
Veelsan Amounts of Chromium and Carbon. (Slow cooling rate.) 


dilatometer curves are divided into either two (for 0.4, 1.25, 2.0 and 
3.0% chromium) or three (for 0.7% chromium) subgroups, accord- 
ing to the molybdenum contents. Within each subgroup they are 
arranged according to the increasing carbon. 

After the completion of the thermal cycle, each dilatometer 
specimen was subjected to microexamination. 

0.4% Chromium Group (Figs. 1 and 2)—Thermal sluggishness 
of this low chromium group increases with increasing carbon and 
molybdenum. With the slow cooling rate, this increase is hardly 
noticeable and the resultant microstructures are predominantly 
normal pearlite and ferrite. Slight traces of a suppressed trans- 
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Fig. 2—-Thermal Curves of Carbon-Molybdenum Steels Containing 
Velo Amounts of Chromium and Carbon. (Rapid cooling rate.) 


formation product can be observed in Serial Nos. 4 and 6, contain- 
ing about 0.6% molybdenum and 0.16 and 0.32% carbon respec- 
tively, as shown in Fig. 7. 

With more rapid cooling (in air), the increase in thermal slug- 
gishness is quite pronounced. A split transformation already can be 
observed in Serial No. 3 (Fig. 2), containing 0.40% molybdenum 
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Fig. 3—Thermal Curves of Carbon-Molybdenum Steels Containing 
Various Amounts of Chromium and Carbon. (Slow cooling rate.) 


and 0.15% carbon. Product of the suppressed transformation can 
readily be seen in the resultant microstructure (Fig. 8). However, 
transformation is completely suppressed only in Serial No. 6, when 
molybdenum content increases to 0.66%, and carbon to 0.32%. The 
resultant structure is composed entirely of bainite (Fig. 9). 

0.7% Chromium Group (Figs. 1 and 2)—Increase in thermal 
sluggishness in this group of steels follows the same general pattern 
as in the preceding one but, due to higher chromium, is slightly 
more pronounced. 

On slow cooling, partial suppressed transformation makes its 
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Fig. 4—Thermal Curves of. Carbon-Molybdenum Steels Containing 
Various Amounts of Chromium and Carbon. (Rapid cooling rate.) 


appearance in Serial No. 11, containing 0.67% molybdenum and 
0.18% carbon, the structural product of which can be seen in the 
photomicrograph, Fig. 11. None of the steels of this group have 
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their transformations completely suppressed by slow cooling. 

On rapid cooling, transformation is split in Serial No. 10, con- 
taining 0.43% molybdenum and 0.16% carbon, the structure of 
which (Fig. 10) contains a considerable amount of the suppressed 
transformation product. In the above-mentioned Serial No. 11, rapid 
cooling suppresses the transformation almost completely. Photo- 
micrograph, Fig. 12, illustrating the “rapidly cooled” structure of 
this sample, displays a small amount of ferrite, formed at the upper 
transformation temperature, in a bainite matrix formed at the lower 
transformation temperature. When transformations are suppressed, 
as in Serial Nos. 14 or 15 (Fig. 2), the resultant structures are 
completely bainitie and quite similar to that of Fig. 9. 

1.25% Chromium Group (Figs. 3 and 4)—In this group, ther- 
mal sluggishness, due to still higher chromium, progresses still 
further. Of some interest is Serial No. 20, containing 0.52% molyb- 
denum and 0.29% carbon, which on slow cooling has only a small 
portion of its transformation suppressed, but on rapid cooling all 
of it has been suppressed. The resultant microstructure, formed on 
slow cooling, displays (Fig. 13) ferrite and pearlite plus small 
amounts of the suppressed transformation product, while that formed 
on rapid cooling (Fig. 14) is completely bainitic. Serial No. 21 
(0.81% molybdenum, 0.26% carbon), the principal compositional 
difference of which, as compared to Serial No. 20, is higher molyb- 
denum, has its transformation on slow cooling (Fig. 3) split in two 
about equal parts. Consequently, its structure (Fig. 15) is composed 
of ferrite formed at the upper, and bainite formed at the lower 
transformation temperature. (Compare photomicrographs, Figs. 13 
and 15.) | 

The tentative ASTM composition, Grade WC6 (1.0 to 1.5% 
chromium, 0.4 to 0.6% molybdenum, 0.2% carbon max.) recom- 
mended for the service in the temperature range of 850 to not over 
1000 °F (455 to 540°C) (36) falls within the compositional 
variations of this group of steels. 

2% Chromium Group (Figs. 3 and 4)—This group is of interest 
because the tentative ASTM composition, Grade WC9 (2 to 3% 
chromium, 0.8 to 1.1% molybdenum, 0.2% carbon max.) (36) 
recommended for superheated steam service at temperatures of 1000 
to not over 1100 °F (540 to 595 °C) falls within its compositional 
variations. Therefore, this chromium group covers one more carbon 
variation than the other groups. 
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Fig. 5—Thermal Curves of Carbon-Molybdenum Steels Containing 
Various Amounts of Chromium and Carbon. (Slow cooling rate. 


On slow cooling, transformation is almost completely suppressed 
only in Serial No. 29 (containing 0.80% molybdenum and 0.28% 
carbon). In Serial No. 28, which has almost the same composition, 
except that its molybdenum content is only 0.48%, most of the 
transformation occurs at a high temperature. On rapid cooling, all 
steels of this group, except of the two containing very low carbon . 
(Serial Nos. 23 and 22), have their transformations either partially 
or fully suppressed. 
The two low carbon steels (Serial Nos. 23 and 22), however, 
on rapid cooling or slow cooling display small amounts of a con- 
stituent with martensitic pattern, as shown in photomicrograph, Fig. 
16. Very similar structures have been described by the authors in 
connection with chromium-free low carbon, high silicon (3) and 
vanadium-bearing (4) cast steels. Even though the “martensitic” 
constituent of Fig. 16 is undoubtedly a suppressed transformation 
product, its appearance (because of very small amounts) is not 
reflected in the cooling branches of the corresponding dilatometer 
curves (Serial Nos. 23 and 22, Figs. 3 and 4). 
In the steel, Serial No. 24 of this group, containing 0.09% 
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Fig. 6—Thermal Curves of Carbon-Molybdenum Steels Containing 
Various Amounts of Chromium and Carbon. (Rapid cooling rate.) 


carbon (Fig. 4), transformation on rapid cooling is almost com- 
pletely suppressed and the resultant structure (not shown) is quite 
similar to that of Fig. 15, except that in the present case the product 
of suppressed transformation (bainite) is more abundant. 

The three steels with still higher carbon contents (Serial Nos. 
27, 28 and 29), containing 0.19, 0.30 and 0.28% carbon respectively 
(Fig. 4), on rapid cooling have their transformations suppressed. 
Their resultant structures, illustrated by Fig. 17, are bainitic with, 
perhaps, some martensite. At any rate, their hardnesses, obtained 
by this cooling rate, are quite high (397, 421 and 450 VPN 
respectively ). 

3% Chromium Group (Figs. 5 and 6)—What has been said 
about the 2% chromium group applies equally well to the present 
case, except that the thermal sluggishness, due to higher chromium, 
is still higher. On slow cooling, the two low carbon compositions 
(Serial Nos. 30 and 31) do not have any suppressed transformations. 
The intermediate carbon, lower molybdenum steel (Serial No. 32) 
does not have any suppressed transformations either, but a similar 
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Figs. 7, 8, 9—0.4% Chromium Group. 


Fig. 7—Serial No. 4. 0.49% chromium, 0.67% molybdenum, 0.16% carbon. Slowly 
cooled. Etched in nital. x 200. 


Fig. 8—Serial No. 3. 0.47% chromium, 0.40% molybdenum, 0.15% carbon. Rapidly 
cooled. Etched in nital. X 200. 


Fig. 9—Serial No. 6. 0.51% chromium, 0.66% molybdenum, 0.32% carbon. Rapidly 
cooled. Etched in nital. X 500. 


one with higher molybdenum (Serial No. 33) has its transformation 
split. The two higher carbon steels (Serial Nos. 34 and 35) have 
their transformations suppressed. 

On rapid cooling, only the low carbon, low molybdenum steel 
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Figs. 10, 11, 12—0.7% Chromium Group. 


Fig. 10—Serial No. 10. 0.75% chromium, 0.43% molybdenum, 0.16% carbon. Rapidly 


cooled. Etched in nital. 500. 
Fig. 11—Serial No. 11. 0.80% chromium, 0.67% molybdenum, 0.18% carbon. Etched 


in nital. Slowly cooled. x 500. 
Fig. 12—Serial No. 11. 0.80% chromium, 0.67% molybdenum, 0.18% carbon. Etched 


in nital. Rapidly cooled. X 200. 


(Serial No. 30) has no suppressed transformations. A similar com- 
position with higher molybdenum (Serial No. 31) has its trans- 
formation split. The intermediate and high carbon steels (Serial 
Nos. 32, 34, 33 and 35) have their transformations suppressed. 
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Figs. 13, 14, 15—1.25% Chromium Group. 


Fig. 13—Serial No. 20. 1.32% chromium, 0.52% molybdenum, 0.29% carbon. 
Slowly cooled. Etched in nital. X 500. 

Fig. 14—Serial No. 20. 1.32% chromium, 0.52% molybdenum, 0.29% carbon. 
Rapidly cooled. Etched in nital. X 500. 

Fig. 15—Seriai No. 21. 1.13% chromium, 0.81% molybdenum, 0.26% carbon. 


Slowly cooled. Etched in nital. X 500. 


In some of them, like Serial No. 34 or 35, this resulted in quite 
high hardness, such as 488 VPN (Fig. 6). The subsequent micro- 
structure (Fig. 18) is predominantly martensitic. 
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Figs. 16, 17—2.0% Chromium Group. 
Fig. 16—Serial No. 22. 2.20% chromium, 0.84% molybdenum, 0.03% carbon. 
Slowly cooled. Etched in nital. X 500. 
Fig. 17—Serial No. 27. 2.31% chromium, 0.85% molybdenum, 0.19% carbon. 
Rapidly cooled. Etched in nital. X 500. 


PHYSICAL PROPERTIES 


Table I presents physical properties (tensile, impact and hard- 
ness) of all of the experimental steels. Each numerical figure is 
an average of two or more tests. Fig. 19 is a graphic representation 
of all these data, as functions of chromium content. It is divided 
into three parts: for low (0.04 to 0.08% carbon), intermediate (0.13 
to 0.18% carbon) and high (0.28 to 0.32% carbon) carben contents. 
In each part the effect of chromium is extended to 9% chromium, 
using the authors’ old, already published (5) data. The new data 
are indicated by points. Since molybdenum has a relatively small 
effect on any of the physical properties, each point is an average 
of two or more numerical values, representing various molybdenum 
contents in Table I. 

The hardnesses of the slowly (“VPN 5-hour cool”) and rapidly 
(“VPN air cool”) cooled dilatometer samples are also included in 
the three sections of the above graph. 

The new data (up to 3% chromium) will now be discussed, 
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Fig. 18—3.0% Chromium Group. Serial No. 35. 3.35% 
chromium, 0.80% molybdenum, 0.28% carbon. Rapidly cooled. 
Etched in nital. > 500. 


separately for each one of the three carbon levels, as affected by 
the increase in chromium content. 

0.04 to 0.08% Carbon (Fig. 19)——The tensile strength has a 
slight tendency to increase. Yield point, proportional limit, yield 
ratio, elongation and reduction of area decrease to some extent. 
Breaking strength first decreases, then increases. The room temper- 
ature impact resistance tends to decrease, while the impact resistance 
at —25°F (—32°C) first increases, then decreases. There is 
practically no difference between the hardness of (a) slowly cooled 
dilatometer samples, (b) rapidly cooled dilatometer samples, and 
(c) heat treated test bars. This means that this group of low carbon 
steels has low thermal sluggishness and hardenability. 

0.13 to 0.18% Carbon (Fig. 19)—Tensile strength and yield 
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Fig. 19—Effect of Chromium on Physical Properties of Carbon-Molybdenum Steels. 


point increase with chromium; however, proportional limit remains 
nearly constant. Yield ratio first drops, then goes up. Elongation, 
reduction of area and impact resistance (at room temperature as 
well as at —25 °F (—32 °C) decrease slightly. Hardness of slowly 
cooled dilatometer samples and of the heat treated test bars rises 
slightly, while that of the rapidly cooled dilatometer samples increases 
quite rapidly. This means that these steels are characterized by 
rather strong thermal sluggishness and air hardenability, which 
particularly applies to the higher chromium compositions. 

0.28 to 0.32% Carbon (Fig. 19)—Tensile strength, yield point, 
proportional limit and breaking strength increase very rapidly. 
Elongation and reduction of area decrease to some extent. Impact 
resistance (both, at room temperature and at —25°F (—32 °C) 
remains practically constant. Hardnesses of slowly as well as of 
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Fig. 20—Hardness Distribution Across the Weld and the Affected Zone in 0.4% 
Chromium-Molybdenum Steels. 





rapidly cooled dilatometer samples rises very rapidly, which signifies 
a strong thermal sluggishness and air hardenability. Hardness of 
heat treated test bars first follows that of slowly cooled dilatometer 
samples, but then, at about 3% chromium, drops ’way behind the 
latter. This is an indication that this type of steel is so thermally 
sluggish that it will remain quite hard even after slow cooling from 
the austenitic state. 

By comparing the three sections of the graph (Fig. 19), it might 
be concluded that carbon strongly increases tensile strength, yield 
point, proportional limit and hardenability, at the same time reducing 
elongation, reduction of area and impact resistance. Nevertheless, 
the properly heat treated, cast 0.4 to 3.0% chromium steels, con- 
taining 0.4 to 0.8% molybdenum and 0.13 to 0.18% carbon, have a 
tensile strength of about 80,000 to 90,000 psi, yield point 40,000 to 
70,000 psi, elongation 25 to 35%, reduction of area 60 to 65%, 
hardness under 200 VPN and impact resistance 30 to 45 foot-pounds 
Charpy. Moreover, their air hardenability (particularly that of 
higher chromium composition), even though rather strong, is not 
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Fig. 21—Hardness Distribution Across the Weld and the Affected Zone in 0.7% 
Chromium-Molybdenum Steels. 
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excessive. Lower carbon steels might have low strength, while 
higher carbon ones are definitely strongly air hardenable. 


WELDING EXPERIMENTS 


Each composition listed in Table I was cast into 7%-inch thick 
pairs of welding plates,’ all of which were heat treated, as previously 
specified. They were prepared for welding by machining one edge 
of each to form a standard ASA “U” bevel. Each pair of plates 
of the same composition was then welded together by the metal arc 
process, using coated steel electrodes which gave weld deposits of 


For description of the plates, see Reference 2. 
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Fig. 22—Hardness Distribution Across the Weld and the Affected Zone in 1.25% 
Chromium-Molybdenum Steels. 


the following approximate composition (as determined by an analysis 
of the third and fourth layers of a five-layer pad) : 


Si Mn S P Cc Cr Mo 

0.20 0.40 0.028 0.026 0.06 0.54 0.51 for 0.4% Cr-—0.5% Mo steels 

0.14 0.37 0.024 0.018 0.09 0.96 0.50 for 0.7% Cr-0.4 to 0.8% Mo steels 
and 1.25% Cr-0.5 to 0.8% Mo steels 

0.39 0.42 #&0.015 0.021 0.08 2.20 0.48 for 2% Cr-—0.5 to 0.8% Mo steels 


and 3% Cr-0.5 to 0.8% Mo steels 


Standard tensile* and Charpy impact® bars were machined from 
the welds which had not been given any stress relieving treatment.*® 
In the former, the weld and the affected zone were left between the 
gage marks. In the latter, the keyhole notch was cut through the 
weld metal to the fusion line in an attempt to. force the break in 
the heat-affected zone adjacent to the weld, as explained in a pre- 
vious paper (2). All of these test pieces were subjected to physical 
testing, and the resultant data (average numerical vaiues of two 
or more tests) are recorded in Table I. 

From each weld, two strips (34 by % by 10 inches) were cut 


82-inch gage, 0.505-inch diameter. 
®*Keyhole notch. 
Tensile (Nos. 18 and 33) and impact tests (No. 18) were not made (Table I). 
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, big. 23—Hardness Distribution Across the Weld and the Affected Zone in 2.0 
to 2.25% Chromium-Molybdenum Steels. 





and used for side bend tests: one ‘‘as welded”, and the other stress- 
relieved at 1250°F (675°C). Each weld was also subjected to 
hardness distribution studies, across the weld and the affected zones: 
(a) “as welded” and (b) stress-relieved at 1250 °F (675 °C). 


Tensile and Impact Testing 


From Table I it can be judged that physical properties of the 
weld assemblies are not very different from those of the parent 
metals. The greatest differences appear to be in the yield point 
values which are higher in the weld assemblies. Elongation, reduc- 
tion of area and impact resistance, in general, are somewhat lower. 

In view of the fact that these tests were performed on samples 
in the “as-welded” condition, the physical properties of the weld 
assemblies may be considered as satisfactory. However, stress 


relieving is desirable in order to eliminate internal strains and 
improve ductility. 
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As-Welded Stress Relieved at I250°F 


3.0% Cr-0.5% Mo 
0.04% C 

——==— 0.16%C 
~--= 0.29%C 
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Fig. 24—Hardness Distribution Across the Weld and the Affected Zone in 3.0% 
Chromium-Molybdenum Steels. 


Bend Tests 


Bend tests were performed on all weld assemblies, (a) 
welded” and (b) stress-relieved at 1250 °F (675°C). Longitudinal 
sections for the side bend tests were prepared in accordance with 
the American Standards Association piping code requirements and 
bent at the weld zone around a 1%-inch mandrel. Most of the 
failures occurred in the weld deposits of as-welded samples. 

In the 0.4, 0.7 and 1.25% chromium groups (Table I), slight 
cracking could be observed in the weld deposits of some of the 
“as-welded” assemblies containing low and intermediate carbon. In 
general, however, all of them performed satisfactorily and could be 
bent 180 degrees without a major failure. The high carbon assem- 
blies of the same three chromium groups were less ductile; with 
the exception of one (Serial No. 5, Table I), none could withstand 
a 180-degree bend. Stress relieving at 1250 °F (675 °C) helped the 
situation to the extent that all of the low and intermediate, as well 
as most of the high carbon assemblies, withstood a 180-degree bend 
without cracking. Only three high carbon assemblies (Serial Nos. 
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6, 14 and 20) developed cracks at less than 180 degrees. 

In the 2 and 3% chromium groups (Table 1), only the low 
carbon assemblies withstood a 180-degree bend in the “as-welded” 
condition without cracking. With the exception of Serial Nos. 25 
and 33 (Table I) all of the intermediate and high carbon assemblies 
cracked at less than 180 degrees. In the stress-relieved condition, 
all low and intermediate, as well as one high carbon assembly 
(Serial No. 28, Table I), withstood the test, while all the rest of 
the high carbon assemblies failed. 


Hardness Distribution Studies 


A cross section from a weld of each composition was subjected 
to a hardness distribution study across the weld and the heat-affected 
zone (using a Vickers pyramid hardness tester with a 30-kilogram 
load), (a) in the “as-welded” condition and (b) after stress relieving 
at 1250°F (675°C). The ten sets of the resultant hardness data 
are graphically represented in Figs. 20, 21, 22, 23 and 24 for the 
five groups of steels containing 0.4, 0.7, 1.25, 2.0 and 3.0% 
chromium respectively. These figures consist of two or three graphs, 
each of which represents a separate molybdenum level. Moreover, 
every graph contains three or more curves, each representing a 
different carbon content. 

In all cases, the hardness distribution curves rise to higher 
levels, particularly in the heat-affected zones, with the increase in 
carbon, chromium, and/or molybdenum. In general, in the low and 
intermediate carbon assemblies, the weld deposit is harder than the 
parent metal. In the high carbon assemblies, the parent metal in 
the affected zones is harder than the weld deposit (Figs. 20, 21, 22, 
24). In the 2.0% chromium group (Fig. 23), hardness of the weld 
deposit is about equal to that of the affected zones of the higher 
carbon compositions. This must be due to the fact that in this 
particular case the thermal sluggishness of the weld deposit is equal 
to that of the parent metal. 

Spot .checking of the carbon contents of some of these weld 
deposits (Serial Nos. 19, 22, 23, 24, 25, 26, 27, 28, 29, 31, Table I) 
revealed that they vary between 0.09 and 0.12% carbon, with two 
(Serial Nos. 29 and 19) being somewhat higher (0.14 and 0.16% 
respectively). However, drillings for the latter possibly were taken 
too close to the high carbon parent metal, which may account for 
the high values. 
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Stress relieving reduces the levels of the over-all hardness dis- 
tribution curves, but their relative positions remain unchanged. If 
carbon is restricted to about 0.16%, then even in the higher chro- 
mium and molybdenum compositions (Figs. 23 and 24) hardness of 
the affected zones in the “as-welded” condition does not exceed 
about 280 VPN for 2.0% and about 320 VPN for 3.0% chromium 
steels. Stress relieving at 1250 °F (675°C) reduces these figures to 
al@ 20 VPN level. 


SUMMARY 


1. Five groups of cast steels, containing 0.4, 0.7, 1.25, 2.0 and 
3.0% chromium, have been investigated. Each group consisted of 
several molybdenum levels (between 0.4 and 0.8% molybdenum), 
within each of which the carbon content varied between about 0.05 
and 0.3%. 

2. Dilatometric analysis and microexamination show that ther- 
mal sluggishness of these steels is increased by the combined effect 
of carbon, chromium and: molybdenum. 

3. None of them have any fully developed suppressed trans- 
formations with a cooling rate of 3.2°C (5.8°F) per minute, unless 
their carbon content exceeds about 0.16%. 

4. Even with a more rapid cooling rate of 50°C (90°F) per 
minute in these steels, with carbon restricted to about 0.16%, fully 
developed suppressed transformations appear only when chromium 
content reaches 2% or higher. 

5. However, even with fully developed suppressed transforma- 
tion in the above steels, hardness does not exceed about 370 VPN. 
Furthermore, microexamination reveals that the resultant transfor- 
mation product is bainitic rather than martensitic in nature. 

6. When carbon content of these steels exceeds 0.2%, and 
chromium 2%, many of them develop hardness values well over 400 
VPN, even on slow cooling, 3.2 °C (5.8°F) per minute. 

7. Increase in chromium content from 0.4 to 3%, in general, 
increases the tensile strength, yield point and hardness, but reduces 
elongation, reduction of area and impact resistance. In the very low 
carbon steels these effects are hardly noticeable (and may even tend 
to be in the opposite direction), but become more and more pro- 
nounced with carbon increasing to about 0.3%. Molybdenum, in the 
amounts of 0.4 to 0.8%, has practically no effect on room temper- 
ature properties. 
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8. Welding of all of these compositions by the metal arc proc- 
ess, employing heavy coated electrodes, did not present any partic- 
ular difficulties with respect to cracking or voids in the weld deposits. 
However, obtaining satisfactory ductility associated with a sufficiently 
low hardness in the heat-affected zones becomes more of a problem 
as the molybdenum, chromium and particularly carbon contents are 
increased. 

9. When carbon content exceeds about 0.2%, the heat-affected 
zones of even low chromium as-welded assemblies are quite hard 
and not particularly ductile, which might result in weld cracks. 

10. High hardness and low ductility can be corrected by a 
suitable stress relieving heat treatment [1250°F (675°C) for 
2 hours]. 

11. This work substantiates the already existing opinion that 
when chromium content in this type of steels exceeds about 1%, the 
carbon content should be restricted to about 0.20% max. and prefer- 
ably even lower, to insure a low degree of thermal sluggishness 
associated with satisfactory physical properties. When chromium 
content is under 1%, higher carbon contents can be tolerated. 

12. This paper establishes certain trends in physical properties 
and thermal behavior of low chromium-molybdenum steels, which, 
it is hoped, might be of help to the steel casting industry and to 
the consumers of its products. 

13. No attempt is being made to recommend any definite com- 
position for a specific application. | 

14. Creep resistance and graphitizing tendencies of these steels 
are being studied further. 
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DISCUSSION 


Written Discussion: By Jerome Strauss, vice-president and technical 
director, Vanadium Corporation of America, New York. 

Any contribution—experimental, practical or just the expression of 
an idea—to the solution of the problem of graphitization in welded low 
alloy steels in elevated temperature service is most welcome, and this 
paper has added considerable information that will no doubt be usable to 
foundrymen and users alike. 

It is to be hoped that the work on susceptibility to graphitization, 
even more than that on creep testing, will soon be completed and reported. 

It appears to the writer that one of the very significant contributions 
of the present experiments is the establishment of a line of demarcation 
in respect to the maximum carbon content, beyond which some difficulties 
may be encountered in the manufacture, fabrication or use of these steels 
which, naturally, should exert its influence in the preparation of specifica- 
tions. It seems important, however, to refer again, as in the case of the 
paper by these authors presented before the Society last year, to the 
importance of uniformity of composition, especially when deriving general 
conclusions. The more readily oxidizable elements contribute significantly 
to hardening capacity and every effort should be made to control them. 
Without specifically referring to the effect that the average foundryman 
would ascribe to differences in silicon of the order of two to one, it 
appears important to take cognizance of differences in manganese ranging 
from 0.25 to 0.90%. It is possible, without discarding but a very few 
heats, to hold manganese to a 0.26 or 0.25% range in induction furnaces 
of 35 pounds capacity and it should be no more difficult to do this with 
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larger units. The writer would strongly recommend that in future work 
the authors give this matter more serious consideration, because many 
will regard it as detracting from the merit of some conclusions or pre- 
venting drawing conclusions with regard to other phases of the data 
presented. 


Authors’ Reply 


The authors appreciate the comments made by Dr. Strauss. 

Work on graphitization susceptibility of these steels is being continued. 
In a few cases, some graphitization has been observed in 0.5% chromium 
steel laboratory samples after 20,000 hours at 1025°F (550°C). However, 
no graphitization has been found in any of the higher chromium steels 
under the same conditions. 

As indicated in the paper, thermal sluggishness increases in those 
steels containing over 0.5% chromium and 0.5% molybdenum, if the 
carbon content rises above about 0.15%. Tests show that carbon should be 
restricted to about 0.2%, if chromium exceeds 1%, in order to prevent 
manufacturing and welding difficulties. 

With regard to the minor or residual elements present in these steels, 
it has not béen the authors’ purpose to make experimental steels of high 
purity, but to test steels of a commercial grade within normal composi- 
tional tolerances. None of these experimental melts contain silicon in 
excess of the specified ASTM maximum of 0.6% for WC3 to WC9 steels. 
Moreover, a previous paper on the effect of silicon (3) demonstrated that 
the range used should not produce any noticeable differences in harden- 
ability or physical properties. The manganese content of some of these 
steels did exceed the 0.7% maximum in the same specifications. In all 
but one case this occurred in the high (0.30%) carbon series where its 
effect is less noticeable because of the more pronounced influence of 
carbon itself. Likewise, this variation in manganese would not have much 
effect on hardenability, which has also been shown in a previous paper 
(2). While it may appear desirable to hold the residual elements within 
the specification limits, the variations noted by Dr. Strauss would not 
have any effect on the conclusions reached. 








A QUENCH CRACKING SUSCEPTIBILITY TEST FOR 
HOLLOW CYLINDERS 


By Cyrit We ts, C. F. Sawyer, I. BRovERMAN AND R. F. MEHL 


Abstract 


A quench cracking susceptibility test developed for 
use in a study of factors affecting quench cracking in hol- 
low cylinders is described and discussed. In this test 
notched specimens 6.5 inches OD, 2.75 inches ID, and 0.5 
of an inch thick are spray-quenched in a special way, and 
a minimum depth of notch in inches required to crack 
specimens its determined. This minimum, which varies 
inversely with cracking susceptibility, is taken as an index 
of cracking susceptibility. The test is easy and cheap to 
make and has already been extensively employed in studies 
of the effect on quench cracking of (a) composition, (b) 
material at different positions in a forged ingot, (c) prior 
treatment before quenching, (d) austenitizing tempera- 
ture, (e) temperature to which quenched, and (f) a pre- 
bore quench. Preliminary data suggest the possibility of 
using the test successfully as a means of separating tubes 
which should receive a special quenching treatment to 
prevent cracking from those which are extremely unlikely 
to crack in a normal commercial quenching practice. Pos- 
sible modifications of the test to increase its range of 
usefulness are indicated. 


ESEARCH work done on gun tubes at the Carnegie Institute 
R of Technology is being reported in three series of papers cover- 
ing the subjects of Transverse Mechanical Properties in Heat 
Treated Wrought Steel Products (Series 1), Factors Affecting Steel 
Ingot Quality (Series 2), and Causes of and Remedies for Quench 
Cracking in Heat Treated Wrought Steel Products (Series 3). The 


This paper, based on work done for the Office of Scientific Research and Development 
on Contract OEMsr-1265 with the Carnegie Institute of Technology in Pittsburgh, is a 
contribution of the Metals Research Laboratory of that institute. 
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present paper is the first of Series 3 and contains a description of a 
laboratory test suitable for determining indices of quench cracking 
susceptibilities of hollow cylinders when subjected to various quench- 
ing treatments. To date two papers (1, 2)? in the first, all (3 to 9, 
inclusive) in the second, and three, the present one plus two others 
(10, 11), in the third series have been written. 

Through the use of the test reported in this paper, much has 
been learned about (a) the causes of quench cracking in hollow cylin- 
ders, (b) the relative order of importance of those causes, (c) the 
effect of each cause on the determined index of cracking suscepti- 
bility, and (d) effective remedies for reducing losses due to quench 
cracks. In addition, the test has proved to be of considerable value 
in a study of the effect of a pre-bore quench’ on the determined index 
of cracking susceptibility, and as a result much information of prac- 
tical importance to those searching for a remedy for quench cracking. 
in hollow cylinders has been accumulated. Since on a basis of the 
test it has been possible to arrange materials in order of increasing 
cracking susceptibility, the authors anticipate that reasonable esti- 
mates can now be made of which tubes (and, in many instances, 
which articles of other shapes) are the more likely to crack in a 
normal quenching practice. It is believed that graded notches such 
as used in developing the test for hollow cylinders could probably 
also be successfully used in developing cracking susceptibility tests 
specifically designed for studying quench cracks in materials of other 
shapes. 

Of the laboratory quench cracking susceptibility tests described 
in the literature, that of Maurer and Haufe (12) was used in a study 
of the genesis of micro-cracks in hardened steel, that of Udy and 
3arnett (13) was designed specifically for use in indicating relative 
quench cracking susceptibilities of a number of low alloy armor plate 
steels and in studies of the effect of certain variables such as compo- 
sition and heat treatment on quench cracking, and that of Liedholm 
(14) was designed for use in determining the effect of hydrogen on 
quench cracking. Which test or combination of tests should be used 
in a given investigation depends on the nature of the problem on hand. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
2If the inner surface of a hollow cylinder is quenched for “‘X’’ minutes just prior to 
the simultaneous quenching of both inner and outer curved surfaces, or if the inner surface 
is quenched for “X” minutes just prior to submersion of the whole cylinder in the quench- 
ing medium, the cylinder is said to have been subjected to a pre-bore quench of “X”’ min- 


utes. Obviously the value of ‘‘X’’ cannot be less than zero or more than the total quenching 
time. 
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Quench Cracking Susceptibility Test for Hollow Cylinders 


In the quench cracking susceptibility test now being considered, 
the minimum depth of notch necessary to cause a quench crack in a 
specimen consisting of a notched hollow disk is determined and is 
accepted as an index of quench cracking susceptibility. Disks are 
drastically quenched in a jig. A water spray* quickly cools the 
curved surfaces of the disk being quenched and causes practically all 
heat extracted during the quenching period to pass radially and rap- 
idly from the disk through these surfaces. The notched hollow disks 
most commonly used have an outside diameter (OD) of 6.5 inches, 
an inside diameter (ID) of 2.75 inches, and are 0.5 of an inch thick. 
Choice of 0.5-inch thick disks was arbitrary; choice of disks having 
OD and ID dimensions of 6.5 and 2.75 inches, respectively, was not 
arbitrary but was made because one major objective was to obtain 
as much quantitative information as possible about the factors respon- 
sible for the quench cracking of gun tubes having at least approxi- 
mately a cross section of 6.5 inches OD and 2.75 inches ID. In an 
effort to solve quench cracking problems involved in the heat treat- 
ment of gun tubes of other sizes, specimens of other dimensions 
have been used. Specimens as small as 4.6 inches OD, 1.6 inches 
ID, and 1 inch thick were taken from small tubes (tubes approxi- 
mately 4.8 inches OD, 1.5 inches ID, and 8 feet long), while speci- 
mens as large as 17.5 inches OD, 7.5 inches ID, and 2 inches thick 
were taken from large tubes (tubes approximately 18 inches OD, 7 
inches ID, and 17 feet long). 

Each disk contains only one notch; this notch is located (a) as 
indicated in Fig. 1 when the index of cracking susceptibility of mate- 
rial close to the inner curved surface of the disk is to be determined 
and (b) as indicated in Fig. 2 when the index of cracking suscepti- 
bility of material close to the outer curved surface is to be determined. 
The angle of the notch selected is 30 degrees and the radius of the 
root of the notch is 0.010 + 0.0005 inch (Fig. 3); preliminary 
experiments showed that angle is not critical but depth of notch is 
critical. Notch depths of 1/16, 2/16, 3/16, 4/16, 5/16, 6/16, 7/16 
and 8/16 have been used. 

A photograph of the jig* in which specimens are quenched and 


8Spray quenching was selected because it is convenient and insures good reproducibility 
of quenching treatments. 


_ ‘Specimens of standard size and smaller are quenched in this jig; specimens of larger 
size are quenched in another jig which, except for size, is quite similar to the one described 
in this paper. 


- 4 
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a section drawing of part of the jig with a specimen in it are shown 
in Figs. 4 and 5. During a quenching operation the outer curved 
surface of the specimen is less than 1/4 of an inch from the perfo- 
rated surface of the outer spray ring, and the inner curved surface 
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tara inches piri eral 


oe 


Fig. 1—Sketch of Notched Hollow Disk Used in the Determination 
of the Index of Cracking Susceptibility of Material Located Close to the 
Inner Curved Surface of the Disk. 


of the specimen is less than 1/4 of an inch from the perforated surface . 
of the inner spray ring. Both inner and outer spray rings contain 
0.043-inch diameter holes which are distributed uniformly and quite 
close together, twenty-seven per square inch. When a specimen is 
quenched in the jig, water is forced through these holes in directions 
indicated by arrows (Fig. 5). Depending on the reason for making 
a particular experiment, water is or is not sprayed simultaneously on 
both inner and outer curved surfaces of the specimen during the 
whole of a quenching period. Each spray ring has an individual 
water inlet and valve, making it possible to cause practically all heat 
extracted during quenching to flow (a) entirely through the inner 
curved surface of the disk or (b) entirely through the outer curved 
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surface of the disk. Furthermore, the ratio, I/O, where I and O 
are the amounts of heat extracted through the inner and outer curved 
surfaces, respectively, can be controlled as desired. Such control is 
of considerable importance in the search for an optimum quenching 
treatment to prevent quench cracking in hollow cylinders. 

Water available for quenching purposes' has a static pressure of 
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Fig. 2—Sketch of Notched Hollow Disk Used in the Determination 
of the Teden of Cracking Susceptibility of Material Located Close to the 
Outer Curved Surface of the Disk. 


120 psi. The dynamic pressure of the water forced through the small 
holes in the spray rings and the clearance between the spray rings 
and the disk being quenched are such as to insure a very rapid 
quench. An “H” value for a typical quench in the jig was estimated 
as 3.5 in.* from cooling curves and Russell’s tables (15) for cooling 
of plates, and an “H” value for a typical commercial quench for gun 


5No booster pump had to be used to obtain the pressure desired, so the likelihood of air 
bubbles being in the water used for quenching was reduced to a minimum. 


*It was observed that a higher dynamic pressure than that first tried did not affect 
results in quenching experiments. For this reason it was concluded that nothing would be 
gained by using a higher dynamic pressure. 


a 








ee. ee ee 


i Ree eee 





1950 QUENCH CRACKING TEST 211 


tubes was estimated to be about 1.2 in.* These values indicate that 
specimens quenched in the jig are quenched much more rapidly than 
are gun tubes quenched commercially. 

Whether rates of cooling of specimens quenched in the jig should 
be reduced depends on the purpose for which the tests are to be used. 
If the purpose in a given instance is to determine whether commer- 
cially quenched tubes from one heat are more likely to crack than are 


Radius of Root of 
Notch = 0.010 inch 





/—-+0.10 inch 


Fig. 3—Sketch of a 
Typical Notch. 


tubes from another heat, essentially the same conclusions would 
probably be reached independent of whether all specimens from tubes 
were cooled at either the faster or the slower rates referred to above. 


Procedure 


Consider now a typical procedure which involves the use of the 
test. For illustrative purposes the procedure described is that fol- 
lowed in determining the minimum depth of notch which will cause 
a quench crack in any one of the twelve standard specimens machined 
from twelve disks cut from Tube 1’ (Fig. 6) and subjected to a 
standard quenching treatment. A standard specimen has an OD 
of 6.5 inches, an ID of 2.75 inches, and a thickness of 0.5 of an inch.® 
A standard quenching treatment involves the withdrawal of heat 
simultaneously through both inner and outer curved surfaces of the 
specimen during the whole of the quenching period and at such a 


The steel in Tube 1, like that in practically all other tubes referred to in this paper, 
has, at least approximately, an SAE 4335 composition and when quenched either in the jig 
or in a commercial practice is quenched essentially to martensite. 


_ SUnless stated to the contrary, it should be assumed that all specimens referred to in 
this paper have these dimensions. 
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Fig. 4—Photograph of Quenching Jig. A—-Water valve. B—Top plate. 
spray ring. D—Specimen. E—Platen. F—Overflow tank. G—Air jack. 
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rate that in less than 2 minutes the specimen is cooled from the 
quenching temperature, usually 1500°F (815°C) or so, to below 
200 °F (93°C). The “H” value for the standard quench is believed 
to be reproducible within limits of practical significance. 

Tube 1 had an OD of 7 inches, an ID of 2.375 inches, was 
originally 12 feet long, was made of basic open-hearth steel, and had 
an SAE 4335 composition. Twelve hollow disks, 1 to 12 inclusive, 
were cut consecutively from the tube and machined to give twelve 
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=== Asbestos Sheet (above and below test piece) 
Spray Rings — Brass 
Fig. 5—Section Drawing of Part of Jig and of Specimen in the Jig. During quenching, 
water is squirted out of the spray rings in directions indicated by the arrows. 

standard specimens, each one of which was notched as indicated in 
ig. 1 before being heated at 1525°F (830°C) for 1 hour in the 
controlled atmosphere of a Lindberg furnace and subsequently 
quenched in the jig. 

After Specimen 1 containing a notch 1/4 of an inch deep had 
been austenitized, it was taken from the furnace, placed on the platen 
between asbestos gaskets, and raised into position with respect to the 
spray rings through the action of an air jack to which the platen is 
fastened (Fig. 5). Elapsed time between time of removal of speci- 
men from furnace-and time of start of quench was about 10 seconds. 
Immediately after the disk was in position and under a load of 
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about 750 pounds as a result of being squeezed between the platen 
and top plate, the inner and outer curved surfaces of the disk were 
vigorously sprayed for 2 minutes with water from both spray rings. 
At the end of 2 minutes, the specimen was removed from the jig 
and carefully examined to determine if it contained a quench crack. 


4 inches 





Fig. 6—Drawing of Tube 1 from Which 
Twelve Standard Specimens Were Machined 
for Use in the Determination of a Cracking 
Susceptibility Index Value. 


A quench crack was observed extending for some distance from the 
root of the notch. This crack appeared to lie at least approximately 
in a radial plane containing the root of the notch and the specimen 
axis (Fig. 1). Specimens 1, 2 and 3 and the quenching treatment 
they received are identical. 
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Within the limits of experimental error, each of the twelve speci- 
mens was subjected to an identical quenching treatment and subse- 
quently examined visually to see if cracks were present. Since all 
three quenched specimens—l, 2 and 3—were cracked, notches cut 
into Specimens 4, 5 and 6 were only 3/16 of an inch deep and not 
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Fig. 7—Drawing of Tube 1 from Heat 6 
Made by Company 12. Composition approxi- 
mately SAE 4335. 


1/4 of an inch deep as in Specimens 1, 2 and 3. A quench crack was 
observed in Specimen 5 but not in Specimens 4 and 6. In order to 
obtain more assurance that no cracks existed in Specimens 4 and 6, 
microscopic studies were made of unetched and etched surfaces of 
small specimens containing material around the notch. No cracks 
were observed. In fact, several studies such as this indicated that 
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if a visible crack is not observable with the unaided eye, quite prob- 
ably no crack exists at all. For this reason it has been concluded that 
the advantage gained through the use of a microscope in the search 
for quench cracks is insignificant. Furthermore, it is suspected that 
other refined techniques which might be tried would add little to 
efficiency in determining which specimens do and which do not con- 
tain quench cracks. 

After it had been observed that all three quenched specimens 
with a notch 1/4 of an inch deep were cracked and that one of the 
three quenched specimens with a notch 3/16 of an inch deep was 
cracked, Specimens 7, 8, 9, 10, 11 and 12 with notches 1/8 of an inch 
deep were subjected to the standard quench treatment. None of 
these quenched specimens contained cracks. It was concluded that 
the minimum depth of notch expected to cause cracking during a 
standard quenching operation in any one of the twelve standard 


specimens coming from Tube 1 (Fig. 6) lies between 3/16 and 1/8 
of an inch. 


Index of Cracking Susceptibility 


Quench cracking susceptibility is considered to be a property 
of material alone. The minimum tensional stress developed during 
quenching and required to cause the cracking of steels with high 
cracking susceptibility is lower than that required to cause the crack- 
ing of steels with low cracking susceptibility. While cracking sus- 
ceptibility is believed to be an inherent property of material alone, 
the determined index of cracking susceptibility is not, since this 
index varies with cracking susceptibility, specimen dimensions, and 
quenching treatment. 

Once specimen dimensions and quenching treatment have been 
fixed, one may frequently determine, rather quantitatively, the mini- 
mum notch depth needed to cause a quench crack in a given material. 
This minimum notch depth so determined is an index of cracking 
susceptibility ; when the depth is shallow, the relative cracking sus- 
ceptibility of the material is high, and conversely. As is apparent 
from data already presented, the minimum depth of notch known to 
cause quench cracks in standard specimens which came from Tube 1 
and were subjected to a standard quenching treatment is 3/16 of an 
inch; in this particular instance the index of cracking susceptibility 
is said to be 3/16 of an inch. It is also known that a notch 3/16 
of an inch deep caused only one disk to crack; perhaps this results 
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from (a) experimental error, (b) a difference between the cracking 
susceptibility of material located close to one notch and the cracking 
susceptibility of material located close to some of the other notches, 
or (c) a combination of (a) and (b). At any rate, none of the six 
quenched disks with notches 1/8 of an inch deep were cracked, and 
it appears reasonable to assume that the minimum notch depth nec- 
essary to cause a crack in material located close to the notches in 
the quenched specimens from Tube 1 is not much lower than 3/16 
of an inch. 

Normally in the determination of an index of cracking suscepti- 
bility several disks are cut consecutively from a tube. The first disk 
cut from the tube is Disk 1, which after being machined becomes 
Specimen 1; the second disk coming from the tube is Disk 2, which 
after being machined becomes Specimen 2, and so on. Decisions 
to use specimens consisting of hollow disks of fixed dimensions— 
usually of standard dimensions—and a fixed quenching treatment— 
quite frequently a standard quenching treatment—are made. A 
further decision, which may be arbitrary or based on, say, the carbon 
content of the tube, is made to cut a notch of a certain depth into 
each of Specimens 1, 2 and 3. Notch depths of 1/16, 1/8, 3/16, 7/32, 
1/4, 5/16, 3/8, 7/16 and 1/2 inch have been used.® Suppose the 
index of cracking susceptibility is to be determined for material 
located close to the inner curved surface of specimens.’® In this 
instance the notch is cut into the specimens as indicated in Fig. 1. 
Suppose a notch 1/2 inch deep is cut into each of Specimens 1, 2 and 
3 and that these notched specimens when quenched do not crack. 
In this case the index is reported as being >1/2 inch. If one, two, 
or all three of these specimens cracked, Specimens 4, 5 and 6 would 
be notched. Suppose these notches to be 7/16 of an inch deep and 
that none of these specimens crack when quenched. Under these 
conditions, the index is reported as 1/2 inch. Should the notches 
cut into Specimens 4, 5 and 6 be 3/8 instead of 7/16 inch deep and 
should none of these specimens crack when quenched, then Specimens 
7,8 and 9 would have been notched. In this instance the notch would 
be 7/16 of an inch deep. Should Specimens 7, 8 and 9 contain no 
cracks after the quenching treatment, the index again would be 
reported as 1/2 inch. The decision to use (a) a series of notch 
depths of 1/16, 2/16, and so on to 8/16 of an inch and (b) three 


*It is contemplated that in certain future determinations of indices of cracking sus- 
ceptibility, notches deeper than 1/2 inch will be cut into some specimens. 


0OTf the index were to be determined for material located close to the outer curved -_ 
face of the specimens, then the notch would be cut into the specimens as indicated in Fig. 2 
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: Table I 
Determined Indices of Cracking Susceptibility 
Notch* Index of 
Depth per Numberof Numberof Cracking 
Company Heat Tube Specimen Specimens Specimens Susceptibility 
Number Number Number inches) uenched racked (inches) 
14 22 1 ay 3 0 a 
% 3 1 % 
Pe 3 3 ee 
23 3 % 3 0 a 
i 3 2 Ps 
A, 3 3 ca 
12 1 ] ye 3 0 a 
% 3 2 % 
ts 3 3 Sie 
2 1 % 3 0 a 
vs 3 1 ts 
x% 3 3 a 
3 1 vs 3 0 si 
% 3 1 ¥% 
vn 3 3 sa 
22 1 1 % 3 0 sa 
B 3 2 vs 
4 3 3 Na 
12 4 1 3 0 - 
y 3 1 % 
5 1 \ 3 0 >% 
*Notch position in specimens was as indicated in Fig. 1. 


Dimensions of each specimen were 6.5 inches OD, 2.75 inches ID, and % inch thick. 
The quenching treatment was standard. 

Tubes were approximately 7 inches OD, 2.5 inches ID, 10 to 15 feet long with an 
SAE 4335 a, 


specimens per group appears at the moment to be reasonable in view 
of results so far accumulated. It is possible, though not yet certain, 
that smaller intervals than sixteenths and larger group sizes may 
insure greater precision in determinations of indices. Choice of 
intervals and of number of specimens per group is dictated by econ- 
omy as well as by the degree of precision needed in present investiga- 
tions. The authors have tried and hope they have succeeded in 
securing a proper balance. 

Several determined indices of cracking susceptibility for material 
located close to notches in standard specimens cut from each of a 
number of tubes are listed in Table 1; these specimens were notched 
and then subjected to a standard quenching treatment. 

The index of cracking susceptibility, already defined as the 
minimum notch depth in inches required to cause cracking, varies 
with specimen dimensions and quenching treatment. Obviously, then, 
if one determines the index of cracking susceptibility for a material 
located close to notches in standard specimens, first using a standard 
and later some other quenching treatment, one expects the two deter- 
mined indices to be different. For one material in standard speci- 


um 
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Table Il 


Determined Indices of Cracking cae Showing Degree of Reproducibility 
esults 


Index of 

Notch Depth Number of Number of Cracking 
per Specimen Specimen Specimens Specimens Susceptibility 

(inches) umber Quenched Cracked (inches) 
, 2and 3 
» Sand 6 
» 8and 9 
10, 11 and 12 
13, 14 and 15 
16, 17 and 18 


19, 20 and 21 
22, 23 and 24 
25, 26 and 27 
28, 29 and 30 
31, 32 and 33 
34, 35 and 36 
37, 38 and 39 
34, 35 and 36 
40, 41 and 42 
43, 44 and 45 
46, 47 and 48 
49, 50 and 51 
52, 53 and 54 
55, 56 and 57 


Np 


WW WW WW WW WWWwWww Wwnrwww 


Sets set abe se ehsbGhobahobis hha Noh 
CHOHONOHOOONON OWOWOwW 


Standard specimens and a standard quenching treatment were used. Specimens were 
machined from disks cut from Tube 1 (Fig. 7). Tube 1 came from Heat 6 made by Com- 
pany 12 and has approximately an SAE 4335 composition. 


mens subjected to a standard quenching treatment, the determined 
index of cracking susceptibility was 3/16 of an inch, while for 
equivalent material in standard specimens subjected to a pre-bore 
quenching treatment, the determined index was >1/2 inch. In these 
determinations notches w:re located in a position such as indicated 
in Fig. 1. In the pre-bore quenching treatment, heat was withdrawn 
radially and rapidly through the inner curved surface of the speci- 
men for 20 seconds before being withdrawn simultaneously through 
both inner and outer curved surfaces. Results obtained in pre-bore 
quenching experiments are given and discussed in a paper by Spret- 


nak and Busby (11). 


Precision and Reproducibility of Results 


If, in determinations of the minimum notch depth necessary to 
crack material located close to the notches of Specimens 1 to 5/7, 
inclusive (Table II), only notch depths varying by 1/16-inch inter- 
vals from 1/16 to 1/2 inch were used, then it would appear probable 
that no matter how many specimens may be quenched, practically 
all of them with notches 1/4 of an inch deep would crack and all 
with notches 3/16 of an inch deep would not crack, and the index 
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Table Ill 
Determined Indices of Cracking Susceptibility Showing (a) Degree of Reproducibility of 
Results and (b) Relation Between Determined Index of Cracking Susceptibility and 
Percentage of Tubes Cracked When Quenched Commercially 


Index of 
Notch Depth No. of No. of Cracking No. of No. of 
Heat Tube per Specimen Specimens Specimens Susceptibility Tubes Tubes 
No. No. (inches) Quenched Cracked (inches) Quenched Cracked 
24 1 yy 3 3 ye 
% 3 0 ‘2 
2 Me 3 3 % 
4% 3 0 i's 
3 % 3 1 % 
% 3 0 t 
4 \% 3 3 M 
% 3 0 <% 
5 M4 3 2 MY 
“AG 3 0 - 
6 4 3 2 A 
vA 3 0 re 
7 \Y 3 i \ 
i%, 3 0 s 
8 \y 3 3 4 
% 3 0 os 
9 % 3 3 “% 
A 3 0 * 21 0 
23 1 % 3 1 % 
wy 3 0 ea 
2 4% 3 3 % 
% 3 0 ig 
3 3% 3 2 3% 
% 3 0 ex 
4 % 3 1 \% 
iy 3 0 - 
5 % 3 1 % 
ba 3 0 Si 
6 uy 3 2 84, 
k% 3 0 ade 
7 ty 3 1 u% 
ly 3 0 at 
8 4 3 1 yy 
% 3 0 mo 36 7 


Standard specimens were subjected to a standard quenching treatment. Notches were 
located in specimens as indicated in Fig. 1. Tubes referred to in column 2 came from either the 
middle or top of ingots, had roughly an SAE 4335 composition, and approximate dimensions 
of 7 inches OD, 2.5 inches ID, and 10 to 15 feet long. 








would be reported consistently as being 1/4. If notches of depths 
varying by 1/32-inch intervals were used, then the probability of 
reporting the index as 7/32 rather than 1/4 of an inch would be 
quite high. Actually, the true index is believed to be closer to 7/32 
than to 1/4 of an inch. When the minimum notch depth necessary 
to cause cracking is D inches, it is extremely unlikely that the deter- 
mined minimum notch depth necessary to cause cracking would be 
higher than D-+ 1/16 or lower than D— 1/32. Results listed in 
Tables II and III, together with a large amount of other data avail- 
able to the authors, support this conclusion. 

When all three specimens containing a notch with a given depth 
(D, inches) and constituting a group show quench cracks and none 


- 
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of the three specimens containing a notch with a depth of D, — 1/16 
have quench cracks in them, then it is quite probable that the index 
of cracking susceptibility is closer to D, — 1/32 than to D,;. Sup- 
pose, for example, that only the data reported for Specimens 1 to 6 
(Table II) were available; then the index would be given as 1/4 of 
an inch. However, it would be legitimate to assume that since 
quenched Specimens 1, 2 and 3 containing a notch 1/4 of an inch 


2| Specimens 
a. 
Notch 32 Deep 
iO Cracked 
Determined Index £ -6 Times 
Determined Index > S -Once 


30 Specimens 9 Specimens 
Notch 2 Deep 
None Cracked 


Notch z Deep 
9 Cracked . 
Determined Index + -3 Times 






: | 
16 32 4 


index of Cracking Susceptibility, Inches 
Fig. 8—Shows Type of General Relation Expected between 
Determined and True Indices of Cracking Susceptibility. The 
curve is assumed to represent the distribution of true indices for 


units from Tube 1, Heat 6, Company 12. Determined indices, 
4 and 1 of an inch, respectively, are for units from the same tube. 


deep all showed quench cracks, the index is much more likely to be 
7/32 than 1/4. Additional data given in the table show that this 
assumption would have been valid. When only one of the three 
specimens containing a notch with a depth of D, inches and consti- 
tuting a group contains a quench crack, then a high degree of confi- 
dence in the conclusion that the index is very close to D, is justified. 

It is apparent from the results and discussion presented in this 
section that determined indices of cracking susceptibility for a mate- 
rial tend to be higher than the true indices. True indices consist of 
minimum depths of notch necessary to cause cracking in units of 
given dimensions subjected to a given quenching treatment, and 
determined indices are the values obtained when those minimum 
notch depths are determined. The type of general relationship 
expected between determined and true indices is illustrated in Fig. 8. 
The curve in this figure is assumed to represent roughly the distribu- 
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tion of true indices of cracking susceptibility’ for an extremely large 
number of units’? from Tube 1, Heat 6, Company 12. 


Utility of the Test 


Usefulness of the cracking susceptibility test depends on the 
magnitude of the variation of indices of cracking susceptibility among 


Standard Specimens 
Standard Quenching Treatment 


Frequency 
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Lowest 
Determined 





Highest 


Determined 
Value 





i's +. 2.89 8 Baw W 
index of Quench Cracking Susceptibility 

(1 Unit = é of an inch) 
Fig. 9—Schematic Representation of Range of 


Index Values for Materials Used in Studies of Quench 
Cracking Problems (? —Indices > % Inch Undetermined). 


the units investigated. Schematic presentations are given for illus- 
trating this fact (Figs. 9, 10, 11 and 12).** Limits of the range of 
indices of cracking susceptibility for materials studied in present 
investigations are not known; the minimum is probably close to zero 
and the maximum above 1/2 inch. This minimum and maximum 
are considered to be the shallowest depths of notch which would 
cause cracking of standard specimens from materials of highest and 
lowest cracking susceptibility when the quenching treatment is stand- 


4A true index of cracking susceptibility for a unit is considered in this instance to be 
the minimum notch depth necessary to crack the unit when subjected to a standard quench- 
ing treatment. 


_ These units are thought of as consisting of standard specimens containing material 
which was originally located in the tube between the limits of A and B (Fig. 7). 


%The frequency curves of Figs. 9, 11 and 12 represent schematically the distributions 
of an extremely large number of index values for specimens of standard size taken from the 
various materials and given a standard quenching treatment. Frequency curve B of Fig. 10 
represents the distribution of an extremely large number of index values for specimens 6.5 
inches OD, 2.75 inches ID, and 3 inches thick, also taken from the various materials and 
given a standard quenching treatment. 
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ard. The lowest and highest determined index values are given as 


1/8 and >1/2 inch (Fig. 9). By using specimens which have 
standard OD and ID dimensions but a larger thickness, index values 
determined in the cracking susceptibility test can be lowered (Fig. 
10), with the result that the test may then be applied for indicating 
differences of cracking susceptibility which otherwise could not be 
observed. In one instance an increase of specimen thickness from 


Curve A-Same as Figure9 
Curve B- Specimens 

6.5"0D, 2.75"1D, 3" Thick 
Standard Quenching Treatment 


| 
| 
| 
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Frequency 
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; Bast €4:-6§ 6 ? @ & © 
index of Quench Cracking Susceptibility 
(1 Unit = i of an inch) 








Fig. 10—Schematic Representation Showing Effect 
of Specimen Thickness on Index. Standard specimen 
dimensions: 64% inches OD, 2.75 inches ID, and 0.5 
inch thick (? —indices > 4 inch undetermined). 


0.5 of an inch to 3 inches lowered the determined index value by at 
least 3/16 of an inch. 

Suppose for illustrative purposes that various distributions of 
indices of cracking susceptibility are as indicated in Figs. 11 and 12. 
As long as depths of notches used in tests are 1/16 minimum increas- 
ing by 1/16 intervals to 1/2 inch maximum, the index for materials 
A and B (Fig. 11) would always be reported as 1/16 and that for 
material C as 1/8, no matter how many tests should be made. Noth- 
ing would be gained, therefore, by making more than one test per 
material. Use of the test would allow one to distinguish between 
materials A and C or B and C but not between A and B. It. is 
extremely unlikely that through the use of the test any difference 
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of cracking susceptibility could be found between materials D and E 
(Fig. 11). A determined index value of, say, 1/4 of an inch for 
each of materials D and F certainly would not justify the conclusion 
that materials D and F were alike, but an average of a sufficiently 
large number of values for specimens from each of these materials 
would justify a conclusion to be drawn—material F would be found, 
of course, to have a lower average cracking susceptibility (higher 









Frequency 





Frequency 


Index of Quench Cracking Susceptibility 
(1 Unit = & of an inch) 
Figs. 11 (Top) and 12 (Bottom)—Schematic Presentations Used for Illustrat- 


ing the Fact That the Usefulness of the Test Depends on the Magnitude of the 
Variation of Indices of Cracking Susceptibility among the Units Investigated. 


average index of cracking susceptibility) than material D. A single 
determination of an index value for each of the materials D and G 
would be sufficient to indicate the higher index (lower cracking 
susceptibility ) associated with material G. 

Unless an unusually large number of indices were determined 
for units from each of such materials as A, B, C and D (Fig. 12), 
the indices would very probably be reported as 1/8, 3/16, 1/4 and 
1/4, respectively, and no evidence would be disclosed as a result of 
using the quench cracking susceptibility test to show that frequency 
curves representing the distributions of index values should have 
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tails.‘ In the absence of such evidence, there would be no reason 
for expecting Tubes D made of material D to crack more easily 
than Tubes C made of material C; yet actually Tubes D would crack 
more easily. 

In general, the variation of cracking susceptibility within the 
bore material of ‘gun tubes coming from the middle and top portions 
of ingots in a given heat is such that when one determined index 
value for bore material located in a standard specimen subjected to 
a standard quenching treatment is D inches, then the value for any 
other bore material in comparable specimens similarly quenched is 
also D inches + 1/16. That each of most of all determined index 
values for the quenched specimens referred to above would be within 
1/16 of an inch of the average means that the test is more useful 
than would be the case if most of the determined indices differed 
from the true average by a larger amount, say 1/4 of an inch or so; 
this is because in the latter case more tests would be needed to deter- 
mine the average within +1/16 of an inch. 

From results already given it is evident that the quench cracking 
susceptibility test should be valuable for use in determinations of the 
effect of any variable on cracking susceptibility when a change in that 
variable increases or decreases the average index of cracking suscepti- 
bility’® by 1/16 of an inch or more. So far in investigations made 
in the Metals Research Laboratory the test has been used in studies 
of the effect on the index of cracking susceptibility of 

(a) composition, 

(b) material at different positions in a forged ingot, 

(c) prior treatment before quenching, 

(d) austenitizing temperature, 

(e) temperature to which quenched, and 

(f) a pre-bore quench. 

The cracking susceptibility test is easy and cheap to make. As 
a result, about four thousand data have already been obtained. Results 
secured in the investigations referred to above will be included and 
discussed in future publications. Use of the test in a study of the 
effect of a pre-bore quench*® on index of cracking susceptibility is 
reported in a paper by Spretnak and Busby (11). | 

An illustration showing the usefulness of the test in studying 





MTails of frequency curves are discussed in the paper entitled ‘‘Transverse Mechanical 
Properties in Heat Treated Wrought Steel Products” (1). The dotted portion of Curve D, 
Fig. 12, indicates what is meant by “‘tail’’. 

: The index referred to here is that for a standard specimen given a standard quench 
ing treatment. 


6See footnote 2 on page 207. 


— 
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Table IV 


Data Showing Relation Between Determined Index of Cracking Susceptibility and 
Percentage of Tubes Lost When Quenched Commercially 


Number of 
Tubes Lost 
Index of per Heat Number of Number of 
Cracking Number Because Quenched Tubes Lost 
Suscepti- of Tubes of Tubes from r Index 
Company Heat Tube bility yeceses uench Heats with ecause of 
Number Number Number (inches) er Heat Cracks Same Index Quench Cracks 
12 5 1 >% 6 0 
7 1 >% 6 0 
8 1 >% 7 0 es ; 
9 1 >’ 6 0 oa 
10 1 > 6 0 31 0 
4 1 yy 6 0 6 0 
3 1 % 6 0 6 0 
2 1 3 7 0 7 0 
11 1 6 0 te : 
1 1 y 7 0 
12 1 4 7 0 
13 1 4 6 0 i 
14 24 1 4 21 0 47 0 
12 14 1 ys 6 0 
15 1 Ys 7 1 » ‘ 
14 23 1 Ys 36 7 49 8 


Standard specimens were subjected to a standard quenching treatment. Notches were 
located in specimens as indicated in Fig. 1. Tubes referred to in column 3 came from either 
the middle or top of ingots, had roughly an SAE 4335 composition, and approximate dimen- 
sions of 7 inches OD, 2.5 inches ID, and 10 to 15 feet long. 


the effect of a pre-bore quench on index of cracking susceptibility is 
given below. Using standard specimens and a standard quenching 
treatment, the determined index was 3/16 of an inch; using a stand- 
ard specimen (identical material) and a pre-bore quench of 20 sec- 
onds, the determined index was >1/2 inch. It is apparent that the 
pre-bore quenching treatment raised the index value considerably. 
One would not be surprised if tubes made from this material were 
to crack when quenched in a normal quenching practice, since some 
tubes for which the determined index of cracking susceptibility is 
3/16 have cracked (Table IV), but it would be very surprising 
indeed if tubes made of the same material and given a proper pre-bore 
quench would crack. This is important information which could 
not have been obtained in the laboratory had it not been for the 
development of the Metals Research Laboratory cracking suscepti- 
bility test for hollow cylinders. 

One of the main reasons for developing the test was to secure a 
means of estimating whether or not tubes from one heat would, when 
quenched commercially, crack more easily than tubes from another 
heat. A few data are available (Tables III and IV) which are 
encouraging in that they show (a) cracked tubes and tubes of rela- 
tively high cracking susceptibility as determined by the test (index 


- 
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Table V 


Data Showing Effect of Disk Thickness on Minimum Notch Depth Required 
to Cause Cracking in Quenched Specimens 


Heat Number 
13--—-——.. poo *E — 15 - 





Disk Thick- Notch Notch Notch 
ness in Depth Depth Depth 
Inches (inches) Remarks (inches) Remarks (inches) Remarks 
4% yy N.C, % N.C. % N.C. 
1 yy N.C. % N.C. % Cc 
1% 4% N.C. % N.C. % N.C. 
2 yy S 4% Cc ¥% N.C. 
2 % N.C. aa ie ae ens 
2% ig S 8 ¢ \% Cc 
3 © é Vs Cc 





C—Cracked. 
N.C.—Not cracked. 
Heats 2, 13 and 15 were made by Company 12. 
Each specimen consisted of a disk 6.5 inches OD and 2.75 inches ID with thickness as shown 


in column 1, Specimens received a standard quench. Position of notch in specimens is indicated 
in Fig. 1. 








3/16 or lower)** are from the same heats and (b) tubes from heats 
of relatively low cracking susceptibility also as determined by the test 
do not crack (index 1/4 or higher).*7 Should later data be consistent 
with those now available, it is anticipated that the test is likely to be 
a very valuable one to use in controlling a practice. Suppose, for 
example, the determined index for tubes from a given heat is 1/8. 
One may assume that this index would be considered so low as to 
justify (a) the making of steel in the future with a lower cracking 
susceptibility and (b) the using of a short pre-bore quench*® to 
raise the index sufficiently, say to 1/4 of an inch or higher, to prevent 
cracking of any of the tubes from the particular heat under consid- 
eration. 

One might proceed by first determining whether a single stand- 
ard specimen containing a notch 5/16 of an inch deep and coming 
from tubes in a certain heat would crack when given a standard 
quenching treatment. Evidence of no crack might then be taken as 
being sufficient to justify the quenching of tubes from the heat in a 
normal manner ; evidence of a crack would necessitate the determina- 
tion of the index. Should the index be 1/4 of an inch or more, a 
regular quenching procedure would be expected to be recommended. 
The above comments are offered simply to indicate a valuable appli- 
cation of the test if future results should be in accord with those 
presented in this paper. Obviously definite recommendations cover- 
ing this application are not justified at this time. 





17These values are for standard specimens given a standard quenching treatment. 
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Modification of Test 


In certain instances information may be desirable which cannot 
be obtained through the use of the standard test but may be made 
available through the use of the modified test. Suppose, for example, 
an investigator wishes to arrange, in order of increasing cracking 
susceptibility, materials for which all determined index values result- 
ing from standard tests are reported as >1/2 inch. He may attempt 
to obtain the desired information through the use of thicker speci- 
mens of standard OD and ID dimensions. Results in Table V sug- 
gest that an increase of specimen thickness from 0.5 to 3 inches 
probably lowered determined index values*® by approximately 3/16 
of an inch. Index values of 1/2, 9/16, 5/8, and 11/16 for standard 
specimens (all reported as >1/2 inch) would be expected to be about 
5/16, 3/8, 7/16 and 1/2 inch for specimens 6.5 inches OD, 2.75 
inches ID, and 3 inches thick, given a standard quenching treatment. 

Other modifications which may be expected to be used from 
time to time include (a) changes of OD and ID as well as thickness 
dimensions of specimens, (b) use of slower cooling rates during 
quenching, (c) use of notches 1/32 of an inch deep (minimum) 
increasing in 1/32 intervals up to 1/2 inch, and (d) use of notches 
deeper than 1/2 inch. Preliminary studies have been made of the 
effect of these modifications on determined index values. 

Through the use of a modified test, it has been possible to obtain 
data which, when combined with other data, allow an estimate to be 
made of the length of section needed to reproduce the stress condi- 
tions in this section (when quenched in the jig) roughly equivalent 
to those existing (away from the ends) in commercially quenched 
tubes. This length of section is estimated to be about 3 inches in 
one instance where tubes 7 inches OD, 2.5 inches ID, and 15 feet 
long were quenched to martensite.*® It may be noted that in one 
case (a) seven tubes out of thirty-six from Heat 23 (Table IV) 
cracked, (b) the determined standard average index value is 3/16 
for tubes from the heat (Table III), and (c) some unnotched speci- 
mens 3 inches long and taken from these tubes cracked. 


SUMMARY 


A quench cracking susceptibility test developed for use in a 
study of factors affecting quench cracking in hollow cylinders has 





These index values are for specimens of standard OD and ID dimensions subjected 


to a standard quenching treatment. 


_ If the rate of cooling were decreased in the test, then perhaps a longer test piece than 
3 inches would be needed to give the desired stress conditions. 


a 
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been described and discussed. In standard test procedures the inner 
and outer curved surfaces of notched specimens, each 6.5 inches OD, 
2.75 inches ID, and 0.5 of an inch thick, are spray-quenched in the 
jig and the minimum notch depth in inches needed to cause cracking 
is determined. This minimum is an index of cracking susceptibility. 
A high index value designates low cracking susceptibility and a low 
index value designates high cracking susceptibility. Notches in speci- 
mens used in standard tests have an angle of 30 degrees, a root of 
0.010 of an inch, and depths increasing from 1/16 to 8/16 in 1/16- 
inch intervals. Notches are cut through ID or OD surfaces, depend- 
ing on whether the index of cracking susceptibility to be determined 
is for material located close to the ID or OD. 

The utility of the test depends on (a) the precision with which 
the index of cracking susceptibility for a unit of uniform cracking 
susceptibility is indicated by a single determined index value, and 
(b) the variation of cracking susceptibility within the unit of product 
being considered. If the true index of cracking susceptibility for a 
given material is D inches, the determined index is not expected to 
be higher than D+ 1/16 or lower than D— 1/32 inches. The 
variation of cracking susceptibility within the bore material of each 
of many tubes is such that most, if not all, of a large number of 
determined index values fall within. 1/16 of an inch of the determined 
average. 

The test is easy and cheap to make and as a result some four 
thousand data have already been accumulated. These data have 
been used in studies of the effect on the index of cracking suscepti- 
bility of (a) composition, (b) material at different positions in a 
forged ingot, (c) prior treatment before quenching, (d) austenitizing 
temperature, (e) temperature to which quenched, and (f) a pre-bore 
quench. Results of these studies are to be included and discussed in 
papers to follow. Preliminary data show that determined indices 
may provide a good basis for estimating whether or not tubes from 
one heat would, when quenched commercially, crack more easily 
than tubes from another heat. The possibility is indicated of using 
the test as a means of separating tubes which should receive a spe- 
cial quenching treatment to prevent cracking from those which are 
extremely unlikely to crack in a normal commercial quenching 
practice. 

Possible modifications of the test to increase its range of use- 
fulness are indicated. 
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DISCUSSION 


Written Discussion: By R. L. Wilson and D. C. Ladd, Steel and Tube 
Division, The Timken Roller Bearing Co., Canton, Ohio. 

Those responsible for the heat treating of large quantities of tubular 
products should feel indebted to the authors for their development of a 
laboratory test to determine the susceptibility of steels to quench crack- 
ing. The value of such a test can well be appreciated when it is realized 
that in handling a large production by continuous methods there is the 
possibility of cracking several hundred tubes before the first cracked 
pieces are detected. 

In connection with the commercial application of the test, we have 
been wondering what solution aside from pre-bore quenching the authors 
would suggest to the practical problem of using a lot of tubes that has 
already been produced but for which the laboratory test conducted on 
specimens from the tubing indicated high susceptibility to cracking. Even 
if the procedure the authors may suggest would be classed as a salvage 
measure, the trouble would be justified, since a considerable amount of 
time, material and money is involved in processing tubing to the point of 
heat treatment. Perhaps the quench cracking susceptibility test should 
be applied to material just after the ingot stage, before rolling into pierc- 
ing billets or forging into solid or hollow pieces for the production of 
tubing. Any heats of steel showing high susceptibility to cracking could 
then be diverted from further processing into these finished products. 

Written Discussion: By John J. Gilman, Eastern Research Labora- 
tory, Crucible Steel Co. of America, Harrison, N. J. 

I wonder if the authors have considered the possibility of separating 
materials such as A and B in Fig. 11 and materials D and E in the same 
figure by determining their indices after a standardized etch. Perhaps 
this would result in uniform cracking of all specimens, but if it did not, 
it should increase the sensitivity of their test because potential as well 
as actual cracking might be indicated. 


Authors’ Reply 


The authors are pleased to have the comments of Messrs. Wilson, 
Ladd, and Gilman. 


Mr. Wilson and Mr. Ladd state that perhaps the quench cracking 
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susceptibility test should be applied to material taken from the ingot 
before being hot-worked. No doubt this would be a profitable procedure 
if the correlation between determined cracking susceptibility indices for 
ingots and determined cracking susceptibility indices for tubes is suffi- 
ciently high. At the present time an effort is being made to determine 
this correlation as quantitatively as possible. 

With reference to the question of what to do with tubes known to 
come from a high quench cracking susceptibility heat, there appears to be 
no specific answer other than the pre-bore quench. Evidence has been 
obtained which indicates that at least sometimes the determined cracking 
susceptibility index of a material tends to be higher (cracking susceptibil- 
ity lower) if (a) normalized before being heated for the quench, (b) 
quenched from a lower temperature, (c) quenched for less time (that is, 
highest temperature in material at time of withdrawal from medium is 
raised), (d) quenched less drastically, (e) elapsed time between quench- 
ing and tempering is reduced. Since the objective is to obtain material 
which meets specified mechanical property requirements and is free from 
quench cracks, any modification of procedure designed to solve the quench 
cracking problem must not cause rejection of material due to failure to 
meet mechanical property requirements. 

Mr. Gilman has suggested that quenched disks be etched in an effort 
to increase the sensitivity of the quench cracking susceptibility test. A 
few results, made using etched disks, indicate that the etching of the 
quenched notched disks did not increase the sensitivity of the test sig- 
nificantly. More tests are to be made before a final conclusion is reached. 
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AN ENGINEERING ANALYSIS OF THE PROBLEM 
OF QUENCH CRACKING IN STEEL 


By J. W. SprETNAK AND Cyrit WELLS 


Abstract 


As a result of a statistical analysis of thousands of 
quench cracking data obtained in commercial practices, 
a considerable amount of information relating to the 
problem of quench cracking in hollow cylinders has been 
disclosed. In industry, quench cracking epidemics occur; 
these are quite serious in intensity, relatively short in dura- 
tion, and are usually separated by long-time periods in 
which losses due to quench cracks are low and intermit- 
tent. Cracking susceptibility appears to be a heat charac- 
teristic; losses per heat ranged from 0 to 100% in prac- 
tices where steel chemistry, steel quality, and heat treat- 
ments appear to be unusually well-controlled within narrow 
control limits. The effect on quench cracking of each of 
the following variables—pouring temperature, ingot size, 
forging reduction, position of steel in ingot, composition, 
hardenability, uniformity of quenching conditions, tempera- 
tures to which cylinders are quenched, and special pre-bore 
quenching treatments—has been determined. Among the 
remedies tried for the purpose of preventing quench-cracks, 
that of pre-bore quenching appears to be one of the most 
effective. 


HIS paper is the second of a series of papers on the problem 

of quench cracking in steel. As previously indicated (1),* the 

specific problem was to determine causes of and remedies for quench 

cracking in heat treated wrought steel products. These products were 

heat treated hollow steel cylinders subsequently converted into gun 
tubes. This research consisted of two phases: 


1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper, based on work done for the Office of Scientific Research and Development 
on Contract OEMsr-1265 with the Carnegie Institute of Technology in Pittsburgh, is a 
contribution of the Metals Research Laboratory of that institute. Much of the information 
contained in this publication was presented in a section of a thesis submitted by J. W. 
Spretnak to the University of Pittsburgh as a partial fulfillment of the requirement for 
the degree of Doctor of Philosophy. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Cyril Wells is 
a member of the staff of the Metals Research Laboratory, Carnegie Institute 
of Technology, and J. W. Spretnak was formerly a member of the staff, Metals 
Research Laboratory, now associate professor of metallurgy, Ohio State Uni- 
versity. Manuscript received April 15, 1949. 
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1. Laboratory studies of the effect of specific variables on the 
susceptibility to quench cracking. 

2. An analysis of the problem in the field as it actually occurred 
in production practice. 

A test for determining the quench cracking susceptibility of 
hollow cylinders was described in the first paper (1) of this series. 

The purpose of the present paper is to present the results of 
the field analysis of this particular problem. The objectives of this 
analysis were to (a) determine the nature of the problem as it 
occurs in actual production, and (b) determine which of the many 
variables are of particular importance and should be studied. This 
study was carried on by means of statistical analysis of pertinent 
processing data starting from the pouring of the ingots and carrying 
through the production process up to and including the quenching 
operation in the heat treatment. This study encompassed the pro- 
duction records of practically all companies producing gun tubes in 
World War II. The statistical analysis was therefore based on a 
very large number of data. 


Material 


The steel compositions used in the manufacture of these hollow 
cylinders were of the following basic types: 


Mn Cr Ni Mo V 
(a) 0.70 0.70 1.75 0.40 0.10 
(b) 0.70 1.00 isa 0.40 0.10 
(c) 0.70 1.00 2.00 0.40 oi. 
(d) 0.80 0.80 1.00 0.25 


The carbon range was from 0.25 to 0.50%, depending upon the 
application, composition, and property requirements. The steel was 


Table I 
List of Hollow Cylinders Studied 


--—Approximate Dimensions as Heat Treated (Inches) 
Type Outside Diameter Inside Diameter Length 


CARS TONHOOWS 
DUNMANSneounun 


1.2 
1.5 
2.5 
2.5 
3.0 
3.5 
3.5 100 
5.0 
$.5 
4.0 
7.5 
7.3 
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melted in basic electric, basic open-hearth, and acid open-hearth 
furnaces. All steels used were fully killed and cast into “big-end-up” 
ingot molds. The ingots were converted into hollow cylinders either 
by the forging and boring-out process or by the seamless tube process. 

The dimensions of the series of cylinders manufactured are 
given in Table I. The type of cylinder will be designated in sub- 
sequent sections by the letters assigned to it in this table. 


SURVEY OF THE PROBLEM IN THE FIELD 


Magnitude of Losses 


A survey of the losses of cylinders owing to quench cracking 
revealed that these losses ranged from 2 to 5% for the individual 
producers. This figure in itself represented an important economic 
loss, since it amounted to several thousand cylinders. Other factors 
made this loss even more important. It was found that these losses 
occurred in “epidemics’’, that is, a small amount of cracking would 
occur over a time period, and suddenly a period of concentrated loss 
from cracking would occur. Some of these epidemics occurred at a 
time when the availability of these items was of utmost strategic 
importance. Also, more than half of the cracks were not detected 
until the final machining operation was virtually completed, resulting 
in considerable expenditure of costly, nonproductive machining. 
Finally, there was always a possibility of cylinders with cracks 
passing through final inspection and possibly getting into service, a 
situation which was highly undesirable. 


Types of Quenches Employed 


A survey was made of the types of water quenching used by 
the various producers in the heat treatment procedure. The following 
five types of quenches were noted : 

(a) Quenched on the bore surface only. This type of 
quench was restricted to use in experimental studies. 

(b) Outside surface quenched only. This quench was 
used in experimental work and of course in those instances 
where solid forgings were quenched and tempered before being 
bored. 

(c) Bore quenched alone for a period of time, followed 
by an immersion quench (outside and inside quenched simul- 
taneously). 

(d) Qutside surface quenched more severely than inside 
surface at the outset with a reversal later. 
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(e) Straight immersion quench. Outside and inside sur- 
face quenched simultaneously. Tubes simply lowered into agi- 
tated water. 


Type (e), the straight immersion quench, was the most common. 
Producers used considerable agitation in their quenching baths. 


Type | Type 2 Type 3 


Fig. 1—Three Basic Types of Quench Cracks Encountered 
in Hollow Cylinders. 


Types of Cracks Encountered 


A classification was made of the types of quench cracks encoun- 
tered in the hollow cylinders. It was found that the cracks could be 
resolved into three types, illustrated in Fig. 1 and described as 
follows: 

Type ]—Longitudinal in the bore and radial in direction, 
1-20 per cross section of tube uniformly distributed, % to 2 
inches deep. They rarely occurred closer than one wall thickness 
from the ends of the tube. This type was the most common and 
hardest to avoid. 

Type Il1—Large cracks through the wall, generally starting 
from an end of the cylinder. 

Type II]—Small cracks on the outside surface, longitudinal 
along tube and radial in direction. They usually were not more 
than % inch deep. 

To determine the relative frequency of occurrence of the three 
types of cracks, positional data for cracks in 829 cylinders were 
obtained and tabulated. The result of this tabulation is as follows: 





Crack Type Number % 
I 579 79.42 
II 25 3.43 
III 125 17.15 
Total 729 100.00 


It is obvious that the Type I crack was by far the most important 
type of crack encountered. The experience among producers varied ; 
for instance, one encountered all Type III cracks while some had a 
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fairly uniform distribution between Types I and III. However, 
considering the entire production, the bore surface crack was over- 
whelmingly predominant. 

The preponderance of cracking on the bore surfaces of hollow 
cylinders is interesting and probably points to some fundamental 
aspect of quench cracking. The most probable explanation is related 
to the temperature distribution across the wall of the cylinder during 
a commercial quench. Recent thermal analysis? of the temperature 
distribution in the wall of a hollow cylinder of steel during a com- 
mercial quench (straight immersion) shows the peak temperature 
to be located at a position three-fifths of the wall thickness from the 
outside surface. This peak temperature, or thermal midwall, during 
the quench is also the position of the last part of the austenite to 
transform in the section. It is apparent from data published by 
Buhler and Scheil (13) that the generation of the maximum surface 
tensile stresses is associated with the transformation of the last 
remaining portion of austenite in the section. In the commercial 
quench, this final austenite transformation occurs closer to the bore, 
thus stressing the bore more than the outside section. Laboratory 
studies lend support to this proposed explanation of the predominance 
of bore cracking in actual commercial practice. The importance of 
the position of the thermal midwall is more fully discussed in a 
paper on laboratory studies of the pre-bore quench (2). 


Engineering Aspects of the Problem 


Chronological Plot of Cracking Losses—In order to gain an 
understanding of the engineering aspects of the problem of quench 
cracking in actual commercial practice, the per cent loss from crack- 
ing per heat was plotted chronologically according to the date heat 
treated for the entire practice of a producer of Types B and C 
cylinders (Table I) made from basic open-hearth steel of SAE 4300 
type.* This plot is presented in Fig. 2. The cylinders in this prac- 
tice were made by the seamless tube method, consisting of rolling 
the ingot into rounds, hot piercing, upsetting, heat treating, and final 
machining. This practice is of particular interest in that the heat 
treatment was continuous and automatically controlled throughout 
the heating and the quenching. The furnaces were electrically heated 

“From released Watertown Arsenal Laboratory Report 632/12, by J. N. Pappas, 
Associate Metallurgist, and V. E. Bender, Captain, Ordnance Dept., entitled “Quenching 


Rates and Temperature Differentials in Hollow Cylinders and Gun Tubes,’”’ published 
by the U. S. Department of Commerce (PB 4079). 


3Mn 0.50 to 0.80, Cr 0.60 to 0.90, Ni 1.50 to 2.00, and Mo 0.30 to 0.40%. 
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and temperatures were closely controlled. As a result, the variables 
in the heat treatment were kept to a minimum, making a study of 
cracking in this practice of particular significance. 

In Fig. 2 it will be noted that the time periods of heat treatment 
of B and C cylinders alternated, with a time interval between each 
period in which no heat treating was done. Within each heat treat- 
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g. 2—Chronological Plot of Cracking Losses per Heat for an Entire Seamless 
Tube. . Producing Types B and C Hollow Cylinders. Represented in the plot 
are 139 B heats and 233 C heats. 


ing period, the heats were treated consecutively on an endless con- 
veyor without interruption. The vertical lines in the plot give the 
percentage of tubes per heat cracked; where no vertical line appears, 
cracking was not encountered in that heat. The heats on the chart 
are plotted in the order of the heat treatment. 

It is evident from Fig. 2 that there were periods of normal 
cracking and periods in which an epidemic of cracking occurred. 
A normal behavior in cracking occurred up to a period 6-14-43 to 
6-29-43. In this particular period the serious frequency of cracking 
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or epidemic in the B cylinders began, with nearly 100% loss in two 
heats.* In the next three periods (7-2-43 to 8-20-43) the cracking 
was practically normal. The first two heats in the period following 
the interval 8-23-43 to 9-4-43 had a very high frequency of cracking, 
after which practically no more cracking was encountered in the B 
cylinders. 

Serious losses in the C cylinders began in the period 9-6-43 to 
9-11-43 and occurred also in certain heats treated in the remaining 
two periods. In one heat 58.3% of the tubes were rejected for 
cracks. The occurrence of high frequency of cracking in the C 
cylinders followed that of the B cylinders; that is, the two periods 
did not occur together. Plots similar to that of Fig. 2 for other 
practices exhibited the same characteristics—namely, periods of 
normal amount of cracking, and epidemic periods in which the 
cracking was particularly severe. Thus it appears justifiable to con- 
clude that the occurrence of cracking in commercial practice is of 
an epidemic nature. 

It is interesting to note the wide range of frequency of cracking 
per heat within the periods of high cracking losses. Sometimes bad 
heats were both preceded and followed by heats which have negli- 
gible cracking losses. For example, in the period 6-14-43 to 6-29-43, 
99.5% of the cylinders from one B heat were cracked, whereas in a 
heat just previously treated, less than 2% of the tubes were cracked. 
Similarly, less than 0.5% of the heat cracked in the heat immediately 
following the one in question. While it is likely that several vari- 
ables were operating, this behavior strongly indicates that there 
are inherent differences from heat to heat in cracking susceptibility. 
Restating this, cracking susceptibility appears to be a heat character- 
istic. Heats within narrow limits of variation in chemistry and: 
treated in a well-controlled process can vary over a wide range in 
frequency of occurrence of cracking. The nature of the heat charac- 
teristic in susceptibility to cracking has not been ascertained. Two 
possible causes of such variation from heat to heat may be the 
following: (a) variation in gas content, particularly hydrogen, and 
(b) variation in some element or elements not ordinarily determined. 

The changes made in the B cylinder practice were the following : 


(a) Normalizing before austenitizing for quenching was 
stopped in the period 4-19 to 4-30-43. 
(b) Time in water during quenching was changed from 





4A pproximately 300 B cylinders were made from one heat. A similar size of heat 
yielded about 100 C-type cylinders. 
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3.5 to 2.5 minutes after the heat which cracked 99.5% had been 
treated in the period 6-14 to 6-29-43. 

(c) Normalizing was resumed after two bad heats were 
treated in the period 8-23 to 9-4-43. 


No definite reason could be assigned to the alleviation of the 
high frequency of cracking in the B cylinders. Periods of both high 
and low cracking frequency occurred in the time interval in which 
no normalizing was done. However, since no normalized heat showed 
a particularly high frequency of cracking, it may be said from this 
practice that normalizing does no harm and may decrease somewhat 
the susceptibility to cracking. This point of view is supported by 
data obtained in a laboratory study of causes of quench cracks in 
hollow cylinders. These data will be published later. 

All the C cylinders were normalized before quenching. Normal- 
izing therefore was not a variable in this case. The only major 
change reported in the practice was a change of time in the water 
during quenching from 5 to 4 minutes after the first bad heat was 
treated in the period 9-6 to 9-11. The time in the quenching medium 
was not changed thereafter. Again no conclusions could be drawn 
as to the cause of the wide fluctuation of cracking in this practice. 


Nature of the Problem in the Field 


From the previous discussions it is seen that susceptibility to 
cracking is a heat characteristic and that the occurrence of cracking 
is epidemic in nature. In addition, it seems certain that the tendency 
toward cracking must vary among the units of a given heat. If this 
were not so, then the cracking in a well-controlled heat treating 
practice would be expected to amount to either zero or 100% of the 
heat. It is evident that this is not the case from the chronological 
plot of cracking per heat in Fig. 2. 

The nature of the cracking problem in the field can be demon- 
strated schematically by plotting the distribution of a hypothetical 
quantity entitled cracking potential for the individual units of a heat 
assuming nonstatistical and statistical behavior, as in Fig. 3. Five 
units per heat are assumed. The critical potential is that above which 
cracking will occur. The figures on the left side depict the behavior 
if the problem were nonstatistical—namely, either zero or 100% of 
the heat cracked. The statistical behavior is depicted in the figures 
to the right; the potentials among units of a heat vary and the 
average of these potentials varies from heat to heat. The average 
value of the potential corresponds to what is termed the heat char- 
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acteristic. Unfortunately, there is at present no laboratory test 
available which, when used in conjunction with a proper sampling 
plan, will enable a reasonable estimate to be made of this average. 

Variation of cracking potentials among units of the heat arises 
from (a) stress raisers or points of embrittlement distributed among 
the heat, and (b) any variation in the quenching which may affect 
the uniformity and magnitude of the stresses developed. Assuming 
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Fig. 3—Nature of Cracking Problem Assuming (1) All Vari- 
ables Affect All the Heat Uniformly and (2) Some Variables 
Affect the Heat Uniformly and Some Have a Highly Localized 
Effect and Are Distributed in Some Statistical Distribution in the 
Heat. 


a Statistical behavior, it is seen that cracking may vary continuously 
from 0 to 100%, as is the case in the field. 

The formation of a crack is a brittle type of failure or fracture. 
The piece is loaded internally by the internal thermal and trans- 
formation stresses, and the fracture is propagated through a trans- 
formation product (martensite) which has limited inherent ductility 
or ability to accommodate stresses imposed on it. Quite frequently 
this type of fracture is not a characteristic of material but of a 
multiaxial state of stress. The state of stress set up (a) in commer- 
cially quenched tubes during quenching and (b) in tensile or impact 
specimens during testing is so different that a correlation between 
cracking tendency and the standard tensile or between cracking 
tendency and standard impact properties is not expected. The 
property most akin to the measurement desired is the static crack 


strength (3) of the steel, that is, the fracture strength with very little 
prior deformation. 
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When the static crack strength of a steel is determined, it is 
found to be of the same order of magnitude but always considerably 
higher than the maximum stresses generated in the quench (4). 
Thus the average stresses as measured by the boring-out method 
are not high enough to exceed the rupture strength of the steel. 
Cracking, therefore, must originate at some highly localized point 
of stress concentration or point of embrittlement within the steel. 

This situation is precisely why the quench cracking problem is 
so elusive and is of a statistical nature. One may assume in a given 
case that, except in isolated regions containing stress raisers, the 
stresses set up are uniform throughout the piece. In this case crack- 
ing may occur as a result of: (a) a local increase of magnitude of 
stress caused by some stress raiser, or (b) failure at a localized point 
of embrittlement in the steel. Actually, in practice, there is undoubtedly 
a Statistical fluctuation of the magnitude of stresses produced in the 
body during the quench® and some statistical distribution of stress 
raisers and points of embrittlement. A crack occurs at a point where 
the local stress level is sufficient to exceed the fracture strength of the 
steel at that point and proceeds in such a path that yields the max- 
imum relief of stresses. The stress raisers may be surface defects, 
voids, micropipe, nonmetallic inclusions, or undissolved microcon- 
stituents. 


RESULTS OBTAINED FROM ANALYSIS OF FIELD DATA 


The production data of several producers were accumulated and 
analyzed by statistical methods to determine the specific effect of 
each of several variables on the susceptibility to quench cracking. 
The results of these studies are presented in the following sections. 


Effect of Ingot Factors 


Pouring Temperature—Data on ingot pouring temperatures 
were available for a practice which produced Types I and L cylinders 
(Table I) from basic electric steel of the Cr-Mo-V type. In ana- 
lyzing these data, a rather good negative correlation was found 
between the pouring temperature and the tendency toward quench 
cracking. The distribution curves in Fig. 4 show the heats with 
cracked tubes displaced to lower pouring temperatures. The average 
pouring temperatures for the two populations (2773 and 2785 °F) 
differ significantly. The regression line for per cent of heats cracked 





5In the determination of internal stresses, only the average stress values are obtained. 
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and the pouring temperature appears in Fig. 5; the correlation 
coeffigient is —0.88. The nature of this apparent effect of pouring 
temperature is not readily evident, although it may be related to 


--- Heats with Cracked 
Cylinders (152) 


—- Heats without 
Cracked Cylinders 
(1158) 


Occurrence % 





Pouring Temperature °F 


Fig. 4—Distribution Curves for the Pouring Temperatures of 
Heats with and without Cracked Cylinders for the Practice Pro- 
ducing Types I and L Cylinders. 
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Fig. 5—Regression Line for Per Cent of Heats at a 
Given Densien Temperature as a Function of the Pouring 
Temperature for the Practice Producing Types I and L 
Cylinders. ° 


changes in primary ingot structure and distribution of nonmetallic 
inclusions and possibly internal soundness. 

Ingot Size and Forging Reduction—Limited data on the effect 
of ingot size and forging reduction on cracking susceptibility were 








244 TRANSACTIONS OF THE A. S. M. Vol. 42 


“ 


Y -% of Heats Cracked 





U 
Ss @ °30 (ie “ae. 25 2. oo -se 34 
X-Ingot Size (Length of Side or Diameter of Section 
in Inches) 
Fig. 6—Regression Line for Per Cent of Heats Cracked Cast 


into a Given Size of Ingot Mold as a Function of the Ingot Size 
for the Practice Producing Types I and L Cylinders. 
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Fig. 7—Plot of Per Cent of Heats Cracked 
with a Given Forging Reduction as a Function 
of the Forging Reduction for the Practice Pro- 
ducing Types I and L Cylinders. 


available on the same practice producing Types I and L cylinders 
(Table I). Considering ingot size alone, an erratic trend is noted 
in Fig. 6 for increasing cracking with increasing ingot size. The 
correlation coefficient is 0.71 with a standard deviation of 0.20, which 
denotes a low order of precision of the estimation of the correlation 
coefficient. 

The effect of forging reduction given the ingot on the frequency 
of occurrence of cracking is illustrated in Fig. 7. The forging reduc- 
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tion is defined as the ratio of the original cross section of the ingot 
to the final cross section of the forging. The data indicate an erratic 
trend for decreasing frequency of cracking with increasing forging 
reduction. However, it must be pointed out that in obtaining the 
various reductions, the ingot size and cylinder size produced were 
varied. The effect of forging reduction can be determined only by 
carefully planned experimentation. 

Ingot Position—In a seamless tube practice for Types B and C 
cylinders (Table I), seven Type B cylinders were produced per ingot 
and three Type C cylinders were obtained from an ingot. In the 
final inspection of these cylinders, the position along the length of 
the cylinder of any crack encountered was recorded. Also, the 
section of the ingot from which the cylinder was produced was 
known. These data made possible an analysis of the effect of ingot 
position on the susceptibility to cracking. It soon became evident 
that cracking occurred mainly in cylinders produced from the bottom 
portion of the ingot. 

Following are tabulations of the positional distribution of cracks 
in 166 Type C cylinders on which data were available. Three such 
cylinders were obtained per ingot. Of the 166 cracked cylinders, 31 
had cracks on the outside surface and 135 had cracks on the bore 
surface. The tabulation according to ingot position is as follows: 








Distribution of Outside Distribution of Bore 
Surface Cracks Surface Cracks 
% %o 
Bottom cut .... 5 16.13 Bottom cut .... 90 66.67 
Middle cut .... 10 32.26 Middle cut .... 20 14.81 
| 16 51.61 BOO OM. 6 cace ca 25 18.52 
Petal ui... 31 100.00 (ee 135 100.00 


Two-thirds of the bore surface cracks occurred in cylinders from 
bottom cuts, indicating an important ingot positional effect. The 
outside surface cracks were more numerous in cylinders from top 
cuts, although a relatively small number of such cracks were 
encountered. 

The frequency of occurrence of the bore surface cracks along 
the length of the cylinder is presented in Fig. 8, for cylinders pro- 
duced from bottom cuts. A maximum in the frequency of occurrence 
of cracks is noted at a position 25 to 36 inches from the bottom of 
the bottom cut. The frequency curves for quench cracks in cylinders 
from the middle and top cuts showed no peak as appeared in the 
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plot for the bottom cuts in Fig. 8. A smaller peak in the frequency 
curve for the bottom cuts is evident at approximately the same 
distance from the other end of the cylinder. This small peak is 
believed to be a result of the practice of turning around a small 
number of cylinders so that the top end became identified as the 
bottom end in those cases in which eccentricity in the pierced hole 
was encountered. 


Type C Cylinders 
Bottom ingot Cuts 
Total of 89 Cylinders 


Occurrence % 





0 13 25 37 49 «GI 73 85 97 
12 24 36 48 60 72 84 96 108 


Distance ininches Along Cylinder from Bottom of 
Bottom Ingot Cut 


Fig. 8—Distribution of Quench Cracks in Type C Cylin- 
ders Produced by the Seamless Tube Process from the Bottom 
Ingot Cuts. 


The position of the maximum occurrence of quench cracks was 
calculated to its original position in the ingot, taking into consider- 
ation the amount of reduction by working and the bottom crop. This 
calculated position is illustrated in Fig. 9. It is interesting to note 
that this position of maximum occurrence of quench cracks corre- 
sponds closely to the apex of the cone of solidification in the ingot, 
formed by the intersection of directional solidification from the 
bottom and sides of the ingot mold. This evidence strongly suggests 
that primary ingot structure has an important influence on the 
susceptibility to quench cracking. 

To determine if this effect of ingot position on cracking suscep- 
tibility was encountered in other practices, data were obtained on 
cracking in Types E and K cylinders made by the forging and boring- 
out process. The steel was of the Cr-Mo-V type and was made 
in the acid open-hearth furnace. One cylinder was produced per 
ingot. The frequency curves for the occurrence of cracks along the 
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21 Inch Fluted Round Ingot 


Fig. 9—Location in the Original 
Ingot of the Position of Maximum Fre- 
quency of Occurrence of Quench Cracks 
in Type C Cylinders Produced from 
Bottom Ingot Cuts. 
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Fig. 10—Distribution of Quench Cracks in Forged Types 
E and K Hollow Cylinders According to Ingot Position (One 
Cylinder per Ingot). 


length of the tube measured from the end corresponding to the top 
of the ingot are presented in Fig. 10. Again it is evident that there 
was a preponderance of cracks in positions corresponding to the 
bottom portion of the ingot. For the E cylinders, 66% of the cracks 
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occurred in positions corresponding to the bottom third of the ingot, 
and in the case of the K tubes it was 87%. 

Thus the ingot position (type of primary crystal structure) has 
an important bearing on the susceptibility to quench cracking. The 
nature of this effect and suggestions for its remedy have been pre- 
viously discussed (5). The effect appears to be one primarily of 
ingot structure and is influenced in a secondary manner by the 
presence of nonmetallic inclusions in planes of weakness. The fre- 
quency of occurrence of quench cracks in gun tubes, bore defects in 
pierced cylinders, low ballistic properties in armor plate and low 
transverse ductility in forgings is in each case higher on the average 
in material coming from the bottom portion of ingots. It is evident 
then that structures obtained in the bottom portion of steel ingots 
produced in standard cast iron molds: are inherently less able to 
resist and dissipate imposed combined stresses than are the structures 
obtained in the balance of the ingot. 


Effect of Composition and Hardenability 


Carbon Content—Of the elements commonly present in alloy 
steels, it was known that carbon has the most potent effect on the 
susceptibility to quench cracking. This is due mainly to the fact 
that of the common alloying elements in steel, carbon, per unit 
increment, lowers M, most effectively. However, quantitative data 
on the nature of the carbon effect and the safe limit of carbon 
content below which the danger of cracking is at a minimum were 
lacking. In this investigation there was an opportunity to study this 
effect of carbon on two complete practices. One practice was for 
Types C, D, E and F cylinders (Table I) and included some 2600 
heats. One cylinder was made per ingot and usually seven ingots 
were produced per heat. The steel was of the 2% nickel, 1% 
chromium type and was made in the basic electric furnace. The 
second practice was for Types I and L cylinders and included some 
1300 heats. This steel was of the 1% chromium, 0.40% molybdenum, 
0.10% vanadium type and also was melted in the basic electric 
furnace. One cylinder was produced per ingot and three ingots per 
heat. One of the interesting features of the two practices is that 
in the former the cylinders were small enough to be quenched 
essentially to martensite, whereas in the second practice the cylinders 
were of a larger size and were quenched to a mixture of martensite 
and a varying percentage of bainite. 
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The practice for the Types C, D, E and F cylinders will be 
considered first. Fig. 11 presents the distribution curves of the 
carbon contents of heats containing one or more cracked cylinders 
and for heats free from cracked cylinders. There were 2204 heats 
with no cracked cylinders and 180 heats with one or more cracked 
cylinders. It will be noted that there is a quite distinct separation 
between these two populations, with the one for heats with cracked 
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Fig. 11—Distribution of Carbon Contents for Heats 
with Cracked Cylinders and Heats without Cracked Cylinders 
for a Practice Producing Types C, D, E and F Cylinders. 


cylinders being displaced to higher carbon contents. The average 
carbon contents are 0.320 and 0.335% respectively. A test for the 
significance of the difference between averages (6) demonstrates 
that the difference is statistically significant. 

Of all the heats with a particular carbon content, the percentage 
of these heats that had one or more cracked cylinders was plotted 
against the carbon content, as in Fig. 12. The regression line is 
y = 152.91x — 40.66, where y is the per cent of heats with cracked 
cylinders and x is the carbon content. The correlation coefficient is 
0.91, indicating a high degree of correlation. The regression line 
intersects the abscissa (carbon content) at 0.26%, which means that 
cracking losses in cylinders of this practice with carbon contents of 
0.26% or less are likely to be insignificant from a practical point of 
view; if the correlation were perfect (r exactly 1) then no tubes 
with 0.26% carbon or less would be expected to crack. 
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Fig. 12—-Regression Line for Per Cent of Heats Cracked 
at a Given Carbon Content as a Function of Carbon Content 
for the Practice Producing Types C, D, E and F Cylinders 
(2384 Heats). Any heat containing one or more cracked 
cylinders is designated a cracked heat. 
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Fig. 13—Plot of Severity of Cracking per Heat for the 180 Heats 
with Cracked Cylinders in the Practice Producing Types C, D, E and 
F Cylinders as a Function of Carbon Content for the Heat. Each 
circle represents a heat. 


In these two plots no account was taken of the severity of 
cracking per heat. The severity of cracking per heat, defined as the 
per cent of the cylinders cracked per heat, was plotted as a function 
of the carbon content of the heat for the 180 heats containing cracked 
cylinders. This plot is reproduced in Fig. 13. No correlation is 
evident between the severity of cracking per heat and its carbon 
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content. Thus, Fig. 12 demonstrates that the probability of cracking 
a heat increases with increasing carbon content, but Fig. 13 demon- 
strates that the probability of badly cracking a heat is just as high 
at lower carbon contents as it is for the higher carbon contents. 
This evidence bears out again the concept of cracking being a heat 
characteristic and that this heat characteristic can operate over a 
wide range of carbon contents. 

The frequency curves for the carbon contents of heats with and 
without cracked cylinders for the practice for Types I and L cylinders 
are presented in Fig. 14. There were 1158 heats which had no 
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Fig. 14—Distribution Curves for Carbon Contents of Heats with 


and without Cracked Cylinders in a Practice Producing Types I and L 
Cylinders. Because of their size, these cylinders are slack-quenched. 


cracked cylinders and 152 heats which had one or more cracked 
cylinders. Again the curve for cracked heats (heats with one or 
more cracked cylinders) is definitely displaced to higher carbon 
contents. The difference between the averages (0.409 and 0.422%) 
is statistically significant and not a result of chance alone. In Fig. 15 
the per cent of heats with cracked cylinders at a given carbon content 
is plotted against the carbon content. The equation of the regression 
line is y = 261.54x — 92.43, where y is the per cent of heats with 
cracked tubes and x is the carbon content. The correlation coefficient 
is 0.87, denoting again a high degree of correlation between the 
likelihood of cracking a heat and the carbon content. The regression 
line intersects the abscissa at 0.35% carbon as compared to 0.26% 
carbon for the previous practice. Thus, in this practice cracking 
losses are expected to be insignificant from a practical point of view, 
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providing heats contain 0.35% carbon or less. The severity of 
cracking per heat against the carbon content is plotted in Fig. 16 
for the 152 heats containing one or more cracked cylinders. As in 


Y-% of Heats Cracked 
at a Given Carbon Content 





0.33035 0.37 039 0.41 043 0.45 047 0.49 
X - % Carbon 


Fig. 15—Regression Line for Per Cent of Heats Cracked 
at a Given Carbon Content as a Function of Carbon Content 
for the Practice Producing Types I and L Cylinders (1310 
Heats). Any heat containing one or more cracked cylinders is 
designated as a cracked heat. 
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at Given Carbon Content 





0.33 0.37 0.41 0.45 0.49 


Carbon % 
Fig. 16—Per Cent of Cracked Cylinders in the Heat Plotted 
as a Function of the Carbon Content of the Heat for the Practice 


Producing Types I and L Cylinders (Some Circles Represent 
More than One Heat). 


the previous case, no correlation is evident between the severity of 
cracking per heat and the carbon content. 

The difference in the indicated safe upper limits for carbon 
contents as regards cracking for the two practices (0.26 and 0.35% 


ee 
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carbon) is of interest. The practice for the larger cylinders which 
are quenched to structures other than 100% martensite can tolerate 
higher carbon contents without danger of cracking. The decrease 
in the amount of martensite formed gives a smaller amount of 
expansion on the transformation. Also, possibly the magnitude of 
the thermal stresses may be lower in the larger cylinders because 
of less severe thermal gradients. 

Content of Alloying Elements—Data were available on the 
practice described in the previous section for making Types I and L 


—-— Heats with Cracked 
Cylinders (152) 


—— Heats without 
Cracked Cylinders 





% Occurrence 
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Average = 2.12% 
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Fig. 17—Distribution Curves for the Mn + Cr+ Mo Con- 
tents of Heats with and without Cracked Cylinders for the 
Practice Producing Types I and L Cylinders. 


cylinders (Table I) to permit a study of effect on cracking suscep- 
tibility of the content of alloying elements (sum of manganese, 
chromium, and molybdenum contents). The frequency curves for 
heats with and without cracked cylinders are presented in Fig. 17. 
The difference between the averages of the two populations (2.10 
and 2.12%) is not statistically significant and may be a result of 
chance alone. The regression line for per cent of heats cracked at a 
given alloy content is presented in Fig. 18. The correlation coefficient 
(r = 0.64) denotes a rather low degree of correlation.* It appears 
then that variation in carbon content has considerably more effect 
on cracking susceptibility than variation in the content of alloying 


®The fraction of the total variation accounted for by variables other than the one being 
considered is given by the expression 1 —r’. 
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elements. This statement is restricted to variations of these elements 
from heat to heat for a given grade of steel. 

Hardenability—It was desirable to establish the extent of the 
dependence of quench cracking on the experimentally determined 
hardenability of the heat. Jominy end quench hardenability data 
were available on each heat treated in the seamless tube practice pro- 
ducing Types B and C cylinders (Table 1). The steel compositions 


50 Or= O.Il 
y = 70.936 x- 136.32 
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at a Given Alloying Element Content 
Os 
© 
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an 

X-% Alloying Element (Mn+Cr+Mo) over 
Fig. 18—Regression Line for the Per Cent of Heats Cracked 
at a Given Mn+ Cr+ Mo Content as a Function of Mn+ Cr 
+ Mo Content for the Practice Producing Types I and L Cylin- 


ders (1310 Heats). Any heat containing one or more cracked 
cylinders is designated a cracked heat. 


were of the SAE 4335 and 4340 types which are deep hardening in 
their characteristics so that the distance along the bar possessing the 
critical hardness corresponding to 50% martensite and 50% pearlite 
could not be used as the criterion of hardenability. Arbitrarily, the 
hardness at a position 2 inches from the end of the hardenability test 
bar was used for the study. 

In Fig. 19 are distribution curves for the Jominy hardness at 
2 inches for Types B and C heats for heats having one or more 
cracked tubes and for heats with no cracked tubes. It is evident 
that the two curves for each cylinder size are very similar. There 
appears to be a slight displacement toward higher hardenability of 
the B heats with cracked tubes, but this displacement is small and 
of doubtful significance. A plot of the hardness at 2 inches against 
the per cent cracking per heat shows widely scattered points and no 
evidence of a correlation between severity of cracking per heat and 


7 
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hardenability. The importance of these observations is that they 
indicate factors, other than variations in hardenability in a given 
practice, which have a major influence on the susceptibility to quench 
cracking. 

At one period in the practice, a change in alloy content was 
made in order to conserve the strategic alloying elements nickel and 
molybdenum. The nickel content was changed from 1.75 to 1.00% 


---- Heats with Cracked Cylinders 
Heats without Cracked Cylinders 


Type C Cylinders 


|- 77 Heats 
2- 56 Heats 
3-153 Heats 
4- 75 Heats 
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Jominy Hardness —Rg¢ at 2 Inches 
Fig. 19—Distribution of Heat Hardenabilities of Heats with and 


without Cracked Cylinders for the Seamless Tube Practice Producing 
Types B and C Hollow Cylinders. 


and the molybdenum from 0.40 to 0.25%. The deficiency in harden- 
ability was compensated by increasing the carbon content about 
0.05%. This change was made in the period in which severe losses 
from cracking were being experienced and it was thought that this 
change may have been the major cause of the high losses. The 
change in composition is of particular interest in that it represents 
two steel compositions with comparable hardenability but with a 
significant difference in the temperature of the start of the martensite 
transformation (M,) because of the difference in the carbon content. 

The characteristics of the two types of compositions were studied 
by calculating the ideal critical diameter (7) (D,) in hardening and 
the M, points (8) from the chemical compositions of a series of heats 
of standard composition and of reduced nickel and molybdenum 
composition. The plot of the regression lines relating D, and M, 
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for the two compositions for both B and C heats is contained in 
Fig. 20. It is evident that the B heats were melted to a lower 
hardenability range, since the B cylinders were smaller in section 
size and required less hardenability. Of interest is the fact that at 
a given D, level, the M, points for the reduced alloy compositions 
were significantly lower than for the standard compositions. This 
difference decreases toward the lower D,; end, which is to be expected, 
since the hardenability in the reduced composition heats was being 
adjusted by changes in carbon content. 

The significance of the lower M, temperature in the reduced 
alloy composition heats on cracking was examined by comparing 
the cracking losses in heats of both types of compositions which had 
cracked tubes and which were processed during the epidemics of 
cracking. In Table II are listed the number of heats of both com- 
positions for both B and C cylinders and the number of tubes 
cracked. It is evident that the average cracking per heat for the 
reduced composition was much higher in the B heats but was essen- 
tially alike in the case of the C heats. 


Table Il 


Comparison of Quench Cracking Losses for Standard SAE 4335 and SAE 4340 Compositions 
with Those of Reduced Nickel and Molybdenum Compositions 
for Types B and C Cylinders 


Type B Cylinders 
Full Composition 


Range of ——(SAE 4335) Heats———. Reduced Ni-Mo Heats— 
Calculated No. of No. of Tubes No. of No. of Tubes 
D; Heats Cracked Heats ‘Cracked 
5.00 — 5.50 1 5 1 5 
5.51 —- 6.00 1 1 1 288 
6.01 ~ 6.50 8 243 3 58 
6.51 — 7.00 6 8 2 209 
7.01 — 7.50 6 74 0 0 
7.51 — 8.00 4 4 0 0 
Total 26 335 7 560 
Average Number of Tubes Cracked per Heat 12.9 80.0 


Type C Cylinders 
Full Composition 


Range of -—— (SAE 4340) Heats-——— —Reduced Ni-Mo Heats— 
Calculated No. of No. f Tubes No. of No. of Tubes 
D; Heats Cracked Heats Cracked 
6.01-— 6.50 0 0 3 17 
6.51-— 7.00 1 9 5 40 
7.01— 7.50 1 2 1 2 
7.51— 8.00 6 12 3 38 
8.01-— 8.50 1 1 1 11 
8.51— 9.00 2 6 0 0 
9.01-— 9.50 2 5 0 0 
9.51 — 10.00 1 61 0 0 
Total 14 96 13 108 
Average Number of Tubes Cracked per Heat 6.9 8.3 
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The behavior in the case of the B heats brings out an important 
principle regarding the effect of hardenability on susceptibility to 
quench cracking in steels quenched essentially to martensite—namely, 
that hardenability per se is not the important factor but rather that 
the M, point is the vital factor. This study corroborates interestingly 
the work at Battelle Memorial Institute (9) on the effect of boron 


A-Full Composition,C Heats 
B- Low Ni-Mo, C Heats 
9. C-Full Composition, B Heats 
D-Low Ni-Mo, B Heats 


Calculated D, in Inches 
N“N 





on 


530 S40 S50 560: S7rO 580 590 600 610 
Calculated Ms in °F 


Fig. 20—Calculated Di versus Ms for Full Composition Heats and 
for Heats with Reduced Ni-Mo Contents for the Seamless Tube Practice 
Producing Types B and C Hollow Cylinders. 


on the quench cracking of cast armor steel. Minute quantities of 
boron in steel have a potent effect of increasing hardenability but a 
negligible effect on the M, point. These investigators found no effect 
of boron on cracking susceptibility’ because of its lack of effect on 
the M, point. Since the distribution of M, values for the full com- 
position C heats and the distribution of M, values for the reduced 
composition C heats are essentially alike, it is anticipated, in view 
of the principle referred to above, that the average cracking suscepti- 
bility of the lower composition heats is not significantly different 
from the average cracking susceptibility of the higher composition 
heats, despite the fact that the D, values for the high composition 
heats are on the average significantly higher than the D,; values for 
the low composition heats. Actually, the average number of tubes» 
cracked per full composition C heat (approximately 100 tubes per 
heat) is 6.9 and the average number of tubes cracked per reduced 





7From results recently obtained at the Metals Research Laboratory it is suapenint that 
small amounts of boron do, in some instances, increase the susceptibility to quench cracking. 
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composition C heat is 8.3, which is obviously only slightly higher 
than 6.9. 


Effect of Factors Prior to Quenching 


Surface Condition—The presence of surface defects such as 
forging laps and forging cracks can be tangible causes of the occur- 
rence of quench cracking. One producer of Type A cylinders 
(Table I) quenched these pieces solid before boring and was troubled 
with cracking on the surface. These cracks were found to be asso- 
ciated with surface forging defects. The cracking trouble was essen- 
tially eliminated by taking a rough machining cut before quenching. 
Another producer reported a decrease in quench cracking losses by 
an over-all improvement of forging practice. Flakes present in the 
steel at or near the bore surface are potent stress raisers and causes 
of quench cracking. One producer of Type L cylinders suffered 
serious losses from quench cracking in which the cracks were 
initiated by flakes formed on the cool-down from the forging opera- 
tion. Any surface defect such as punch marks, scratches, or tool 
marks, which are effective stress raisers, may initiate quench cracking 
and should be guarded against. 

Gas Content in the Steel—The presence of dissolved gases, 
particularly hydrogen, in the steel prior to quenching is suspected 
as a possible cause of the heat characteristic in susceptibility to 
cracking. It is known that steel saturated with hydrogen will become 
quite sensitive to quench cracking (10-12). For example, an alloy 
steel bar treated in hydrogen at 1000 atmospheres pressure at 550 °C 
for 8 hours cracked when either air-cooled or water-quenched from 
this temperature. A 4% silicon iron was saturated with hydrogen 
at a high temperature and cracked when water-quenched. Since no 
transformation was involved, the thermal stress alone with the 
hydrogen was sufficient to cause cracking. 

Most metallurgists believe that the amount of residual hydrogen 
per unit (say ccs per 100 grams) is likely to be higher on the average 
in large than in small sections, especially if all the sections are 
produced in a normal mill practice and no special effort is made 
to remove hydrogen from the large sections. Small sections may be 
thought of as 5-inch square billets or smaller and large sections as 
10-inch square billets or larger. Sykes et al (12) have pointed 
out that, “Even when steel is melted under carefully controlled 
conditions, hydrogen contents of 4 to 6 cc/100 g. are to be expected, 
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which will adversely affect ductility if not removed.” Those authors 
have also concluded that, “‘in sections of the order of 5 inches or less, 
the loss of hydrogen is relatively rapid and in normal works practice 
—rolling, annealing, hardening, and tempering—the residual hydro- 
gen will ultimately reach a low figure, | cc or less”. No informa- 
tion is available on the hydrogen contents encountered in the steel 
cylinders used in the present studies, and the effect of hydrogen 
in amounts normally present in these practices on cracking suscepti- 
bility remains unknown. This problem could be attacked by an 
adequate determination of the amount of hydrogen in the steel 
encountered in practice and a carefully controlled experimental study 
on the effect of this particular range of hydrogen content on the 
susceptibility to cracking in steel. 

Surface Decarburization—The matter of surface decarburization 
during the heating operations has often been under consideration as 
a possible cause of quench cracking. The opinions are conflicting, 
but the consensus seems to be that decarburization is harmful in 
high carbon tool steels and beneficial in engineering constructional 
steels containing 0.25 to 0.50% carbon. However, even in the case 
of the engineering steels, there have been reports that decarburization 
is harmful. 

No information was available on the extent of decarburization 
in the steel cylinders or its effect on cracking susceptibility. All the 
cylinders were decarburized to some extent; controlled atmospheres 
were not employed in the heating operations. Judging from the 
variations in cracking from heat to heat, it is doubtful that a 
variation in the amount of decarburization from heat to heat can 
explain this fluctuation. 

Decarburization is important because it results in a surface layer 
of steel of different composition on a core of the nominal compo- 
sition. This skin has different thermal expansion properties; it will 
transform to martensite at a higher temperature than the adjacent 
core. The extent of decarburization is undoubtedly important. For 
example, the high carbon steel could conceivably decarburize to a 
carbon content comparable to that of the engineering steel, whereas 
an engineering steel could conceivably decarburize to a skin consist- 
ing essentially of ferrite. 


It would seem that an important consideration in the effect of 
decarburization, would be the nature of the stress system present. 
It could be of a nature that allows the increased ductility of the skin 
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to come into play, or it could be such as to restrict plastic defor- 
mation and cause the lower cohesive strength of the skin to become 
the dominating factor. 


Effect of Quenching Conditions 


Uniformity of Quench—A producer of Type C cylinders (Table 
I) encountered a cracking problem in which the cracks occurred 
more frequently in cylinders produced from the top half of the ingot. 
Four cylinders were produced from an ingot and it was found that 
77% of the cracking occurred in the two cylinders corresponding to 
the top half of the ingot. As this was contrary to the usual experi- 
ence, the heat treating variables were examined as possible explana- 
tions of the cracking behavior in this practice. 

The furnace used in the austenitizing treatment before water 
quenching was circular and had a removable roof. The cylinders in 
the furnace were suspended from a suitable holder. In the quenching 
operation, the roof was lifted from the furnace, the load was re- 
moved and then lowered into a circular tank containing the quenching 
medium. A total of fifteen cylinders could be accommodated in a 
holder. The usual charge consisted of 10 to 13 cylinders so that some 
of the holders were empty in each charge. Accordingly, there were 
three possibilities for a tube as far as its relationship to its neighbors 
was concerned : 

(a) Two immediate neighbors 

(b) One immediate neighbor (one empty space adjoining ) 

(c) No immediate neighbors (flanked by two empty spaces). 
A sketch of the holder positions and examples of these three possi- 
bilities are included in Fig. 21. The space enclosed by the large circle 
represents a cross section of the quenching tank. 

The cylinders which cracked were tabulated as indicated below, 
since the three cases listed could conceivably vary in severity and 
uniformity of quench. The results were as follows: 


Number of Number of Per Cent 
Neighbors Cracked Cylinders Occurrence 
2 27 26.00 
1 68 65.35 
0 Y 8.65 

Total 104 100.00 


The best case for minimum cracking was the one in which there 
were no immediate neighbors, a situation which should have pro- 


- 
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duced the most uniform and most severe quench because of lack of 
thermal effects from immediate neighbors. The worst situation was 
the one in which there was one neighboring cylinder. This situation 
conceivably gave the least uniform quench and actually resulted in 
the highest cracking losses. These data demonstrate that uniformity 


of the quench may have an important bearing on the occurrence of 
quench cracking. 


Position | 2 3 
No. of Close 
Neighbors O | 2 


No. Cracked 9 68 27 
% Cracked 8.65 65.35 26.00 





Fig. 21—Effect of Uniformity of Quench as Affected by the Position of 
the Cylinder in the Heat Treating Batch on the Frequency of Occurrence of 
Quench Cracking. 


Temperature to Which Cylinder Was Quenched—The distribu- 
tion curves for the temperatures to which the cylinders were 
quenched before removal from the quenching medium for heats 
with and without cracked tubes are presented in Fig. 22 for the 
practice which produced Types I and L cylinders (Table I). The 
heats without cracked cylinders are significantly displaced to higher 
finishing temperatures, demonstrating that the frequency of cracking 
increases with decreasing finishing temperatures. In Fig. 23 is the 
regression line for per cent of cracked heats against the finishing 
temperature. A high degree of negative correlation (r — —0.86) 
exists, which also predicts decreasing likelihood of cracking with 
increasing finishing temperatures in the quench. 

The effect of interrupting the quench at higher temperatures has 
several ramifications. The main effect, of course, is that the amount 
of martensite fefmed on the quench is reduced by stopping the 
quench at a higher temperature and transferring the warm cylinder 
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--- Heats with Cracked 
Cylinders (152) 


—— Heats without 
Cracked Cylinders 
(1158) 
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Fig. 22—Distribution Curves for the Finishing Temperature 


in the Quench for Heats with and without Cracked Cylinders in 
the Practice Producing Types I and L Cylinders. 
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Fig. 23—Regression Line for Per Cent of Heats with Cracked 
Cylinders Quen ched to a Given Temperature in the Bath as a 
Function of This Temperattire for the Practice Producing Types 
I and L Cylinders. 


promptly to the tempering furnace. This results in less volume 
expansion from the transformation and a decrease in the trans- 
formational stresses. The thermal gradients are dissipated at a 
higher temperature. In addition, the increased time at the higher 
temperatures increases the opportunity to temper the martensite 
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already formed, leading to a further decrease in the stresses. The 
austenite not transformed in the quench may transform to upper 
transformation products in the tempering operation or may in some 
steels even remain untransformed in tempering and transform to 
martensite on the cool-down from the tempering. In this case the 
tempered steel would contain untempered martensite which would 
cause a loss in ductility and toughness. To recover the ductility, it 
would then be necessary to resort to a double tempering procedure. 
Thus, the extent to which the quench may be interrupted is in 
practice dependent on the stringency of the mechanical property 
requirements. The more exacting these requirements, the nearer to 
100% martensite must be the structure obtained on the quench. 

The Pre-Bore Quench—One producer of Type L cylinders 
adopted the pre-bore type of quench in the practice after a period 
in which the straight immersion type of quench was used. The pre- 
bore quench consists of initially quenching the bore of the cylinder 
alone for a period of time, immersing the cylinder into the quenching 
tank, and thereafter quenching the bore and outside surfaces simul- 
taneously. This producer arrived empirically at a satisfactory pre- 
bore quenching time of 2 minutes. Using the straight immersion 
quench, 4 of 24 cylinders (16%) were cracked. Of a subsequent 
172 cylinders treated with the pre-bore quench, all were found to 
be free of cracks. This small amount of data suggests that the pre- 
bore type of quench is a very effective remedy for quench cracking 
in hollow cylinders. 

The producer’s explanation of the effect of the pre-bore quench 
was that the initial quenching set the bore in compression, thus 
decreasing the propensity to cracking which occurs as a result of 
tensile stresses. The pre-bore quench was fully analyzed by means 
of the laboratory test (1) and it is demonstrated in another paper (2) 
in this series that the success of the pre-bore quench depends upon 
its effect on the position of the thermal midwall in the cylinder during 
the quench. 

SUMMARY 


Conclusions that follow are based on the results of a statistical 
analysis of the problem of quench cracking which occurred in the 
heat treatment of hollow cylinders of medium alloy steel (carbon 
0.25 to 0.50%) with dimensions ranging approximately from (a) 


4.5 to 18.0 inches OD; (b) 1.2 to 7.5 inches ID; and (c) 80 to 300 
inches long. 
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Three general types of cracks were encountered: (a) cracks on 
the bore surface, (b) cracks on the outside surface, and (c) cracks 
through the: wall of the cylinder. The bore surface crack was 
decidedly the most prevalent. An explanation of the preponderance 
of the bore surface cracks is proposed, based on the position of the 
thermal midwall in the cylinder wall during an immersion quench— 
namely, at three-fifths of the wall thickness from the outside surface. 
i Quench cracking in practice occurs in two general types of 
periods: (a) periods of normal cracking behavior in which the losses 
are intermittent and low, and (b) relatively short time periods, 
called epidemics, in which severe losses are sustained. 

Cracking susceptibility is a heat characteristic. Losses per heat 
varied from O to 100% in a well-controlled practice with minor 
variations in chemistry from heat to heat. 

The problem of quench cracking in practice is of a statistical 
nature. Cracking susceptibility is affected both by variables which 
affect the heat uniformly and by variables which are distributed in 
some statistical manner throughout the heat. 

The frequency of cracking decreased with increasing pouring 
temperature of the ingot. This conclusion is based on results from 
one practice only. 

The data on effect of ingot size and forging reduction show 
erratic trends indicating increasing cracking with increasing ingot 
size and with decreasing forging reduction. 

The effect of position in the ingot on cracking susceptibility was 
found to be significant. Cracking occurred mainly in cylinders pro- 
duced from bottom thirds of ingots. The position of the maximum 
frequency of occurrence of cracks in cylinders produced from the 
bottom thirds of ingots was found to be associated with the cone of 
solidification in the ingot. 

Previous observations that carbon has a potent effect on the 
susceptibility to cracking were confirmed. The present analysis 
demonstrated that the probability of cracking at least one cylinder 
per heat increased with increasing carbon content. However, the 
severity of cracking per heat (per cent of heat cracked) was found 
to be independent of the carbon content. This behavior confirmed 
the concept of cracking susceptibility as a heat characteristic and 
demonstrated that the heat characteristic can operate over a large 
range of carbon content. The analysis showed that cracking losses 
would be expected to be insignificant where carbon contents are less 
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than 0.26% in certain cylinders quenched essentially to martensite, 
and 0.35% in larger cylinders quenched to mixtures of martensite 
and bainite. 

In the analysis of an entire practice, a low degree of correlation 
was found between the occurrence of cracking and the content of 
alloying elements (sum of Mn, Cr, and Mo contents) in the heat. 
Thus, in a given practice using a given grade of steel, the variation 
from heat to heat of carbon content is much more significant than 
the variation in alloying elements in affecting the occurrence of 
quench cracking. 

In practices in which the hardenability of the steel was sufficient 
to quench the cylinders essentially to martensite, variations in deter- 
mined end quench hardenabilities from heat to heat were insignificant 
in affecting the occurrence of cracking. In comparing two compo- 
sitions used in a practice with similar hardenabilities but with vary- 
ing M, points, the composition with the lower M, point exhibited 
considerably more cracking. Thus, hardenability variations are criti- 
cal only insofar as they affect the M, point of the steel. These data 
substantiate the work by Battelle Memorial Institute on the effect of 
boron on cracking susceptibility. They found that boron had no 
effect, since it has no appreciable effect on the M, point but does 
increase hardenability. 

Analysis of a practice in which variations in the positioning of 
the charge in quenching occurred demonstrated that nonuniformity 
in quenching can be a significant factor in causing cracking to occur. 

A high degree of negative correlation was found between the 
frequency of cracking and the temperature to which the cylinder was 
quenched. This confirms practical observations that interrupting the 
quench will decrease cracking. The degree to which the quench 
can be interrupted is governed by the mechanical property require- 
ments. 

Limited experience by one producer indicated that the pre-bore 
quench is an effective remedy for cracking in hollow cylinders. The 
pre-bore quench consists of quenching the bore alone initially for 
a period of time followed by a simultaneous quench of the bore and 
outside surfaces. 
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DISCUSSION 


Written Discussion: By R. L. Wilson and D. C. Ladd, Steel and Tube 
Division, The Timken Roller Bearing Co., Canton, Ohio. 
The problem of quench cracking in steel is one that certainly warrants 
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such extensive study as that reported in this paper. While troubles with 
quench cracking are magnified during time of war when delivery of mate- 
riel and conservation of resources are of prime importance, they are al- 
ways perplexing to everyone connected with the heat treating of steel. 
The authors are, therefore, to be commended for the careful study and 
presentation of the data made available to them. 

The chronological plot of cracking losses shows that the percentage 
of heats with cracked tubes was about doubled on the Type C tubes when 
the time in the quench was cut from 5 to 4 minutes. However, on the 
Type B tubes it was just the reverse; when the time in the quench was 
cut from 3% to 2% minutes, the percentage of heats that. exhibited crack- 
ing was reduced by approximately one-half. 

This raises the question as to whether there might be a specific tem- 
perature for a particular type of steel to which the pieces should be cooled 
during immersion to avoid quench cracking. The proper finishing tem- 
perature in the quench could also conceivably vary enough from heat to 
heat of steel to require adjustment of quenching procedure in passing 
from one heat to another in production. The data given in Fig. 22 may 
create the impression that the controlling of finishing temperature in the 
quench would not be very difficult, which would be misleading. At pres- 
ent, the control of interrupted quenching on a practical basis is actually 
accomplished by measuring the time of immersion rather than the tem- 
perature at the moment of removing the pieces from the quenching me- 
dium. However, the time quenching practice under best control would 
undoubtedly include a considerable range of corresponding finishing tem- 
peratures in normal operation. 

We have observed that radial cracks in the bore of tubes as detected 
by visual inspection with good illumination do not appear immediately 
after the tubes leave the quenching medium, but can be found easily 
after the tempering operation when they are present. Here again there 
would seem to be some relation between the temperature at the time the 
quenching was interrupted and the tendency toward bore cracking on 
straight immersion quenching. 

Written Discussion: By R. J. Stoup, development metallurgist, Spang- 
Chalfant, Division of The National Supply Co., Ambridge, Pa. 

During the war, the writer was associated with a producer of the 
hollow cylinders mentioned in this paper and can testify as to the illusive 
nature of this, at times, very troublesome problem. As an addition to the 
types of cracking shown in Fig. 1, we might add that we occasionally 
found cracks starting from the outside at the top of the cylinder where it 
was suspended from a hanger during heat treatment. It is our observa- 
tion that such cracks were caused by the cylinder wedging in the support- 
ing slot during the heating cycle and subsequent restriction on free expan- 
sion during the quench. The cure, involving a redesign of the type of 
support, eliminated ruptures of this nature completely; however, it may 
be worthy of mention, even though distinct from the metallurgical factors 
causing cracking as so ably discussed in this presentation. 

It is unfortunate that there is now no way to distinguish between 
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cylinders rejected for quench cracks of unknown origin and those where 
flaking initiated the crack. Visual observation of the orientation of the 
defects is usually sufficient to either identify or eliminate flaking as a 
primary cause of the rupture; however, most steelmakers are loath to 
admit the possibility of flakes in their product and would prefer to report 
rejections merely as “cracks”. For this reason it is difficult to differen- 
tiate on an over-all picture as to how serious the problem of true quench 
cracking is. The field observations of the authors made on seamless tubes, 
where due to the piercing operation the likelihood of flakes is very much 
lessened, would indicate, however, that the percentage of unexplainable 
rejects is still very high. : 

Written Discussion: By J. V. Russell, Republic Steel Corp., Chicago. 

As their publication of it nears completion, one cannot fail to be 
impressed by the amount of work which has been done by the authors in 
their analysis of certain problems arising in the production of wrought 
gun tubes. The thorough and exacting examination of their data by the 
authors leaves little to be desired. 

Their conclusions as to possible causes of quench cracks and the 
effects of various manufacturing practices are interesting. We find that, 
although there apparently was a difference in susceptibility of heats to 
quench cracking and that units of a heat behaved alike, heat treating 
practices such as uniformity of quenching, temperature of quenching and 
sequence of internal and external quenching also had their potent effects. 
It is hoped, however, that this “heat characteristic” can be identified by 
future investigation and means of controlling it advanced. Such an inves- 
tigation would be of very great importance to all those who make or heat 
treat steel. 


Authors’ Reply 


The authors extend their thanks to Messrs. Wilson, Ladd, Stoup, and 
Russell for their contributions to the discussion of this paper. 

Mr. Wilson and Mr. Ladd have raised the familiar problem of inter- 
rupting the quench to avoid cracking. In the development of an inter- 
rupted quench procedure, careful consideration should be given to the 
engineering aspect of meeting mechanical property requirements as well 
as to the technical aspect of preventing cracking. The various metal- 
lurgical factors involved in the interruption of the quench are discussed 
in the paper. 

An interrupted quenching procedure obviously should be so designed, 
if possible, that quench crack losses would be eliminated and specifications 
always met. For a given composition (say, SAE 4335) and practice, there 
appears to be an optimum quenching time which is most likely to result 
in a minimum loss of quenched and tempered products due to (a) quench 
cracks, (b) failure to meet specifications, or (c) a combination of both 
(a) and (b). This quenching time is expected to be longer (maximum 
temperature lower at end of time in quenching medium) when material 
must be quenched entirely to martensite before being tempered than when 
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it may be quenched to a mixture of martensite and other decomposition 
products of austenite. 

As for the possibility that the proper finishing temperature may vary 
from heat to heat, it would appear that this should be so only if the 
martensite range changes significantly, assuming the thermal gradients 
are essentially the same from quench to quench. The interim between 
the quench and the temper is also important and a variety of conditions 
may occur in a piece, depending on its handling cycle. 

It is true that most interrupted quenching is controlled by time rather 
than by temperature, and no attempt is made to minimize the possibilities 
of variation of temperature from piece to piece. It is somewhat surpris- 
ing that the discussers believe Fig. 22 may create the impression that 
control of the finishing temperatures is an easy matter. These data simply 
give the frequency of cracking as a function of the surface temperature 
of the tube obtained by Tempilstiks® immediately after the quench. It is 
evident, also, that the form of the thermal gradient at the time of meas- 
urement was not known. This matter of the interruption of the quench 
is a point well taken but a complicated one indeed. Focusing attention 
on the quench, it would seem logical to say that one should stay out of the 
martensite range, which is the dangerous range, to a degree which is con- 
sistent with the property requirements to be met. 

Mr. Stoup presents an interesting example of a cause of cracking 
which is distinctly mechanical and which is to be differentiated from the 
usual metallurgical factors. The point concerning the role of flaking in 
quench cracking is a pertinent one. It is quite true that in all but a 
relatively few cases the actual cracks were not examined metallurgically 
and the role of flakes must remain obscure in most of the observations 
on cracking frequency. A notable example of the effect of flakes was 
encountered in one practice in which heavy losses due to cracking initiated 
by flakes were encountered. The flakes were not discovered until the 
quench cracks were examined. Although flakes in themselves are causes 
for rejection, for the purpose of being consistent with the two categories 
of variables put forth in the paper, it would seem logical to list flakes as 
the second type of variable which does not affect the heat uniformly, but 
which occur in some sort of statistical distribution throughout the heat. 

The authors agree with Mr. Russell that an investigation leading to 
a complete identification of that quality of a heat tentatively referred to 
as the “heat characteristic” and to a means of controlling it would be of 
very great importance to all those who make or heat treat steel. 







































PRE-BORE QUENCH FOR HOLLOW CYLINDERS 


By J. W. SprETNAK AND C. C. Bussy 


Abstract 


Results are given showing the effect of pre-bore 
quenching on the minimum depth of notch required to 
cause the cracking of standard specimens, 6.5 inches OD, 
2.75 inches ID and 0.5 inch thick. Pre-bore quench- 
ing (or “bore-lead” quenching as it is sometimes called) 
involves a water quench of the bore for a certain period 
of time, prior to the simultaneous quenching of both bore 
and outer surfaces of hollow cylinders. As the pre-bore 
time is increased, the probability of quench cracking un- 
notched bore material (ID cracking). in a hollow cylinder 
rapidly decreases, while the probability of cracking outer 
material (OD cracking) first increases, passes through 
a maximum and then decreases. 

As a result of this study, the mechanism involved 
in pre-bore quenching treatments is now much, better 
understood. Through the use of a pre-bore quenching 
operation, the position of the thermal midwall and, there- 
fore, that of the last austenite to transform can be con- 
trolled. 





HIS paper is the third of a series (1, 2)* dealing with studies 
of the problem of quench cracking in the heat treatment of 
hollow cylinders of steel. The first paper (1) described a laboratory 
quench cracking susceptibility test developed for hollow cylinders. 
The second paper (2) of the series summarized the results of an 
engineering analysis of the problem as it existed in the field, using 
statistical methods applied to production data. The steels used in the 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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production of these cylinders were of the heat-treatable constructional 
type of the following three basic compositions : 


Mn Cr Ni Mo V 
(a) 0.70 0.70 1.75 0.40 0.10 
(b) 0.70 1.00 sc 0.40 0.10 
(c) 0.70 1.00 2.00 0.40 a 
(d) 0.80 0.80 1.00 0.25 


The carbon range was from 0.25 to 0.50. 


In the field analysis, one of the important factors indicated was 
the effectiveness of the pre-bore quench for hollow cylinders in pre- 
venting the occurrence of quench cracking. A pre-bore quench—also 
frequently designated as a bore lead quench—consists of initially 
water quenching the bore surface only for a period of time, followed 
by a simultaneous quenching of the bore surface and outside surface 
(immersion quench). This type of quench was used by one producer 
of large sized hollow cylinders after a period of production in which 
the straight immersion type of quench was used. A satisfactory 
bore lead time of 2 minutes for this particular size of cylinder 
was obtained empirically. Using the straight immersion quench, 
4 of 24 cylinders (16%) were cracked. Of a subsequent 172 cylinders 
treated with the bore lead quench, all were found to be free of cracks. 
This brief experience in the use of the bore lead quench suggested 
that it is a very effective remedy for quench cracking in hollow 
cylinders. 

The proposed explanations of the mechanism of the bore lead 
quench were varied. The consensus seemed to be that the bore lead 
quench initially set the bore in compression as a result of the expan- 
sion of martensite, thus decreasing the propensity to cracking which 
occurs as a result of tensile stresses. A laboratory study of the bore 
lead quench was undertaken, employing the test developed for deter- 
mining the quench cracking susceptibility of hollow cylinders, in 
order to determine the effectiveness of this quench and to bring 
about an understanding of its fundamental mechanism. 


EXPERIMENTAL WorRK 


The bore lead quench was studied in the laboratory in relation 
to its effect on both bore surface cracking (ID cracking) and also 
on cracking on the outside surface (OD cracking). The dimensions 
of the standard ,test disk (1) were 6% inches OD, 234 inches ID 
and ¥% inch thick; the notch angle was constant at 30 degrees with a 
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constant notch radius of 0.010 inch, and only the notch depth was 
varied. The steel used in the study was melted in the basic open- 
hearth furnace and was of the following composition : 


C Mn P S Si Cr . Ni Mo 
0.39 0.88 0.017 0.035 0.26 0.83 1.16 0.27 


The steel was rolled into rounds and hot-pierced into tubes. The 
test disks were machined from these tubes. In the study of the ID 


Disks 65"OD, 22"1D, and $" Thick Machined from 
Type D Hollow Cylinders 
(Average of at Least 3 Disks per Group) 


Disks Notched on ID Disks Notched onOD 
© Not Cracked o Not Cracked 
® Cracked @ Cracked 
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Fig. 1—Effect of Bore Lead Time on Susceptibility to ID and 
OD Cracking in Disks Machined from Type D Cylinders. “Bore 
lead time” signifies the length of time the bore surface is initially 
quenched -before the bore and outside surfaces are simultaneously 
quenched. Area A represents combination of bore lead times and 
notch depths that will cause ID cracking to occur. Area B repre- 
sents combinations of bore lead times and notch depths that will 
cause OD cracking to occur. 


cracking, groups of three disks were notched on the bore surface 
with depths of notch varying from ;g to % inch in steps of sixteenths 
of an inch. Each disk of a group was then given either an immer- 
sion quench (no bore lead) ora timed bore lead quench in the lab- 
oratory jig. They were examined for cracks immediately after the 
quench. The disk is essentially at room temperature after immersion 
quenching 2 minutes in the jig. The effect of the bore lead on OD 
cracking was studied in a similar manner except that these disks 
were notched on the OD surface. 

The results of these studies are presented in Fig. 1 as a plot 
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of the effect of the bore lead quench on both OD and ID cracking. 
The area A includes the combinations of notch depth and bore lead 
time that will cause ID cracking to occur. Thus with no bore lead, 
ID cracking will occur with a notch depth of 3%; inch. As the bore 
lead quench is introduced, the notch depth required to produce ID 
cracking increases rapidly and with 10 seconds of bore lead, ID 
cracking occurs only with a notch depth of % inch.? With bore lead 
times of more than 10 seconds, ID cracking will not occur at a notch 
depth of % inch, regardless of the length of the bore lead. 

Area B includes the combinations of notch depth and bore lead 
time that will cause OD cracking to occur. No OD cracking occurs 
in the immersion quench and with bore lead times up to 20 seconds. 
Beyond 20 seconds bore lead time, the susceptibility to OD cracking 
increases rapidly and is a maximum in the range of 75 to 100 
seconds. Beyond 100 seconds, the susceptibility falls off rapidly and 
no OD cracking is encountered with bore lead times greater than 
110 seconds. It is evident that neither ID nor OD cracking will 
occur with bore lead times of 10 to 20 seconds or greater than 110 
seconds. Of the two optimum ranges of bore lead time, the 10 to 
20-second range is advantageous from a-practical viewpoint in that 
it subjects the disk to a better quench than does the long bore lead 
quench. 

From the behavior of the bore lead quench in relationship to 
its effect on the occurrence of cracking, it becomes evident that this 
quench is an interesting exposition of the principle of controlling 
the position in the section of the last portion of austenite to transform. 
The importance of this factor is apparent from data published by 
Buhler and Scheil (3). A recent thermal analysis of the temperature 
distributions in the wall of a long hollow cylinder of steel during a 
commercial immersion quench shows the peak temperature to be 
located at a position three-fifths of the wall thickness from the outside 
surface.* The position of this peak temperature, or thermal midwall, 
is also the position of the last portion of the austenite to transform 
in the section. Thus, in the immersion quench, the thermal midwall 
is displaced toward the ID surface from the geometric midwall, and 
cracking occurs rather easily on the ID but not on the OD surface. 

As the bore lead quench is introduced, the effect is to shift the 


2In the cracking test, the maximum notch depth is arbitrarily limited to % inch. 


8From released Watertown Arsenal Laboratory Report 632/12, by J. N. Pappas, 
Associate Metallurgist, and V. E. Bender, Captain, Ordnance Dept., entitled “Quenching 
Rates and Temperature Differentials in Hollow Cylinders and Gun Tubes,” published by the 
U. S. Department of Commerce (PB 4079). 
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thermal midwall to positions approximating the geometric midwall. 

In this case the over-all probability of cracking (ID and OD 
cracking combined) is a minimum as in the 10 to 20-second interval 
in Fig. 1. Further increase in the bore lead time shifts the thermal 
midwall to positions beyond the geometric midwall and toward the 
OD surface. The last austenite to transform in the section is now 
placed nearer the OD surface and the disk becomes susceptible to 
OD cracking as in the period from 20 to 110 seconds. No OD crack- 
ing occurs with bore lead times greater than 110 seconds because in 
these cases the austenite transformation starts at the ID surface and 
proceeds in one direction to the OD surface before the outside quench 
is started. There is only one wave of transformation instead of two 
waves meeting at some point in the section as in the case of bore lead 
times less than 110 seconds. The cracking behavior at 100 and 110 
seconds of bore lead is believed to be associated with the action of the 
two waves of martensite transformation. At 100 seconds the stress 
produced by the opposing martensite waves is high enough to cause 
cracking at the base of all notches investigated. At 110 seconds 
cracking is observed only at a notch % inch in depth. Because of 
insufficient data it is not certain that, at this bore lead time, cracking 
would not occur at notch depths above or below % inch. Thus at 110 
seconds of bore lead there is probably a range of notch depths which 
will cause OD cracking, but if the notches are of such a depth (7 
and ¥% inch) as to be outside of this range, cracking does not occur. 
Further, it is anticipated that, at some particular bore lead time 
greater than 110 seconds, the range of notch depths necessary to 
cause cracking will be reduced to a single value and notches deeper 
or shallower than this critical depth will not cause cracking. A pos- 
sible explanation for this behavior may be made by considering the 
effect of combinations of the two variables: (a) notch depth and 
(b) depth of martensite case from the OD. The martensite trans- 
formation has proceeded farther from the ID at 110 seconds than at 
100 seconds, so that less austenite is available for the formation of a 
martensite case on the OD. Since the case is smaller, the resuiting 
internal stress is believed to be smaller and a ;,-inch deep notch is 
not severe enough to cause cracking. However, the %-inch deep 
notch is more severe and cracking occurs. It is believed that the 
¥%-inch deep notch does not crack because the martensite wave pro- 
ceeding from the ID has moved a sufficient distance beyond the root 
of this notch to prevent cracking. 











1950 PRE-BORE QUENCH FOR HOLLOW CYLINDERS 275 


Thermal Thermal 
Midwall Midwall 
! 





OD Immersion Quench ID OD Short Bore Lead ID 


Thermal 
er I 


Temperature 


= ——— Time 


= 





OD Long BoreLead ID OD Quenched from ID 
the Bore Only 


Fig. 2—Schematic Representation of the Temperature Dis- 
tributions Across the Wall of a Hollow Cylinder as a Function 
of Elapsed Time for Various Types of Quenches. 


The temperature distributions across the wall section of the 
cylinder as a function of time for the various types of quenches are 
illustrated schematically in Fig. 2. In the immersion quench, the 
OD and ID surfaces are quenched simultaneously, and temperature 
gradients to each surface are formed immediately, resulting in the 
thermal midwall being formed closer to the bore. In the case of the 
short bore lead quench, the ID surface is quenched first for a short 
period of time, resulting in a gradient only toward the ID surface. 
The OD quench is turned on and immediately a second gradient 
toward the OD surface is formed. Because of the lead given the ID 
quench, the resulting thermal midwall is displaced toward the geo- 
metric midwall. The effect of further delaying the start of the OD 
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quench is to further displace the resulting thermal midwall toward 
the OD surface. Finally, in the case of the total bore or ID quench, 
only one gradient toward the ID surface is obtained with no thermal 
midwall formed, and the transformation takes place continuously 
from the ID to the OD surface. 

It is of interest to consider why, in a commercial immersion 
quench of a hollow cylinder, the thermal midwall should occur at 
three-fifths of the wall thickness from the OD surface when the 


Wall Ratio (b/a) 








0.5 0.6 0.7 0.8 


Position of Thermal Midwall 
(Fraction of Wall Thickness from OD) 
Fig. 3—Effect of Wall Ratio on Position 

of Thermal Midwall in the Immersion 


Quench, Assuming Equal Effectiveness of 
the ID and OD Quenches. 


“wall ratio” is about 2.3.4 In considering a pie-shaped sector of a 
hollow cylinder, it becomes evident that as the quench proceeds in- 
ward, a unit area of the bore surface quenches an increasing volume 
of metal in the sector, whereas a unit area of the outside surface 
quenches a decreasing volume of metal in the sector. From geometric 
considerations alone and with the assumption that in a given time 
interval the heat abstracted per unit area of surface is the same for 
the OD and ID surfaces, an expression was derived for the position 
of the thermal midwall in terms of the inside and outside radii. This 
derivation is presented in the Appendix to the paper. The form of 


4The wall ratio-is defined as the ratio of the outside diameter to the inside diameter 
of the cylinder. 
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the resulting expression is the following: 


ti. = Vab 
where 


ro = distance of thermal midwall from the center of the cylinder 
a = inside radius 
b = outside radius. 


For the particular geometry studied, the expression predicts the 
position of the thermal midwall at a distance from the outside surface 
corresponding to 0.606 of the wall thickness. This checks well with 
the value of three-fifths of the wall thickness from the OD surface 
experimentally determined on a full cylinder. 

Since the derived expression gives the position of the thermal 
midwall as the square root of the product of the inside and outside 
radii, a plot may be constructed to illustrate the effect of the wall 
ratio on the position of the thermal midwall for the immersion 
quench. This plot is presented in Fig. 3. It will be noted that as 
the wall ratio increases, the thermal midwall moves toward the bore 
surface. Thus, it would be expected, all other things being equal, 
that cracking on the bore surface would become increasingly preva- 
lent as the wall ratio of the cylinder increases. No direct confirma- 
tion of this prediction could be obtained from the field analysis of 
cracking (2) because the wall ratios encountered varied over a nar- 
row range. However, at the average wall ratio of 2.3 of the cylinders 
produced in practice, it was found that about 80% of the cracking 
encountered occurred on the bore surface. 


SUMMARY 


1. The pre-bore quench for hollow cylinders was studied by 
means of the laboratory test for determining the cracking suscep- 
tibility of hollow cylinders. The pre-bore quench consists of initially 
water quenching the bore surface for a period of time, followed by a 
simultaneous quench of the bore and outside surfaces. 

2. The pre-bore quench is an effective remedy for quench 
cracking in hollow cylinders, provided the proper time is selected. 

3. The effectiveness of the pre-bore quench depends upon its 
effect on the position of the thermal midwall in the wall section 
during the quench, which in turn controls the position of the last 
remaining austenite to transform in the section. 

4. An expression was derived for the position of the thermal 
midwall for the: immersion quench in terms of the inside and outside 
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radii of the cylinder of the form 


to = Vab 
where 


ro = distance of thermal midwall from the center of the cylinder 
a = inside radius 
b = outside radius. 


Appendix 


CALCULATION OF POSITION OF THERMAL MIDWALL 
FOR THE IMMERSION QUENCH 


Assumption: The amount of heat abstracted per unit area is 
same for bore and outside surfaces. 





At some distance r,, the volume quenched by area AB is equal 
to the volume quenched by area CD. 
Volume quenched by surface AB: 


To oe 2 
Vis= of rdr — 0 =) 
a 2 


Volume quenched by surface CD: 


b b* — r.” 
Vor = 9 t rdr = 0 oe 


Area AB = a8 (unit thickness ) 
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rie Por! 
a mee a 
to b — a°b = ab* — aro 
aro” + br.” = a*b + ab’ 
ro’"(a +b) = ab(a+b) 
To = ab_ 
fro = Vab 
For the particular geometry considered, 
2.75 
2? 


a 








= 1.375 inch 


a= 


6.5 
Ds 





= 3.25 inch 


_ 


ro = V3.25 - 1.375 
= 2.114 
3.25 — 2.114 = 1.136 inch from outside surface 
Wall thickness = 3.25 — 1.375 = 1.875 
1.136 


1875 = 0.606, or 3/5 of the wall thickness from the outside surface. 
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DISCUSSION 


Written Discussion: By G. L. Cox, manager, Empire State Technical 
Section, Development and Research Division, The International Nickel 
Co., Inc., Rochester, N. Y. 

The authors are to be congratulated upon the completeness, and care- 
ful analysis, of data on this interesting and useful method of quenching 
hollow cylinders. Actually, my comments refer not only to this paper, 
but also to the two previous papers by Wells, Broverman, Sawyer and 
Mehl, and by Spetnak and Wells. 

While I have not had the benefit of a review of the original papers, 
it is noted that the several authors have referred to the test pieces as 
“hollow cylinders”. Actually, they were gun forgings. These programs of 
research started from a need in the Ordnance Department, during the gun 
procurement program of the last war, to find means to reduce the rejects 
of gun tubes due to quench cracking. 

In my capacity in the Ordnance Department at that time, I was 
actively concerned with the several programs of which these researches 
were a part. It is very gratifying, indeed, to note that the results have 
shaped up more or less in line with our hopes, and I believe such data will 
be most valuable in any future emergency, as well as to current industrial 
problems. 

In one of the papers, reference was made to varying the rate of 
quenching of these tubes and, if a “slack-quenched” condition were ob- 
tained, the danger of quench cracking would be far less. While that 
undoubtedly is true, I should like to point out that parallel research, ini- 
tiated and sponsored by the Ordnance Department, showed that a “slack 
quench” structure is undesirable for gun tubes, particularly where design 
restrictions are such that stresses in the bore of the tubes are high, 
because any decomposition products of austenite, short of tempered mar- 
tensite, do not possess adequate resistance to notch impact, nor to pro- 
gressive stress-damage (fatigue in the extreme left portion of the S-N 
curve). I should therefore like to emphasize, if anyone attempts to use 
these data in the heat treatment of the tubes for guns, that he direct 
his attention to the means of minimizing quench cracking that will still 
retain a fully tempered martensitic structure in the region of the bore. 

I firmly believe that the paper by Spretnak and Busby, supplemented 
by the comments of Mr. Stoup of the National Supply Company, will pro- 
vide a sound and reasonable basis of approach to this important problem. 

Written Discussion: By E. S. Rowland, research metallurgical engi- 
neer, The Timken Roller Bearing Co., Canton, Ohio. 

This is an excellent example of the importance of the cooling rate 
distribution in parts during quenching on the internal stress pattern and 
quench crack susceptibility. It might have been helpful in explaining the 
behavior of the specimens in the 100 to 120-second bore lead region, if a 
thorough metallographic survey had been made. Since the bore quench is 
less efficient, at some value of bore lead quench the increasing amount of 
bainite becomes significant from the twin standpoints of amount of expan- 
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sion and the temperature range of bainite formation in relation to the 
temperature of thermal stress reversal. 

From a practical standpoint, the bore lead quench offers some real 
hope of alleviating the sometimes serious cracking problems in this par- 
ticular application. A large amount of correlation work would have to be 
done between this very sensitive test and the actual cylinders in produc- 
tion, but accurate prediction of the proper bore quench time would be well 
worth the trouble. In this connection, do the authors have any data which 
would indicate the change in bore lead quench value which just prevents 
ID cracking as a function of steel composition and hardenability ? 

Written Discussion: By R. J. Stoup, development metallurgist, Spang- 
Chalfant, Division of The National Supply Co., Ambridge, Pa. 

We have followed with interest the intensive laboratory investigation 
of the pre-bore quench for hollow cylinders as described in this and other 
papers presented by the Metals Research Laboratory of the Carnegie In- 
stitute of Technology. Of special importance to us is the fact that, as far 
as we know, this technique of quenching is a direct outgrowth of some of 
our observations made during the war in heat treating large-size cylinders 
at the Carnegie (Pennsylvania) plant of the National Supply Company. 
A brief description of the background of the original mill development of 
a pre-bore quench practice may be of interest in connection with the paper. 

Our first intention was to increase the severity of quench at the bore 
location by supplying additional water to the inside during the over-all 
immersion. We felt this would improve the product, inasmuch as the 
service stresses were considered to be a maximum at the bore. It was our 
thought that in the conventional: immersion quench, the inside of the 
cylinder was subject to insufficient cooling, since the steam first formed 
at this location was more or less confined and the ratio of volume of 
quenching medium to surface exposed rather low. By a more efficient 
quench on the inside, we expected to increase the midwall physical prop- 
erties to at least some slight degree. A study of our test results compar- 
ing the straight immersion quench to the quench with additional bore 
water seems to bear this out; however, due to many extraneous variables 
which were not taken into account, the results on a statistical basis are 
open to question. Later on, as mentioned in the report, on one particular 
size of cylinder we experienced bore cracking trouble and after rejecting 
four of the first twenty-four cylinders treated, we introduced the expedi- 
ent of pre-bore quenching for 2 minutes, which gave gratifying results. 
As the 2-minute lead time worked out so well and the material was 
urgently needed, we did not feel justified in experimenting with possible 
variations in the procedure. 

The plant technique on the last 172 cylinders, all crack-free, involved 
heating the cylinders to quenching temperature and, after a reasonable 
soaking time, suspending them individually in air over the quench tank. 
Water at 60°F and 150 psi pressure was flushed through from the upper 
end for 2 minutes at a rate of 900 gallons per minute. The cylinder was 
then lowered into the bath and the immersion time quench completed with 
water still flowing through the bore. It may be mentioned that these 
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particular cylinders were 6% inches inside diameter and approximately 
20 feet long, with a wall thickness varying from 3% inches to 6 inches. 

It is a source of great satisfaction to us that Messrs. Spretnak and 
Busby and their co-workers have been able to confirm our origina! ob- 
servations as to the efficacy of a pre-bore quench in reducing cracking, 
and rationalize our empirical solution to this difficult problem. 


Authors’ Reply 


The authors are indebted to the discussers for their contributions to 
the paper. 

Mr. Cox offers some interesting background to the problem as to its 
initiation and in no uncertain terms has removed the thin veil of disguise 
as to the specific nature of the problem. He re-emphasizes the necessity 
of obtaining a structure consisting of tempered martensite in applications 
wherein progressive stress damage is a problem. In applications such as 
these, the often-used technique of interrupting the quench cannot be a 
satisfactory step in alleviating the problem of quench cracking. 

Dr. Rowland discusses the curve of Fig. 1 in the range of bore lead 
times from 100 to 120 seconds. No metallographic work was done on 
these test disks to ascertain the nature of the decomposition products 
which possibly might lead to a better understanding of this behavior. In 
this range of bore lead times, the quench is just short of being completed 
from the ID, and the reactions near the OD are undoubtedly complex 
because of the effect of the very short quench from the OD. In answer to 
Dr. Rowland’s question, no data have been obtained as yet on the effect 
of steel composition and hardenability on the optimum bore lead time to 
prevent cracking. 

Mr. Stoup contributes some very interesting historical information on 
the origin of the pre-bore quench in the heat treatment of hollow cylinders 
in the plant. It is of particular interest to note that this quench was 
originally designed to obtain faster cooling rates at midwall in order to 
enhance the mechanical properties at this position. That it happily mate- 
rialized as an eminently successful preventive for cracking is well borne 
out by the data on cracking losses for.the immersion quench and for the 
pre-bore quench. 
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METHODS OF DETERMINING VAPOR PRESSURE 
OF METALS 


By RupoL_peH SPEISER AND H. L. JOHNSTON 


Abstract 


Methods of determining the vapor pressure of metals 
are described. In particular, the theory and practice of 
determining the vapor pressure of metals by the Langmuir 
evaporation method and the Knudsen effusion method are 
described in some detail. Vapor pressure equations used 
to represent experimental data are given, and methods of 
calculating the thermodynamic functions from vapor pres- 
sures, heat capacities and spectroscopic data are discussed. 


EVERAL authoritative compilations and reviews on the vapor 

pressure of metals have been published. Kelley (1)* has listed 
the free energy of vaporization as a function of temperature for all 
metals for which reliable data existed up to 1935; Ditchburn and 
Gilmour (2) critically discussed vapor pressure data appearing in 
the literature in the time interval 1935-1941; Dushman (3) com- 
piled extensive tables of the vapor pressures of the metals as a 
function of temperature and critically discussed all the data available 
to him up to 1949. In this review, methods and data in the litera- 
ture will be discussed only briefly ; the major emphasis will be placed 
on the techniques, and the vapor pressure work being carried on in 
this Laboratory (4). 

The experimental techniques devised to determine the vapor 
pressure of metals can be conveniently divided into two classes 
according to the pressure range being investigated : 

(a) High-pressure methods (5) ranging from 10 to 10° mm 
of mercury have been applied to a number of metals: Lithium, 
sodium, potassium, copper, silver, gold, beryllium, calcium, strontium, 


1The figures appearing in parentheses pertain to the references appended to this paper. 





The High Temperature Vapor Pressure Program carried on within the Cryogenic Labo- 
ratory at The Ohio State University is sponsored by the Office of Naval Research under 
contract with The Ohio State University Research Foundation. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Rudolph Speiser 
is - of staff, Department of Metallurgy, The Ohio State University, and 
H. L. Johnston is director of the Cryogenic Laboratory and professor of phys- 
ical chemistry, The Ohio State University, Columbus, Ohio. Manuscript re- 
ceived April 13,: 1949. 
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zinc, cadmium, mercury, bismuth, silicon, magnesium, chromium, 
aluminum, and manganese. Vapor pressures in this range have 
been determined by direct manometric methods, from boiling points 
in the presence of inert “filling” gases at various pressures, by 
streaming methods (i.e., from the density of an inert gas and metal 
vapor stream in equilibrium with a metal surface) and other 
methods (5). 

(b) Low pressure methods ranging from 10° to 10° mm 
mercury have been applied to a great many metals (5). Rate of 
sublimation, rate of evaporation, rate of effusion, direct manometric 
and electrical methods have been effectively employed by various 
investigators in this range. 


RATE OF SUBLIMATION AND EVAPORATION METHODS 


In 1913, Langmuir (6) devised a dynamical method of measur- 
ing the vapor pressure of such refractory solids as platinum, tungsten, 
molybdenum and tantalum. Langmuir measured the rate of sub- 
limation from a filament heated in a vacuum. The principle of this 
method is as follows: 

When a solid is in dynamic equilibrium with its vapor, the 
number of atoms which escape from the surface of the solid per 
second is equal to the number which strike the surface per second 
and condense. The former number depends upon the number of 
atoms at the surface which have sufficient kinetic energy to escape 
from the attractions of their neighbors and also depends upon the 
temperature of the vapor. At very low pressures the assumption is 
made that the number of molecules escaping from a surface is inde- 
pendent of the pressure. However, the rate of condensation depends 
only upon the pressure of the vapor. Hence, it is evident from the 
above that at low pressures, the following relationship holds: 


Vapor pressure ~ rate of condensation = rate of sublimation Equation I 


It can be shown from the kinetic theory of gases that the total 
mass, m, of vapor atoms which strike unit area of solid surface per 
second is given by the expression 


m=Y%pv Equation II 


where p is the density of the vapor and V the mean velocity of the 
atoms. 
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Also, from the ideal gas law 
= pM/RT Equation IIT 


where M is the molecular weight of the vapor, p the pressure, R 
the gas constant and T the absolute temperature. 

Now the mean speed is related to the temperature and the 
molecular weight by the expression 


~ 8RT 
v= at Equation 1V 


Combining Equations II, III and IV, the equation 


271RT 


Equation V 
M q 


p = m 


is obtained. Equation V, however, assumes that every atom that 
strikes the surface condenses, but a fraction 8 may bounce off, hence 
Equation V should be written 


27RT 
Osx m/2aBt Equation VI 





a M 


where a = 1 — B is the accommodation coefficient. 

Thus, the vapor pressure of a substance can be calculated from 
Equation VI, provided the value of a is known. Fortunately, for 
most metals, a = 1. 

The vapor pressure of a liquid metal can be determined by a 
modification of the Langmuir method by measuring the rate of 
evaporation per unit area of a liquid surface into a high vacuum. 


RATE OF EFFUSION METHOD 


The determination of the vapor pressure of solids and liquids 
from the rate of effusion of a vapor through an orifice was first 
suggested by Knudsen (7). In this method the vapor flows from a 
space, where it is in equilibrium at some given temperature with a 
solid or liquid, through an orifice into a high vacuum. The ratio of 
the mean free path of the gas molecules to the diameter of the orifice 
must be greater than 10. When this is true, the rate of flow de- 
pends only upon the pressure difference between Knudsen cell and 
the external vacuum chamber, the dimensions of the orifice and the 
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density of the gas. It can be shown from the kinetic gas theory 
that the rate of effusion of a gas into a vacuum from an aperture 
of negligible wall thickness is related to the pressure by the 
expression 


p=—m (at Equation VII 


Except for the factor a, Equation VII is identical to Equation 
VI. The Knudsen method, when used under the proper conditions, 
will give the vapor pressure unambiguously when applied to a sub- 
stance whose accommodation coefficient is not unity. This does not 
mean that the Knudsen method should supersede the Langmuir 
method—for the Langmuir method can be used to measure vapor 
pressures that are a factor of 10°* to 10°* lower than those meas- 
urable by the Knudsen method. Also, higher percentage accuracy 
can be obtained in the measured evaporation rate per unit area. 
The large evaporating surfaces employable in the Langmuir method 
make this possible. 

The allowable orifice area is governed by the effect of effusion 
upon the equilibrium of the vapor in the Knudsen cell. This effect 
can be estimated in the following manner: 

Assume that the effective area within the Knudsen cell from 
which evaporation takes place is S, and that the accommodation 
coefficient is a. If equilibrium were established at the, true vapor 
pressure p’, then n’aS molecules would condense per unit time on 
the effective sample area S, where n’ is the number of molecules 
striking unit area of surface per unit time in a gas at pressure p’ 
at temperature T. An equal number, n’aS, would evaporate per 
unit time. 

If, now, a hole of area h is opened in the Knudsen cell, as in 
the effusion experiments, the equilibrium will be disturbed by the 
escape of molecules from the hole. A steady state will be established 
at a lower pressure, such that the rate of effusion of molecules from 
the hole is just balanced by the net rate of evaporation from the 
surface S. The rate of effusion is nh, where n is defined similarly 
to n’ (but for pressure p). The net rate of evaporation (which 
vanishes at equilibrium) is the gross rate of evaporation, n’aS, 
which is unaffected by the pressure in the cell, less the gross rate of 
condensation, which is now clearly naS. 
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Therefore 
nh = n’aS—naS Equation VIII 
or 
a Equation IX 
h/S+« 


Multiplying both sides of the equation by m* \/2TRT/M, where m* 
is the mass of the molecule, there results 


’ a 


h/S +a 


Thus, it is evident that when h/S«a,p~p’. That is, when 
the ratio of the area of the orifice to the effective surface of the sam- 
ple is much less than the accommodation coefficient, the number of 
molecules effusing per second does not upset the equilibrium in the 
Knudsen cell. Under these conditions, the pressure calculated from 
the rate of effusion is equal to the equilibrium pressure. 

Experimentally, the condition for the equilibrium determination 
of the vapor pressure is tested by determining the rate of effusion 
from Knudsen cells of several h/S values. If the rates are inde- 
pendent of these ratios, then the pressure calculated from Equation 
VII will be the equilibrium pressure. 

If the orifice walls have an appreciable thickness, then the fol- 
lowing form of Equation VII can be used to calculate the vapor 
pressure 


p=P Equation X 





p= gf SRT Equation XI 
K M 
where (8) 
Pe se ncciciee ,for0 <//a< 1.50 Equation XII 
1+ 0.5 //a 
and 


14+0.4//a 


FE iis aiken mn, STE > 1.99 Equation XIII 
1 + 0.95 //a + 0.15 (1/a)? 


and I is the thickness of the orifice wall and a is the radius of the 
orifice. 


EXPERIMENTAL TECHNIQUES 


In both the Langmuir and Knudsen methods the rates of sub- 
limation and effusion into a high vacuum are measured at constant 
temperature. Either the loss in weight can be measured or a target 
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can be employed and the rate of evaporation determined from the 
mass of vapor intercepted by the target per unit time. 

Measuring the loss in weight of the sample for a given time of 
evaporation yields the data for calculating the rate of evaporation 
unambiguously. Several methods have been developed for deter- 
mining the mass of vapor condensing on or striking a target: 

(a) lon current detectors have been successfully used to deter- 
mine the mass of alkali metal (9), and alkali halide (10) vapors 
striking a tungsten wire target. Zimm and Mayer combined Knud- 
sen’s effusion method with the positive ion method of Langmuir 
to measure the vapor pressure of alkali halides. In this method, as 
applied to the alkali metals, an atom of the vapor strikes the surface 
of a tungsten wire where it gives up an electron. The positive ion 
that is formed evaporates and is drawn to a collector plate which is 
at a negative potential with respect to the hot tungsten wire. The 
resulting ion current is a direct measure of the number of atoms 
striking the tungsten wire target. 

This method can be applied only to metals which have an 
ionization potential less than the work function for an oxidized 
tungsten wire. This limit is about 6 electron volts, which restricts 
the application of this method principally to the alkali metals. The 
temperature of the tungsten wire must be high enough so that every 
atom impinging on the wire is ionized. This critical temperature is 
recognized experimentally when the ion current becomes independ- 
ent of the tungsten filament temperature. 

(b) Condensation targets have been very frequently used (11) 
to measure the rate of effusion from a Knudsen cell. However, the 
data obtained in this manner should be carefully examined for sev- 
eral possible sources of error. 

A critical temperature exists for the condensation of a molecular 
beam on a target above which no condensation takes place. This 
temperature is usually considerably lower than target temperatures 
which would correspond to a vapor pressure of the sample so low 
that re-evaporation would not be. expected to take place. Molecular 
beam intensity and the geometry of the beam and target are often 
the controlling factors in determining the effective condensation of 
all the molecules striking the target. Many substances will not 
condense if the intensity of the beam is less than a certain critical 
value for a given target temperature—even though the target tem- 
perature may be so low that re-evaporation of the vapor atoms would 
be considered unlikely. 
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The explanation of this behavior lies in the fact that “hot” 
atoms on a surface behave like a two-dimensional gas..and will 
re-evaporate unless a sufficient number can get together to form 
aggregates of an “ordered” phase and thus condense. Under those 
circumstances, one could say that the accommodation coefficient for 
the condensation of the vapor atoms of the beam upon the target is 
less than unity. 

A striking example of the effect of the composition of the target 
upon the condensation of BeO vapor molecules is given by Erway 
and Seifert (12). These investigators found that the accommoda- 
tion coefficient for the condensation of BeO molecules on quartz was 
not unity—60% more condensation took place on BeO than on 
quartz targets. 

Thus, it is evident that it is necessary to establish by some 
means that the accommodation coefficient of the target for condensa- 
tion of the vapor atoms striking it is unity. Several investigators 
have taken the formation of sharp, well-defined shadows by barriers 
interposed in the path of the molecular beam as qualitative evidence 
that accommodation coefficient is unity—the argument being that 
multiple reflections would lead to shadows with diffuse edges. How- 
ever, this test is not too sensitive and is not entirely satisfactory— 
for if, at a particular beam intensity, no condensation takes place, 
this test would fail. 

A method successfully used in this laboratory is as follows: A 
target is placed over a Knudsen cell as shown in Fig. 1. On the 
assumption that the cosine law of evaporation is obeyed (7) and 
that the orifice in the Knudsen cell can be considered as a point 
source, the fraction of the total vapor effusing from the Knudsen 
cell and intercepted by the target is 


pcos? dé dp == dp AD * — 
—— i E . 
Err (Cc quation XIV 


ee 


where D is the radius of the target, C the distance from the target 
to the Knudsen cell, and the meaning of the other variables can be 
seen from the diagram in Fig. 1. 

Then, if all the vapor striking the target condenses, the weight 
of condensed material on the target should be Wf where W is the 
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total amount of material evaporated from the Knudsen cell. Thus 
if W is determined by weighing the Knudsen cell before and after 
effusion, and if a quantity Wf is deposited upon the target, then the 
accommodation coefficient for condensation of the substance on the 
target must be unity. 

An example showing that the accommodation coefficient is 
unity for the condensation of “B,O,’” on a platinum target at room 
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Fig. 1—Geometry of Target and Orifice in Effusion 
Experiment with Target. 


temperature is shown in Table I. It can be seen that the ratio of 
condensate on the target to the total loss in weight of the Knudsen 
cell is equal to the f values calculated from the geometry of the setup. 


Table I 
Condensation of B.O;, Upon a Platinum Target® 
Temperature Condensate Weight Loss 
— mg Cell, mg f Obs. f Calc. 
1058 0.60 4.57 13.13 13.19 
1224 2.50 18.40 13.59 13.58 
1232 4.35 34.63 12.56 12.60 
1369 6.35 47.44 13.39 13.58 


8R. Speiser and H. L. Johnston: Unpublished data. 


Another possible source of error in using a condensation target 
arises in the use of Knudsen cells which have orifices of appreciable 


*Care must be taken in applying this test to complicated molecules because if thermal 
dissociation should take place into noncondensible sore. then a mass balance would not 
be obtained. However, there is no ambiguity in this test as applied to monatomic vapors. 
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thickness, i.e., where the orifice can be considered a short canal. 
The error in this case is due to the deviation of the angular distribu- 
tion of the vapor effusing through the orifice from the cosine law. 
The result of this effect is to cause a relatively larger number of 
molecules to effuse in the forward direction than is predicted by the 
cosine law. This error may be avoided by using orifices reamed to 
knife-edge thinness. 

The amount of condensate on a target can be determined in a 
number of ways: 3 

(a) Direct weighing of the target before and after condensa- 
tion yields accurate data if no reaction with air takes place. The 
target can also be suspended from a quartz spring microbalance and 
the increase in weight of the target as condensation takes place can 
be determined during the experiment without breaking the vacuum. 
This method is advantageous when the condensate is chemically 
reactive and prone to react with air. 

(b) The quantity of condensate on the target can be determined 
in some instances by chemical analysis, e.g., titration. The quantity 
of alkali and alkali earth metals on a target can be accurately deter- 
mined in this manner (13). This method is especially advantageous 
when reaction with air or water vapor is likely upon exposure of the 
target. 

(c) Another method of growing importance for determining 
the amount of condensate deposited upon a target is by the use of 
radioactive isotopes as tracers. If a known ratio of a radioactive 
isotope to the nonradioactive isotope is used, the quantity of material 
deposited upon the target can be estimated by radiochemical assay 
with a Geiger-Mueller counter tube (12, 14). In determining the 
vapor pressure of BeO, Erway and Seifert (12) used a tungsten 
Knudsen cell with quartz and BeO disks as targets. The beam 
impinging upon the target was defined by a collimator. The expres- 
sion derived by these investigators for the vapor pressure of BeO 
calculated from the quantity of BeO (as determined by radiochemical 
assay) deposited upon a target is 


p = 0:3641 c¢ , g(D* + 4r’) 


J secs Equation XV 
T Cst D*d? M 
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where 


p = vapor pressure in mm of mercury 
= time in minutes of collection on collector disk 

c = counts per minute of deposit on collector disk 
Cst = counts per minute of material on standard reference disk 
g — weight in grams of material on reference disk 

D = diameter of collimator 

d = diameter of orifice 

r = distance from orifice to collimator 

T = oven temperature in °K 

M = molecular weight of effusing vapor 


APPARATUS AND EQUIPMENT 


In this Laboratory, the change in weight of the sample or cell is 
measured directly in both the Langmuir and Knudsen methods when- 
ever it is possible. The direct measurement of the rate of evapora- 
tion, sublimation or effusion avoids the difficulties described in the 
previous section. The samples are heated at constant temperature 
for an accurately measured time in a high vacuum. 

Induction heating is used as a source of energy. For this pur- 
pose two 15-kw G. E. electronic heaters operating at a frequency of 
~0.5 megacycles are used. A conductor placed in the work coil is 
rapidly heated to its steady-state temperature by the high frequency 
eddy currents induced in its surface. In order to maintain the tem- 
perature of the sample constant, the energy supplied by the work 
coil is held constant* by a motor-driven variometer (15) in series 
with the work coil. Varying the inductance of the variometer varies 
the current flowing through the work coil and hence the energy 
supplied to the sample. A servo-mechanism is employed to automati- 
cally operate the variometer so that the temperature of the sample is 
maintained constant to 0.2%. Fig. 2 shows the variometer in place 
in front of the G. E. electronic heater. 

A pyrex vapor pressure cell® is shown in Fig. 3. The pyrex 





‘At high temperatures (in the neighborhood of 1000°K or above) the temperature can 
be held constant with high precision if the power flowing into the work is held constant. 
Once a steady state has been reached at given power input, the temperature of the sample 
will change only if the temperature of the environment changes. Now the net energy radi- 
ated by the sample is 

W = o (T* — Tot) Equation 1 
where o is the radiation constant, T is the absolute temperature of the sample, and Te is 
the absolute temperature of the walls of the container (which are usually water-cooled). 

At constant power input, and at la dW = 0, then 


a = (#)’ Equation 2 


Let T—1000°K, To = 300°K, and the fluctuation in the environment temperature be 
dTo = 5 degrees. Then from Equation 2 it can be seen that the temperature change of the 
sample is only 0.14 degree. At higher temperatures the situation is even more favorable. 
Hence, as long as the sample characteristics do not change, constant power input will give 
good temperature control at high temperatures. 


5This cell was given to the Laboratory by A. B. Garrett of The Ohio State University. 
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Fig. 2—G.E. Induction Heater. The variometer used to control the power out- 
put of the oscillator is shown in front of the oscillator. The grillwork in the fore- 
ground is the vacuum bench. 


cell is water-cooled and has two water-cooled tubes sealed just 
inside the inner tube to prevent the formation of a continuous film 
of metal on the inside of the tube. The shutter which is used to 
protect the observation port from the condensation of vapors when 
temperature measurements are not being made is operated externally 
by a small horseshoe magnet. A fifteen-turn water-cooled work coil 
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made of %4-inch copper tubing slips over the cell and is positioned 
so that the sample is at the center of the coil. This cell is safely 
operated up to 1600 °C (2910 °F). 

A fused quartz cell capable of operation up to 2500 °C (4530 °F) 
is shown in Fig. 4. The cell is a modification of a fused quartz cell 
first used by Marshall, Dornte and Norton (16), and subsequently 


Magnetic Observation Port 
Shutter 
Vacuum Line 


Water Inlet —» + Water Inlet 


—> Water Outiet 


Sample 
Shadow Casting Tube 
To Prevent Forming 
Continuous Film 


Tungsten Tripod 


Pyrex Post 


Fig. 3—Pyrex Vapor Pressure Cell. 


by Johnston and Marshall (17). The most noteworthy changes are 
incorporation of design features which facilitate the emplacement 
of the sample holder and sample without cutting the cell, and the 
use of a magnetic shutter (operated externally with a magnet) to 
protect the observation port from condensing vapors. 

The quartz cell in Fig. 5 has a differently designed observation 
port. The metal shutter protecting the window is operated exter- 
nally through a metal bellows. The glass tube going off to the 
right is connected to the vacuum system which maintains a vacuum 








1950 VAPOR PRESSURE OF METALS 295 


better than 1 X 10°° mm mercury during a run. The work coil is 
shown below the cell, and in operation is placed in position around 
the center of the widest part of the cell. 

The diagram of a metal vapor pressure cell is shown in Fig. 6. 
This type of cell has many advantages over a glass or quartz cell: 
durability, safety, ease of manipulation, and efficient coupling of 


Ground Glass 
Seal 






Graded Seal Water Outlet 


Quartz 


Section A-A A 





Graded Seal 


Fig. 4—-Fused Quartz Vapor Pres- 
sure Cell. The re-entrant surface in the 
inner tube (shown at section A-A) pre- 
vents the formation of a continuous con- 
ducting film which would absorb energy 
from the radiation field. 


Water Inlet 


work coil to work. This cell has been used to sublimate graphite ; 
temperatures of 2800°C (5070 °F) are obtainable with a graphite 
sample 1 inch in diameter by 1 inch high. The vapor pressures of 
columbium, tantalum, Al,O, and SiO, are being studied in this 
apparatus at present. The cell is made of brass and is 10 inches in 
diameter by 10 inches high, with a chimney 3% inches in diameter 
by 18 inches high. The window of the observation port on top of 
the chimney is protected by a magnetic shutter which can be oper- 
ated from the outside by a magnetic bench vise. The shutter is 
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composed of two half disks, one made of copper and the other of soft 
iron. In the absence of a magnetic field the shutter hangs vertically 
while a magnetic field perpendicular to the axis of the chimney turns 





Fig. 5—Quartz Vapor Pressure Cell in 
Position Adjacent to the Oscillator. The 
work coil is shown below. 


the shutter to a horizontal position so that it intercepts the beam of 
evaporating metal. The work coil is brought through vacuum-tight 
insulators in the center of the cell. In the case of graphite, the sam- 
ple is held in the center of the work coil by a graphite tripod made 
of %-inch graphite rods. Tungsten tripods are used with the other 


4 
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samples. The cell is water-cooled by passing cold water through a 
3g-inch copper tubing soldered to the exterior of the metal. The 
pressure is measured with an ionization gage. The high vacuum is 
obtained with a 5-VMF Distillation Products oil diffusion pump 
backed by a Duo-Seal fore pump. A photograph of the metal cell 
can be seen in Fig. 7. The oil diffusion pump is attached directly 


Glass Window 














Butterfly Vaive 
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Radiation 
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Fig. 6—Metal Vapor Pressure Cell. This cell is also 
a good general-purpose furnace. A _ resistance heater 


adjacent to the interior walls of the cell is used to 
outgas the cell before evaporation is started. 


to the chimney through a liquid air trap. The magnetic bench vise, 
used to operate the magnetic shutter, rests on a platform attached to 
the chimney. The Leeds and Northrup disappearing-filament optical 
pyrometer, used to measure the temperature of the work, is set 
directly over the observation port. 

In the Langmuir method the samples are usually in the form of 
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Fig. 7—Metal Vapor Pressure Cell. Oscillator which supplies 
energy to the cell is shown in the background. 


annular rings. However, solid cylinders are also used. Typical 
samples used in the determination of the vapor pressure of beryllium 
have the dimensions® as follows: annular rings 1.10 inches O.D. by 


®In computing the area of the evaporating surface of the annular ring, the internal 
surface of the ring is subject to a correction, due to the fact that some of the subliming 
atoms strike another part of the metal surface and condense. Assuming the cosine law of 
evaporation, the effective internal area can be shown to be (18) 
Eff. Area = wb ( V a? + b? — b?) 
where a is the inside diameter of the annular ring and b is the thickness. 


- 
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0.38 inch 1.D. by 0.30 inch thick; solid cylinders 1 inch diameter by 
3% inch high. 

Liquid metals can also be evaporated by the Langmuir method 
with a technique used by Marshall, Dornte and Norton (16). The 
metal can be placed in a groove cut in the top surface of a refractory 
metal ring such as tantalum, molybdenum or tungsten. Liquid cop- 
per (16) was successfully evaporated from a groove in a molybde- 
num ring in this manner. The same procedure is being used in this 
laboratory to determine the vapor pressures of aluminum and 
magnesium. 

The Knudsen cells employed in this laboratory are seamless 
closed hollow cylinders (19) 34 to 1 inch in diameter by 34 inch 
high with holes 0.02 to 0.002 square inch in area in the center of 
the top face. The hole edge is reamed to knife-edge thinness. These 
cells are fabricated out of 10-mil tantalum, molybdenum and plati- 
num sheet, depending upon the temperature range of the experiment 
and the reactivity of the sample. The top and side walls of the cell 
are drawn from a single piece of metal and the bottom from another. 
An electric are (carbon electrode) in a hydrogen atmosphere is used 
to weld the base of the Knudsen cell in place. The cells are designed 
with attention to the details discussed in the previous section. 

The Knudsen cells are applicable to either solid or liquid sam- 
ples. Whenever possible, the sample is ground to a fine powder 
(to pass an 80-mesh screen or better) and either inserted through 
the orifice or placed in the cell before welding on the base. (Care 
must be taken not to heat the sample in welding on the base.) 

Under some circumstances it is necessary to use an unreactive 
liner in the Knudsen cell to protect the sample from contamination. 
In the case of gallium (20) a quartz liner in a tantalum Knudsen 
cell was successfully used. (Due to the quartz liner, the orifice 
acquired an appreciable thickness; hence Equations XI and XII 
had to be employed to calculate the vapor pressure of gallium from 
the effusion data.) 

Up to the present time, the temperatures of evaporation and 
effusion have been measured with a disappearing-filament optical 
pyrometer. The temperatures are measured under black-body con- 
ditions by a Leeds and Northrup No. 8620C optical pyrometer. 
These black-body conditions are determined in an auxiliary experi- 
ment by measuring the apparent temperature of a series of holes 
drilled into an annular ring machined from the metal sample. When 
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the dimensions of the holes are such that decreasing the diameter- 
to-length ratio causes no increase in apparent temperature, the con- 
ditions are essentially black body. In the case of the Knudsen cell, 
the pyrometer is sighted through the orifice into the interior of the 
cell which approximates a good “hohlraum”’. With some practice 
it is possible to reproduce pyrometer readings to 0.1%. 

The optical pyrometer is calibrated against a standard ribbon 
filament lamp supplied by the General Electric Co. A diagram of 
the method used to calibrate the pyrometer with the standard lamp 
is shown in Fig. 8. The currents which must be supplied to the 
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Current Adjustment 
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Fig. 8—Diagram for Calibration of the Optical Pyrometer with a 
Standard Lamp. 


lamp to produce the temperature of the filament corresponding to 
the fixed points of the temperature scale can be obtained with an 
accuracy of 0.01% and maintained constant to a precision of 0.01%. 
The pyrometer is calibrated with the observation window in place 
as shown by the diagram. In this way, corrections due to the 
attenuation of the radiation passing through the window may be 
avoided. 

The dimensions of the sample are determined with micrometers 
and hole gages, and effective areas are computed. Orifice dimensions 
are determined with optical micrometers. Corrections are made 
for thermal expansion. The change in weight of the sample is 
determined with a sensitive balance to 20 micrograms. 


ACCOMMODATION COEFFICIENT 


In a previous section of this paper the accommodation coeffi- 
cient of a cold target for the condensation of “hot” atoms striking 
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it was discussed. In order to use the Langmuir method, the value 
of the accommodation coefficient in Equation VI must be known— 
but in this case, a, the accommodation coefficient, is for the conden- 
sation of vapor atoms in thermal equilibrium with the solid. Two 
methods used in the study of the vapor pressure of beryllium (18) 
can be employed with many metals to determine a. 
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6.5 


-Log P(atm) 


7.5 











8.5 
6.4 6.8 7.2 7.6 8.0 8.4 


1/T x 104 


Fig. 9—Plot of Log P(atm.) Versus the Reciprocal of the Absolute 
Temperature. Circles—pure vacuum-cast beryllium; Circles with cross 
—experimentally sintered beryllium; Solid dots—Knudsen cell, vacuum- 
cast beryllium. 


In the first method the rates of sublimation from two cylinders 
of identical dimensions are compared. One cylinder is solid and 
the other cylinder has a large number of holes drilled into it to a 
depth of about 7% of its length. If the accommodation coefficient 
is unity, the rate of evaporation from both cylinders will be identical ; 
if the accommodation coefficient is less than unity, the rate of evapo- 
ration from the cylinder with holes drilled into it, having a greater 
surface, will be greater. In the case of beryllium it can be seen 
from Fig. 9 that the accommodation coefficient is unity. 

In the second method, the vapor pressure at a given temperature 
as determined by the Langmuir method is compared to the vapor 
pressure as determined by the Knudsen method (compare Equa- 
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tions VI and VII). This test also indicates that the accommodation 
coefficient of beryllium (see Fig. 9) is unity, since the vapor pres- 
sures as determined by these different methods are identical. 


THERMODYNAMICS 


The equilibrium between the condensed state of a metal and its 
vapor 
M ¢eona.) = M vapor) Equation XVI 


can be represented by the Clausius-Clapeyron Equation XVII 
if the vapor is assumed to be a perfect gas and the specific volume 
of the gas is large compared to the volume of the condensed phase 


dinp — AH» 
dT RT? 


where p is the pressure in atmospheres and AHy is the latent heat 
of evaporation or sublimation at temperature T in degrees Kelvin. 

The latent heat of vaporization can be written as a function of 
the temperature in the form 


Equation X VII 


T 
AHe = AHwr -[ (Cocvager) “= Cotecat.) )dT Equation XVIII 
T° 


(if no transitions occur in the temperature interval T’ and T) where 
AHy is the latent heat of vaporization at temperature T’. 
Equations XVII and XVIII can be combined and then inte- 


grated if the assumption is made that Cp(vapor) — Cpccona.) = AC is 
constant in the interval T’ to T; then 
inp = — SH + 4G)" _ — log T + Constant Equation XIX 
RT 


This equation is some justification for the empirical form commonly 
employed to give the vapor pressure as a function of the temperature 


Inp = — = — BinT +C Equation XX 


where A, B and C are constants. 
For many metals the simpler form 


Inp = — &. +C Equation X XI 


can be employed to represent the vapor pressure as a function of the 
temperature. 
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The latent heat of vaporization at absolute zero can be obtained 
from Equations XVII and XVIII if the lower limit of the integral 
is the absolute zero of temperature and the latent heat for any 
transition in the interval 0 to T is included; then 


dinp hein 4H, + A Herans. 


T 
ee of A T Equation XXII 
a(/T) R R J Cyd quation 





It is evident that Equation XXII requires that dlnp/d(1/T) 
changes by A Herans./R at the melting point, thus giving the angle at 
which the vapor pressure curves for the solid and the liquid inter- 
sect. A similar relationship can be deduced at the transition point 
for two crystalline modifications of a substance. Conversely, it 
should be pointed out the latent heat of the transition can be obtained 
if the vapor pressure curves for the two states are known. 

The vapor pressure of a substance may also be written in terms 
of the thermodynamic functions : 


Rinp = (Fa#) — (aH) — AH." Equation XXIII 
= cond, T vapor a 


where F° is the standard free energy at the absolute temperature T,, 
H,° is the heat content in the standard state at absolute zero, AH,° 
is the heat of vaporization at absolute zero and p is the pressure in 
atmospheres. 


The thermodynamic function for the solid can be computed 
from the heat capacity by the relation 


(PoE ee , 3 tf” Car a C,dinT Equation XXIV 
solid 


The es energy function of the vapor as derived from statistical 
mechanics is 


( Fe — Hi) — — 3/2 RinM — 5/2 RinT + Rinp — C — RinR — RinQ 
vapor 





T 
Equation XX V 
where R is the molar gas constant, M is the molecular weight of the 
vapor, C= Rin a (where k is Bolzman’s constant, h is Planck’s 


constant and N is Avagadro’s number), and Q = Xgie ee 
1 
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Rates of Evaporation and Vapor Pressures of Vacuum-Cast Beryllium 


Run 
No. 


26 
25 
36 
24 
21 
23 
35 
20 
33 
29 
22 
30 
37 
31 
38 
39 
40 


*Solid cylinder 
Drilled cylinder 
Knudsen cell 


Temp. 
°K 


1172* 
1206* 
1209* 
1245* 
1263* 
1265t 
1268* 
1274* 
1284* 
1320f 
1326f 
1343ft 
1419} 
1448} 
1457] 
1537} 
1552} 


TRANSACTIONS OF THE A. S. M. 


Table II 

Wt. Loss Eff. Time 

zg (min.) 
0.01042 178.8 
0.00883 55.9 
0.02108 88.4 
0.01940 44.6 
0.02462 35.3 
0.02467 27.3 
0.03463 31.8 
0.04170 34.4 
0.03647 26.5 
0.00121 77.7 
0.04921 11.3 
0.00239 81.3 
0.00692 78.5 
0.00632 36.1 
0.00954 60.1 
0.00888 33.2 
0.01209 16.5 





Rate s 
g/cm?/sec X10’ 


NAAUWNH OO 


19 
24. 


183 
222 
329 
1210 
1520. 


92 


.06 
.15 
.79 
.76 
8 


3 


J 
.O 
.O 
.0 
.0 


0 


.329 
. 891 
.35 
.45 


—log 


SP EAAAAADAAAAANI NS 


P (atm) 


.0726 
.6337 
.4528 
.1875 
.9803 
. 8692 
. 7838 
. 7398 
.6801 
. 2673 
.1774 
.9886 
. 2859 
.1975 
.0254 
4482 


.3471 





where Q is the partition function (g; is the 
the state of energy, E)). | 

The first five terms on the right-hand side of Equation XXV 
are the translational contribution to the free-energy function, while 
the last term is the contribution due to the distribution of the metal 
atoms among the available energy states of the metal vapor at a 


given temperature. 
spectroscopic data. 

An example of the use of Equations XXIII, XXIV and XXV 
is given in Tables II and III for the sublimation of beryllium. 


a priori probability of 


The value of the term RInQ is obtained from 








| 
7) 
° 

| 
ee 

° 
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Table Ill 


—F°—Ho° 


.381 
.523 
.536 
.681 
. 753 
. 760 
.772 
.796 
. 834 
.972 
.994 
.058 
.331 
.431 
-462 
.728 
.776 


gas 


Thermodynamic Calculations for YVacuum-Cast Beryllium 


—RinP 


36.925 
34.917 
34.090 
32.876 
31.929 
31.420 
31.030 
30.829 
30.555 
28.667 
28.256 
27.390 
24.178 
23.774 
22 .987 
20.347 
19,884 


Mean 76.57+0.37 
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For solid beryllium, the specific heats to be used in Equation 
XXIV below 298°K (from 0 to 298°K) can be computed from 
the data of Kelley (21), while in the range 298 to T °K, the equation 

C, = 4.698 + 1.555 x 10° T — 1.210 x 10° T* 
can be used (22). 

The free energy function for beryllium vapor (Equation XXV) 
depends both on the vapor pressure and the energy states of beryl- 
lium. The energy states for beryllium can be obtained from spectro- 
scopic data (23). The ground state of beryllium is *S, and the 
second state is *P, with a term value of 21981.4 cm”. At the tem- 
perature of these experiments the contribution of the second and 
higher states is negligible to the value of Q and since the a priori 
probability of the ground state is 1, Q = 1 and RInOQ =o. 

Hence, AH,° for beryllium can be computed from Equation 
XXIII. The reliability of the vapor pressure data can be best estab- 
lished by the constancy and temperature independence of AH,°. It 

F can be seen from the AH,° values for beryllium listed in Table III 
| that the heat of sublimation at absolute zero for beryllium is essen- 
tially constant. 
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DISCUSSION 


Written Discussion: By Leo Brewer, Radiation Laboratory, Univer- 
sity of California, Berkeley, Calif. 

The paper is a good review of the use of the Knudsen and Langmuir 
methods, and the results obtained for beryllium metal are excellent. I 
wish to make two comments. 

Equations VIII to X are not strictly cor: ect if S is the total interior 
surface of the cell as stated. When the pressure inside the cell drops from 
p’ to p when the hole is opened, the rate of vaporization from the ab- 
sorbed film on the walls drops from n’aSwais to n@Swais instead of 
remaining constant as assumed, If the cell is at a uniform temperature, 
the walls cannot be saturated by the vaporizing substance with a gaseous 
pressure below the equilibrium pressure. 

If one rederives the equations taking this into account, one obtains a 
similar equation for Equation X, except that S must be the exposed surface 
of the metal at the bottom of the cell. Thus the ratio of the hole area 
to the exposed area of metal must be small rather than the ratio of hole 
area to the total interior area of the cell. If one were. working with a 


aw 
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liquid which would present a smooth surface, it is the ratio of the area 
of the orifice to the area of the bottom of the cell which must be small 
compared to the accommodation coefficient. 

In regard to the discussion on page 301, it would appear that the 
authors’ method of checking the accommodation coefficient by heating 
a cylinder inductively by a concentric high frequency coil and comparing 
results with and without holes in the face of the cylinder is liable to 
error if the thermal conductivity of the cylinder material is not high. The 
skin effect of the induction heating would produce a higher temperature 
along the sides than at the faces of the cylinder and also a gradient along 
the axis toward the faces. Since the face temperature would be lower 
than the temperature of the material exposed by drilling, due to the heat 
flow toward the faces of the cylinder, one might get a greater rate of 
vaporization with holes drilled in the cylinder, falsely indicating a low 
accommodation coefficient. Since the results of the beryllium work check 
very well, one would conclude that the temperature gradients are small, 
due to the high thermal conductivity of beryllium metal. However, this 
method should be used with caution for materials other than metals of 
high thermal conductivity. 


Authors’ Reply 


Equations VIII to X are correct if the phrase “area of the orifice 
to the total interior surface of the cell” (as it appeared in the preprint) 
is changed to “effective surface of the sample”. Professor Brewer's 
criticism is warranted and, in fact, the authors had originally intended to 
give the meaning now expressed in the manuscript. 

Professor Brewer’s remarks on the discussion on page 301 are correct. 
In practice, the thermal gradients are always taken into account in any 
calculations that are made. 








THE HIGH TEMPERATURE OXIDATION 
OF MANGANESE 


By Raymonp S. GurRNICK AND WILLIAM M. BALDWIN, JR. 
Abstract 


High temperature scaling rates of manganese in air 
were determined. 

While massive manganese is so brittle as to fragment 
under thermal shock, samples of easily maintained and 
accurately measured surface area were obtained by electro- 
plating the metal on a tough backing. It was found that 
manganese obeys the Pilling and Bedworth parabolic law 

w® = Kt, where w is the weight increase due to fixation 

of oxygen, t 1s time and K is a constant) when scaled in 
air in the temperature range of 400 to 1100°C (750 to 
2010 °F). The scaling constant, K, was found to adhere 
to a single Arrhenius-type curve over the entire tempera- 
ture range. Although as many as four manganese oxides 
are possible in this temperature range, it was observed 
that the scale virtually consisted of MnsO, only up to 
900°C (1650 °F). From this temperature on, MnO 
appeared in increasing proportion, amounting to approx- 
imately 20% of the scale thickness at 1100 °C (2010 °F). 
The possible effect of MnO on the scaling constant at 
higher temperatures is discussed in the light of Valensi’s 
theory on multi-layered scales. 


HILE manganese is a constituent of many alloys normally 

exposed to high temperature scaling conditions, the scaling 
rates of manganese itself have never been determined to the authors’ 
knowledge. This is probably due to the extreme brittleness of 
manganese which renders the problem of obtaining test specimens, 
whose surface area can be measured accurately and maintained con- 
stant, quite difficult. It was thought that this difficulty could be 
eliminated by electroplating manganese on a tough metallic backing 


and determining the scaling rates of the manganese surfaces so 
prepared. 


Abstracted from a thesis submitted by Mr. Gurnick to the Department of Metallurgical 
Engineering, Case Institute of Technology, Cleveland, in partial fulfillment of the require- 
ments for the degree of Master of Science in Physical Metallurgy. 
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Gurnick is research engineer, Thompson Products, Inc., Cleveland, and William 
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It was found that this method of preparation was satisfactory. 
Manganese surfaces up to 0.030 inch electroplated on stainless steel 
could be scaled at temperatures as high as 800°C (1470°F) for 
time intervals long enough to determine satisfactorily the scaling 
rate of the manganese in air without interference due to outward 
diffusion of the components of the stainless steel into the electroplate. 

Ductile, gamma manganese was used for scaling tests above 
800 °C (1470°F). It was found that a special method of electro- 
plating technique could be utilized to deposit adequate amounts of 
this form to fabricate suitable test specimens for higher temperature 
use. : 

MATERIAL AND PROCEDURE 


For the experimental investigation, electrolytic manganese metal 
was used. Plating of the material on a stainless steel backing by 
electrowinning in a two-compartment cell with a sulphate electro- 
lyte was utilized to obtain satisfactory specimens for high temper- 
ature treatment. 

The plating cell consisted of a standard 10-liter Pyrex anode 
jar and contained two anodes of 0.25-inch thick lead-silver alloy 
and one cathode of 0.030-inch thick Type 347 stainless steel. The 
cathode was enclosed in an 8-ounce, single-filled canvas diaphragm. 
The diaphragm was fitted over a wood frame, 1% inches thick by 
3 inches wide by 7 inches deep, with an overflow tube 5 inches from 
the bottom frame through which the spent electrolyte flowed from 
the catholyte compartment. The submerged anode surfaces measured 
approximately 3 by 5 inches. The stainless steel cathode had the 
same submerged surface dimensions. The anode-to-anode distance 
was approximately 3 inches. Power was furnished through a rectifier 
unit. An ammeter was connected in series with a slide-wire rheostat 
for manual control of current density. A glass electrode pH meter 
was used in determining hydrogen ion concentration. 

The feed solution, containing 30 grams per liter of manganese 
and 125 grams per liter of ammonium sulphate, was prepared with 
electrolytic manganese (1),' C. P. sulphuric acid, commercial grade 
ammonium sulphate, and distilled water. C. P. ammonium hydroxide 
was used to adjust the pH to between 7.1 and 7.4. The solution was 
then treated with ammonium polysulphide to precipitate the heavy 
metal impurities. After filtering and adding 0.5 gram per liter of 
sodium sulphite, the solution was ready for use. 


'The figures appearing in parentheses pertain to the references appended to this paper. 
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Cathodes were cleaned by a zirconite grit-blasting operation. 

The cell was operated at a current density of 40 amperes per 
square foot and a catholyte temperature of 38 to 42 °C for deposition 
periods of 5 to 10 hours. Solution was fed to the diaphragm, drop 
by drop, so that the manganese concentration of the solution in the 
diaphragm ranged from 14 to 16 grams per liter. 

Brittle, homogeneous, alpha manganese deposits ranging from 
0.005 to 0.020-inch thickness were obtained. The as-plated surface 
was relatively smooth and did not show evidence of “treeing” or 
nodular growth up to 0.015 to 0.020-inch plate. 

Two test specimens were prepared from a single cathode with 
a plated surface area of 3 by 5 inches. Due to the extreme brittle- 
ness of the manganese metal, the cathodes were trimmed and sec- 
tioned by means of a “friction” cutter (i.e., DoAll saw blade with- 
out teeth, operated at 1400 feet per minute) to prevent spalling of 
the manganese plate. 

After the electroplating operation, the cathodes were baked at 
150 °C (300 °F) for 3 hours to drive off the hydrogen. 

The manganese surface was sanded by hand to a smooth, bright 
finish, followed by a degreasing operation. Care was exercised in 
the handling of the specimens, as the polished surface “finger- 
stained” readily. The samples were measured dimensionally and 
weighed on an analytical balance. They were then suspended by 
nichrome wire clips from a jig placed in the furnace at the temper- 
ature of the test. 

Three furnaces were used in the actual time-temperature investi- 
gations. For the 400 to 600 °C (750 to 1110 °F) range, the furnace 
treatments were carried out in a Homo furnace (Leeds and North- 
rup Company). The specimens for the tests at 700 to 800 °C (1290 
to 1470°F) were handled in a Hayes electric furnace. For the 
determinations in the range of 1000 to 1100 °C (1830 to 2010 °F), 
a Hayes globar electric furnace was used. All three furnaces were 
equipped with Micromax recorder and control units. 

Time of actual oxidation varied with temperature. Upon 
removal from the furnace, the oxidized specimens were suspended 
in an enclosed container. Necessary precautions. were taken to 
recover all particles spalled from the oxide surface by thermal shock 
as the material cooled to room temperature. The amount of scaling 
was measured by the increase in weight. 

Calculations were carried out and curves plotted in the follow- 
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ing manner: The weight of the sample before and after oxidation 
was recorded and the difference obtained. The difference in weight 
in milligrams was divided by the surface area of the specimens in 
square centimeters. This difference in weight per unit area was 
plotted on log-log graph paper as a function of time in hours. 

The curves so obtained will give straight lines with a slope of 
one-half, if the metals oxidize according to a parabolic law. 

Due to outward diffusion of the chromium component of the 
stainless steel through the manganese layer at 1000°C (1830 °F) 
and above, another method of manganese plating (2) was used to 
obtain suitable test pieces. 

The method for producing ductile, gamma manganese differed 
from the standard process outlined for the electrodeposition of alpha 
manganese in that neither sulphur dioxide nor hydrogen sulphide 
was used if the preparation of the electrolyte and that copper was 
substituted for the stainless steel as the cathode material. The 
cathode was easily stripped and the test pieces required a minimum 
amount of preparation prior to furnace treatment. Because the 
gamma manganese so produced reverted to the brittle and thermally 
sensitive alpha form when heated over 125 °C, it was necessary to 
electroplate the gamma specimens to a thickness of 0.020 to 0.030 
inch and to cut them to a relatively small size. 

It should be noted that the transformation rates of manganese 
were such that the metal would assume its equilibrium form at each 
of the scaling temperatures irrespective of the allotropic form in 
which it was electrodeposited. Scaling tests were run on both start- 
ing forms at 400°C (750°F) to determine any effect of this 
variable. 

Scales formed on the metal were examined metallographically. 
The outer surface of the scale was covered with copper shim stock 
and mounted in lucite. The polished samples were viewed on a 
metallograph and the thickness of the different oxides comprising 
the scale was measured with a filar eyepiece. X-ray analysis to 
determine the composition of the scales was effected, using a glancing 
angle of the X-ray beam on the scale in situ with a Debye-Scherrer 


camera. Identification of the oxide was made using a Hanawalt card 
index system. 


RESULTS 


Fig. 1 is a log-log plot of the isothermal weight increase versus 
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scaling time for manganese heated in air. The straight lines have 
been drawn with a slope equal to 0.5 to illustrate the conformity of 
the data to a Pilling and Bedworth parabolic relationship (3): 
w’= Kt Equation I 
where w = weight increase 


K = constant 
t — time 


It will be noticed that the data at 400°C (750 °F) obtained from 
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Fig. 1—Oxidation of Manganese in Air. Isothermal 


curves showing relationship between weight increase 
and time. 


both alpha and gamma manganese as originally electrodeposited 
adhere to the same straight line. 

The values of the parabolic constants, K, for each of the iso- 
thermal curves in Fig. 1 have been entered on a logarithmic scale 
in Fig. 2 as a function of the reciprocal of the absolute temperature 
corresponding to each curve. Also indicated in Fig. 2 are the 
temperature ranges over which the various allotropic forms of 
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manganese as well as the various oxides of manganese are stable. 
It will be seen that the experimental data adhere to a single straight 
line over virtually the entire experimental temperature range (some 
indications that the data may be starting to follow an inflection in 
the line at high temperatures are discussed in the following section) 
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Fig. 2—Oxidation of Manganese in Air. Relationship 
between scaling constants and temperature. 


and that allotropic changes in the underlying metal or limits of 


stability of the various oxides have no effect on this straight-line 
relationship. 


Fig. 3 is a plot of the proportional thicknesses of the various 
oxide layers found in the scale. Visual examination of the samples 
scaled at 400 and 500°C (750 and 930°F) revealed the presence 
of a single gray-black phase only, which X-ray analysis indicated 
was Mn,O,. Although MnO was detected by its characteristic green 
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color as a thin interleaving veneer between the manganese and the 
exterior Mn,QO, layer on samples scaled in the range of 600 to 900 °C 
(1110 to 1650°F), it was too thin to measure. It probably con- 
stituted less than 1% of the total scale. It was only at 1000 and 


Temperature Range Over Which 
Oxides Are Stable 


>3000°C 





‘Fraction of Total 
Scale Thickness 





400 600 800 i000 !200 
Temperature °C 


Fig. 3—Relative Scale Thickness of MnO and 
Mn;0, Found When Manganese Is Oxidized in 
Air at Various Temperatures. 


1100 °C (1830 and 2010 °F) that the underlying MnO appeared in 
a quantity that permitted visual estimation of its thickness. 


DISCUSSION 


While the constitution diagram of the manganese-oxygen system 
is not known, no less than six oxides—MnO (green), Mn,O, 
(black), Mn,O, (black), MnO, (black), MnO, (red) and Mn.O, 
(red oil)—have been reported. The latter two decompose at rela- 
tively low temperatures and need not,be considered here. It may 
be noted here that the Pilling and Bedworth ratio, i.e., the ratio of 
the volume of one oxide to the volume of suboxide (or metal) from 
which it is formed (3), is greater than unity for every oxide, 
indicating they are all formed under compression (Table I). Thus, 














Table I 
Pilling and Bedworth Ratios for Various Manganese Oxides 
(oe —— Reactant — — 
Product Mn MnO Mn30.4 Mn203 MnO2z 
MnO 1.79 gaa. sway a Se: 
Mnz04 2.12 1.18 a 
Mn20;3 2.15 1.20 1.02 


MnO: 2.29 1.27 1.07 1.06 
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no matter what oxide or oxides are found in the scale, the parabolic 
relationship observed between the increase in weight and time 
(Fig. 1) is to be expected. 

It is of interest to inquire into what oxide or oxides could be 
found in the scales throughout the experimental temperature range. 
The dissociation pressures of Mn,O, and MnO, have been measured 
directly and the results of various investigators on these systems 


4 © Meyer @ Rotgers (4) 
@ Sackur @ Bahr (5) 
e Askenasy @ Klonowski (6) 
e Kendall a Fuchs (7) 
© Drucker & Huttner (8) 
4 Honda @ Sone (9) 
® Kapusshinski @ Bajuschkina (IO) 
© Saito (Il) 
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Fig. 4—Dissociation Pressures of Various Manganese Oxides. 


have been plotted in Fig. 4. Considerable scatter will be noted in 
the reported dissociation pressures of MnO,—a fact which Askenasy 
and Klonowsky (6) as well as Drucker and Hiittner (8) attributed 
to a glazing over of the MnO, particles by Mn,O, which hampers 
diffusion of oxygen and tends to give low dissociation pressures in 
rising temperature tests and high dissociation pressures in falling 
temperature tests.” The dissociation pressure curve for this system 
has been drawn to favor the results of those investigators who were 


3 “This explanation is not unique, for the general proposition of an enveloping glaze 
interfering with dissociation pressure determinations has been considered in studies on other 
oxide systems (e.g., Foote and Smith’s (12) discussion of the cupric oxide —cuprous oxide 
system). 
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cognizant of this fact. It will be noted that the temperatures at 
which the dissociation pressures of these two oxides—MnO, and 
Mn,O,—exceed that of the partial pressure of oxygen in air, and 
thus the temperatures above which these oxides are no longer 
stable in air are about 425 and 950°C (795 and 1740 °F) 
respectively. The dissociation pressures of Mn,O, and MnO are 
extremely low in this temperature range and have not been measured 
directly. Calculations based on equilibrium constants of these oxides 
with steam indicate that they are stable in air to temperatures far 
above those studied in the present research (~ 2500 °C and > 3000 
°C respectively). The temperatures over which these data indicate 
the oxides are stable have been entered as a bar graph in Fig. 3. 
The fact that Mn,O, is formed to the virtual exclusion of all the 
other oxides stable over the temperature range studied must be 
attributed to a high rate of formation of Mn,O, relative to the rates 
of formation of the other oxides. 





Some indication of this relative rate can be obtained if it is 
allowed that Valensi’s theory of multiple-layered scales (13) is 
applicable here. In this event, the ratio of the amount of oxygen, 
qo, fixed by MnO to form Mn,QO, according to the equation 


3MnO + O— Mn;O, Equation II 


to the amount of oxygen, qi, fixed by manganese to form MnO 
according to the equation 


Mn+O0O-—- MnO Equation III 


is related to the thickness of the outer (Mn,O,) scale, t,, and the 
inner (MnQ) scale, ti, according to the relation 


do to 
Nox 2 ela Equation IV 
qi to + At; 


where A is the Pilling and Bedworth ratio for the transformation 
from MnO to Mn,O,. The ratio of the scaling constants for the 
individual reactions, Equations II and III (k, and k, respectively), 
is related to u by the equation 

ko uw+u 


= Equation V 
ki 1 — 3u q 


Since the over-all scaling rate, K, asymptotically approaches the 
value of 4k,, as MnO disappears from the scale, the curve for k, 
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can be drawn parallel to, but transposed downward by a factor of 4 
from the experimental curve of K in Fig. 2. The experimental data 
relating to the proportional thicknesses of the two-scale layers (con- 
tained in Fig. 3) permitted calculation of values of u (through 
Equation IV) for the temperature range 900 to 1100 °C (1650 to 
2010 °F), and these values in turn permitted the calculation of the 
ratio of the individual scaling constants (through Equation V). By 
combining the latter ratios with the curve of k,, the curve for k; 
was computed and drawn in Fig. 2. It is seen that this curve when 
extrapolated (!) to lower temperatures is below that of k,, thus 
confirming the supposition made above. When extrapolated to higher 
temperatures it falls above k, and the possibility that the over-all 


constant K undergoes a change in slope must be considered. Using 
Valensi’s equation 


u+1 


u 


K = ko 
a probable extrapolation of the K curve is made to higher temper- 


atures whence it is seen that such an inflection might exist just above 
the experimentally studied range. 
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PREPARATION OF METAL SINGLE CRYSTALS 
By A. N. HoLtpEen 


Abstract 


The basic processes used to grow or form metal sin- 
gle crystals are described. In addition the many vari- 
tions of these techniques that have been developed in the 
last forty years are discussed. The experimental difficul- 
ties that have been encountered with the various methods 
are also described. The degree of imperfection of crystals 
prepared by the several methods is described and some 
of the causes of the imperfections are suggested. A de- 
scription of the methods of growing crystals of desired 
orientations is included. 


An extensive reference list related to the preparation 
of single crystals is included. 


OR years metal single crystals have been one of the important 

tools of research in the physical properties of metals. In studies 

of single crystals the complications of grain boundaries and the diff- 

culties arising from variation in orientation of neighboring grains 
are eliminated. 

Much has been written describing particular processes of fabri- 
cating single crystals, and a few papers (1-9)* summarize single 
crystal techniques or present extensive bibliographies. In this paper 
the processes used to produce crystals are reviewed and explained in 
detail and their limitations are discussed. 

Before describing the methods of preparing metal crystals it is 
desirable to point out that crystallography as a science was far 
advanced before large single crystals of metals were fabricated. The 
early crystallographers studied only naturally occurring large crys- 
tals. Hatiy? in 1784 described his observations of the cleavage of 
"he fieuses appearing in parentheses pertain to the references appended to this paper. 
 $René Just Haiiy published a study entitled “Essai d’une theorie sur la structure des 


crystaux appliquee a plusieurs genres de substances crystallisees”. He showed that the angles 
of fracture for calcite crystals were constant. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The author, A. N. Holden, is 
associated with the Research Laboratory, General Electric Co., Schenectady, 
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natural crystals. Miller* in the early 19th century invented the sys- 
tem still in use for indexing the crystallographic planes. 

Methods for growing large crystals of various chemical com- 
pounds have been known for years. Large crystals of the alums 
are easily crystallized from solution and large crystals of many other 
inorganic salts may be prepared by similar methods. Crystals of 
salol (phenyl salicylate) have been grown from supercooled molten 
salol by crystallizing on a cooled copper sphere. 

The study of natural crystals and the preparation of crystals 
of nonmetals from both solution and from the liquid phase preceded 
the production of large metal crystals. Large metal crystals have 
been prepared only in the last 40 years. 

There are four important methods of making metal single crys- 
tals. One involves the growth of a crystal from a single nucleus of 
a new phase. In the second a single crystal grows from a nucleus 
of unstrained or recrystallized metal in a strained matrix. In the 
third an existing grain grows large in passing through a temperature 
gradient without recrystallization or the nucleation of a new phase. 
In the fourth extreme coarsening or the growth of large crystals 
is caused by secondary recrystallization or discontinuous growth at 
high temperatures. 

The first method consists of the growth of a crystal of the new 
phase by moving the liquid metal through a temperature gradient, 
the steep portion of which includes the transformation temperature. 
The metal is moved through the temperature gradient at some slow 
rate so that only a single crystal nucleates and grows. 

In the second method a fully annealed specimen is deformed a 
“critical amount” (some small strain which gives the largest recrys- 
tallized grain size) and recrystallized at the proper temperature. 

In the third method a grain of a polycrystal is induced to grow 
to a large single crystal solely under the influence of a moving tem- 
perature gradient. 

The technique used in the fourth method is to strain the metal 
severely, generally by rolling, to develop a deformation texture that 
upon recrystallization forms a structure that will support abnormal 
growth at higher temperatures. The severe deformation and forma- 
tion of textures is not always required for abnormal growth, how- 
ever. 


®William H. Miller in 1839 wrote his “A Treatise on Crystallography”. His work 
established the index system for crystallographic planes. 
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Nearly all single crystals are produced by one of these four 
methods. Other methods of minor importance are the vapor deposi- 
tion of metal crystals and the thermal decomposition of metallic 
iodides and carbonyls. 


MetTuHops BASED ON THE NUCLEATION AND GROWTH 
oF A NEw PHASE 





Uniform Slow Cooling From the Liquid Phase—Apparently 
the technique for producing a single crystal from the liquid was 
described first by Andrade (10) in 1914. Andrade cooled wires 
very slowly through the liquid-solid transition. No temperature 
gradient was used and large crystals resulted from slow cooling 
through the phase change. Andrade used “wires” of mercury inside 
capillary tubes and cooled them to —78 °C in a dry-ice and alcohol 
mixture. He did not call them single crystals. However, when 
tested in tension, they elongated with visible slip bands and their 
cross section changed from a circle to an ellipse; a behavior char- 
acteristic of strained single crystals. 

Cioffi and Boothby (11) described the preparation of nickel, 
cobalt, and iron crystals by slow cooling through the liquid-solid 
transition. In these experiments samples were cooled at about 2 °C 
per hour to just below the crystallization temperature, and there 
homogenized by holding several hours at this temperature. For iron 
it was necessary to homogenize at 880°C (1615 °F) as well, but 
cobalt apparently did not require this treatment at its transformation 
temperature around 400 °C (750 °F). 

Czochralski Method: Pulling Crystal From Liquid Bath—The 
method developed by Czochralski (12) consisted of drawing a crys- 
tal on the end of a rod slowly from the molten bath. The rod 
passed through a mica die that shaped the crystal. At some finite 
distance above the surface of the liquid bath, the “rod of liquid” 
reached the temperature of crystallization, and thereafter continu- 
ously solidified as a single crystal. The method is illustrated in 
Fig. 1. Subsequent experimenters have varied Czochralski’s method 
somewhat by adding various cooling devices above the liquid to give 
a steeper gradient (13), and by employing nucleus rods properly 
oriented to produce a desired orientation of the crystal (13, 14). 

Czochralski’s method is convenient only for low melting point 
metals, and has been successfully used for zinc (4, 12-20, 22, 25), 
aluminum (15, 23), tin (12, 15), bismuth (15, 21), sodium (24), 
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cadmium (14, 15, 22), lead (12, 15), and sulphur and phosphorus 
(24). This method has most often been used to prepare zinc crys- 
tals. No crystals having a very large diameter have been produced, 
however. Probably rods of liquid of large diameter could not be 
raised from the surface of the melt. 

The Bridgman Method—Bridgman (26) devised the method of 
slowly lowering a pointed mold containing the liquid metal through 






Mica Die 


Fig. 1—Czochralski Method. 


a temperature gradient, and growing a crystal from the pointed end 
(Fig. 2). However, at least two successful attempts of a similar 
nature had been made previously. In 1923 Tammann (27) described 
a similar method, using glass capillary tubes containing the molten 
metal. Obreimow and Schubnikow (28) published a report of simi- 
lar experiments in 1924 in which capillary tubes containing bismuth, 
zinc, antimony, magnesium, aluminum or copper were cooled from 
a pointed end in an airblast. Bridgman, however, did not confine 
his experiments to capillary tubes and his was the first practical 
method of producing large crystals from the molten metal. 
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Bridgman’s and Czochralski’s methods have been combined (see 
Fig. 3), retaining some of the features of each. Shiebold and Siebel 
(29) describe a method for making magnesium crystals by pulling 
a tube containing liquid metal from the bath. The tip of the tube 
was constricted, and it served the same purpose as the point in the 
mold of the Bridgman technique since crystallization started in this 
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_ Fig. 2—Bridgman Gradient Furnace for Growing 
Single Crystals. 


constriction. However, the liquid was pulled continuously from the 
bath and crystallized above its surface as in the Czochralski method. 
The liquid, since it was inside the tube, retained its cylindrical shape 
and did not oxidize on being pulled into the air. The combined 
method is therefore superior to Czochralski’s method for low melt- 
ing point metals. Schmid and Siebel (30) have also used the tech- 
nique for magnesium and a similar method has been used for tin 
crystals (31-33). 

Procedures have been devised that employ the principles of the 
Bridgman method except that the crystal is grown horizontally. 
This procedure eliminates at least one of the undesirable features 
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of the vertical Bridgman furnace, namely the continuous change in 
liquid head, bearing on the interface between liquid and_ solid. 
Kapitza (34) employed a hot plate to melt a bismuth rod. The 
rod was then drawn off the plate continuously and solidified slowly 
from one end. The oxide coating maintained the shape of the rod 
while it was molten. Andrade and Roscoe (35) made cadmium and 
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Fig. 3—Combination Bridgman 
and Czochralski Method. 


lead crystals in capillary tubes with a horizontal traveling furnace. 
The metal began to solidify at one end of the capillary tube, which 
effectively provided a small volume like the point in the Bridgman 
method. 

Another variation of the horizontal technique has been used 
(36), to produce bismuth crystals of desired orientation. Here the 
junction between a seed crystal of the desired orientation and a 
polycrystalline bismuth rod was melted. A traveling furnace was 
moved over the rod, melting the bismuth rod and continuously crys- 
tallizing it in the orientation of the seed crystal. Chalmers (37, 38) 
employed essentially the same technique to produce bicrystals of pre- 
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ferred orientation by using two seed crystals of tin side by side in a 
horizontal mold. 

A horizontal technique similar to Kapitza’s has been employed 
(39, 40) to grow zinc and zinc alloys with preferred orientation, and 
to study growth conditions for good zinc crystals (41). 

By using a “tree” mold with the Bridgman technique crystals 
of several orientations can be obtained in one crystallization. The 
“trunk” crystal and each “branch” will have a different orientation 
with respect to their axis. Copper (42) and mercury (43, 44) 
crystals have been grown in tree molds. The anisotropic electrical 
properties of the mercury crystals were measured, without removing 
the mercury crystals from the glass tree mold, by using contact wires 
sealed in the branches of the mold. 

Bridgman furnaces have been designed to permit solidification 
in vacuo (7, 42, 45-50). Both mechanical and hydraulic methods 
(mercury as the fluid for the latter) have been devised for lowering 
the crucible. 

A method of avoiding the difficulty of moving the mold by some 
mechanical or hydraulic connection to the vacuum chamber was 
described by Farnsworth (51). The mold did not move—rather, 
the heater windings were spaced to give a gradient along the tapered 
mold, and by gradually decreasing the power to the windings the 
gradient could be caused to move along the mold. 

Induction coils have been used to melt the metal with success 
(7, 48, 52). However, the vibration as well as the flow patterns 
induced in the liquid metal by the coil tend to limit this application 
of induction heating. 

Bismuth has been studied carefully (36, 53) to determine the 
possibility (since bismuth is anisotropic in its magnetic behavior ) 
of obtaining desired orientations by crystallization in a magnetic 
field. Negative results were obtained. Altma (54) performed a 
similar experiment, but did not try to orient and grow a single crys- 
tal; rather, he oriented powders and small drops of molten metal. 
A fraction of the powders or drops was oriented with the field. 

Although this paper deals primarily with metal crystals, it 
should be pointed out that the Bridgman method has been applied 
to the growth of single crystals of various inorganic salts (55-59). 
Also crystals of naphthalene have been made and tested (60). 

Bridgman techniques have been applied to more materials than 
probably any other process for single crystal fabrication. A few of 
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these are: copper (7, 28, 42, 47, 48, 61, 64, 73, 80, 81, 92); silver 
(7, 48, 61, 84); aluminum (28, 42, 70, 84, 88, 92); zine (26, 28, 
39, 41, 50, 67, 77, 82, 84); cadmium (26, 35, 50); bismuth (28, 
34, 36, 53, 68, 71); lead (35, 50, 79, 91); tin (26, 31-33, 37, 38) ; 
nickel (42, 46, 52); iron (7, 42); cobalt (42); tellurium (26, 65) ; 
antimony (26, 28, 68); magnesium (28-30, 74); beryllium (42) ; 
mercury (43, 44, 78) ; gold (7, 48, 61, 70) ; sodium (83) ; potassium 
(83) ; salts (55-59) ; a-brass (63, 66, 72, 75, 76, 85, 89, 90, 92-94) ; 
B-brass (75, 87); zinc alloys (40); napthalene (60); aluminum 
alloys (62); nickel-iron alloys (69); gold-tin compound (75); 
gold-silver alloys (7, 49); silver-zinc compound (75); and copper 
metallic compounds with tin, aluminum, silicon and magnesium (57). 

The success of the Bridgman method is due to the fact that the 
rate of nucleation of the solid phase is very small at a temperature 
just below the melting point. However, the rate of nucleation 
increases rapidly with decreasing temperature. At a temperature 
just below the melting point the probability is large that only a 
few nuclei will form before the subcooled phase completely trans- 
forms. A specimen allowed to solidify at constant temperature just 
below the melting point, or allowed to cool slowly through the melt- 
ing point, will be large grained. Very large crystals have indeed 
been made in this way (10, 11). 

The Bridgman method offers a refinement of the method of 
slow cooling in that the metal first solidifies in a small point. The 
advantage of a point is that it is improbable that more than a single 
nucleus will form there, particularly so when the rate of nucleation 
would allow the formation of only a few nuclei in a large volume. 

The single nucleus which forms in the point will grow to a 
single large crystal provided the correct rate of lowering is main- 
tained. If the rate is too rapid a new grain may form. 

The crystal growth proceeds as follows: The liquid which is 
transforming in the mold following the crystal point may do one of 
two things; it may solidify using the solid crystal tip as an already 
existing nucleus, or it may nucleate other crystals. At slow rates of 
lowering, the liquid solidifies at a temperature so close to the melting 
point that it will grow on the already existing nucleus. 

On the other hand, if, due to faster lowering, the liquid crystal- 
lizes at a temperature somewhat farther below the melting point, it 


4A detailed discussion of nucleation theory is found in reference (159). 
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is possible that before the total volume of supercooled liquid has 
grown onto the existing nucleus a few more nuclei will have formed. 

It has been reported that too slow a rate of lowering will also 
form polycrystals (26, 42, 51). This might be due to the fact that 
in very slow lowering the metal remains liquid long enough for nuclei 
of a size that is supercritical at the solidification temperature to form. 
These nuclei form additional grains on solidification. Also the seg- 
regation of any impurities at very slow rates of lowering may pro- 
vide additional nucleation sites. 

In summary, the most important requirements in the Bridgman 
process are that, after the first nucleus has formed in the tip, the rate 
of solidification of the rest of the metal be slow enough and the tem- 
perature at which it solidifies be high enough that the metal will 
grow on the existing nucleus rather than form new nuclei. The 
requirements are quite similar for the success of Czochralski’s method 
of pulling crystals from the liquid. 

Actual experiments on the maximum rate of growth that can 
be used to grow single crystals from the liquid are meager and con- 
tradictory. Apparently, growth rates vary with material and tech- . 
nique. Hoyem and Tyndall (13) reported a range of conditions 
(gradient and velocity of growth) for growth of zinc crystals. 
Schilling (25) was unable to duplicate these results without having 
cadmium in his zinc—zine not containing cadmium always formed 
mosaic crystals. Again Cinnamon and Martin (41) employing a 
different method were able to find a range of the ratio of gradient 
to growth rate in which good crystals of zinc were obtained in 
99.99% purity material. 

Very rapid rates of growth of single crystals have been reported 
with Czochralski’s method. Aluminum crystals can be formed at a 
maximum rate of growth of 160 mm per minute (23). Sodium 
crystals grow as fast as 360 mm per minute (24). These are 
probably among the highest lineal growth rates measured, but it 
should be pointed out that the crystal diameters were small. 

The tendency for experimenters with the Bridgman technique 
is to operate at growth rates of a few inches per hour at most (except 
in the case of some of Greninger’s experiments in which he produced 
lineage structures). Recent work in our laboratory has yielded evi- 
dence that much faster rates of growth may also be used in making 
crystals by the Bridgman technique. 
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Metuops BASED ON RECRYSTALLIZATION 


Strain Anneal—In 1914 Chappell (95), incidental to a. study 
of the recrystallization of strained iron, found that the grain size 
was largest in the widest and least strained part of a tapered speci- 
men which had been strained and subsequently recrystallized at 
900° C (1650 °F). Hanson (96) reported similar findings in 1918 
with several nonferrous metals and evolved the following law: “For 
every degree of deformation there is a critical recrystallization tem- 
perature at which crystal growth is extremely rapid, and the size 
of the crystals produced by the rapid growth is greater the smaller 
the amount of deformation preceding such annealing.” Carpenter 
and Elam (97) also used tapered specimens and reported results 
similar to those of Chappell and Hanson. Mildly tapered iron speci- 
mens have recently been employed (98) to grow large iron crystals. 

In 1921 Carpenter and Elam (99) established another factor 
involved in recrystallization and were able to grow single crystals 
of aluminum. They found it necessary to apply more than a cer- 
tain “critical” strain to the metal in order to obtain recrystallization. 
They showed that if the aluminum specimens were strained between 
1 and 2% and were annealed at ‘temperatures which rose from 
450 to 550 °C (840 to 1020 °F) at a rate of 15 or 20° a day, single 
crystals were obtained in sheets 4 by 1 by % inches and also in round 
test bars. If less strain were applied, no recrystallization resulted. 
For larger strains several crystals resulted. The material that was 
strained this small amount (1-2%) first had been annealed thor- 
oughly at 550°C (1020°F) to remove the effects of all previous 
strain and to provide the desired initial grain size. 

Edwards and Pfeil (100) applied the same technique to the 
production of single crystals of iron. They decarburized® iron sheet 
in hydrogen at 950°C (1740°F) for 48 hours, which may have 
removed all carbon and nitrogen, and which did determine the initial 
grain size and remove all effect of the previous strain. The sheet 
specimens 3% by % by 4 inches were then strained 3.25% and 
annealed 72 hours at 880 °C (1615 °F). 

The recrystallization temperature is an important variable in 
determining the critical strain. The higher the recrystallization 
temperature the smaller the necessary critical strain. The critical 





®J. R. Low and M. Gensamer, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 158, 1944, p. 207, show that annealing in wet hydrogen removes 
carbon and nitrogen. It is uncertain whether Edwards and Pfeil did this, however. 
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strain also depends on the initial grain size; the larger the initial 
grain size the larger is the critical strain. Possibly this dependence 
on initial grain size can be explained by assuming that recrystalliza- 
tion can occur where slip bands abut grain boundaries, and that for 
equal strains there are more slip bands in a fine-grained specimen. 
It is not surprising that several critical strains are reported for the 
same material.® 

There have been attempts to apply the strain anneal method to 
the manufacture of metal crystals of materials that form annealing 
twins. Carpenter and Tamura (105) prepared copper crystals and 
Elam and Tamura (106) brass crystals. Twins were present in 
their crystals. 

Single crystals of many metals have been made by the strain 
anneal method. These include iron (98, 100-104, 112, 119, 126); 
zinc (118); aluminum (99, 110, 111, 113, 114, 116) ; tungsten (108, 
109) ; and aluminum alloys (107, 115, 117). 

It has been observed that after strain annealing iron specimens, 
a thin layer of fine crystalline material remains on the surface after 
the final anneal (100, 103, 104). The same surface condition has 
been noted by Elam’ after strain annealing aluminum. Various 
explanations have been proposed. Some believe that these derive 
from a surface tension effect or that the strain in the surface was 
sufficiently different to produce a fine grain size upon recrystallizing. 
Edwards and Pfeil unsuccessfully attempted to prevent the formation 
of these smail grains. 

In our laboratory a few experiments have been performed 
recently, to determine the nature of the fine-grained surface on strain- 
annealed iron specimens. The most conclusive experiment consisted 
of photographing the polished and etched surface of the iron prior 
to annealing and again after recrystallization, taking care to observe 
the same field by locating it with a scribed line. Apparently the 
original fine surface grains did not recrystallize during the experi- 
ment. Probably some surface condition such as the fine oxide film 
that appears on the metal after decarburization in wet hydrogen is 
responsible. It may be possible to remove this oxide by etching prior 
to final strain annealing. 





®Critical strains for iron have been reported as follows: Edwards and Pfeil (100) 
3.25%; Honda and Kaya (101) 2.8-3.0%; Fahrenhorst and Schmid (102) 2.5-3%; Gensamer 
and Mehl (103) 2.75-3%; Pfeil (104) 2.5%. 


*See discussion to Edwards’ and Pfeil’s paper (100), 
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Discontinuous Growth—Strain anneal experiments, wherein the 
success depends on the formation of only a few recrystallization 
nuclei by means of a small critical strain, often fail. In particular, 
failures have been observed for certain types of iron. Holden and 
Hollomon (98) were able to grow grains 4 inches long in decarbu- 
rized 80 mil aluminum-killed sheet material by strain anneal meth- 
ods, but were unsuccessful in producing these large grains in decar- 
burized rimmed sheet. Stone_(119) has experienced similar diff- 
culties with Puron. 

Inclusions (oxides, nitrides, carbides, or others) depending on 
their amount and dispersion may inhibit grain growth sufficiently to 
stop the growth of recrystallized grains in a critically strained mate- 
rial. On the other hand, if the amount of inclusions is initially small 
and their dispersion changes by solution or coalescence at the anneal- 
ing temperature, very large grains are possible by a procedure of 
discontinuous growth in which the inhibitor breaks down locally and 
allows certain grains to grow. 

This explanation of the effect of inclusions on grain growth was 
first proposed by Jeffries (120) as a result of his work on tungsten 
containing thoria. Smithells (124) has also employed a similar 
explanation of the effect of impurities. Recent work (121, 122) 
has indicated that this effect is present in commercial brass and 
aluminum-manganese alloys. 

It may be possible to grow single crystals of ferrite in rimmed 
steel by employing a discontinuous growth process in which the rate 
of coalescence of carbides and dirt particles will allow growth of 
only a few grains. Initial composition and heat treatment will be 
critical in order to establish the proper dispersion, and the rate of 
heating following straining will be critical in determining the rate of 
decrease of the growth inhibition of the dispersed phase, while the 
strain actually employed will be of only secondary importance. 

It should be pointed out that the driving force for discontinuous 
growth has been considered by Feitknecht (123) as being derived 
from the residual stresses left in the metal after recrystallization 
rather than from surface energy. 

Secondary Recrystallization*—Secondary recrystallization refers 
to the procedure of forming a new set of grains by annealing at a 
high temperature a material that has been severely deformed and 





SAlthough secondary recrystallization may not accurately describe the phenomena, it is 
employed in this paper to avoid inventing other terminology. 


a 


~ P 


anew 


Sik TT ROT OE Pe ce 


OR Eton: 


RE Ea Eo 











1950 METAL SINGLE CRYSTALS 331 


recrystallized. Actually much controversy exists as to whether 
recrystallization (in the sense of nucleation and growth of new 
grains) actually occurs. However, it can be said with reasonable 
assurance : 


(a) Secondary recrystallization is enhanced by severe strain and 
the formation of deformation texture. 

(b) Secondary recrystallization occurs in material having a 
strong preferred orientation after primary® recrystallization. 

(c) The orientation of the secondary recrystallized grains often 
is related closely to the deformation texture. Secondary 
recrystallized grains are apparently less likely to be related 
to primary recrystallization structures. 


Support for the belief that secondary recrystallization is a proc- 
ess of true nucleation and growth can be gained from the fact that 
the secondary recrystallized grains differ in orientation from primary 
recrystallization textures. 

However, in order to explain the relationship that often exists 
between deformation textures and secondary recrystallized struc- 
tures another viewpoint has been taken by Bowles and Boas (125) 
and others. They believe that a few small regions of the original 
or the deformation structure remain in the primary recrystalliza- 
tion structure, and these become the nuclei for subsequent growth. 
Whether these grow due to surface or to strain energy has not been 
conclusively decided, nor has been the nature of the regions “left 
over” after primary recrystallization. It is not possible to settle 
here the question of the origin of secondary recrystallization. 

Secondary recrystallization, since the resulting grains are large, 
can be employed to form single crystals. Large crystals of nickel, 
copper-aluminum, silver, iron-nickel alloys, and silicon ferrite have 
been made. 

Dunn (127) has produced single crystals of silicon iron sheet 
by growing secondary recrystallized grains in a moving temperature 
gradient. His experiments employed pointed strip in which the 
secondary recrystallization began in the point and progressed along 
the strip. Temperatures as high as 1100°C (2010°F) were em- 
ployed and the gradient through which the pointed strip was low- 
ered was very steep. 

Dunn has also grown desired orientations in his crystals using 
a seed crystal. This seed crystal was obtained by growing several 
large crystals in a gradient on the end of the strip of silicon ferrite. 





*“Primary” used for initial recrystallization to avoid confusion of terminology. 
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One of the large crystals was selected as a seed and its orientation 
determined. All but the desired seed crystal were cut away from 
the strip. The remaining crystal was then plastically bent in a neck 
connecting the seed to the polycrystal, so that the seed then had the 
desired orientation with respect to the axis of the strip. Crystals 
of any desired orientation have been grown in a gradient progres- 
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Fig. 4—Andrade’s Method for Growing Single Crystal Wires. 


sively from a seed crystal obtained as described above. The method 
has been described recently by Dunn (127). A similar orientation 
method was utilized by Fugiwara and coworkers (128) to orient 
wire and sheet crystals of aluminum. 


MetTHops BASED ON GROWTH IN A TEMPERATURE GRADIENT 


Andrade Method—This method was developed for growing 
single crystal wires of high melting point metals. A wire of small 
diameter is heated electrically in an evacuated glass or quartz tube. 
A furnace surrounding the quartz tube is arranged so that it can be 
moved along the tube. When the furnace is moved, a localized hot 
zone moves up the wires and causes grain growth (Fig. 4). 

It is necessary to have wires of small enough size that grains 
extend across their section, or else to have the wires in such a 
condition that heating them in the Andrade apparatus causes grains 
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to grow across the section. The only other requirement is to move 
the gradient furnace at the proper rate for crystal growth. 

It is not necessary to deform the wire prior to heating, in order 
to obtain a single crystal. Neither is it necessary for the wire to 
change phase during the treatment. | 

Andrade (129) used iron wires. The wires were heated uni- 
formly to 900 °C (1650 °F), and a gradient that included the phase 
change at 905 °C (1660 °F) was moved along the wire. However, 
Tsien and Chow (130) successfully used Andrade’s method on 
molybdenum, which does not undergo a phase change below its 
melting point. Andrade and Chow (131) have also made iron crys- 
tals this way. 

Andrade’s method presents many experimental difficulties. 
Small wires must be used so that they can be heated effectively to 
high temperatures by resistance heating. Copper, aluminum, and 
other good thermal conductors are difficult to employ since the ends 
of the wire lose heat to the chucks so rapidly that only a small sec- 
tion of the center of the wire is uniformly heated. The thermal 
expansion of the wire must be taken up in some manner; if small 
springs are used these may cause slip in the crystal formed at high 
temperature, or if sliding contact is used the mechanical features 
may be intricate and difficult to operate. Oxidation must be pre- 
vented or local “hot spots’ will develop and the wire will burn out. 
It appears then that only wires of high melting point, and of high 
electrical and thermal resistivity, are adaptable to the method. 

A suitable way to overcome the experimental difficulties of 
Andrade’s method might be to grow the wire crystal horizontally 
in a capillary tube in which the wire is heated entirely by an external 
furnace or induction coil. Thermal expansion of the wire would 
no longer be a problem. One would only have to keep the tempera- 
ture below that at which the capillary would fail or would react 
with the specimen. Quartz would be excellent for the capillary. 


SPECIAL METHODS FOR GROWING CRYSTALS 


Pintsch Process for Tungsten Filaments—The Pintsch Process 
(132) consists of making a paste of finely divided tungsten powder 
with a binder and extruding the paste through dies to form wires. 
These wires are then sintered. The process has been improved (132) 
so that it can be used to grow single crystals. The extruded and 
dried wire is led through a small furnace at 2500 °C (4530°F) ata 








334 TRANSACTIONS OF THE A. S. M. Vol. 42 


rate at which the wire can grow into a single crystal. It seems that 
a small amount of thoria aids the growth of the crystal, probably by 
inhibiting the growth of most of the grains. The grains grow under 
the influence of the moving gradient caused by moving the wire 
through the furnace; no recrystallization or phase change takes place. 
Alterthum (133) describes a similar process. 

Vapor Phase Processes—Elam (134) tried to grow crystals of 
a brass by heating large-grained copper and brass in a zinc vapor. 
The zine did not diffuse into the copper or a brass rapidly enough 
to form a@ brass crystals. However, crystals of 8 brass, when heated 
in a zinc vapor, grow crystals of y phase bearing a twinned relation- 
ship to the 8 brass crystals underlying them. 

Crystals of zinc and cadmium (135) have been deposited from 
the vapor phase on glass. However, these crystals were not large. 
Similar crystals of magnesium (136) and silver (137) have been 
condensed from the vapor, on iron in the first instance and on silver 
nuclei in the second. 

Of all vapor phase- reactions the most interesting involve the 
thermal decomposition of metal halides into the metal and free 
halogens. If the metal deposits on a heated filament that is already 
a single crystal (such as Pintsch tungsten filament) the deposited 
metal is a single crystal. Van Arkel and De Boer (138) have grown 
crystals of titanium, hafnium, zirconium and thorium by decompos- 
ing the iodide on a heated tungsten filament. De Boer and Fast 
(139) have grown zirconium crystals in this manner on tungsten 
filaments; the remarkable feature of this method being that in this 
way ductile zirconium has been produced. Koref (140) has made 
molybdenum, tantalum, iron, zirconium, and titanium by this method. 
Carbonyls can be decomposed similarly. 

Electrolytic Decomposition—It would seem possible to deposit 
large crystals electrolytically. However, little success has been 
reported with this method. Van Liempt (141) was able to deposit 
large crystals of tungsten in this way, but his cathode consisted of a 
single crystal Pintsch filament to start with. 

Copper single crystals have also been grown by electrolytic 
methods (142) when the cathode consisted of a single crystal; how- 
ever, only thin crystal plates could be formed without polycrystals 
resulting. Other experiments have been performed on silver in 
fused salts (143) and aqueous solutions of copper (143). 
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DESIRED ORIENTATIONS 


In working with crystals it is often desirable to have specific 
orientations of the crystallographic planes with respect to some 
external coordinate system. There are several methods that have 
been used, and these are summarized: 

(a) Growing a very large crystal and cutting out a specimen 
in any direction desired is often the simplest method. 

(b) Employing a seed crystal in solidification methods that is 
melted only at the junction of the seed and the melt, and thereafter 
the metal is solidified from the seed crystal end in the usual Bridg- 
man or Czochralski method. Goetz (36) believes that only the 
molten part of the seed determines the orientation so presumably the 
whole seed might be melted. 

(c) Using the directional physical properties of a metal. The 
only experiment of this nature is the unsuccessful attempt to orient 
bismuth in a magnetic field as previously described (36, 53, 54). 

(d) Bending the crystal tip. This is done by bending the tip 
till its orientation with respect to the specimen exterior is that 
desired in the rest of the specimen. The crystal is then grown from 
the tip in a gradient furnace. The application of this technique to 
both recrystallization and gradient growth techniques in the solid 
state has been successful. It is necessary to have already formed a 
single crystal at least in the bent tip. Methods for doing this are in 
references (127, 128). 

Bicrystals of preferred orientation have been prepared by using 
two seed crystals in a Bridgman experiment. It might also be pos- 
sible to weld two crystals together in preferred orientation by plac- 
ing their polished surfaces in close contact at high temperatures. 


IMPERFECTIONS IN SINGLE CRYSTALS 


Single crystals are not perfect. The imperfections that are 
present in single crystals can be divided into two groups on the 
basis of perceptibility. Perceptible imperfections include lineage, 
macromosaics, optical mosaics, coring, and striations or bands. Good 
examples of the opposite class are such conceptual faults as mosaics, 
lattice vacancies, and dislocations. There is of course evidence to 
indicate that metal crystals do contain imperfections of a smaller 
than visible size. For instance, the width of X-ray diffraction lines 


is greater for metals than for more perfect quartz or rochelle salt 
crystals (144). 


a 
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The mosaic substructure was first proposed by Darwin (145) 
to explain the intensity of the diffraction lines from crystals. The 
mosaic he proposed consisted of small unit crystals that were per- 
fect themselves, but at slight misalignment with each other. Many 
subsequent investigators have attempted to show or prove that a 
mosaic structure of blocks 10~* cm or 10°° cm on an edge is the true 
nature of metal crystals (146-148). There has been disagreement 
with the interpretation of some of the evidence for mosaic structures 
(149, 150), and considerable argument as to the nature of the mosaic 
has gone on between Zwicky and Smekal.*® It is generally agreed 
now that the mosaic crystal is not the most stable crystal structure, 
but the concept of a mosaic structure is none the less useful. 

Lattice vacancies were first proposed by Frenkel (151) and by 
Wagner and Schottky (152) and considerable evidence for the exist- 
ence of vacancies in nonmetal crystals has been collected. The col- 
oration of certain ionic crystals such as rock salt when irradiated 
with X-rays or ultraviolet light has been taken to indicate the pres- 
ence of vacancies (153). Also the increase in specific volume of rock 
salt after irradiation is indicative of vacancies (153). Evidence is 
lacking concerning lattice vacancies in metal crystals. However, the 
concept of vacancies is useful and has been employed to explain 
diffusion phenomena (154, 155). 

A third type of conceptual imperfection, namely dislocations, 
is assumed to occur due to thermal fluctuations at surfaces and 
internal mosaic structures. The nature of a dislocation is such as 
to crowd N + 1 atoms on one side of a plane opposite N atoms on 
the other side. The details of the formation of dislocations and their 
significance have been thoroughly covered elsewhere (156). 

Little has been done to improve the quality of single crystals 
in regard to imperfections of the type just discussed. However, in 
one experiment by Rosen (157), increased resolution of the K-a 
doublet from crystals which had been subjected to high hydrostatic 
pressures was obtained. He interpreted his result as due to “heal- 
ing’ of mosaic imperfections and lattice vacancies. 

Necessarily much more is accurately known about the nature 
and source of perceptible defects in single crystals than is known 
about mosaics, vacancies, and dislocations. Good definitions of these 
faults are available. 


”~Zwicky’s and Smekal’s theories are reviewed in reference (148). Zwicky’s theory of a 
stable regular substructure is also reviewed and criticized in reference (149). 
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Lineage is the branched growth of a crystal from a single 
nucleus resulting in misalignment of macro regions of the crystal 
by as much as 2 degrees. The nature of the macromosaics often 
observed in crystals apparently is the same as lineage. Optical 
mosaics are also probably the same as lineage; however, the term 
optical mosaic has been generally applied to the cleavage of zinc or 
bismuth crystals in which the cleavage occurs, not on a single plane, 
but along several facets of slight inclination to each other. It is not 
certain whether optical mosaics begin from a common nucleus as 
does lineage, or whether they are distinct grains. 

Coring occurs during the solidification of an alloy. It may also 
occur during solidification of an element containing impurities. 
After etching a polished surface of a crystal, the coring may show 
up as a pointed dendritic pattern indicating the segregation during 
solidification. 

Bands may also occur in crystals (88) and these are wide 
regions (in contrast to lineage boundaries) which etch differently 
than the other parts of the crystal. The segregation of impurities 
in these regions or a gradual change in orientation of the crystal 
may be responsible for the observed difference in etching. Bound- 
aries between bands of this nature and the parent crystal are not 
observed, rather the region gradually changes from band to parent 
crystal. One other feature of these bands is that they bear no rela- 
tion to crystallographic planes. 

Striations or surface markings have been observed which follow 
certain crystallographic directions (25) and are due to the segre- 
gation of insoluble impurities. 

Some of the actual causes of imperfections of the macro types 
have been qualitatively or semi-quantitatively investigated, and a 
few of these investigations will be reviewed. 

The rate of growth of a crystal from the liquid phase by Bridg- 
man’s or Czochralski’s method has an effect on the amount and 
degree of imperfection, greater imperfection resulting from faster 
rates. This has been noted macroscopically in particular by Gren- 
inger (80) who studied lineage structures in crystals. 

Studies have been made on the effect of the temperature gradi- 
ent and the rate of solidification on the perfection of zinc, lead, and 
cadmium crystals (25, 35, 41). Apparently, the range of ratios of 
temperature gradient to solidification rate in which good crystals 
occur is critical only for certain orientations of zinc (41); however, 
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the results are complicated by the fact that cadmium seems nec- 
essary as an impurity in order to obtain good zinc single crystals 
(25). No orientation studies were made for lead and cadmium 
crystals. 

The effect of the gradient itself on the perfection of varying 
orientations of zinc has been studied (13) and the range in gradient 
is again critical for only certain orientations. 

In our laboratory it was recently noted that OFHC copper 
crystals made in a graphite mold under identical conditions contained 
increasing amounts of lineage with each repetitive use of the same 
mold. It was also noted that with longer holding at a higher 
temperature, this same mold produced good crystals. This behavior 
was interpreted as being due to a residual fine crystalline adsorbate 
which persisted on the mold wall at temperatures above the melting 
point. 

Attempts to form single crystals from metal of an impure grade 
or to form alloy crystals may result in the segregation of insoluble 
impurities or in coring. Coring in brass crystals has been eliminated 
by homogenizing near the melting point of the alloy, within a suitable 
jacket to prevent loss of zinc by distillation (72). 

Banded structures at regular intervals within a crystal have 
often been observed in crystals grown from the melt. These struc- 
tures often show no difference in X-ray diffraction patterns from the 
rest of the crystal, although recent diffraction patterns of the band 
in a copper crystal grown in our laboratory indicated lineage struc- 
tures not present in the regions between bands. Collins and Mathew- 
son (88) have advanced the explanation that on-off control of the 
furnace was responsible. 

Crystals made by strain anneal methods may not be completely 
strain-free. The fact that discontinuous growth or secondary recrys- 
tallization occurs in metals has been taken to indicate that the strain 
is not completely relieved in the recrystallization process. 

In strain anneal methods, impurities in the metal are not given 
as much freedom to diffuse as-in solidification processes and they 
remain in the crystals so formed. The casting process on the other 
hand may be a refining process. Probably better crystals are made 
by the casting process than by the strain anneal methods. Gisen 
(158) made aluminum crystals by both methods. He found that the 
strain anneal crystals behaved more like strained or imperfect crys- 
tals than did the cast crystals when tested in tension. 
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REVEALING THE GRAIN STRUCTURE OF COMMON 
ALUMINUM ALLOY METALLOGRAPHIC SPECIMENS 


By L. J. BARKER 


Abstract 


The actual grain structures of the common alloys of 
aluminum in any condition can now be revealed for metal- 
lographic study. The technique developed utilizes the 
bi-refringent qualities of electrolytically produced anodic 
films and requires polarized light for examination. Pho- 
tomicrography is possible through the use of filters. 

This development greatly increases the value of me- 
tallographic techniques in furthering the understanding 
and control of metallurgical principles involved in the fab- 
rication of nonheat-treatable aluminum alloys. 

Photomicrographs of 2S, 3S, and 52S in various 
tempers illustrate the results obtainable. 


HERE is a definite need for a metallographic method for reveal- 

ing the grain structure of the common aluminum alloys, either 
by showing grain boundaries or grain contrast. The structure of the 
heat-treatable alloys such as 24S and 75S can be successfully devel- 
oped by several different etchants which are fully described in the 
literature (1-5), but little success has been achieved or reported for 
the nonheat-treatable or common alloys such as 2S, 3S, and 52S. 

Chemical etchants have often been employed in attempts to pro- 
mote selective attack of the grain boundaries of metallographic speci- 
mens of common alloy sheet. Occasionally, these have been mod- 
erately successful for certain conditions of the metal, but they can- 
not be relied upon, nor are they at all universal in their scope. 

Some progress has been made using electrolytic etching proc- 
esses to delineate grain boundaries, but the success of these methods 
is quite dependent on the particular alloy involved and the skill of 
the metallographer. Even the temper of the alloy has a profound 
influence on the outcome of this approach. 

Because of the failure of the above metallographic processes to 


1The figures appearing in parentheses pertain to the references appended to this paper. 


__A paper presented before the Sixth Western Metal Congress and Exposi- 
tion held in Los Angeles, April 11 to 15, 1949. The author, L. J. Barker, is 
metallographer, The Permanente Metals Corp., Trentwood, Wash. Manuscript 
received January 29, 1949. 
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give a consistently clear picture, the grain size and character of com- 
mon alloys have been obtained on a comparative basis by resorting 
to macroetching, Erichsen cup analysis and, to some extent, X-ray 
diffraction. These methods are limited, however, for they can show 
only fairly wide differences between specimens. 

The most recent development toward portraying exact crystal 
patterns for microscopic analysis utilizes the bi-refringent qualities 
of anodic films. Excellent results for superpurity aluminum were 
reported by Hone and Pearson (6) using a phosphoric acid electro- 
lyte and low current density. 

To bring out the grain structure of the alloys of aluminum, how- 
ever, an electrolyte is needed which will produce a thin oxide film 
showing interference colors, and one which, at the same time, will 
not unduly attack the microconstituents.' A boric acid electrolyte 
for producing thin oxide coatings on aluminum was reported by 
Edwards (7), and hydrofluoric acid has often been used for a gen- 
tle, sensitive etchant for aluminum. A combination of the two, 
fluoboric acid, was found by the author to satisfy the above require- 
ments for an ideal electrolyte. 

By lightly anodizing metallographic specimens in an aqueous 
solution of fluoboric acid and examining in the manner described 
in this paper, it is possible to clearly reveal the grain structure of all 
the common alloys of aluminum, regardless of temper or condition. 
The metallurgical importance of this development is manifold, for it 
provides the means to accurately study and photograph exact grain 
sizes, true grain structures or shapes, metal tempers, recrystalliza- 
tion phenomena, and orientation effects. 


SAMPLE PREPARATION 


One of the first steps in eliminating some of the variables in any 
electrolytic process is to standardize on the specimen size. In this 
process, a sample 34 by 1 inch on the faces and ™% inch thick will 
give adequate surface for examination and be of convenient size for 
ease in polishing. In the case of heavy plate or cast material, it is 
necessary merely to saw out a section of these dimensions. For 
thinner sheet material, since plastic mounts are nonconductors, a pack 
sample must be made with the outer pieces of heavy gage material 
to insure a tight specimen. Two ;’,-inch stove bolts through drilled 
holes will serve to secure the sample. 

Polishing may be carried out in any of the prescribed manners 
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(1-5). In the Permanente laboratory, the specimen is first made 
flat on a Nicholson “supershear” file, then successively ground on 
0, 00, and 000 metallographic papers lubricated with kerosene satu- 
rated with paraffin. Rough polishing is performed on a “billiard 
cloth” wheel using a suspension of 600-grit alundum flour as the 
cutting medium. The final polish is carried out on a “Gamal” wheel, 
with magnesium oxide (reagent) used for polishing compound. 
Electrolytic polishing can be employed, but often undue attack of the 
constituents occurs and therefore the mechanical procedure is pref- 
erable. 


ANODIZING PROCEDURE 


When the specimen is completely polished, it is ready for the 
anodic treatment. To build up the required thin film of aluminum 
oxide on the polished surface, the sample is made the anode in an 
electrolytic cell. The electrolyte to be used consists of a 1.8% solu- 
tion of fluoboric acid (HBF,) in distilled water; an approximate 
200-cubic centimeter volume in a 250-cubic centimeter beaker will 
suffice. The cathode can be a strip of any common aluminum alloy 
with a width of 34 inch. Suitable clips will serve to hold the elec- 
trodes and, in the case of pack samples, it is necessary to remove the 
lower bolt since any foreign metal in contact with the aluminum 
will seriously affect the current density. Approximately % inch of 
each electrode is immersed in the solution. The distance between 
electrodes is 3@ inch. 

The electrical requirements of the anodic cell are a current 
density of % to 1% amperes per square inch with a potential of 
from 30 to 45 volts D.C. At the Permanente metallographic labo- 
ratory, these electrical requirements are met by a G. E. amplidyne 
motor-generator set with the following specifications: 


Motor Input—440 volts, 3-phase, D.C. 

Field Input—220 volts, single-phase, D.C. 

Output—0 to 50 volts, 0 to 8 amperes, D.C. (controlled by a field rheostat 
plus size and proximity of electrodes). 

The time required to build up a coating of optimum thickness 
will vary slightly with the current density and voltage which, in 
turn, will depend on the age and temperature of the solution and 
electrode sizes. However, 20 seconds at 1 ampere and 30 volts in a 
fresh solution at room temperature is usually sufficient for all alloys 
and tempers. . Stirring is not necessary; in fact the boiling that 
takes place along the surface of the electrolyte between the electrodes 
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is helpful in producing optimum results. The boiling action also 
makes accurate temperature control unnecessary ; room temperature 
at the start is ample. 

At the completion of the anodic process, the specimen is re- 
moved, rinsed in warm water and blown dry. As it dries, a wave of 
blue coloration should ripple across the surface. If such effect does 
not occur, the specimen was not anodized for a sufficient time; if a 
white coloration remains, the length of time was excessive. With 
experience, it is soon possible to tell at this stage whether or not 
the anodic procedure was a success. 

It should be realized that the film thickness is a product of the 
current density and time. When one factor is changed, the other 
must be changed for optimum results. Since the film thickness is 
fairly cumulative, any specimens anodized for too short a time may 
be reprocessed; but those overanodized on both sides must be 
repolished, as is the case with any overetched specimen. 


METALLOGRAPHIC EXAMINATION 


For viewing the grain structure of anodized specimens, a Bausch 
and Lomb Research Metallograph is used. Under bright-field light- 
ing, some etching effects are noted, i.e., the constituents are darkened 
and grain boundaries are faintly visible. When the vertical illumi- 
nator turret is turned to polarized light, each grain stands out 
individually in dark or light shades due to the bi-refringence of the 
anodic coating, along with its particular orientation and relative 
position to the incident beam. Ribbon filament illumination is suff- 
cient for viewing through the eyepieces, but the tungsten or carbon 
arc is preferable for screen or projection viewing, since the over-all 
reflection of the specimen is fairly low. 

For less contrast, but more brilliance, the turret may be rotated 
to the ST position in which a sensitive tint plate is inserted into the 
optical system. This changes the incident beam to magenta wave 
length and the oxide-coated grains appear in colors from blue to red. 
The shade or color of the grains’ can be changed by rotation of the 
specimen stage. It will be found that there is one position of the 
stage that will give the optimum contrast in both viewing and photo- 
graphing. 


PHOTOGRAPHIC TECHNIQUE 


The grain pattern of the anodized specimen can be easily photo- 
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graphed. Exposures may be made in either the white or magenta 
polarized light. For black and white photomicrographs, the most 
satisfactory procedure is to photograph in magenta polarized light, 
using the proper filters to keep the colors within the sensitivity of the 
film or plate used. Exposures on metallographic plates, using ribbon 
filament illumination with green and yellow filters, are of the order 
of 1 to 2 minutes. A decrease in exposure time is afforded by the 
use of carbon or tungsten arc illumination. 

The photomicrographs accompanying this paper were taken as 
given above and originally printed on Velox Nos. 1 and 2 paper. 
Plates of correct densities taken without the use of filters in magenta 
polarized light from the ribbon filament source serve as reasonable 
Kodachrome B exposure guides when colored transparencies are 
desired. 


OptTicAL PRINCIPLES 


A review of some of the basic optical principles used in portray- 
ing grain structures by the medium of anodic films might be helpful. 

Aluminum, like all metals, is optically isotropic. That is, it is 
equally reflective from all crystal faces. When a beam of plane 
polarized light strikes normal to an aluminum crystal or grain, it is 
reflected in the same plane. Under the optical mechanics of a Bausch 
and Lomb Research Metallograph, set for polarized light, this 
reflected polarized beam would be cross-polarized before hitting the 
field of view and would thus appear black. 

Aluminum oxide on the other hand is anisotropic; it has the 
power, or nature, of bi-refringence, or double refraction. A plane 
polarized beam striking normal to an aluminum oxide crystal face 
is rotated and undergoes some phase retardation before it is reflected 
back. This has the effect of angularly shifting and broadening the 
reflected beam. This beam, therefore, would not be totally extin- 
guished as it is passed through the crossed nicol prism, but would 
show some degree of light. 

The amount of rotation and phase retardation of the incident 
beam is due to the particular orientation of the film face that it strikes. 
The orientation of the film face is, in turn, a function of the orienta- 
tion of the original aluminum crystal face. Thus, each grain would 
appear individually, and the degree of light or shade of each grain 
would be dependent on its orientation. 

The resulting angular shift of the incident beam is clearly shown 








352 TRANSACTIONS OF THE A. S. M. Vol. 42 





Fig. 1—2SO (Annealed) Sheet. Top—large-grained; bottom—fine-grained with 
some preferred orientation (bands of grains of similar shades). Anodic etch. X 50. 


Fig. 2—2SO (Annealed) Sheet. Anodic etch, 250. Fig. 3—2SH14 (Half- 
Hard). Anodic etch, 250. Fig. 4—2SH18 (Full-Hard). Anodic etch. XX 250. 


Note: All sheet photomicrographs taken of longitudinal cross sections. 
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Fig. 5—3SO (Annealed) Sheet. Anodic etch. X 250. Fig. 6—3SH14 (Half- 
Hard). Anodic etch. X 250. Fig. 7—3SH18 (Full-Hard). Anodic etch. X 250. 
Note: All sheet photomicrographs taken of longitudinal cross sections. 
° 


upon rotation of the microscope stage which changes the shade of 
each grain, except those in an unfavorable orientation, through each 
rotation of approximately 45 degrees. (Colored—90 degrees. ) 


RESULTS AND SUMMARY 


The anodic technique presented in this paper has been utilized 
“ for the successful development of grain structures of various tempers 
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Fig. 8—52S As-Cast. Anodic etch, 100. Fig. 9—52SO (Annealed) Sheet. 
«x 250. Fig. 10—52SH34 (Half-Hard). Anodic etch, xX 250. Fig. 11—52SH38 
(Full-Hard). Anodic etch. X 250. 


Note: All sheet photomicrographs taken of longitudinal cross sections. 


of a great many commercial and experimental alloys. It may be 
expected to yield goods results on all alloys containing low amounts 
of iron, silicon, magnesium, manganese, and zinc. This method is 
not adaptable to alloys with appreciable amounts of copper, since 
copper constituents are preferentially attacked and hamper the forma- 
tion of anodic films with the proper optical qualities. 
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Figs. 1 to 11 are photomicrographs of 2S, 3S, and 52S, the 
most widely used of the common alloys, in various conditions and 
tempers. In the photomicrographs of the annealed specimens one 
can note the equiaxed pattern and random orientation of the grains, 
and accurate grain counts can easily be made. Preferred orienta- 
tions in annealed sheet would show as bands of grains, all having 
similar shades. The effect of rolling on the shape of the grains, 
as well as the general grain sizes, is immediately discernible in the 
micrographs of cold-rolled sheet. 

The constituents in these alloys are only slightly darkened by 
the light etching action of the anodic process, and thus studies of the 
effect of constituent size and dispersion can be made; in fact, the 
characteristic shape of the constituents is retained and serves to iden- 
tify each of the alloys, regardless of the amount of cold working or 
annealing. 

This method for revealing the grain structure of common alu- 
minum alloy specimens greatly enhances the value of metallographic 
techniques in the control and improvement of metal quality in the 
aluminum industry. Investigations requiring an accurate knowledge 
of the grain structures, once limited to the heat-treatable alloys, can 
now be extended over the entire field. 
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EFFECTS OF QUENCHING RATE AND QUENCH-AGING 
ON THE TENSILE PROPERTIES OF 
ALUMINUM ALLOY 61S 


By R. C. Lemon anp H. Y. HuUNSICKER 


Abstract 


The primary objective of the investigation was to 
determine the merits of a heat treating procedure, termed 
quench-aging compared with the conventional quenching 
and aging of alloy 61S. Sections of sheet or plate ranging 
from 0.083 to 2% inches thick were solution heat treated 
at 970°F (520°C) and quench-aged in molten salt at 
320, 360 and 400°F (160, 182 and 205°C). Similar 
specimens were solution-treated, quenched in various 
media and artificially aged at the same temperatures. 

At comparable quenching rates, the tensile strength 
values obtained by quench-aging were higher than those 
produced by the conventional procedure when a few hours 
of natural aging intervened between quenching and artifi- 
cial aging. However, specimens quenched in cold water 
and immediately heated to the artificial aging temperature 
developed higher properties than quench-aged specimens 
under comparable conditions. This was attributed to the 
lower cooling rate in molten salt. 

The temperature range of 700 to 500°F (370 to 
260 °C) was established as the most critical with respect 
to the hardening capacity of alloy 61S, although the ten- 
sile properties were improved with increasing quenching 
rate throughout the temperature range from the solution 
temperature to the aging temperature. 


HE usual thermal treatments employed in developing the 
maximum strength of precipitation hardenable alloys involve 
three major steps: the solution or homogenizing treatment, a rela- 
tively rapid quench in a liquid or gaseous medium, and exposure for 
This paper is R. C. Lemon’s portion of a joint thesis submitted to Case Institute of 


Technology by R. C. Lemon and E. C. Burke in partial fulfillment of the requirements 
for the degrees of Master of Science. 
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an extended period to temperatures in the precipitation hardening 
range. The possibilities of combining the second and third steps 
of this process by a modified procedure, consisting of quenching 
from the solution treatment in a molten salt bath maintained at the 
aging temperature and continuing the heating in the salt bath, 
appeared to be of interest from both academic and commercial 
viewpoints. 


It was considered that the modified procedure, which has been 


Temperature °C 
Temperature °F 





Weight Percentage Magnesium Silicide 


Fig. 1—Aluminum-Magnesium Silicide Constitution Diagram. 


termed quench-aging, might offer potential advantages in the form 
of reduced aging time, improved maximum mechanical properties, 
or lower residual stresses. Two features of quench-aging were 
considered to be favorable to an increased rate and magnitude of 
precipitation hardening: first, the quenching rate characteristics in 
molten salt, typified by relatively high initial cooling rates and 
greatly retarded cooling as the salt bath temperatures are approached 
and, second, the elimination of the detrimental effects of an interval 
of room temperature aging between the quench and the start of 
elevated temperature aging (1).' The objective of the investigation 
was an evaluation of the quench-aging procedure and comparison 
with the conventional heat treating method. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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The quench-aging treatment would be expected to be applicable 
only with alloys which attain their maximum strength after aging 
at elevated temperatures. Since intermediate cooling rates would 
prevail in molten salt quenching, the ultimate mechanical properties 
of the most suitable alloy should not be highly sensitive to quenching 
rate. On the basis of these factors, aluminum alloy 61S, an alloy 
of the magnesium silicide type, was selected. The constitution dia- 
gram of the high-purity alloys containing up to 4% of the inter- 
mediate phase Mg.Si is shown in Fig. 1 (2). 


PROCEDURE 


Material—The 61S stock was fabricated from a single 12-inch 
diameter D.C. ingot. The ingot was homogenized for 12 hours at 
970 °F (520°C), scalped and pressed at 870 °F (465 °C) to 4 by 
6-inch stock. This was then forged to 2% and 34-inch plate and 
rolled to 0.25 and 0.083-inch thick sheet at 870°F (465°C). The 


chemical analysis of the heat was as follows: 


Weight, % 
Cu Mg Si Cr Fe Zn Mn Ni Ti 
0.26 1.00 0.55 0.25 0.32 0.01 0.03 <0.01 0.03 


Quench-Aging—All solution heat treatments were 1 hour in a 
forced air circulation electric furnace operating between 955 and 
965 °F (515 and 520°C). Specimens were quenched in a commer- 
cial heat treating salt consisting of a mixture of equal parts of 
sodium and potassium nitrites. The salt was heated electrically, 
and the temperature controlled to within + 2°F. A rapid circu- 
lation was maintained by an immersed motor-driven propeller. 

In order to investigate the early stages of quench-aging, an 
exploratory study of hardness changes was made employing 34-inch 
61S cubes. These samples were quenched in molten salt and removed 
at various time periods from 0.25 to 60 minutes from the instant of 
quenching. Salt bath temperatures of 320, 360 and 400°F (160, 
182 and 205°C) were employed. The hardness impressions were 
made as soon as possible after each quench-aging period in order 
to minimize the effects of aging at room temperature. 

A more complete study of the precipitation hardening character- 
istics was then made by quenching thin (0.083-inch) sheet specimens 
in molten salt and heating without removal from the salt bath for 
periods up to 64 hours at the three aging temperatures. Additional 
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sheet specimens were quenched in cold water or in boiling water, 
and subsequently aged in electrically heated circulating air ovens to 
provide a basis for comparison. 

Quenching Rate Study—A preliminary examination of the 
results obtained with the sheet specimens indicated that variations 
in the mechanical properties with various treatments might be 
attributable mainly to differences in the quenching rates. Since 
equipment was not available to determine accurately the very rapid 
temperature changes occurring during the quenching of the thin 
sheet specimens, the investigation was extended to include larger 
section sizes. Specimens 244 by 3 by 7, 3% by 3 by 7 and %&%& by 3 
by 9 inches were quenched in the following media: water at 70 °F, 
boiling water, molten salt at 320 °F (160°C), molten salt at 360 °F 
(182 °C), an air blast (velocity 1000 to 1500 feet per minute), and 
still air. Time-temperature data were obtained with a high speed 
single-point recording potentiometer. 

In order to provide a rational basis for a further interpretation 
of the results, it was desired to ascertain the temperature range 
during the quench through which variations in the rate of cooling 
produced the maximum differences in properties. This critical tem- 
perature range was investigated by the delayed quenching procedure 
developed by Fink and Willey (3). Specimens of the three section 
thicknesses, 4, 34 and 2% inches, were cooled from the solution 
temperature in still air and upon reaching predetermined tempera- 
tures were immediately quenched in cold water. The temperatures 
at which the transition from air cooling to water quenching was 
effected were 900, 800, 700, 600, 500 and 400°F (480, 425, 370, 
315, 260 and 205 °C). 

All specimens employed in the quenching rate study were sub- 
sequently aged for a period of 6 hours at 360°F (182°C) or 16 
hours at 320 °F (160 °C). 

Mechanical Tests—The results of the investigation of the crit- 
ical quenching temperature range were evaluated by Rockwell hard- 
ness surveys of the samples. Tensile test specimens were prepared 
from all other samples for testing by conventional methods. 


RESULTS 


The results of the exploratory hardness survey with the quench- 
aged 34-inch cubes are shown graphically in Fig. 2. It is of con- 
siderable interest that distinct incubation periods were observed. 


— 
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Fig. 2—The Effect of Aging Time at 320, 360 and 400 °F on 


the Hardness of Aluminum Alloy 61S %-Inch Cubes after 
Quenching from 970 °F into Molten Salt. 
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Fig. 3—The Effect of Aging Time at 320, 360 and 400 °F on 


the Tensile Properties of Aluminum Alloy 61S 0.083-Inch Sheet 
after Quenching from 970 °F into Molten Salt. 
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The duration of the period varied from about 4 to 6 minutes, 
depending upon the aging temperature. The as-quenched hardness 
was slightly greater the higher the salt bath temperature, and active 
hardening began slightly earlier with increased aging temperature. 

These results were interpreted as indicating that the amount 
of hardening attributable to precipitation during cooling from the 
solution temperature was minor, and that a short time period at 
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Fig. 5—The Effect of Aging Time at 360°F on the Tensile 


Properties of Aluminum Alloy 61S 0.083-Inch Sheet after Quench- 
ing from 970 °F into Water at 70 and 212 °F. 


the aging temperature was required under the quench-aging con- 
ditions to form stable nuclei and allow their growth to the size 
range which provides effective hardening. 

The tensile property data obtained from the quench-aging of 
0.083-inch sheet specimens at temperatures of 320, 360 and 400 °F 
(160, 182 and 205 °C) are illustrated in Fig. 3. It should be noted 
that in contrast with the exploratory hardness tests which were made 
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immediately after quench-aging, a period of about 7 days elapsed 
between the quench-aging treatments of the sheet specimens and 
the tensile tests. The natural aging during this period increased 
the strengths of specimens which had not been held in the salt bath 
for periods adequate to induce extensive hardening. In general, the 
results obtained with the sheet samples are in agreement with the 
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Fig. 6—The Effect of Aging Time at 400°F on the Tensile 


Properties of Aluminum Alloy 61S 0.083-Inch Sheet after Quench- 
ing from 970 °F into Water at 70 and 212 °F. 


preliminary hardness tests with respect to the induction period, the 
time of most rapid aging and the effect of aging temperature. 

The tensile property data obtained with sheet specimens 
quenched in water at 70°F and in boiling water, and subsequently 
heated at 320°F (160°C), are shown in Fig. 4. Analogous data 
for the temperatures 360 and 400 °F (182 and 205 °C) are illus- 
trated in Figs. 5 and 6 respectively. As in the case of the quench- 
aged samples, a period of room temperature hardening occurred 
between the elevated temperature precipitation treatment and the 
tensile tests so that mechanical property values at short elevated 
temperature periods were increased by the natural aging. 


Comparison of Results Obtained by the Two Types of Thermal 
Treatment 


In Fig. 7 the changes in yield strength as a function of time 
of artificial aging are rearranged to facilitate comparison. It is 
evident that the results achieved by quench-aging were similar to 
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those resulting from quenching in water followed by aging in the 
conventional manner and that no unique characteristics either in 
the rate or magnitude of the improvement in strength could be 
attributed to the quench-aging procedure. Since the properties of 
the quench-aged material were generally intermediate to those of 
cold and boiling water-quenched samples, it was thought that the 
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Fig. 7—Reproduction of Yield Strength Aging Curves from 
Preceding Figs. 3, 4, 5 and 6. 


observed differences could be explained primarily on the basis of 
the relative cooling rates from the solution temperature to the 
temperature of the quenching medium. 


Effects of Quenching Rate on Hardening Capacity 


Critical Quenching Temperature Range—The results of the 
delayed quenching tests used to determine the critical quenching 
temperature range are shown graphically in Fig. 8. The upper curves 
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illustrate the effect on the hardness of variations in the transition 
temperature, the temperature at which the cooling rate was changed 
from that prevailing in air to the rapid rate of cold water quenching. 
The three section sizes employed in this phase of the investigation 
provided a means of verifying the results over a range of both initial 
and final cooling rates. The cooling rates at the transition temper- 
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Fig. 8&—Hardness of Aluminum Alloy 61S 
Sections Cooled in Still Air from 970°F to 
Indicated Quenching Temperatures, then 
Quenched in Water at 70°F. All samples were 
then aged 6 hours at 360 °F. 


ature in the two quenching media, still air and water at 70°F, are 
shown in Table I for the three section sizes and two transition 
temperatures, 400 and 800 °F (205 and 425 °C). 

The greatest changes in hardness occurred when the transition 
temperature was in the range from about 500 to 700°F (260 to 
370 °C). This is clearly demonstrated by the lower curves of Fig. 8 
which illustrate the rate of decrease in hardness as a function of 
the transition temperature. 


Cooling Rates of Various Section Sizes in Different Quenching 
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Table I 
Cooling Rates of Various Sections at the Transition Temperature 
in Delayed Quenching 





Section Size, Inches———-————___, 


ue ——o aan < —-2%— 
Transition Temperature, °F 800 400 800 400 800 400 
Initial Rate (still air), °F/sec. 1.6 0.5 0.75 0.18 0.32 0.12 
Final Rate (water at 70 °F), °F/sec. 380 340 220 130 110 45 


Temperature °F 


Salt, 320°F 
Water, 212°F 





0 100 200 300 400 500 600 
Time, Seconds 


Fig. 9—Cooling Curves of Aluminum Alloy 61S 2% by 3 by 
7-Inch Section Quenched from 970 °F into Various Media. 
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Fig. 10—Rates of Cooling of Aluminum Alloy 61S 2% by 3 by 
7-Inch Section Quenched from 970 °F into Various Media. 
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Media—Additional information on the rate of cooling through the 
critical temperature range was required to correlate the quenching 
rate with the mechanical properties. Representative time-temperature 
cooling curves for the 24-inch thick sections quenched in various 
media are shown in Fig. 9, and the cooling rates derived from these 
curves are reproduced in Fig. 10. Except for the boiling water 
quench, all cooling rates decreased as the temperature was reduced. 
For the molten salt quenches, cooling was relatively rapid in the 
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Fig. 11—The Effect of Cooling Rate on the Tensile Properties 
of Aluminum Alloy 61S. Samples were aged 6 hours at 360 °F 
immediately after quenching from 970°F into various media. 


initial temperature range but was greatly retarded at temperatures 
approaching those of the salt bath. The quenching rates in boiling 
water increased in the range of 700 to 300 °F (370 to 150°C), a 
phenomenon ascribed to the gradual disintegration and ultimate 
collapse of a steam envelope surrounding the specimen. 

Correlation of Cooling Rates and Mechanical PropertingeThe 
relation of the tensile properties to the cooling rates prevailing in 
the critical range is disclosed in Fig. 11 for samples which were 
aged 6 hours at 360 °F (182 °C) immediately after quenching. The 
data indicate a continuous increase in tensile and yield strengths 
throughout the range of measurable increasing cooling rates. A 
reduction in the cooling rate to about 100°F per second slightly 
decreased the tensile properties, and at rates below 20 °F per second 
the properties were drastically reduced. 

The properties of the quench-aged specimens are essentially 
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identical to those of specimens quenched and immediately reheated 
to the aging temperature when compared on the basis of the relative 
cooling rates. 

Similar curves showing the effects of quenching rate on 
specimens which were allowed to age at room température for 6 
hours between quenching and reheating for 16 hours at 320°F 
(160 °C) are presented in Fig. 12. Separately quenched and aged 
samples under these conditions developed lower yield strengths in 
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Average Cooling Rate in Range 700-500°F, °F per Second 
Fig. 12—The Effect of Cooling Rate on the Tensile Proper- 
ties of Aluminum Alloy 61S. Samples were aged 16 hours at 


320 °F after quenching from 970°F into various media. Arti- 
ficial aging was delayed 6 hours except in quench-aged sections. 


the range of cooling rates above 10 °F per second than the specimens 
aged at 360 °F (182°C) immediately after quenching. The lower 
properties of the samples aged at 320°F (160°C) are probably 
entirely attributable to the interval of room temperature aging 
between quenching and reheating. The quench-aged samples were, 
of course, not cooled below 320°F (160°C) and, consequently, 
were not subjected to the adverse effects of low temperature aging. 
Under these conditions, the properties of the quench-aged specimens 


were substantially superior when considered on the basis of relative 
quenching rate. 


DISCUSSION 


The comparison of the mechanical properties obtained by 
quench-aging with those produced by the conventional treatments 
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employing comparable aging temperatures and periods indicated that 
the properties of alloy 61S were appreciably affected by the rate of 
cooling through the range of 700 to 500°F (370 to 260°C) and 
were influenced to a smaller degree by the variations in cooling rate 
at temperatures below 500°F (260°C). Consequently, the retar- 
dation in cooling at temperatures approaching the precipitation tem- 
perature which was obtained by quench-aging in molten salt appeared 
to have no novel beneficial effects on either the rate or the magnitude 
of precipitation hardening. The highest properties attained by 
quench-aging were inferior to those produced by quenching in cold 
water when the artificial aging was not delayed. The available 
evidence indicated that the mechanical properties of alloy 61S are 
improved with increasing quenching rate throughout the entire range 
from the solution temperature to the aging temperature for the 
quenching rates that were studied. Consequently, the lower proper- 
ties obtained by quenching in molten salt baths were attributed to 
the reduced cooling .rates. 

The quench-aging procedure effectively eliminated the detri- 
mental effects of room temperature aging between quenching and 
artificial aging. It did not appear, however, that the complete elim- 
ination of the low temperature aging by cooling only to the elevated 
precipitation temperature produced any improvement in the ultimate 
properties over those achieved by quenching to low temperatures 
followed by reheating to the elevated aging temperature shortly 
thereafter. 

There does seem to be a potential advantage of possible com- 
mercial interest in the quench-aging procedure. It should be feasible 
to eliminate the loss in mechanical properties caused by an interval 
of room temperature aging between quenching and artificially aging 
by quenching into molten salt and holding at the salt temperature 
for sufficient time to initiate precipitation. It has been demonstrated 
(4) that heating aluminum alloys for 1 hour at aging temperatures 
immediately after quenching was sufficient to overcome deleterious 
effects on hardening capacity attributed to an interval of room 
temperature aging. 

Quenching Rate Sensitivity of Various Aluminum Alloys—The 
development of information concerning the quenching rate sensitivity 
of alloy 61S permitted an interesting comparison of this character- 
istic in three commercial precipitation hardening aluminum alloys 
of considerably different types. The effects of quenching rate on 
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Fig. 13—Comparison of the Effect of Quenching 
Rate on the Tensile Strengths of Aluminum Alloys 24S, 
61S and 75S. 


the tensile properties of alloy 24S, an alloy in which copper and 
magnesium are the primary hardeners, and those of alloy 75S, which 
is dependent upon zinc, magnesium and copper for development of 
high strength, have been reported (3, 5). In Fig. 13 the effects of 
variations in quenching rate on the tensile strengths, computed as 
percentages of the maximum strength, are illustrated for the three 
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alloys. The comparison on this basis indicated that the properties 
of alloy 24S are least affected by variations in quenching rate, that 
61S is slightly more sensitive and that the properties of alloy 75S 
are appreciably more dependent upon the quenching rate. 


SUM MARY 


The mechanical properties developed in alloy 61S by a proce- 
dure of quenching from the solution temperature in a. molten salt 
bath maintained at temperatures of 320, 360 or 400 °F (160, 182 or 
205 °C) and continuing the aging in the bath were compared with 
those produced by quenching in water at 70°F or boiling water 
followed by reheating to the same aging temperatures. When the 
tensile properties obtained by the two procedures were correlated 
on the basis of the cooling rates prevailing during quenching, no 
specific improvement in either the rate or magnitude of the harden- 
ing effect could be attributed to the quench-aging procedure. More- 
over, the optimum properties achieved by quench-aging were lower 
than those produced by quenching in cold water followed by imme- 
diate aging at elevated temperatures. The lower cooling rate in 
molten salt appeared to be responsible for this difference. 

Application of a delayed quenching method indicated the most 
critical temperature range during quenching of alloy 61S to be 700 
to 500°F (370 to 260°C), although the properties were also 
affected to some extent by the cooling rate at higher and lower 
temperatures. The properties were improved with increasing rapid- 
ity of quench throughout the range from the solution to the pre- 
cipitation hardening temperatures. 

The quench-aging procedure may be of some commercial interest 
trom the standpoint of eliminating the detrimental effects of natural 
aging between quenching and aging at elevated temperatures. 

A comparison of the quenching rate sensitivity of alloy 61S 
with alloys 24S and 75S indicated 61S to be considerably less 
sensitive than 75S but affected to a slightly greater degree than 24S. 
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DISCUSSION 


Written Discussion: By R. H. Harrington, research associate in 
metallurgy, The Knolls Research Laboratory, General Electric Co., Sche- 
nectady, N. Y. 

This paper is of particular interest to the writer because of his own 
1948 Convention paper.’ 

Of the alloys reported in this earlier research, one was alloy 356, the 
well-known heat treatable casting alloy, containing essentially 7% silicon, 
0.3% magnesium and balance aluminum. It had previously been deter- 
mined that the precipitation of Mg2Si was one of two reactions contrib- 
uting to the strengthening, by heat treatment, of this alloy. Its behavior 
should, therefore, have some common interest relative to the present fine 
report on wrought alloy 61S. 

To eliminate as much as possible the confusing effects of previous 
history of the samples, these initial experiments were performed upon 
standard sand-cast tensile bars. 

Table I summarizes the results of tests on alloy 356. 

There are two treatments available for this alloy and in use for 
some time. The widely used standard treatment with its minimum and 
typical properties is listed for heat treatment SO. Heat treatment Sl 
(U.S. Patent No. 2,246,134), however, yields the maximum precipitation 
strengthening and, as such, was chosen for this study. Heat treatment 1 
yielded the high strength properties that, by comparison with type Sl, 
qualified this lot of standard tensile bars as being of good quality. 

Treatments 1A1 and 1A2 show the effect of interrupted quench heats 
at 140°C (285°F). These treatments resulted in underaging as did also 
treatment 1B1. 

However, interrupted quench treatments 1B2 and 1B3, having the 
basic aging treatment, give a direct comparison of 2 minutes’ versus 


2R» H. Harrington, “Interrupted Quench and Isothermal Treatments of Precipitation 
Hardening Alloys,”” Transactions, American Society for Metals, Vol. 33, 1944, p. 494. 
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Table I 
92.7 Aluminum -7 Silicon - 0.3 Magnesium (Aluminum Alloy 356) 

Intermediate Elon- 

Solution or Aging Propor- 0.2% ‘ ga- 

Heat Treatment Isothermal Treatment tional Vield Tensile tion 
Treat. Temp. Treatment Temp. Limit Strength Strength in 2’ 

No. "es Time Temp. Time > Time psi psi psi % 
So 538 15Hrs. W.Q. 5 pas 160 4Hrs. 12,000 22,000 30,000 3M 
32,000 4T 

S1 530 2Hrs. W.Q. ase, 155 20Hrs. 18,000 30,000 36,000 2M 
20,000 32,000 38,000 3T 

1 530 2Hrs. W.Q. oii 155 20 Hrs. 19,000 34,000 40,000 2.5 


1Al 530 2Hrs. 140°C 2Min. 155 20Hrs. 20,000 30,500 36,500 2.5 
W.Q. 


1A2 530 2Hrs. 140°C 10Min. 155 2 Hrs. 9,500 17,500 27,700 4.5 


W.Q. 

iB1 530 2Hrs. 170°C 2 Min. 155 5 Hrs. 13,250 21,500 31,200 4.6 
W.Q. 

1B2 530 2Hrs. 170°C 2 Min. 155 20 Hrs. 16,250 32,250 37,700 3.0 
W.Q. 

1B3 530 2Hrs. 170°C 10 Min. 155 20 Hrs. 20,000 30,000 35,500 3.0 
W.Q. 

2 530 2Hrs. 120°C 1.5 Hrs. ee eae 16,000 31,700 37,400 3.5 
155°C 8Hrs. 

12 530 2Hrs. 120°C 4 Hrs. exe “re 15,000 30,000 36,400 4.0 
155°C 16 Hrs. 

13 530 2Hrs. 155°C 20 Hrs. ng Le 15,000 32,000 37,000 3.5 

3 520 2Hrs. 140°C 2 Min. 155 20 Hrs. 17,000 31,500 36,100 3.1 
W.Q. 

4 540 2Hrs. 140°C 2 Min. 155 20 Hrs. 22,100 33,000 38,250 3.4 
W.Q. 





10 minutes’ interruption. For full aging treatments, this alloy is rela- 
tively insensible to brief interrupted quenches in the range of its critical 
(subsequent) aging temperature, although the basic normal treatment 
(S1) yielded very slightly higher strength properties. 

Heat treatments 2, 12, and 13 are three slightly different direct 
quench-aging treatments and there are no essential differences in the 
resulting properties which were intermediate to standard treatments 
SO and Sl. (In the instances of Nos. 2 and 12, the tensile bars were 
interrupted quench-aged for the stated times at 120°C (250°F) and then 
directly and quickly transferred to drawing ovens to complete the quench- 
aging treatment at 155 °C.) 

Heat treatment 3 is based on a solution treatment that, with normal 
quenching and aging, yields properties that are too low. However, the 
interrupted quench (No. 3) effects increased properties in this case. 

Heat treatment 4 shows a similar effect of interrupted quench (2 
minutes at 140°C) for a solution treatment at 540°C (1005°F) and 
subsequent aging at 155°C (310°F). Comparison with standard treat- 
ment SO shows the marked increase in properties developed by treatment 
4 (which is even slightly superior to standard treatment S1). 

Conclusions from this earlier work were as follows: 

As indicated by previous studies of many investigators, chiefly on 
the aging cycle, strain (lattice distortion) from the solution quench plays 
a critical role in determining the properties after subsequent aging. 
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Response to interrupted quench and direct quench-aging will vary 
from one system to another. 

For the alloys studied, the rate of cooling (during the quench) from 
the solution temperature to the temperature for subsequent critical aging 
is not as critical as previously supposed. 

The most important and strain-effective part of the quenching cycle 
is the final cooling through the temperature range from that of subse- 
quent critical aging down to room temperature. 

Unfortunately the microstructures after complete aging are not gen- 
erally useful (as they are in the case of steels) in the study of the effect 
of quenching strain. 

The effect of quenching strain and the results of interrupted quench 
and direct quench-aging treatments are best studied through the means of 
measuring the mechanical properties that are thus developed. 

The writer feels that the authors have developed a very interesting 
detailed study of the effects of quenching rates and quench-aging on 
wrought alloy 61S. He has appended the abstract of his own research to 
show the good general agreement of the results for alloys 356 and 61S 
and, also, with the hope of stimulating others to further studies of this 
kind as a means of further understanding of the precipitation reaction. 


Authors’ Reply 


The authors are grateful for the valuable supplementary data sum- 
marized from Dr. Harrington’s earlier work with alloy 356. 

Although there is very good general agreement between the results 
of the two investigations, a discrepancy exists between the conclusions 
concerning the temperature range in which the cooling rate is most 
critical. Dr. Harrington has concluded that, “The most important and 
strain-effective part of the quenching cycle is the final cooling through 
the temperature range from that of subsequent critical aging down to 
room temperature.” However, the authors do not believe that the data 
for alloy 356 support this view, and the results obtained with alloy 61S 
lead to a distinctly different conclusion. 

A comparison of the results of heat treatments 1, 1B2 and 138 cited 
in the discussion indicates that the optimum properties were achieved 
when a high cooling rate, developed by the water quench, prevailed at 
temperatures above the precipitation hardening temperature. The proper- 
ties were reduced when the quenching medium was oil, with a correspond- 
ingly lower cooling rate. No significant differences in properties existed 
between the two sets of specimens which were oil-quenched to the aging 
temperature, despite the fact that a water quench from the aging tem- 
perature to room temperature was employed for one set of specimens. 

The evidence from the investigation of alloy 61S, as well as the data 
reported for the alloys 75S and 24S in Refs. 3 and 5 of the paper, strongly 
supports the conclusion that for these aluminum alloys the most important 
effects of quenching rate variations occur in the temperature range from 
about 500 to 750°F (260 to 400°C), which is substantially above the 
normal precipitation hardening range. 
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There appears to be a very sound basis for the hypothesis that strain 
induced during the quench plays an important role in determining the 
ultimate mechanical properties of precipitation-hardened alloys. However, 
the results obtained over the wide range of cooling rates investigated 
in the case of alloy 61S require a broader interpretation. At very low 
cooling rates, which markedly reduced the hardening capacity, a certain 
proportion of the solute was rejected from solid solution during cooling, 
and subsequent heating caused premature growth of these precipitate 
particles through the size range for effective hardening. Microstructural 
examinations not reported in the paper have verified this explanation. At 
very low cooling rates, precipitation during the quench is probably pre- 
dominant, while at greatly increased quenching rates, the relative degree 
of strain may assume greater importance. 
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SURFACE DIFFUSION OF RADIOACTIVE SILVER 
ON SILVER 


By RicHarp A. NICKERSON AND EARL R. PARKER 


Abstract 


The rate of surface diffusion for silver on silver was 
measured at three temperatures by using radioactive ‘silver 
atoms as tracers. From these data the activation energy 
for the self-surface-diffusion of silver was calculated to be 
about 10,300 calories per gram atomic weight. This value 
is less than one-quarter of that for the self-volume-diffu- 
sion of silver, which is reported to be about 46,000 calories. 
The experiments were conducted in a vacuum of 10° muil- 
limeters of mercury. The silver surface was cleaned by 
heating for 8 hours at 400°C (750 °F) in a low pressure 
hydrogen atmosphere. The radioactive silver was depos- 
ited in a vacuum on the clean silver specimen by evapo- 
rating it from a tungsten filament. The deposit was re- 
stricted to a narrow band on the specimen by a collimating 
slit in a shield. The distribution of the radioactive silver 
was determined with a Geiger counter after exposures at 
various temperatures for controlled periods of time. The 
Geiger tube was located outside the vacuum chamber. The 
radiation measured was beta rays which escaped through 
a thin aluminum window in the vacuum chamber. 


HE phenomenon of surface diffusion of atoms on solid surfaces 

has been studied by other investigators (1, 2, 3, 4). Several 
different methods were employed in the earlier studies, including 
thermionic and photoelectric emission, positive ion currents, and the 
use of natural radioactive substances combined with autoradiography. 
It has never been possible to make extensive studies of surface dif- 
fusion because of the inherent limitations of the methods mentioned 
above. However, the current availability of artificial radioisotopes 
now makes it possible to study the surface diffusion of many elements 
or compounds on solid surfaces. In the present investigation, radio- 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Sixth Western Metal Congress and Exposi- 
tion held in Los Angeles, April 11 to 15, 1949. Of the authors, Richard A. 
Nickerson is a graduate student in physical metallurgy, and Earl R. Parker is 
associate professor of metallurgy, University of California, Berkeley, Calif. 
Manuscript received January 28, 1949. 
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active silver was used as a tracer which diffused along the clean 
surface of solid silver. The diffusion of the tracer was followed by 
means of a Geiger counter. This method is applicable to self-surface- 
diffusion as well as surface diffusion of dissimilar metals. The 
method yields actual concentration gradients of the diffusing metal, 
an advantage not offered by most of the previously used methods. 


PROCEDURE 


The specimen consisted of thirty parallel wires of high-purity 
silver (99.99% Ag) each 0.015 inch in diameter. Small wires were 
chosen because the transverse migration of the surface atoms influ- 
ences the diffusion rate in the direction parallel to the wire axes. 
The radioactive silver deposited at one section of the specimen 
migrated quickly around the small wires during the early stages of 
diffusion and thereafter the diffusion became linear and parallel to 
the wire axes. This condition was chosen to simplify the analysis 
of the data. The thirty wires were each 6% inches long. They were 
held together at each end by silver clamps fastened by silver screws. 
The wires were kept from spreading by weaving silver wires across 
the strands at l-inch intervals along the 6-inch span. The specimen 
was moved into the furnace where it was heated for diffusion and 
back out again to the position under the thin aluminum window 
where the scanning was done with a Geiger tube. This was accom- 
plished by means of a magnet outside the vacuum chamber which 
attracted an iron lug connected to the specimen by means of a 2-inch- 
long silver rod as shown in Fig. 1. 

The radioactive silver was made by the Medical Physics staff 
of the University of California. The tracer silver was introduced 
into a cyanide plating bath along with some ordinary silver which 
increased the silver ion concentration sufficiently to permit electro- 
deposition on a tungsten ribbon. The tracer was a mixture of the 
110 isotope (half life 225 days) and the 111 isotope (half life 7.5 
days). The resulting half life was 45 days. The specimen and the 
tungsten with the radioactive silver were inserted in the vacuum unit. 
The tungsten ribbon thus became a filament, as shown in Fig. 1. The 
system was sealed, flushed with hydrogen and evacuated to a pres- 
sure of 10° millimeters of mercury. The specimen was moved into 
the furnace and heated to 400 °C (750°F) for 8 hours to clean the 
surface. Without breaking the vacuum, the specimen was removed 
from the furnace and the radioactive silver was deposited on it by 
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heating the tungsten filament to a sufficiently high temperature to 
vaporize the radioactive silver. A portion of this silver passed 
through the molybdenum slit, shown in Fig. 1, and deposited on the 
specimen. 

After the radioactive silver was deposited, the specimen was 
moved to a position beneath the aluminum foil window (0.002 inch 
thick) and intensity measurements were made with a Geiger counter 
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Fig. 1—Sketch of Portion of Vacuum Chamber 
Showing Location of Specimen during Deposition of 
Radioactive Silver. 


to determine its distribution. A lead collimator with a narrow slit 
was used to restrict the length of specimen viewed by the Geiger tube. 
Beta radiation was measured to determine the radioactive silver dis- 
tribution. This radiation was measured by first taking a 5-minute 
count with the lead slit closed, then taking another 5-minute count 
with the slit open. The count with the slit closed consisted of the 
general background plus gamma rays from (a) the specimen and (b) 
the filament chamber which was about 18 inches away. When the 
slit was opened, an additional count was obtained from the beta 
radiation given off by the exposed part of the specimen. The differ- 
ence in the two readings was the beta count used for diffusivity cal- 
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culations. The counting equipment consisted of a Cyclotron Special- 
ties Geiger Counter and a thin mica window Geiger Tube, Model 
310A. The tube and lead collimater were mounted together on a 
traveling micrometer head so that counts could be made at various 
known distances along the specimen. 

Before the diffusion experiments were begun, the specimen was 
heated to 200 °C (390 °F) for 2 hours to produce a more uniform 
distribution of the radioactive silver. This was done because it is 
known that condensed films of silver are not uniform (5). After this 
initial treatment, the specimen was resurveyed with the counter and 
then reheated to the following temperatures to promote surface dif- 
fusion: (a) 1 hour at 225°C (440°F), (b) 1 additional hour at 
225 °C (440 °F), (c) 1 hour at 250°C (480 °F), (d) 1 additional 
hour at 250°C (480°F), (e) 1 hour at 350°C -(660°F), (f) 1 
additional hour at 350 °C (660°F). Surveys were made after each 
treatment and the times between treatments were noted so that 
corrections could be made for the decay in the activity of the tracer. 


RESULTS 


The results of the surveys with the counting equipment are 
shown in Figs. 2 through 9. The intensity of beta radiation, cor- 
rected for decay, is plotted on a logarithmic scale in these figures 
against the square of the distance along the wire axis. This type of 
plot should yield a straight line in conformity with the solution of 
the diffusion equation: 


dC dC 
= — p — 
dt dx’ 


which for the one-dimensional case is (6): 


O ieucahs) Be 
Vr Dt 
where: C is the concentration 


D is the diffusivity (assumed to be a constant ) 
x is the distance traveled 
t is the time. 


By means of this equation and the data shown in Figs. 2 through 9, 
it was possible to calculate three values of D for each temperature. 
These values are listed in Table I. 

The diffusivity is known to be an exponential function of tem- 
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perature as expressed by the following equation : 


-Q/Rt 
D=DE 
where: D = the diffusivity at absolute temperature T 
Do = constant 
Q = activation energy in calories per gram atomic weight 
required for diffusion 
R = gas constant. 


The values of D from Table I were plotted in Fig. 10 on a logarithmic 
scale against the corresponding reciprocals of the absolute tempera- 





Table I 
Dt Products and Diffusivities for Various Times and Temperatures 
Diffusivity 

Fig. Time and Temperature Dt—(in.?/hr.) Chr.) (in.?) (hr.) 

2 As deposited Dty = 0.00861 

3 2 hours at 200 °C (390 °F) Dt; = 0.0600 

3 O hour at 225 °C (440 °F) Dty = 0.0600 0.0029 

4 1 hour at 225 °C (440 °F) D(to + 1) = 0.0629 0.0040 

5 2 hours at 225 °C (440 °F) D(to + 2) = 0.0674 0.0037 

5 O hour at 250 °C (480 °F) Dt, = 0.0674 0.0037 

6 1 hour at 250 °C (480 °F) D(to + 1) = 0.0718 0.0040 

7 2 hours at 250 °C (480 °F) D(to + 2) = 0.0755 0.0044 

7 O hour at 350 °C (660 °F) Dt. = 0.0755 0.0143 

8 1 hour at 350 °C (660 °F) D(t, + 1) = 0.0897 0.0231 

9 2 hours at 350 °C (660 °F) D(to + 2) = 0.1228 0.0331 





| 


tures. The value for Q, the activation energy for self-surface-diffu- 
sion of silver, was calculated from the slope of the straight line shown 
in Fig. 10 to be 10,300 calories per gram atomic weight. 


DISCUSSION 


The activation energies for volume diffusion of the elements 
copper, antimony, tin, indium, cadmium, gold and palladium have 
been determined to fall within the range between 20,000 and 30,000 
calories (6). Johnson (7) has reported the self-volume-diffusion 
of silver to be 45,900 calories. The value of 10,300 calories for the 
self-surface-diffusion of silver obtained in the experiments reported 
herein is not highly accurate because of the scatter in the results, but 
seems to be reasonable. The iargest source of error which con- 
tributed to the scatter was the inaccurate beta radiation counts. The 
gamma counts were of the order of 1500 to 1800, which were sub- 
tracted from the gamma plus beta counts which ranged from 1800 
to 2400 counts per 5 minutes. Having to obtain the beta count as a 
relatively small difference between two large numbers precluded the 
possibility of obtaining precision results. Another factor which lim- 
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Fig. 2—lIntensity-Distribution Curve of Radioactive Sil- 
ver as Deposited on the Specimen. 








= 2 > 
> -2..o 
oe © 6 








Intensity (Counts per Five Minutes) x 10° 








0.10 0.20 030 040 0.50 0.60 0.70 
Distance Squared (!nches) 


Fig. 3—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Annealing for 2 Hours at 200 °C. 
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Fig. 4—Intensity-Distribution Curve of Radioactive Sil- > 
ver on the Specimen after Heating for 1 Hour at 225 °C. 
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Fig. 5—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Heating for 2 Hours at 225 °C. 
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; Fig. 6—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Heating for 1 Hour at 250 °C. 
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Fig. 7—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Heating for 2 Hours at 250 °C. 
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Fig. 8—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Heating for 1 Hour at 350 °C. 
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Fig. 9—Intensity-Distribution Curve of Radioactive Sil- 
ver on the Specimen after Heating for 2 Hours at 350 °C. 
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Fig. 10—Diffusivity Values at Various Temperatures 
Plotted Against Reciprocal of Absolute Temperature. 


ited the accuracy of the activation energy determination was the 
possibility that the deposited silver had not attained a continuous 
film after the first annealing treatment for 2 hours at 200 °C 
(390 °F). The diffusivity values at 225°C (440 °F) appear to be 
too high, possibly for the reason stated above. Very probably the 
line in Fig. 10 should have a slightly greater slope and the activation 
energy should be somewhat greater than 10,300 calories. 


CONCLUSIONS 


1. Radioactive tracers can be used for measuring the self- 
surface-diffusion of silver. The method employed is undoubtedly 
applicable to studies of surface diffusion of unlike metals such as 
silver on gold, etc. 

2. The diffusivity values for self-surface-diffusion of silver are 
0.018 cm?/hr at 225 °C, 0.030 cm?/hr at 250°C, and 0.147 cm?/hr 
at 350 °C. 

3. The activation energy for the self-surface-diffusion of silver 
is approximately 10,300 calories per gram atomic weight. | 
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A NEW THEORY FOR THE SOLID STATE 
By Cart A. ZAPFFE 


Abstract 


A new theory for the physical constitution of matter 
is presented which, so far as the solid state is concerned, 
can be summarized as follows: 

The solid state in general, and the solid state for 
metals in particular, is a condition of aggregation of 
subcrystalline units of colloidal dimensions, tenta- 
ively termed micelles, originating or existing within 
the previous liquid or gaseous state and carrying 
aspects of their definition and separateness into the 
solid state as an inherently discontinuous structure on 
a colloidal scale. All mechanical phenomena, such as 
plasticity and cleavage, and all physical phenomena, 
such as optical, electrical, and magnetic properties, 
then depend upon and/or involve the intermicellar 
surfaces; and chemical phenomena, such as trans- 
formations and precipitations, nucleate within or 
develop with respect to this inherited internal surface. 


VER a period of eleven years the author has gradually devel- 

oped a concept intended to incorporate and in turn to explain 
the vast evidence from virtually all branches of the physical sciences 
that matter behaves nonideally in all three states: the two fluid states 
developing anomalies which indicate internal clustering or isocolloid- 
ism, and the solid state exhibiting a similar architecture, particularly 
noticeable from the standpoint of the resulting internal surfaces of the 
clusters which constitute physical imperfections of the greatest prac- 
tical and theoretical importance. 

No single encompassing proof is known to exist for the theory 
here presented, unless it lies in the strongly convincing cleavage pat- 
terns observed in fractography. Instead, the concept is rather the 
integrated result of an extensive review of nonideal behavior in many 
helds ; and an extended re-examination of many separate aspects will 
therefore be required before the theory can be satisfactorily tested. 
Here it is proposed to present only a preliminary announcement 


_ A paper presented before the Sixth Western Metal Congress and Exposi- 
tion held in Los Angeles, April 11 to 15, 1949. The author, Carl A. Zapffe, 
is consulting metallurgist, Baltimore. Manuscript received January 31, 1949. 
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of the general theory, paying attention to its history with respect to 
similar previous theories, and pointing out its particularly novel 
aspects. 

A great amount of theoretical and experimental evidence which 
has served as the basis for the formulation of the theory is in the 
author’s hands, and this will be presented in sequel communications. 


DEVELOPMENT OF THE THEORY 


In 1938, C. E. Sims and the writer initiated a series of researches 
at Battelle Memorial Institute on the nature of gases in metals— 
particularly those systems involving extremely high vapor pressures, 
exemplified by hydrogen in iron. 

Characteristics of these systems soon displayed themselves, 
which led convincingly to the generally accepted belief that hydrogen 
enters the metal as hydrogen atoms having a direct Henry’s Law 
relationship with the surfacial fugacity of atomic hydrogen; but that 
the condition of this absorbed constituent then rapidly reverts to a 
probably molecular gaseous form at microscopic discontinuities within 
the lattice. Also, the thermodynamics of the equilibrium between 
molecular H, and its dissociated phase, atomic H, within the metal 
were found to stipulate that extremely high pressures of this en- 
trapped gas are readily attained. 

Earlier investigators, notably at the Kaiser Wilhelm Institut 
fiir Eisenforschung (1),' had demonstrated this pressure function 
and its remarkable relationships to certain defects in steel. Never- 
theless, while they noted the role of pressure in the macroscopic blis- 
tering phenomenon, they failed to reveal the more subtle nature of 
the residence of the gas within the grain itself, and therefore left the 
important embrittlement phenomenon virtually unexplained. 

On the other hand, Smith and Derge (2) in a brilliant paper 
in 1934 located the intragranular residence of the gas in palladium 
in what they called “lacunal occlusion” along crystallographic planes. 
But these investigators made no attempt to explore the extraordinary 
pressure relationships just mentioned by which such entrapped gas 
in iron, for example, can attain compression exceeding the strength 
of the strongest steel, thereby embrittling it through internal triaxial 
stresses which arrest the slip movements responsible for ductility. 

Shortly before World War II, these two aspects of pressure 
and intragranular occlusion were unified by the writer in collabora- 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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tion with C. E. Sims to provide a new theory for hydrogen embrittle- 
ment (3), the “lacunae” being identified with the disjunctions 
between the subcrystalline blocks postulated by the much-argued 
‘mosaic theory”. 

Next, the writer applied the microscope directly to the nascent 
cleavage surfaces of hydrogen-embrittled metal to find what evidence 
of intermosaic occlusion there might be on the cleavage facets. The 
result, described in a paper written in collaboration with G. A. Moore 
(4), was twofold: (a) an immediate verification of the “planar- 
pressure theory” for hydrogen embrittlement, as it is now called (5) ; 
and (b) the development of a new micrographic technique, now 
known as “fractography” (6). 

An indirect result was the development of a new theory for the 
solid state, based upon (a) the remarkable information found on the 
cleavage facets observed in fractography, (b) the characteristic be- 
havior of certain gases in metals, and (c) an exhaustive survey of 
hundreds of works by other investigators dealing directly or indi- 
rectly with various evidences of intracrystalline imperfection struc- 
ture—nearly all of whose observations are consistent with, and in 
turn become explained by, the concept here presented. 

Finally, because fractographic observations, among other evi- 
dences, clearly indicate that the substructure of the solid state derives 
from the liquid (or gaseous) state (6), the postulate was extended 
to include a general condition obtaining in all states of matter. While 
theoretical reasoning can and will be supplied in support of such 
extension, the derivation so far is a posteriori, based upon the 
observations just indicated. 


TWELVE PRINCIPAL POINTS OF THE GENERAL THEORY 


In brief topical outline of its principal aspects, the following 
twelve definitions summarize the general theory, from the particular 
standpoint of the solid inorganic state: 

I. That a universal condition of aggregation of atoms (or 
molecules) obtains within the liquid and/or gaseous states, 
probably at all temperatures, but certainly in a range just pre- 
vious to solidification, this condition, because of its occurrence 
within an otherwise homogeneous constitution, being tentatively 
referred to as isocolloidal, and the aggregates as micelles ; 

II. That the size of the individual micelle in the fluid state 
at any given temperature, other factors constant, approaches a 
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preferred dimension expressing a balance among forces broadly 
represented as associative valence forces, dissociative thermal 
forces, and surface energy ; 

Ill. That the shape of the individual micelle is a preferred 
crystal form for its system, having a high internal perfection 
modified externally by curvatures expressing the action of sur- 
face tensile forces, and perhaps further modified by adsorbed 
fractions of extrinsic phases in multicomponent systems ; 

IV. That solidification has the nature of gelation, or 
agglomeration, of these micellar units—as opposed to the molec- 
ular concept of solidification—accordingly causing the solid 
state to inherit a virtually permanent and discrete substructure 
discontinuous on a scale of colloidal dimensions ; 

V. That the approximate matching with regard to crystal- 
lographic orientation of the micelles during solidification pro- 
vides the gross structure known as the lineage, dendrite, grain, 
or crystal ; 

VI. That the mismatching of the micelles during solidifi- 
cation provides the imperfection structure of the crystal which 
has attracted so much attention and so little agreement in dis- 
cussions on the solid state; 

VII. That this imperfection structure of the solid state 
therefore constitutes a universal and as yet unavoidable feature 
of all crystals larger than the unit micelle, such that the best 
precautions now known for crystal growth can effect no more 
than an improved matching of the micellar individuals ; 

VIII. That imperfections in the solid state are accordingly 
of three general classifications : 

(a) intermicellar, which concern the fundamental 
fine-scale disjunctions between individual micellar faces, 

(b) interlineage, which express the integrated inter- 
micellar disjunctions occurring between two separately 
nucleated but commonly oriented aggregates or “lineages’’, 
and 

(c) intergranular, which relate to the surfaces of 
separately nucleated and separately oriented lineages or 
clusters of lineages (“grain” or “crystal’’) ; 


IX. That the intramicellar forces are those primary molec- 
ular or valence forces which relate to the fundamental cohesive 
energy of the atoms in the perfect lattice structure, and upon 
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which the so-called theoretical calculations of “ideal” crystal 
strength are based ; 

X. That the intermicellar forces are principally secondary 
or adsorptive forces of markedly lesser magnitude, which deter- 
mine the massive strength or cohesion of the “real’’ crystal and 
thereby explain the great discrepancy so characteristically noted 
between “real’’ and “ideal” crystals ; 

XI. That the fundamental disjunction, the intermicellar 
adsorption face, upon which the entire imperfection structure of 
the solid state is thus based, involves a break in the regular 
lattice, not as vacant lattice sites predicated by most contem- 
porary “dislocation’”’ theories, but as a discrete and a highly 
persisting boundary for those micellar units from which it 
originates ; 

XII. That these intermicellar boundaries provide (a) 
“slip planes” for plastic deformation, whose minimum spacing 
is the unit micellar thickness, (b) cleavage surfaces, whose pat- 
tern is the fractograph, and (c) a universal presence of “inter- 
nal surface’ upon which all subsequent chemical and physical 
effects and constitutional changes must therefore be predicated. 


DIscuSSION OF NovEL ASPECTS 


Previous Similar Concepts 


Because of the terminology in Point I, this theory can be termed 
an “isocolloidal” or a “micellar” theory. 

As with all “new” theories, sufficient study of published work 
will usually disclose that the principal features have been anticipated, 
though perhaps not generally accepted. An exhaustive review of 
more than a thousand publications in the field has shown this to be 
true in the present case. 

While such a review is not to be included in this preliminary 
announcement, a few of the principal references are required to place 
credits where they are due, to sketch the general present status of 
published thought in the field, and to clarify the particular contribu- 
tions of the present theory. 

Among the earliest crystallographers, solids were commonly 
believed to be composites of microscopic crystalline units (7); and 
Poisson is even stated to have anticipated the micellar concept of the 
liquid state as early as 1832. 

At the turn of this century, P. P. von Weimarn was culminating 
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what appears to have been a lifelong effort to establish a universal 
colloidal concept for matter essentially as given here (8). As for 
the term “isocolloid”, it was introduced by Ostwald in his classic 
work to represent colloidal aggregation within a chemically homo- 
geneous phase; and in the period 1919-1922, J. Alexander even 
proposed an isocolloidal concept for the solid metallic state (9). 
Zsigmondy’s work with the ultramicroscope at the beginning of this 
century strongly confirmed broad colloidal concepts and led to Traube 
and others postulating “submicrons” in solid crystalline structures 
on the basis of observing the dissolving of a crystal to proceed in 
stepwise loosening of ultramicroscopic crystallites which sped into 
the liquid in Brownian movement and then dissolved (10). Kohl- 
schttter’s “somatoid”’ structure is a similar concept (11), as is Old- 
ham and Ubbelohde’s superstructure of looseness (12). For the past 
decade Klyatchko has described a “micellar hypothesis” closely 
resembling the one here given (13). | 

As for the liquid state, isocolloidism is so persistently observed 
that “micelles” are established fundamental structures in certain areas 
of chemistry. While this is true principally for complex molecules, 
it has not been disproved for other systems; and fractography pro- 
vides specific evidence (6) that the substructure of the solid state, 
particularly elemental metals, constitutes a “frozen record” of micellar 
structure existing in the liquid, at least in the region of the critical 
point. A principal burden of the present theory will be to expand 
such observations into a generalized micellar function acting through- 
out solid, liquid, and gaseous states. Stewart (14) in 1927 proposed 
a broadened concept known as “cybotaxis”’ for the liquid state, which 
Yoshida (15) further expanded in 1941 much along present lines. 
And Winter (16) has recently postulated a closely similar macro- 
molecular structure for liquids, which strongly indicates an ultimate 
fulfillment of the general theory here given. 

In the gaseous state, marked evidence for aggregation or “clus- 
tering” has existed since the first deviation was noted from the per- 
fect gas law; but no one outside of von Weimarn, so far as the writer 
knows, has attempted to relate it to continuing imperfection phenom- 
ena in both the liquid and solid states. The present theory is believed 
to require a universality extending as well into the gaseous state for 
theoretical reasons later to be developed, and because of experiments 
such as those of Straumanis (17) and Volmer (18) which prove 
that crystal growth from the gas phase similarly proceeds by a step- 
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wise discontinuous accretion of crystallites, not molecules. The 
validity of the position also seems strongly indicated by the recent 
mathematical elaboration by Band (19) of Ursell’s and Mayer’s 


theories for condensing systems and dissociating assemblies contain- 
ing one component. 


Molecular Versus Micellar Hypotheses 


In opposition to expositions of broad micellar hypotheses is the 
molecular concept, of course, which still maintains general acceptance. 
Einstein’s (20) paper in 1911 on a mathematical analysis of the 
phenomenon of opalescence in liquids near the critical point exempli- 
fies the classical reasoning. Based on a paper by Smoluchowski in 
1908, Einstein’s analysis proceeds with Boltzmann’s entropy-proba- 
bility principle and the assumption that in the course of an infinite 
period of time an isolated system will assume all forms consistent with 
its state of energy; and an irregularity in thermal movements is then 
used to derive a continuing condition of fluctuating densities that 
provides aggregates, but aggregates which are only instantaneous 
and have no physical significance. 

Admitting the validity of such an analysis for a theoretical fluid, 
the present theory simply states the belief that aggregates of the 
calculated dimensions are already present as discrete and persisting 
entities in actual fluids, and that observations of opalescence expect- 
edly follow, as do many other phenomena of similar class throughout 
the solid, liquid, and gaseous states. 

As for the solid state, postulates of micellar structure have par- 
ticularly failed to displace the classical molecular theory. One reads 
among the discussions of Alexander’s paper on isocolloidal theory 
(9) the following opinion which more or less holds today : 


“It seems a pity to bring up an analogy between alloys and 
jellies .... It may be advisable some day to discuss jellies with 
reference to alloys, but it is certainly a step backwards to dis- 
cuss alloys with reference to jellies.” ( !) 


Yet, this is exactly what the present theory purports to do. The 
long arguments on the nature of the solid state have increasingly 
multiplied the proof for a consistent imperfection structure within the 
crystal, yet they have failed to derive a satisfactory genesis or an 
acceptable logic for such a structure. Darwin (21) proclaimed a 
“mosaic” structure on mathematical grounds immediately following 
von Laue’s discovery of X-ray diffraction in 1912; and Griffith (22), 
Smekal (23), Zwicky (24), Buerger (25), and literally hundreds of 
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others have written more or less boldly on imperfection structure in 
the solid state, some extending their theories to an origin in the liquid 
state, but most thinking in terms of misgrowth from impurities and 
shrinkage stresses, and none proclaiming a systematic isocolloidal or 
micellar principle other than those noted earlier. 

Because of the pronounced vagueness of modern writers when 
they touch on their concept of the mosaic structure, the reality of 
which all are now coming to admit, one might even object that the 
present theory can be found in other works and is not new. New or 
not, it is certainly far from the popular concept; and it will revolu- 
tionize virtually all present considerations of the solid state if and 
when accepted. Seitz (26) serves as a reliable judge of contemporary 
thought when in his book published in 1943 he accepts the theory 
that “growth accidents” account for the imperfection structure, and 
states that perfect crystals could perhaps be grown with sufficient 
care. 

Referring to Points IV, VII, and XI, among others, one will 
quickly perceive the marked departure of the present theory from the 
one given by Seitz, for the micellar structure is claimed to be sys- 
temic and universal, not accidental, such that the greatest care exer- 
cised with present known techniques would only achieve improved 
micellar alignment without destruction of the micellar entity. Science 
does not yet know how to grow the perfect lattice to dimensions larger 
than those of the unit micelle. When and if that secret is found, 
there should result materials of construction whose strength derives 
from such a higher order of forces than utilized at present that tensile 
values in the millions of pounds per square inch should be a com- 
monplace. 


Intermicellar Versus Intramicellar Forces 


While the micellar theory takes principal refuge in an a posteriori 
position based upon experimental observations which strongly indi- 
cate that the condition it postulates exists, Points IX and X precipi- 
tate a crucial issue in thermodynamic theory. A cause for a sub- 
divided constitution in the solid state has long been sought on thermo- 
dynamic grounds, particularly by Zwicky (24) in behalf of a “mosaic” 
structure. But all attempts so far have failed. 

However, the author believes the justification to lie within the 
classical framework of Gibbsian thermodynamics, through the exten- 
sion of the three-dimensional f(P,T,X) theory into higher dimen- 
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sions, incorporating at least the factor for surface energy. A finely 
divided system, such as that postulated, requires treatment as a func- 
tion whose minimum factors are {(P,T,X o). 

Since surface tension is a function of micelle size and shape, the 
factor o becomes a variable in the range under consideration; and an 
equilibrium therefore becomes possible, as stated in Point II, among 
(a) associative molecular or valence forces, (b) dissociative thermal 
forces, and (c) surface energy. This would seem to stipulate that 
thermal dissociation is essentially a matter of peripheral competition 
between thermal energy and micellar surface energy, rather than 
between thermal energy and latticular or valence energy—in other 
words, a matter of adsorption and desorption with reference to the 
micelle surfaces, the physical structure of the micelle being deter- 
mined by the balance. 

If this is true, then the melting temperature becomes that tem- 
perature above which the disruptive thermal forces exceed the adsorp- 
tive forces at micellar surfaces; and the phenomenon of melting 
becomes the loosening of intermicellar bonds and the freeing of the 
unit structures, these then carrying on without common orientation 
or enduring attachments in the so-called liquid state to express them- 
selves in phenomena of viscosity, X-ray diffraction, and so forth, 
and to obey the indicated thermodynamic laws for change of size, 
shape, and composition with further increase in temperature. The 
heat of fusion becomes a measure of the intermicellar adsorption 
energy at the temperature of melting; and there is then provided a 
significant comparison between the separate magnitudes of (a) heats 
of fusion and heats of molecular dissociation on the one hand, and of 
(b) measured and calculated crystal strengths on the other—a com- 
parison which suggests an immediate and a simple answer for some 
of the most puzzling phenomena in the solid state. 

First and foremost, the vast difference, roughly in the order of 
100 to 1, between calculated and measured crystal strengths is in 
accord with the similar difference between heats of fusion and heats 
of dissociation just noted; and the present theory proposes that the 
common calculation of crystal strength is not wrongly made, but is 
wrongly applied, the hundred-fold discrepancy following logically 
from the attempt to calculate gross cohesion on the basis of intra- 
micellar cohesion. For the micelle, the strength derived on the basis 
of known molecular cohesion is the true strength; but for aggrega- 
tions of micelles, the far weaker intermicellar forces must provide 
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the basis for the calculation. It is common knowledge in metallurgy, 
for example, that both plastic and elastic phenomena involve surface 
movements of blocklike units, and that the atoms within the block 
are virtually unaffected by the deformation. Such observations, 
among many others, confirm the different orders of forces postulated 
and the separate categories of intermicellar and intramicellar activity. 

Sequel communications shall pursue in more detail the many 
separate aspects of the micellar theory. 
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HIGH TEMPERATURE PROPERTIES OF THE 
REFRACTORY METALS 


By Eart R. PARKER 


Abstract 


There are 14 metals having melting points above 
3200 °F, including five of the precious metals. The melt- 
ing points, densities and known room temperature me- 
chanical properties have been tabulated for these metals 
along with the corresponding properties for tron and 
nickel for comparison. Little work has been done to de- 
termine the high temperature properties of the refractory 
metals, and most of the results are either incomplete or as 
yet unpublished. Data presented in this paper have been 
collected from the literature and from private sources. 


This survey presents the general state of knowledge in 
this field. 


HE refractory metals are commonly thought of as those having 

high melting points. Such metals have many practical uses 
and are of great interest to metallurgists and engineers. The origi- 
nal stimulus which led to a study of the high temperature properties 
of the refractory metals was provided by the incandescent lamp devel- 
opment. High efficiency in an incandescent lamp depends upon the 
heating of the filament to a high temperature. The best metal for 
this use was, of course, the one with the highest melting point— 
tungsten. For a long time, however, it was not possible to obtain 
wires of this normally brittle metal, and consequently the properties 
of other refractory metals, particularly molybdenum, tantalum and 
osmium, were studied. 

When the successful research of Dr. Coolidge resulted in the 
development of ductile tungsten, it was no longer considered neces- 
sary to study the properties of the other potential lamp filament 
materials. For several decades thereafter, little general attention 
was paid to the refractory metals. Over the decades the precious 
metals (obtained as by-products of other metal extraction processes) 
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Table I 
Known Free Energies and Heats of Formation of the Refractory Metal Oxides (1, 2) 
Oxide AF ogg AHogs 
1%Cr2O3 — 83.5 — 90.0 
¥s ChsOs — 86.0 — 92.5 
wl ican ache — 25.0 
14 MoO. — 53.0 — 59.0 
%OsO, eevee — 23.4 
Re fe es Coe — 27'5 
is — 21.0 
yy uO. eeces — 26.2 
¥sTaoOs — 94.0 —100.0 
4ThO. —148.0 —155.0 
%wWO; — 59.0 — 65.0 
¥%TiO —106.0 —112.5 
¥%ZrO —122.5 —129.5 


became increasingly important for special applications. But exten- 
sive use of these metals has been restricted by their rarity and high 
cost. Except for tungsten, molybdenum and chromium, the non- 
precious refractory metals were for many years more or less labora- 
tory oddities. The high free energies of formation of their oxides, 
as shown in Table I (1, 2),' reflect the reluctance of the nonprecious 
refractory metals to part company with oxygen. Attempts to reduce 
their oxides with carbon merely result in the formation of hard, brit- 
tle carbides. Many of these elements form stable oxides, nitrides, 
carbides and even fairly stable hydrides. The reactiveness of these 
elements has greatly retarded their industrial use, but the dawn of a 
new era in their production and utilization seems to be at hand. 
Perhaps the outstanding recent development in this field is the pro- 
duction of high-purity titanium by a process recently developed by 
the U. S. Bureau of Mines. Titanium is thought by many to be 
relatively rare. It is rather rare in metallic form, but is surprisingly 
abundant in fairly high grade ores located in many places throughout 
the world. It has been reported to be 20 times more abundant than 
all the copper, nickel, zinc, tin, lead and molybdenum combined. 
Several articles have been published recently about the production 
and properties of this metal (3, 4,5). It is unfortunate that titanium 
oxidizes rapidly in air at elevated temperatures; it is extremely 
reactive, being the only element which will burn in nitrogen. 

Typical room temperature tensile properties of annealed, rela- 
tively pure refractory metals are given in Table II. The values for 
iron and nickel are also given to facilitate comparisons. These data 
were collected from numerous sources and represent the results of a 
reasonably complete but not exhaustive survey. The most striking 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table Il 
Properties of Annealed Metals at 70°F 
Crystal Modulus’ Tens. Yield Red. 
Struc- Melting Density, X10 Str., Str., Elon. Area 
Element ture Point, °F Ib./cu.in. psi psi psi % % 
lron bee 2803 + 5 0.284 29 40,000 20,000 45 75 
Nickel fcc 2651+ 2 0.322 30 65,000 20,000 45 70 
Chromium bee 3430 + 20 0.260 36 1 ee ee a ee 
Columbium bee 4380 + 30 0.310 Pe eS eo 30 
Iridium fcc 4449 + 5 0.813 ca cea. Yaea an me yA 
Molybdenum bec 4760 + 90 0.369 50 74,000 50,000 55 56 
Osmium cph 4900 + 350 0.813 ey aechelas >” hae aot és oa 
Platinum fee 3224+ 2 0.775 21 PR? cacsct ‘a 
Protactinium cite 5400 (?) ee ic. - adage 52a e en sot 
Rhenium cph 5740 + 110 0.720 ett) ceded: t (weeds ry 
Rhodium fcc 3571+ 5 0.449 42 Ae a 
Ruthenium cph 4500 + 180 0.441 a a ee 5 ir 
Tantalum bee 5425+ 90 0.600 27 Ge) ke wiws 40 on 
Technetium er 4900 (7) od cr Og eA etn GB Sa Oat : 
Thorium fcc 3300 + 270 0.415 Peer os eae ee : 
Titanium cph 3300 + 180 0.164 16 80,000 72,000 25 55 
Tungsten bee 6170 + 35 0.697 50 7G. lens ees <1 —s 
Zirconium cph 3200 + 1300 =: 00.23 ‘ 31 


0 11 36,000 16,000 








fact revealed by Table II is the dearth of information about even 
the room temperature mechanical properties of these metals. As 
can be well imagined, the knowledge of their high temperature prop- 
erties is meager indeed. 

The use of alloys of the refractory precious metals for applica- 
tions such as gas turbine buckets is precluded by their high cost and 
rarity. There are, however, some interesting alloys of these metals, 
some of which might have excellent properties at elevated tempera- . 
tures. An alloy of osmium and platinum is so hard and resistant to 
wear and corrosion that it is extensively used for tipping fountain 
pen points. The refractory precious metals have high densities, which 
is another objectionable engineering feature of this group of metals. 
It is of interest to note in passing that osmium and iridium are the 
two most dense elements. | 

Tungsten and molybdenum are the two best known of the non- 
precious refractory metals. They are readily available in sintered 
or wrought forms. They are fairly abundant and are relatively cheap. 
They do, however, have certain undesirable characteristics which 
greatly limit their utility. Both metals are brittle at subnormal 
temperatures, failing by cleavage when deformed. At room tempera- 
ture and above, wrought molybdenum is very ductile and can be 
readily formed. Annealed tungsten, on the other hand, is extremely 
brittle at room temperature ; pieces dropped on a concrete floor often 
break as a result of the fall. Above a few hundred degrees Centi- 
grade, however, tungsten becomes ductile and can be readily deformed 
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Table Ill 


Tensile Stress Required to Produce 0.5% Per Hour Minimum Creep Rate 
for Arc-Cast Molybdenum (6) 


Temperature, °F Stress, psi 
1800 17000 
2200 8000 
2600 5000 


3000 2000 





without danger of brittle fracture. Perhaps the greatest source of 
trouble encountered in the use of these two metals at elevated tem- 
peratures is their lack of resistance to oxidation. Wires of tungsten 
or molybdenum heated white hot in air are completely converted to 
oxides within a few minutes. Because of this unfortunate character- 
istic, it is not possible to obtain high temperature creep, rupture, or 
even accurate short-time tensile data for these metals in conventional 
equipment. Creep and rupture tests on these elements must conse- 
quently be made in an inert atmosphere. Very few tests of this 
type have ever been made and apparently none have as yet been 
published. Through the kindness of G. R. Graham, C. E. Swartz (6) 
and G. R. Tatum of the Kellex Corporation, the qualitative data 
shown in Table III were provided for this paper. Some stress- 
rupture data on a ceramic material are also of interest (7). These 
data, shown in Table IV, indicate the growing interest in the high 
temperature properties of ceramic materials. The short-time tensile 
properties of tungsten and molybdenum are well known for a wide 
range of temperatures. These values are shown in Fig. 1, along 
with the corresponding values for iron and titanium. The strength 
of a ceramic material has also been included for comparison (8). 


Table IV 
Stress-Rupture Tests on Sillimanite Refractory (9) 


Time to Rupture, 


Temperature, °F Stress, psi Hours 

1800 9400 0.42 
8500 1.17 
6700 19.1 

1600 9600 99.2 
8600 772.0 

1400 6750 522* 
7700 242* 
8650 212* 
9600 251 





*Specimen did not fail under these stress conditions. Stress increased to next higher 
increment. 
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There have been several investigations made to determine the 
feasibility of coating or alloying tungsten and molybdenum to elimi- 
nate progressive oxidation. The results of most of these studies 
have as yet not been released for publication. The author has made 
some experiments with nonmetallic coatings and found that it is 
possible to reduce greatly the rate of oxidation of these metals by such 
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Fig. 1—Tensile Strength and Elongation of An- 
nealed Tungsten, Molybdenum, Titanium, Iron, Tanta- 
lum, Zirconium and Hot-Rolled Molybdenum at Ele- 
vated Temperatures. 


coatings. A great deal of work would have to be done, however, 
before such coatings could be considered practicable. Alloys of 
ungsten or molybdenum and chromium have been made which have 
good oxidation resistance, but unfortunately such alloys are extremely 
brittle. Recently (9) there has been reported a considerable improve- 
ment in strength of tungsten and molybdenum at temperatures above 
2200 °F (1205 °C) produced by coating these metals with a thin 
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protective oxide layer of silicon, aluminum or chromium. The coat- 
ings were applied by reduction of the halides of the coating metals 
at the hot surface of the tungsten or molybdenum. 

The high densities of most of the refractory metals would pre- 
clude the use of them for certain critical high temperature applica- 
tions, such as gas turbine buckets, even if the surface could be pro- 
tected from oxidation. For very high temperature applications, it is 
very likely that metals and alloys will ultimately be replaced by 
ceramic materials such as metal oxides. The strength of this type of 
material is shown in Fig. 1 for comparison. The major objections 
to the use of such materials are that they are difficult to form and 
they are brittle when cold. It is of interest to note that the identical 
objections to the use of tungsten, i.e., brittleness, existed before the 
research of Dr. Coolidge. It is not generally realized, but it is a well- 
established fact that aluminum oxide is as ductile and plastic as a 
metal when heated to within a few hundred degrees of its melting 
point. At such temperatures the objections of brittleness and diffi- 
culty of forming are of no significance. 

There is a very good possibility that future research in the 
titanium alloy field will yield new and better high temperature alloys 
even though the strength of the pure metal is low. Such research 
is slow in getting under way, however, because of the reactive nature 
of titanium. As yet there is no suitable crucible material in which 
titanium or titanium alloys can be melted. The low density of tita- 
nium makes it particularly attractive for applications where cen- 
trifugal force is responsible for stress or where weight saving is 
essential. 
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FORMABILITY OF VARIOUS ALLOYS FOR HIGH 
TEMPERATURE SERVICE 


By JoHNn F. TyRRELL 


Abstract 


The plastic flow characteristics of seventeen high 
temperature alloys (eight iron base, five nickel base, and 
four cobalt base) were studied in tensile tests, cup tests, 
drop hammer forming, and deep drawing tests, and the 
results correlated to give comparative formability ratings. 
Tensile tests at controlled strain rates and temperatures 
indicated that the mechanical equation of state was not 
applicable to the majority of the alloys tested, possibly due 
to their tnherent metastability. The tests did show, how- 
ever, that an increase in strain rate or decrease in temper- 
ature in the range studied (0 to 200°F) would increase 
the formability. In production forming tests, precooling 
the blanks to subatmospheric temperatures improved the 
forming behavior appreciably. Two interstage anneals (at 
2250 °F) could be eliminated in one instance by precool- 
ing the blank to —100 °F before each stage. 


URING the last decade, numerous alloys have been investigated 
in search of materials to meet the ever-increasing requirements 
r high strength at higher operating temperatures. In general, the 
rimary consideration used in the selection of materials has been 
ieir behavior at the contemplated temperature of service and, 
econdarily, their room temperature properties. The result has been 
hat many of the alloys showing the most desirable elevated temper- 
iture properties have such low ductility at room temperature that 
heir applications have been limited to either forged or cast sections. 
in certain aircraft components, the use of many of these alloys has 
been indicated but not generally accomplished because the weight 
requirements of the aircraft industry preclude the use of heavy 
iorgings or castings. 
This investigation was undertaken to study the forming of 
certain high temperature alloys currently available in sheet form to 
determine methods of fabricating more complex shapes than had 
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heretofore been possible. The stress-strain relationships in plastic 
flow were studied and the effect of variation in rate of deformation 
and temperature determined on the mechanical properties in con- 
trolled tensile tests. The results were then checked with forming 
behavior by production tests in drop hammer and press. 

The behavior of metallic materials below the elastic limit of 
stress can normally be predicted accurately on the basis of a small 
number of simple tests because of constant proportionality in this 
range between applied stress and resultant strain. When the elastic 
limit is exceeded, however, the proportionality between stress and 
strain is no longer constant but decreases by an exponential relation- 
ship to the point at which necking begins (1).* Beyond this point, 
the geometry of the stress system becomes extremely complex and 
the resultant strain behavior is difficult to analyze accurately. Form- 
ifig should normally be restricted to the plastic range below the point 
at which necking begins. It is apparent, therefore, that the relation- 
ship between stress and strain in this range is one of the factors 
which determines formability characteristics. 

A study of plastic behavior is further complicated by the fact 
that the relationship between stress and strain is determined not only 
by the temperature at which it occurs but also by the speed at which 
the strain develops (2). The effect of temperature on the stress- 
strain relationship over wide ranges is extremely complex because 
of such effects as tempering, recrystallization, grain growth, etc., but 
the relationship between temperature and stress has been expressed 
as a simple exponential function for a fixed strain and strain rate, 
within limits (3). Variations of strain rate, on the other hand, 
appear to affect the relationship by a simple exponential function 
over extremely wide ranges which include those strain rates normally 
encountered in cold forming processes. 

A large number of investigators have examined the relationship 
between stress and strain in the plastic state and have developed 
several equations which help to explain the difference in formability 
behavior of different alloys. From these various equations, Hollomon 
and Lubahn (4) have postulated a mechanical equation of state, 
connecting stress, strain rate, and temperature: 


T/a\cT D—ETIn—) 
S = AB (+) e ° Equation I 
0 





1The figures appearing in parentheses pertain te the references appended to this paper. 
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in which the variables are: S, stress; e, strain; T, absolute temperature; 
a, strain rate; with A, B, C, D, E, and a. being constants for the material. 


The equations from which the relationship was developed are: 


S = K(e)™; a and T constant Equation II 
S = K,i(a)"; e and T constant Equation IIT 
2 = T In = ; S and e constant Equation IV 


which are, respectively, the relationship between stress and strain 
(1), stress and strain rate (2), and strain rate and temperature (5), 
when the other variables are maintained constant. In Equation IV, 
Q is the activation energy for plastic flow, and R is the universal 
gas constant. 

If the six constants of Equation I for a particular alloy could 
be determined experimentally, it is evident that it would be possible 
to predict accurately the plastic flow behavior of that alloy under 
all conditions of temperature and strain rate for which the relation- 
ship is valid. Because of the obvious difficulties of evaluating the 
six constants experimentally, the following simple method of deter- 
mining these constants was derived by treating Equations I and II 
as identities and equating corresponding parts: 


T f/a\°t 
K = AB (=) Equation V 


ao 


log K = log A + CT log = + T log B Equation VI 





d(log K) a ; ; 

ER <a ) ( i a3 ( / 
7 log B + C log “. Equation VII 
d(log K) ct Equation VIII 

d(log a) 
ET a . : 
m= D— — log — Equation IX 
2.3026 ao 
dm —E a 


—_= log — Equation X 
dT 2.3026 do 


dm _ —ET 
d(loga) 2.3026 








Equation XI 


Equations VIII and XI indicate that the relationship between 
log strain rate arid log K and m, respectively, should be linear at 
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constant temperature and the slope should bear a direct linear 
relationship to the absolute temperature. Furthermore, it is evident 
from Equation X that for a particular value of strain rate equal to 
the constant, a,, m should become a constant independent of temper- 
ature. At a different unique value of strain rate, log K should also 
become a constant independent of the temperature, according to 
Equation VII. It is, therefore, obvious that by determining the 
values of log K and m at constant temperature for various values 
of strain rate and at several temperatures for fixed rates of strain, 
it should be possible to evaluate all constants for a particular alloy 
with a minimum amount of experimental data. Log K and m have 
been entitled stress modulus of plasticity and strain modulus of 
plasticity, respectively. 

Since the aforementioned equations are based on true stress — 
true strain relationships (1.e., true stress equals instantaneous load 
divided by instantaneous area, and true strain equals the natural 
logarithm of the original area divided by the cross sectional area), 
a method of evaluating log K and m proposed by Hollomon (6) 
was adopted because of its simplicity and elimination of the necessity 
for tedious compilation of stress-strain diagrams. In the use of this 
method it is necessary to assume that plastic flow is uniform through- 
out the gage length of the specimen up to the point of maximum 
load where “necking”, or unstable plastic flow, begins. Since the 
unstable plastic flow is restricted to a comparatively narrow region 
in the gage length of the specimen, it is evident that the cross 
sectional area outside the zone of “necking” can be measured and 
the true strain at maximum load determined. The strain rate is then 
determined by this value of strain and the time interval from appli- 
cation of load to maximum load. 

An additional advantage to this method is that the true strain 
at maximum load is numerically equal to the value of m, as shown 
in the following derivation: 


S=K(e)™ (at constant temperature and strain rate) Equation XII 
from which = = o Equation XIII 
Since L=AS (by definition ) Equation XIV 
at maximum load, dL=—d(AS) =0 


Equation XV 


AdS + SdA = 0 
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therefore— & =— oh Equation XVI 
S A 
i dA ; 
However, by definition: de = — a. Equation XVII 
3y substitution : iow = ‘ mide Equation XVIII 
from which: me (at maximum load) Equation XIX 


It has recently been shown that for systems of biaxial (7) or 
triaxial (8) stress, the value of the strain modulus, m, for a given 
material may be used as a criterion for its limiting homogeneous 
plastic deformation, modified only by the ratios of the principal 
stresses acting on the system. This would indicate that for pro- 
duction forming a particular shape in which the ratios of principal 
stresses are fixed, the value of the strain modulus for a given alloy 
would be the determining factor as to whether it could be formed 
successfully. It is evident that any method of increasing its value 
should therefore result in a corresponding increase in formability. 

Since the investigation was undertaken to determine the form- 
ability behavior of sheet materials for possible high temperature 
service applications, the alloys selected were chosen from the low, 
intermediate, and high ranges of elevated temperature for which they 
may be used, and include iron, nickel, and cobalt-base alloys. The 
known properties of these alloys have a sufficiently wide range of 
values to enable the behavior of practically all high temperature 
alloys available in sheet form to be predicted from the outcome. 

Listed below are the chosen materials whose properties in the 
as-received condition are shown in Table I: 


Iron Base Nickel Base Cobalt Base 

Type 304 Inconel S-816 

Type 316 Inconel X Haynes Stellite No. 27 
Type 317 Inconel B Vitallium 

Type 321 Nichrome V Haynes Stellite No. 31 
Type 347 Hastelloy C 

19-9DL 

S-588 

N-155 


EXPERIMENTAL PROCEDURE 


If the plastic flow behavior of the various alloys conforms to 
the relations expressed in Equation I et seq., it is evident that under 











Vol. 42 


TRANSACTIONS OF THE A. S. M. 


410 








ae er ae gE ay 
088 +1ed 
£0'T ze'19 
wor LOZ £7 EP 
ce'0 soo cov S95 = FFT. 
wee eee ors 19% ae este 
os ' $L°0 £0°0 6T'L 
. oe eee ma. ee ees 
910 wfZ O8'6Z 69°61 
eee LS’ a 
#71 ae. ene 
. eee a 9.*t*s 
. a *.2**e* 
Ted . 
ee 
ae ae oe? 
A *N IV 3 M.) 2% oD 


\eqesmeneEnEREREEne 





bre 


qo 


PLS 
4o°9 


SOP 


sv91 


ow 


——uo!zIsodwuo,y jeotmeya— -- 


wae 


*TeulWION + 

4S°8 40°8Z 4sP'0 

tLZ LZ SFO LSO 88I'O 
fogee 40°87 a, oer) 
voz =6zroz)=6ffO (OO: CO8E0 

Tea €8'FI +90 820 «710 

‘an. 4008 eS OC 
SI#L LOOT sf0 670 90°0 

ShZ SEEL OFT reo F890 00 
6-04 4"[eg 40°¢I s6- 3s ee#e “eee 
£007 S88IZ ZrO 91 80°0 

‘** PP'6r OO'ET 190 SO FO 
870 €£8 LL 6! 190 OT TO 
“> 2. aa sf'0 €Z7t 30°0 
#90 866 Of°8I zeo OF 40°00 
_ ee zs0 68't gsso'o 
rS'O] O8L4I 9F0 6I'T 900 

168 90°61 sro 090 L0°0 

LL IN Ig Is UW > 


PoOAls00y SB SAOITY JO UO;EN;BAW 
1 aqe1 


4 


rene enn a 
in OP eR oe | eRe 


£°0L Sz-SI 08 seo'o 
8°99 St-se¢ OL 9¢0°0 
8°8s S¢-Sz s"s o0£0'0 
69S St-se OL r£0'0 
LS OF-0f OL 0+0'°0 
0°OS OsT-OfT 08 1¢0°0 
6°9F St-Se #l 6£0°0 
wLS S¢-SZ os £v0'0 
8°6£ Sz-ST oe  s9E0'0 
6'¢es 08-S9 os stP0'0 
9’es S$L-S9 sl z£0°0 
vss OZ-ST 4 T¢o'o 
COP 09-0S SL a¢0'0 
6S? O£-0Z 08 ££0'0 
0°9F sb-se¢ SL st¢¢0o'o 
L’0Ob OLI-OST 09 8£0'0 
oLt S¢-Sz SL 9£0°0 
(VIP (Seqour 2921S (uy) 
-490y) “OIL julelyy asery 
ssou Sut) 
-piey ssou 
-ysnoy 
soR}INS 


"¢ = °S"5) sey JaAP] ov jIns—snosussouloyuy y 


T¢ ‘ON 31129S 
soudeyy 
UInITTeITA 
LZ ON A1129S 
souAeyy 
918-S 
asogq 11090 
2 Aoyaiseyy 
A ausoryotN 
q Jeuocouy 
X Puoouy 
Jeuoouy 
asDg 12421N 
SSI-N 
88S-S 
16-61 
LbE 
ize 
LTE 
91¢ 
roe 
aspgq Uuody 


adA 








% 
a 
44 
3 
3 
& 


RS. 


e Se a SBE. ooh 





1950 ALLOYS FOR HIGH TEMPERATURES 411 


constant temperature conditions the values of log K and m should 
vary uniformly with rate of strain. As a preliminary check on the 
validity of these assumptions, a series of Type 304 sheet specimens 
was tested at strain rates from 3 & 10°° to 2000 & 10°° per second 
at room temperature. The inconsistency found in the first few tests 
made it apparent that some variable other than strain rate was 
influencing the results. Check tests of the surface temperature of 
the samples showed that at the higher rates of strain, temperature 
increases of as much as 60 °F occurred during the test. To minimize 
this effect, specimens were enclosed in a constant temperature liquid 
bath during stress application at strain rates greater than approxi- 
mately 50 & 10° per second, under which conditions an undesirable 
temperature increase had been evident. 

The effect of strain rate at room temperature on the values of 
log K and m is shown in Figs. 1 and 2, respectively. The solid line, 
representing the results obtained under constant temperature condi- 
tions, and the dotted line representing the deviation due to tempera- 
ture increase of the specimen during testing, indicate the effectiveness 
of controlling the temperature rise of the specimen during testing. 
With controlled temperature, the uniform variation of log K and m 
with strain rate is definitely shown for this material and confirmed 
in later experiments for all materials investigated at constant con- 
trolled temperatures of 0, 100 and 200 °F, and strain rates between 
5 & 10° and 1000 & 10° per second. 

In order to maintain constant temperature conditions during 
testing, the temperature control unit shown in Fig. 3 was constructed. 
At 0°F, the temperature of the test specimen could be controlled 
within 3°F by using alcohol in the inner chamber in contact with 
the specimen and a constant temperature freezing mixture of dry 
ice, water, and ethylene glycol (Prestone) in the outer compartment. 
For control at 100°F, water was used in both sections and the 
temperature of the specimen maintained constant within 2 degrees 
with a heating element located in the outer chamber; at 200 °F, 
mineral oil was used in both sections of the controller and the 
temperature was found to be constant within 2 degrees. 

At each temperature, a series of tests, usually six, was con- 
ducted, and in general the values of the plastic moduli were found 
to increase directly with increase in strain rate by a linear relation- 
ship. Some typical curves obtained at 100°F are shown in Figs. 
4 and 5. Although the slopes of the various curves were found to 
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Fig. 1—Effect of Strain Rate on the Stress Modulus of Plasticity of 
Type 304 Sheet at Room Temperature (75 °F). Dotted line indicates the 
effect of temperature increase of specimen due to heat generated in plastic 
extension. 
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Fig. 2—Effect of Strain Rate on the Strain Modulus of Plasticity of 
Type 304 Sheet at Room Temperature (75 °F). Dotted line indicates the 
effect of temperature increase of specimen due to heat generated in plastic 
extension. 


vary with the temperature of testing, the variation was not a direct 
function of the absolute temperature as postulated in Equations VIII 
and XI. 

In order to ascertain more clearly the effect of temperature. 
points were taken at strain rates of 0.0001, 0.001 and 0.01 per second 
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Fig. 3—Temperature Control Unit Used in Constant Temperature Tensile Tests. 
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Fig. 4—Effect of Strain Rate on the Stress Modulus of Plasticity for 
Representative Alloys at 100 °F. 


from each of the isothermal curves for all materials and replotted 
as shown for the, Type 304 sheet in Figs. 6 and 7. Although it is 
apparent that strength and ductility are increased much more by a 
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Fig. 5—Effect of Strain Rate on the Strain Modulus of Plasticity for 
Representative Alloys at 100 °F. 
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Fig. 6—Effect of Temperature and Strain Rate on the Stress Modulus 
of Type 304 Sheet. 


decrease in temperature than by an increase in strain rate, the 
variation is complex and indicates that an additional variable not 
previously considered has an important influence on plastic behavior. 


An attempt was made to determine whether the experimental 


error was sufficiently large to cause the erratic results by minimizing 
its effect through statistical analyses, the results of which are shown 
in Figs. 8 to 15. For these analyses, the values of log K and m 
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Fig. 7—Effect of Temperature and Strain Rate on the Strain Modulus 
of Type 304 Sheet. 
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Fig. 8—Effect of Strain Rate and Temperature on the Stress 
Moduli for All Alloys Studied. 


obtained at 100°F and a strain rate of 0.001 per second were 
adopted as unity and the percentage change with change in temper- 
ature and strain rate used as the variable. In Figs. 8 and 9, which 
summarize the data.on all the alloys, it is apparent that the standard 
deviation, although appreciable, as indicated by the cross-hatched 
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Fig. 9—Effect of Strain Rate and Temperature on the Strain 
Moduli” il All Alloys Studied. 
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Fig. 10—Effect of Strain Rate and Temperature on the Stress 
Moduli of the Iron-Base Alloys. 
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is not sufficient in itself to explain the erratic effect of 
temperature. 


The results were broken down further to separate the effects 
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Fig. 11—Effect of Strain Rate and Temperature on the Strain 
Moduli of the lron-Base Alloys. 
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Fig. 12—Effect of Strain Rate and Temperature on the Stress 
Moduli of the Nickel-Base Alloys. 


of composition on the response to change of temperature and strain 
rate and it was found that the behavior of the nickel-base alloys 
(Figs. 12 and 13) alone followed a pattern that was within reason- 
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Fig. 13—Effect of Strain Rate and Temperature on the Strain 
Moduli of the Nickel-Base Alloys. 
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Fig. 14—Effect of Strain Rate and Temperature on the Stress 
Moduli of the Cobalt-Base Alloys. 


able agreement with the original basic relation expressed in Equation 
I. The data on the iron and cobalt-base alloys show that these 
materials are influenced by a common variable, not acting on the 
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Fig. 15—Effect of Strain Rate and Temperature on the Strain 
Moduli of the Cobalt-Base Alloys. 
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Fig. 16—Relationship Between the Strain Modulus of Plas- 
ticity and Conventional Elongation at 100 °F. 


nickel alloys, that prevents them from following the ideal behavior 
postulated in the mechanical equation of state (Figs. 10, 11, 14 
and 15). 

One possible variable not previously considered is that the face- 
centered cubic structure found in the iron (9) and cobalt-base (10) 
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materials is metastable for many of the alloys used in this investi- 
gation, whereas it is the stable structure of the nickel-base alloys. 
Since the energy associated with deformation of the metastable alloys 
will be sufficient to cause partial transformation to the stable crystal- 
line structure, the plastic properties of the alloys will depend in part 
on the amount of transformation occurring during plastic flow. This 
variable is primarily a function of chemical composition, but since 
stress, strain, strain rate and temperature also affect the transfor- 
mation, it is probable that the original postulation may be modified 
to include a metastability factor. 

Although the results of the tensile tests could not be used to 
evaluate the unknown constants of the basic equation, they do 
indicate that, in general, an increase in formability may be obtained 
with increase in strain rate and an even more pronounced increase 
will result from a decrease in temperature of the material being 
tested. 

The value of m, variously called the strain or work hardening 
exponent, or the strain modulus of plasticity, is not normally meas- 
ured in production testing, although it apparently is a much more 
accurate index of formability (7, 8) than the per cent elongation in 
2 inches normally recorded. In Fig. 16 is shown the relationship 
between m and conventional elongation as measured for all specimens 
tested at 100 °F. 

In certain types of forming operations in which the region 
affected is small, e.g., bends, the local elongations found close to 
fracture in the necked-down area of a tensile specimen are often a 
more accurate indication of permissible deformation than either the 
average total elongation or the maximum homogeneous §strain. 
Because of its significance, measurements of the local elongation 
were made on tensile test specimens to determine its variation with 
chemical composition, temperature of testing and rate of deformation. 

Prior to testing, the tensile specimens were gridded with lines 
0.05 inch apart which effectively divided the 2-inch gage length 
into forty equal, fine gages. The grid was applied to the specimens 
by a photographic process using Kodak Transfax solution. After 
fracture, the elongation between adjacent lines was measured and 
compared with the total elongation. The accuracy of measurement 
was increased by projecting the image of the fractured specimen on 
a screen and measuring the elongated grid at approximately ten 
diameters magnification. In Fig. 17 is shown one of the fractured 
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Fig. 17—Fractured Tensile Specimen Illustrating the Method of Numbering Grids 
for Incremental Elongation Measurements. 
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Fig. 18—Local Elongation in 0.05-Inch Grids of Tensile Coupons 
Tested at Controlled Constant Temperature. 


specimens illustrating the method of numbering the grids. Note that 
the grid in which fracture occurred is not numbered and, because 
of the obvious difficulty, no attempt was made to evaluate its 
elongation. 

For a preliminary study of the incremental elongation behavior, 
86 tensile specimens representing each of the basic compositions, 
testing temperatures and rates of strain were examined. The alloys 
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studied include two iron-base (Type 321 and Type 347), two nickel- 
base (Inconel X and Hastelloy C) and two cobalt-base alloys (S-816 
and Vitallium). The average of all results is shown in Fig. 18, in 
which it can be seen that the incremental elongation remains essen- 
tially constant to within approximately a quarter inch of fracture and 
that the maximum value which occurs in the grid adjacent to fracture 
is only 6 to 7% greater than the average total elongation. 

The data were analyzed further to separate the effects of com- 
position, temperature, and strain rate, and it became apparent that 
none of these variables cause any significant difference in the behav- 
ior of the incremental elongation, so that no further measurements 
appeared to be necessary. These findings would indicate that deter- 
mination of the effects of composition, temperature, and strain rate 
on the plastic deformation of large sections could be applied with 
reasonable accuracy to sections whose deformation is confined to a 
small region. 

In addition to tensile testing, a common method of qualitatively 
evaluating the forming properties of a sheet material is the cup test. 
Essentially, the only equipment necessary for such a test is a clamp- 
ing system to hold the test specimen, a plunger to form the cup, and 
methods of indicating the end point and cup depth. Of the various 
types of test equipment, the Erichsen and Olsen machines are per- 
haps the most commonly used in the United States, and both have 
the disadvantage of giving results which depend in part upon the 
technique of the operator, because of manual control of speed of 
loading, clamping pressure, etc. For this investigation a Model 
PA-2 Ductility Testing Machine (Steel City Testing Laboratory, 
Detroit) was used which eliminates much of the operator variable 
by the use of a hydraulic pressure system to grip the specimen and 
form the cup. The end point is determined by the maximum load 
on the hydraulic pressure indicator. This tester has the additional 
advantages in that the rate of straining may be varied or held con- 
stant and that complete load-cup depth diagrams may be obtained. 

Since the instantaneous strain on any point.on the cup depends 
upon both the thickness and distance from center of loading, it 
seemed that the most logical correlation of cup test data with tensile 
test data could be obtained by comparing the reduction of thickness 
at the apex of the cup to the value of m obtained under equivalent 
conditions in the tensile test. A linear relation between the two 
was found; however, the variation of cup test strain was small in 
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Fig. 19—Relation Between Strain Modulus of Plasticity and Cup 
Depth at Maximum Load in Cup Tester at 100 °F. 
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Fig. 20—Effect of Strain Rate on Cup Test Ductility at 100 °F 
for Representative Alloys. 
comparison to the strain variation found in tensile testing, and the 
large experimental error possible in measurements of sheet thickness 
appeared to preclude the use of this method of correlation. If, how- 
ever,. the cup depth at maximum load is plotted against the strain 
modulus, m, as shown in Fig. 19, the relationship is linear over a 
wide range of strain and the deviation appears to be quite reasonable. 
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The depth of cup was used subsequently as a measure of ductility 
in cup testing, and it was found that increase in rate of deformation 
at constant temperature increased the ductility for all materials in 
the same manner found in the tensile tests. Typical curves showing 
the effect of increase of strain rate on cup test ductility are shown 
in Fig. 20. 

Because of the ease and rapidity with which ductility may be 
measured in the cup tester, it was used to evaluate the effect of 
various annealing treatments on the alloys being tested. The solution 
temperatures used were 1800, 1950, 2100 and 2250°F (980, 1065, 
1150 and 1230°C), a range which includes the recommended 
annealing temperatures for all the alloys. The results of the cup 
tests (Table II) indicated that ductility of the materials could be 
increased by the solution treatment shown: 


Type 321 2250 °F—15 min. W.Q. 
19-9DL 2100 °F—15 min. W.Q. 
S-588 2250 °F—15 min. W.Q. 
N-155 2250 °F—15 min. W.Q. 
Inconel X 2250 °F—15 min. W.Q. 
Inconel B 2250 °F—15 min. W.Q. 
Haynes Stellite No. 31 2250 °F—15. min. W.Q. 


It can be seen that the temperatures are generally higher than 
those normally recommended, and several disadvantages of the 
treatments for optimum ductility are evident. First, furnaces capable 
of operating continuously at temperatures over 2000 °F (1095 °C) 








Table Il 


Effect of Heat Treatment on Cup Test Ductility 
(Cup Depth in Inches) 





1800 °F 1950 °F 2100 °F 2250 °F 


Type As Received 15 min. W.Q. 15 min. W.Q. 15 min. W.Q. 15 min. W.Q. 
304 0.472 0.468 0.465 0.467 0.469 
316 0.440 0.436 0.435 0.437 0.435 
317 0.418 0.406 0.405 0.409 , 0.413 
321 0.425 0.417 0.422 0.427 0.436 
347 0.423 0.410 0.414 0.417 0.416 
19-9DL 0.368 0.378 0.392 0.399 0.393 
S-588 0.228 0.290 0.308 0.332 0.347 
N-155 0.362 0.351 0.366 0.378 0.394 
Inconel 0.414 0.398 0.397 0.404 0.410 
Inconel X 0.369 0.410 0.410 0.409 0.434 
Inconel B 0.384 0.377 0.365 0.379 0.403 
Nichrome V 0.376 0.368 0.360 0.364 0.381 
Hastelloy C 0.365 0.300 0.267 0.318 0.355 
S-816 0.357 0.277 0.267 0.296 0.326 
Haynes 

Stellite No. 27 0.329 0.271 0.276 0.283 0.328 
Vitallium 0.245 0.158 0.162 0.219 0.247 
Haynes 

Stellite No. 31 0.252 0.123 0.129 0.221 0.297 


Note—All values are average of two tests. 
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Fig. 21—Stage Dies Used in the Drop Hammer Formability Studies. 


are not readily available in many production annealing departments. 
Second, the higher temperatures cause excessive grain growth in 
some of the alloys, e.g., Inconel X and Inconel B, which will tend 
to form a rough “orange-peel’’ surface on fabricated parts. This 
disadvantage may, however, be offset by the fact that increased 
strength at elevated temperatures may be obtained with the larger 
erain size. An additional disadvantage is that, after annealing at 
the higher temperatures, certain alloys, e.g., S-588 and 19-9DL, are 
susceptible to excessive attack in pickling. 


PRODUCTION FORMING INVESTIGATION 


In order to evaluate more readily the comparative formability 
of the alloys in the drop hammer, an irregular deep drawn part was 
selected which was sufficiently difficult that it seemed likely none of 
the alloys could be successfully formed by standard hammer forming 
procedure. Unfortunately, the blank size required for the die was 
too large to fit the laboratory annealing furnaces so that a miniature 
set of dies was made one-third the size of the original for this 
investigation. The section fabricated from the original die was 
actually used as the front shroud for the Lockheed P-38 exhaust 
manifold. Using ‘standard hammer forming techniques, the part 
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had yielded only 20% acceptable parts with Type 321 sheet, but 
when formed with the preliminary stage dies, illustrated in Fig. 21, 
the yield rose to 95%. 

In hammer forming a section requiring the severe deformation 
evident in the selected die, it is standard procedure to form the 
section gradually with a series of blows, each one slightly deeper 
than the one preceding. To control the progress of the operation 
more closely, it is common practice to use several layers of rubber 
over the blank to limit the depth of punch travel. After each blow 
a layer of rubber is removed, thus effectively using successively 
deeper stages in the final die. With the rubber used in this manner, 
it is possible to obtain greater deformation and the results are more 
easily reproduced than with uncontrolled, intermittent application of 
the punch. 3 

For the investigation of the drop hammer formability of the 
various alloys, the initial total height of the rubber pads used was 
3.5 inches ; and after each blow, a 0.5-inch layer was removed. The 
results of the tests employing standard drop hammer techniques are 
shown in Fig. 22. It can be seen that only one sample (No. 4— 
Type 321) was formed satisfactorily. In the photograph, the alloys 
are identified as follows: 


1—Type 304 9—Inconel 

2—Type 316 10—Inconel X 

3—Type 317 11—Inconel B 

4—Type 321 12—Nichrome V 

5—Type 347 13—Hastelloy C 
6—19-9DL 14—S-816 

7—S-588 15—Haynes Stellite No. 27 
8—N-155 16—Vitallium 


17—Haynes Stellite No. 31 


The preliminary-stage dies shown in Fig. 21 were developed 
by the Sol-A-Die (11, 12) staging method. With them it was 
possible to form all the alloys as received except S-588, Hastelloy C, 
Haynes Stellite No. 27, Vitallium, and Haynes Stellite No. 31, as 
can be seen in Fig. 23. The samples of Hastelloy C broke in the 
second-stage die, whereas the other four alloys failed in the first stage. 

To eliminate the effect of rate of deformation in the comparison 
between the two methods of forming, the same total number of blows 
was used in the Sol-A-Die as in forming with the “finisher” die 
alone. This was accomplished by using rubber pads in the first stage. 

An attempt was made to measure the temperature increase of 
the blanks during forming by mounting a thermocouple on a spring 
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Fig. 22—Stampings of All Alloys as Fabricated in the Final Die Alone. 





Fig. 23—Stampings of All Alloys Made with Three-Stage Dies. 


in the first-stage die so that the couple junction would remain 
continually in contact with the blank throughout the forming cycle. 
Mechanically, the method proved successful; however, the temper- 
ature increases recorded were less than 10°F, whereas check meas- 
urements of the blanks with a surface pyrometer indicated an actual 
rise in temperature of 20 to 30°F. A thermocouple embedded in 
the finisher die in like manner gave equally unsatisfactory results. 

Since the investigation had shown that increased ductility may 
be expected with decrease in temperature or by inhibiting localized 
increase in temperature, a series of tests was made using dies pre- 
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chilled to O+ 15°F. It was expected that any heat venerated in 
the blank due to strain energy and/or friction would be conducted 
away by the cooler dies so that the temperature of the blank would 
remain essentially constant and uniform. The results indicated no 
improvement in formability, and measurements of the increase in 
temperature of the sheet gave values approximately the same as 
those found in the regular forming procedure, apparently because 
of low heat transfer between the kirksite dies and the blanks being 
formed. 

The effect of precooling the blanks to take advantage of the 
increase in ductility shown at subatmospheric temperatures was next 
checked and found to increase markedly the formability of all alloys 
being investigated. For the first series, blanks were chilled to 25 °F 
in a mixture of dry ice, water, and Prestone, wiped off and struck 
three times. After three blows, if the sample had not fractured, it 
was rechilled to 25 °F and the process repeated until the part either 
fractured or was formed. For this series, the final die was used 
alone with the superimposed rubber pads as outlined above. By 
precooling to 25°F, all alloys showed marked increase in form- 
ability. The Type 304 sample was fabricated successfully in addition 
to the Type 321 which had also been formed without special treat- 
ment. The temperature increase of the samples, as measured with 
the surface pyrometer, ranged from 40 to 50 °F. 

To determine forming behavior at lower temperatures, blanks 
were precooled in a mixture of alcohol and dry ice (temperature of 
—100°F) and formed in the finisher die as outlined above. An 
even greater increase in formability was noted for most of the alloys 
at the lower temperature. With this treatment the Inconel shape 
was successfully formed in addition to Type 304 and Type 321. 
Samples of all alloys fabricated with the precooling treatment at 
—100 °F are shown in Fig. 24. 

Because of the increased ductility shown in the laboratory cup 
tests by heat treatment of the alloys previously mentioned, their 
formability was checked and found to be appreciably increased, as 
measured by hammer forming in the finisher die. As heat treated, 
the Inconel X sample formed satisfactorily although its surface 
showed a rough “orange-peel”’ finish apparently due to the large 
grain size resulting from the high temperature anneal. 

The precooling treatment was tested on the heat treated samples ; 
and for the 25 °F treatment, it was found that 19-9DL, Inconel X, 
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Fig. 24—Stampings Made in Final Die Alone with Blanks Precooled to —100 °F. 


and Inconel B could be successfully formed. With the —100°F 
treatment, the samples of both Inconel X and Inconel B fractured. 
These results indicate that further study is necessary to determine 
the limits of increased ductility with decrease of temperature, which 
apparently is related to both the composition and grain size of the 
material for a given rate of strain. 

Five of the alloys could not be formed successfully with the 
Sol-A-Die technique which normally employs no interstage anneal- 
ing. The effect of heat treatment and interstage annealing accord- 
ingly was investigated on these alloys. It was found that Hastelloy 
C, which had previously failed in the second-stage die, could be 
formed without difficulty if annealed (2250 °F—15 min. and air- 
cooled) after the first stage. 

The other four alloys (S-588, Haynes Stellite No. 27, Vitallium, 
and Haynes Stellite No. 31) which had failed in the first stage were 
given a preliminary heat treatment (2250°F—15 min. and air- 
cooled) which made them sufficiently ductile to get through the first 
stage successfully ; however, all samples fractured in the second stage. 
By annealing the blanks between the first and second stages, all 
the alloys except Vitallium could be formed successfully to the final 
shape. It was necessary to anneal the Vitallium between each stage 
(three interstage anneals) in order to fabricate the section without 
fracture. 


To determine whether precooling the blank could be substituted 
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for the annealing treatment, a series of tests was run on the Vital- 
lium; and it was found that the part could be formed if given one 
interstage anneal between the first and second die and precooled to 
—100 °F before each subsequent stage. The results of all hammer 
forming tests are summarized in Table III. 

One of the major differences between press forming and drop 
hammer forming of metals is the respective rates of deformation and 
control. In the hammer, the load is applied with one or more 
short, sharp blows, the speed of which is difficult to control accu- 
rately because of its extremely short duration, approximately a 
tenth of a second or less. The duration of the deformation in a 
manually operated press, on the other hand, is about a hundred or 
more times longer than in the hammer and can be controlled quite 
accurately over wide ranges, depending on the dies, the material, 
and the severity of the forming operation. In forming a shape in 
which the direction of metal flow makes a sharp angle from the 
plane of the original blank, e.g., cylindrical cups, the high speed 
action of the hammer normally will cause the metal to shear at the 
sharp angles before any appreciable plastic flow can occur, while 
the slower action of the press allows the metal to flow with the 
punch around corners in the direction required. 

The modifications mentioned in the discussion on drop hammer 
forming, such as preliminary stages, rubber pads, etc., are also used 
successfully in press forming operations. For the current investi- 
gation, however, it appeared to be more advantageous to determine 
the deep drawing properties of the various alloys in the press form- 
ing phase of the program than to repeat the studies already com- 
pleted in the drop hammer. Accordingly, a die and punch were 
selected which would form a cylindrical cup 2.5 inches in diameter 
from circular blanks which could be varied in diameter by quarter- 
inch increments from 3.25 to 6 inches. The edge radius on the base 
of the punch was 35 inch and the fillet on the die was ;%; inch. 
Typical cups formed successfully from the various sized blanks are 
shown in Fig. 25. 

In deep drawing such a cup it is necessary to use some restraining 
pressure on the blank to prevent that part which has not yet passed 
over the radius of the die from developing corrugations or “wrinkles”, 
due to the compressive stresses occurring at the blank perimeter. 
If this hold-down pressure is too great, however, the stresses set up 
in the cup walls may exceed the rupture strength of the material 
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Fig. 25—Typical Cups Formed Successfully in Deep Drawing Investigation. 


and cause failure. To determine the optimum hold-down pressure 
for the die, a series of Type 321 blanks was formed with various 
hold-down pressures, and it was found that the best results were 
obtained with a hold-down pressure of 500 psi; at lower pressures 
some wrinkling occurred and higher pressures caused premature 
failure. This hold-down pressure was used in all subsequent tests. 

The effect of rate of punch travel on the drawability was 
investigated and a slight increase was obtained with an increase of 
rate from 8 to 20 inches per minute but no further increase was 
obtained up to the maximum speed possible to control accurately. 
Twenty inches per minute was used in all subsequent testing. 

The deep drawing test results have been reported as the per- 
centage drawability, calculated from the following expression : 


P.D. = o=% x 100 Equation XX 
b 


where d, = Diameter of largest blank successfully formed 
d, = Punch diameter 


The drawability of the various alloys as received and after heat 
treatment is listed in Tables IV and V, respectively. 

To further investigate the effect of precooling blanks on form- 
ability, samples of Type 321, Inconel X and S-816 were selected for 
testing in the press as representative of the iron, nickel and cobalt- 
base alloys, respectively. 

It was found (Table VI) that precooling to 25 °F increased the 
drawability of Inconel X and S-816 but had no appreciable effect on 
the Type 321 samples. When the blanks were precooled to —100 °F, 
there was no appreciable difference from room temperature behavior 
for either the Type 321 or Inconel X samples; however, the S-816 
showed a marked decrease in formability. The decrease in draw- 
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Table IV 
Drawability of Alloys as Received 
Critical Blank Size Percentage 
Type (Diameter in Inches) Drawability 
304 4.5 44.5 
316 4.5 44.5 
317 4.5 44.5 
321 4.75 47.5 
347 4.5 44.5 
19-9DL 4.5 44.5 
S-588 <3.25 < 23.0 
N-155 4.75 47.5 
Inconel 4.25 41.0 
Inconel X 4.25 41.0 
Inconel B 4.25 41.0 
Nichrome V 4.25 41.0 
Hastelloy C 3.5 28.5 
S-816 4.0* 37.5 
Haynes Stellite No. 27 < 3.25 < 23.0 
Vitallium < 3.25 < 23.0 
aes Haynes Stellite No. 31 <3.25 < 23.0 





*S-816—One of three 4-inch blanks fractured 
Hold-down pressure—500 psi 
Punch speed—20 ipm 


Table V 
Effect of Heat Treatment on Drawability 





Critical Blank Size Percentage 
Type Treatment (Diameter in Inches) Drawability 
321 as received 4.75 47.5 
321 2250 °F—15 min. A.C. 5.0 50.0 
19-9DL as received 4.5 44.5 
19-9DL 2100 °F—15 min. A.C. 5.0 50.0 
S-588 as received < 325 < 23.0 
S-588 2250 °F—15 min. A.C. 3.50 28.5 
N-155 as received 4.75 47.5 
N-155 2250 °F—15 min. A.C. 4.75 47.5 
Inconel X as received 4.25 41.0 
Inconel X 2250 °F—15 min. A.C. 4.75 47.5 
Inconel B as received 4.25 41.0 
Inconel B 2250 °F—15 min. A.C. 4.5 44.5 
Haynes Stellite No. 27 as received < 3.25 < 23.0 
Haynes Stellite No. 27 2250 °F—15 min. A.C. 3.25 23.0 
Vitallium as received < 3.25 < 23.0 
Vitallium 2250 °F—15 min. A.C. < 3.25 < 23.0 
Haynes Stellite No. 31 as received <3.25 < 23.0 
Haynes Stellite No. 31 2250 °F—15 min. A.C. <3.25 < 23.0 











ability may have been due to the lubricant freezing solid over the 
surface of the blank, a condition which would tend to introduce 
uneven stress distribution in the cup. The lubricant used in all 
tests was Solvac Oil 410-G, a water-soluble oil produced by the 
Socony-Vacuum Oil Company. 

In the hammer ,forming tests, chilling the dies was found to 
have no apparent effect on formability, possibly due to the small 
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Table VI 
Effect of Precooling Blanks on Drawability 


Blank Critical Blank Size Percentage 

Type Temperature (Diameter in Inches) Drawability 
321 Room - 47.5 
321 25° F * 47.5 
321 —100 °F . 47.5 
Inconel X Room . 41.0 
Inconel X 25 °F 5 44.5 
Inconel X —100 °F ‘ 41.0 
Room ‘ 37.5 
25 °F s 41.0 
, 28.5 





Table VII 
Effect of Die Temperature on Drawability 





Die Critical Blank Size Percentage 

Temperature (Diameter in Inches) Drawability 
321 Room , 47.5 
321 30+ 5°F ‘ 47.5 
Inconel X Room ‘ 41.0 
Inconel X 30 + 5 °F j 44.5 
S-816 Room ; 37.5 
S-816 30 + 5 °F ( 44.5 





amount of heat transferred from the kirksite die to the blank. A 
similar attempt to increase formability in the press with steel dies 
resulted in appreciable improvement of both Inconel X and S-816; 
but showed no apparent difference in the behavior of the Type 321 
material (Table VII). The dies were chilled to 30+5°F by 
packing in dry ice before each blank was tested. 

Recent work (13) by Carapella and Shaw on the drawability 
of a magnesium alloy (hexagonal close-packed crystal structure) 
indicated that drawability could be increased by intermittent appli- 
cation of the load as opposed to continuous loading at equivalent 
rates. To determine its effect on the face-centered cubic alloys 
being investigated in this program, a series of Type 321 blanks was 
deformed with intermittent application of the punch but no apparent 
change in formability resulted. For the test, the punch was advanced 
in %-inch increments, retracted between each step for 5 seconds, 
and then reloaded, until the cup was either completed or failed. 

Since the alloys as received showed a wide variation in surface 
roughness (Table I) which varied from approximately 20 to 160 rms 
microinches, its effect on formability was investigated in the drop 
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hammer, press, and laboratory cup tester. Samples of Type 316 
which showed the roughest surface as received (150 to 170 rms 
microinches) were polished and buffed to approximately 40 rms 
microinches, slightly lower than the average finish of all materials 
tested. The smoother finish appeared to be slightly detrimental to 
the ductility measured in the laboratory cup test, slightly advanta- 
geous to the drop hammer formability, and made no apparent differ- 
ence in the press drawability. 


SUMMARY 


The effects of rate of deformation and temperature have been 
studied on seventeen different alloys to determine how these variables 
affect the cold forming behavior. The alloys are representative of 
the various alloys designed for high temperature service applications 
and include eight iron-base, five nickel-base, and four cobalt-base 
alloys, all of which have face-centered cubic crystal structures. 

In tensile tests and laboratory cup tests at constant temperature 
and controlled strain rates, it was found that the limit of formability 
of these alloys could be increased, in general, by either increasing the 
rate of strain or by decreasing the temperature at which it occurs. 
The effect of temperature within the range studied (0 to 200 °F) 
appeared to be much greater than the effect of rate of strain over 
a range of rates greater than that normally obtainable in production 
forming. 

An attempt was made to determine the mechanical equations of 
state for each of the alloys but because of the metastability of the 
iron-base and cobalt-base alloys used in this investigation, it was 
unsuccessful. The results obtained with the nickel-base alloys indi- 
cate the possible validity of the equation of state; however, the 
experimental error, although slight, was sufficiently large to preclude 
evaluation of the necessary constants in the relation. 

It was found that the incremental elongation behavior followed 
the same general pattern as the total elongation and that decrease 
of temperature and/or increase in rate of strain would also increase 
the amount of local deformation possible. Under constant temper- 
ature conditions the maximum local elongation, i.e., adjacent to 
fracture in a tensile specimen, was 6 to 7% greater than the average 
elongation measured over a 2-inch gage length. 

The forming behavior of the various alloys was checked in drop 
hammer and press operations and found to agree in general with 
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Table VIII 
Comparative Formability of Alloys by Various Testing Methods 

Hammer Press Tensile Cup 
Type Forming Forming Test Test 
1—321 1 1 3 3 
2—347 4 3 4 4 
3—304 5 4 9 1 
4—317 8 6 1 5 
5—316 a 7 2 2 
6—Inconel 2 8 5 6 
7—Inconel B 3 4 6 7 
8—19-9DL 6 5 11 10 
9—Inconel X 7 10 7 9 
10—Nichrome V 11 11 8 8 
11—N-155 12 2 13 12 
12—S-816 10 12 10 13 
13—Hastelloy C 13 13 14 11 
14—-S-588 14 14 12 17 
15—Haynes Stellite No. 27 15 15 15 14 
16—Haynes Stellite No. 31 16 16 16 15 


17—Vitallium 17 17 17 16 


the results obtained in laboratory tensile tests and cup tests as 
shown in Table VIII and Fig. 26. The alloys, as received, may be 
classified in order of decreasing formability as listed below: 


1—Type 321 6—Inconel 11—N-155 

2—Type 347 7—Inconel B 12—S-816 

3—Type 304 8—19-9DL 13—Hastelloy C 

4—Type 317 9—Inconel X 14—S-588 

5—Type 316 10—Nichrome V 15—Haynes Stellite No. 27 
16—Haynes Stellite No. 31 17—Vitallium 


In general, the relative formability shown agrees with production 
experience. The location of the N-155 has been questioned by its 
producer, who feels that the sample tested might not have been repre- 
sentative of properly annealed material; however, a second sheet 
submitted for check testing showed about the same behavior. More 
recently, some changes were made in the mill processing of N-155 
and a representative sample of 25 sheets produced since the changes 
were instituted was checked and its formability was found to be 
similar to that of Type 347. 

The increase in formability obtained by decrease of temperature, 
indicated by the results of the tensile tests, was investigated and 
found to improve appreciably the forming behavior of most alloys 
in both the drop hammer and hydropress. The improvement in 
formability could be obtained by either cooling the blanks to low 
temperatures before forming or, in the case of press forming, by 
cooling the dies prior to inserting the blanks. 

Various heat treatments, were tested on each of the alloys and 
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Fig. 26—Comparative Formability of Alloys by Various Testing Methods. 


the formability of seven of them improved by the treatment at the 
solution treatments shown : 


Type 321 2250 °F—15 min. W.Q. 
19-9DL 2100 °F—15 min. W.Q. 
S-588 2250 °F—15 min. W.Q. 
N-155 2250 °F—15 min. W.Q. 
Inconel X 2250 °F—15 min. W.Q. 
Inconel B 2250 °F—15 min. W.Q. 
Haynes Stellite No. 31 2250 °F—15 min. W.Q. 


The die chosen for evaluation of the hammer forming behavior 
of alloys was sufficiently complex so that only Type 321, as received, 
and Inconel X, as heat treated, could be formed satisfactorily using 
standard forming procedures. With blanks precooled to subatmos- 
pheric temperatures (25 or —100 °F), it was possible to form Type 
304, Type 321, and Inconel, as received, and 19-9DL, Inconel X, 
and Inconel B, as heat treated. 

By using three preliminary-stage dies in hammer forming the 
section, all alloys except S-588, Hastelloy C, Haynes Stellite No. 27, 
Haynes Stellite No. 31, and Vitallium could be formed without 
special treatment. With the exception of Vitallium, these alloys 
could be formed as heat treated with one interstage anneal. It was 
found that Vitallium could be formed either by annealing between 
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each stage (three different anneals) or by using one interstage 
anneal and precooling the blanks to —100 °F for subsequent stages. 
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TENSILE PROPERTIES OF A HEAT TREATED LOW 
ALLOY STEEL AT SUBZERO TEMPERATURES 


By E. J. RrpLinG 


Abstract 


Specimens of the low alloy steel, SAE 1340, were 
tempered at various temperatures between room temper- 
ature and 1100 °F (595°C). Groups of these were then 
tested in static tension at room temperature, —110, —220 
and —321°F (—80, —105 and —196 °C). 

The yield strength and tensile strength, which depend 
primarily on the flow characteristics of the steel, were 
obtained on these test pieces and were found to decrease 
continuously with increasing tempering temperature and/ 
or decreasing testing temperature. 

The fracturing characteristics, contraction in area and 
fracture stress, however, exhibited pronounced minima 
when these properties were obtained on the specimens 
tested at the lowest temperatures and determined as a 
function of the tempering temperature. This minimum 
occurred at a tempering temperature of 600°F (315°C), 
which is the range in which most steels are known to 
become brittle. 

When the fracturing characteristics were plotted as a 
function of the testing temperature, the specimens tem- 
pered between 300 and 700°F (150 and 370°C) exhib- 
ited curves typical of materials which show a transition 
temperature. Higher and lower tempering temperatures 
resulted in an almost linear relationship between the test- 
ing temperature and these properties. 


N many applications it is advantageous to use metals at the 
highest strength level that is consistent with safe operation. 
However, it is well known that the strength levels of steels cannot 
be increased incautiously without the danger of decreasing the 
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ductility to an extent that will cause the steel to behave in a brittle 
manner. This tendency toward brittle behavior becomes particularly 
dangerous at subzero temperatures, since usually the lower the 
temperature at which a steel of a given strength level is used, the 
greater is the steel’s ductility deficiency. 

Furthermore, steels in general do not lose their ductility at a 
constant rate with decreasing temperature. Instead, major ductility 
changes are often limited to small temperature changes in the region 
of a critical temperature referred to as the “transition temperature”. 
Since this rapid change from a ductile (safe) behavior to a brittle 
(unsafe) behavior can often take place within the range of temper- 
atures encountered in service, a large number of investigators have 
been attracted to a study of this phenomenon. In particular, many 
investigators have attempted to determine the effect of steelmaking 
_ practice (1, 2),* specimen size and shape (1, 3), and rate of loading 
(3) on the transition temperature. However, the effect of one other 
important embrittling agent, strength level, has been somewhat over- 
looked. For this reason, the present investigation was undertaken, 
in which the nominal specimen shape and strain rate were kept 
constant while the testing temperature and strength level were varied 
independently. The specimen shape used in this investigation was 
that of a slightly contoured unnotched tensile type which was loaded 
in static tension. This relatively simple shape minimized the 
complications which are inherent in the straining of nonuniform 
(notched) test pieces. 


MATERIAL AND PROCEDURE 


The low alloy structural steel SAE 1340 was selected for this 
investigation. The composition of the alloy was as follows: 


Cc Mn P S Si 
0.42 1.81 0.023 0.022 0.24 


The material was received in the form of 34-inch diameter, 
hot-rolled rods. Pieces of these were given a normalizing heat treat- 
ment which consisted of heating to 1675 °F (915°C) for % hour 
and air cooling. This was followed by a stress relief at 1200 °F 
(650°C) for 4 hours and furnace cooling. Test specimens were 
machined from this normalized and stress-relieved material, leaving 
sufficient stock on the specimens for finish grinding. All specimens 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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were then austenitized at 1525 °F (830°C) for 1 hour, oil-quenched, 
tempered for 1 hour at various temperatures and water-quenched. 

Although all test pieces were the same size during heat treat- 
ment, it was necessary to decrease the minimum diameter of the 
reduced section of the specimens which were heat treated to high 
strength levels in order to avoid damage to the testing equipment 
and also to prevent fracturing at the specimen shoulders. 

The shape and dimensions of the various test specimens used 
in this investigation are shown in Fig. 1. It can be seen that all 






Largest 
Convenient 
Radius 








Fig. 1—Test Specimens. 


specimens were slightly contoured at the minimum section in order 
to insure maximum strain and fracture at a predetermined location. 
Previous investigations have shown that the results obtained on test 
pieces of this shape are approximately the same as those obtained 
on cylindrical pieces (4). The specimens were loaded through 
buttonhead ends so that eccentricities inherent in threaded joints 
were eliminated. — 

The room temperature tests were conducted in a specially 
designed fixture which yielded an eccentricity of less than 0.001 inch. 
This equipment and the testing procedure have been previously 
described (5). The changes in diameter during testing were 
obtained with a radial strain gage reading directly to + 0.0001 inch 
(6). The special adapters and radial strain gage used for the low 
temperature testing have also been described previously (7). The 
speed of testing was made to correspond to a rate of travel of the 
testing machine head of approximately 0.04 inch per minute. 


?The 0.212-inch diameter specimens were generally used for material tempered at 600°F 
and above; the 0.180-inch diameter specimens for tempering temperatures between 300 and 
500°F; and the 0.150-inch diameter specimens were used for lower tempering temperatures. 
This bracketing was not follawed rigidly in that the small sized specimens were used over wider 
ranges when the tests were ¢onducted at the very low temperatures. 
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Hardness 
Rockwell! C 
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(One Hour, Water Quench) 


Fig. 2—Effect of Tempering Temperature 
on the Room Temperature Hardness. 





Fig. 3—Microstructure after Tempering at 400°F (a) and 900°F (b). Nital etch. 
xX 1000. 


DISCUSSION OF RESULTS 


The room temperature hardness and the microstructure of this 
material were obtained in order to determine the effectiveness of 
the tempering treatment. The hardness, as a function of tempering 
temperature, is shown in Fig. 2, while the microstructure which 
resulted after tempering at one low temperature and one high 
temperature is shown in Fig. 3. 
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Fig. 4—Effect of Tempering Temperature 
on the Low Temperature Tensile Strength of 
SAE 1340 Steel. 





O 400 800 1200 
Tempering Temperature °F 
(One Hour, Water Quench) 


Fig. 5—Effect of Tempering Temperature 
on the Low Temperature Yield Strength of 
SAE 1340 Steel. 
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In order to facilitate the interpretation of the tensile test results, 
the data obtained in this study have been presented in two ways. In 
Figs. 4 to 7, the tensile properties are plotted as a function of the 
tempering temperature with the testing temperature as parameter, 
and in Figs. 8 to 11 these same properties are plotted as a function 
of the testing temperature using the tempering temperature as 
parameter. 


Contraction in Area, 





O 400 800 1200 
Tempering Temperature ° F 
(One Hour, Water Quench) 


Fig. 6—Effect of Tempering Temperature 
on the Low Temperature Ductility of SAE 
1340 Steel. 


The effect of the tempering temperature on the tensile strength, 
defined as the maximum load divided by the original cross sectional 
area at the minimum diameter of the specimen, and yield strength, 
0.2% offset, for the four testing temperatures used, are shown in 
Figs. 4 and 5. 

The tensile strength of the steel appeared to decrease con- 
tinuously with increasing temperimg temperature over the entire 
range investigated. There was, however, a slight increase in tensile 
strength with increasing tempering temperature for the hardest 
material (tempered at room temperature) when tested at —321 °F 
(—196 °C). This was due to the fact that the ductility at the 
moment of fracture was less than the strain at which the specimen 
would begin to neck under these conditions, so that the tensile 


ee 
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strength became a measure of the fracture instead of a measure of 
flow characteristics. 

The yield strength also appeared to decrease continuously with 
increasing tempering temperature when the material was tempered 
at temperatures higher than 600°F (315°C). The yield strength 





Fracture Stress, |\OOOpsi 
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Fig. 7—Effect of Tempering Temperature 
on Low Temperature Fracture Stress of SAE 
1340 Steel. 


data presented in Fig. 5 for the subzero temperature are only 
approximate values, since it was not possible to construct accurate 
elastic lines for these specimens with the low temperature strain 
measuring equipment. It became particularly difficult to determine 
the stress at 0.2% offset for the specimens tempered at the lowest 
temperatures because these specimens were made to a _ smaller 
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diameter than the softer specimens. The difficulty was further 
increased by the fact that as the material was tempered to higher 
hardnesses the transition from elastic to plastic strain became more 
gradual. With the room temperature strain measuring equipment 
it was possible to determine the yield strength at any hardness. 

Specimens which were tempered at 900 °F (480°C) and above 
showed a pronounced yield jog at all the testing temperatures used, 
so that the stress at the jog was taken as the yield strength. 

The contraction in area* as a function of tempering temperature 
for the four testing temperatures used in this investigation are shown 
in Fig. 6. It can be seen that when this material was tested at the 
highest temperature (+75 °F) the ductility increased continuously 
as the tempering temperature was increased. .However, for each of 
the other testing temperatures, the ductility was found to increase 
very rapidly with increasing tempering temperature up to 400°F 
(205 °C). 

The curves then passed through a maximum and a minimum 
before the ductility recovered at the high tempering temperatures. 
The decrease in ductility as exemplified by this minimum became 
larger as the testing temperature was lowered. Earlier data relating 
notch impact values and tempering temperature had frequently shown 
toughness minima in this same tempering range (8-10). Since this 
tempering temperature is the range in which retained austenite 
transforms, these toughness minima have been attributed to the 
formation of hard decomposition products during the transformation 
(8, 9, 11). More recently, however, Grossmann (12) showed that 
the transformation of retained austenite could not of itself account 
for this phenomenon and he suggests that the precipitation of car- 
bides might be the cause. Read, Markus and McCaughey (13), on 
the other hand, relate this toughness minimum to the low value of 
the strain hardening exponent obtained after tempering in this 
temperature range. 

The curves of fracture stress, breaking load divided by the 
final cross sectional area, versus tempering temperature in Fig. 7 
show the dependence of this property on both the ductility and 
yield strength. Again at the very high strength levels (tempering 
temperatures up to 400°F) the fracture stress increased rapidly 





5The contraction in area is defined as: 
original cross sectional area — final cross sectional area 


original cross sectional area 
— 








1950 STEEL AT SUBZERO TEMPERATURES 447 


with increasing tempering temperature as did the ductility. At the 
lower strength levels (tempering temperatures above 800 °F), the 
range in which the ductility increased slowly, the fact that the hard- 
ness decreased rapidly became predominant, and the fracture stress 
decreased. At intermediate strength levels, the two testing temper- 


Tensile Strength, lOOO psi 
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Testing Temperature °F 


Fig. 8—Effect of Testing Tempera- 
ture on the Low Temperature Tensile 
Strength of SAE 1340 Steel. 


atures which resulted in the sharpest minima in ductility at temper- 
ing temperatures near 600°F (315°C) again showed minima in 
the fracture stress. 

The importance of ductility again becomes evident by noting 
the two ends of the curves in Fig. 7. At the low strength levels 
where the ductility at all the testing temperatures is high, the 
fracture stress of the material is highest, at any particular tempering 
temperature, for the material tested at the lowest temperatures. At 
the other end of the curves, however, where the ductilities were low, 
the fracture stress is highest for the material tested at the high 
temperatures. 
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In Figs. 8 to 11, the tensile properties discussed above are 
plotted as a function of the testing temperature. In order to clarify 
these curves, the figures have been broken up into three sections 
separating the high (800 to 1100 °F), intermediate (500 to 700 °F), 
and low (75 to 400 °F) tempering temperatures. 

The tensile strength, Fig. 8, and yield strength, Fig. 9, were 
found to decrease continuously with increasing testing temperature. 
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Fig. 9—Effect of Testing Temper- 


ature on the Low Temperature Yield 
Strength of SAE 1340 Steel. 


The only exception to this is the tensile strength of the specimen 
tempered at room temperature and tested at —321 °F (—196 °C). 
This, as stated previously, was due to the fact that the fracture 
ductility under these conditions was less than the necking strain. 

The contraction in area as a function of the testing temperature 
is shown in Fig. 10. Thése curves reveal that the material exhibited 
three different behaviors, depending on the temperature at which 
the steel was tempered. Those specimens which were tempered at 
the highest temperature (strength levels less than 200,000 psi, see 
Fig. 4) showed a very gradual inerease in ductility as the testing 
temperature was increased. Over the testing temperature range, 
which was approximately 400 °F (205 °C), the ductility change for 
this softer material was only about 15% in terms of contraction in 
area. Furthermore, the rate of this increase is almost constant over 
the testing temperature range. The test data that were obtained 
on material that was tempered in the brittle range (500 to 700 °F) 
produced curves of contraction in area as a function of testing 
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temperature which are typical for materials which show a transition 
temperature. In other words, the ductility curves showed a much 
faster decrease when the testing temperature was dropped from 
—220 to —321 °F (—105 to —196 °C), than when a similar drop 
of 100 °F was made over any other part of the testing temperature 
range. The abrupt change in ductility in this testing temperature 
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Fig. 10—Effect of Testing Tem- 
perature on the Low Temperature Duc- 
tility of SAE 1340 Steel. 


range persisted for the specimens tempered at 300 and 400 °F. 
However, the ductility of the very hard material, tempered at 200 °F 
and at room temperature, appeared to decrease linearly from a rather 
low room temperature ductility to a ductility of less than 5% at 
—321 °F (—196 °C). 

The fracture stress, Fig. 11, for the material tempered at the 
high and at the very low temperatures again changed gradually over 
the testing temperature range, while the material tempered at tem- 
peratures between 700 and 300 °F (370 and 150 °C) showed abrupt 
fracture stress changes generally in the range between —220 and 


—321 °F (—105 and —196 °C). 
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Fig. 11—Effect of Testing Tem- 


perature on the Low Temperature Frac- 
ture Stress of SAE 1340 Steel. 


CONCLUSIONS 


The data presented above indicate that the fracturing character- 
istics (contraction in area and fracture stress) of SAE 1340 steel 
pass through a minimum when the material is tempered in the range 
between 400 and 700°F (205 and 370°C) and tested at low 
temperatures. These property minima occurred even though the 
testing conditions (other than the testing temperature) were not 
severe. The magnitude of these minima was found to increase with 
decreasing testing temperature. 

On the other hand, the tensile strength and yield strength, 
which depend primarily on the flow characteristics of the metal, 
showed no evidence of a depression in this tempering range. 
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When the fracturing characteristics of the material which was 
tempered between 400 and 700 °F (205 and 370°C) were plotted 
as a function of the testing temperature, the shape of the resulting 
curves indicated the existence of a transition temperature range 
within the band of testing temperatures investigated. The material 
tempered at higher and lower tempering temperatures, however, 
showed no evidence of a transition temperature over this range of 
testing temperatures. 
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DISCUSSION 


Written Discussion: By W. F. Brown, Jr., National Advisory Com- 
mittee for Aeronautics, Cleveland. 

Mr. Ripling is to be congratulated for a fine piece of experimental 
work. The measurement of radial strains to fracture when the specimen 
is immersed in coolant is an extremely difficult technique. The results 
show that SAE 1340 steel even in unnotched tests performed at relatively 
slow strain rates exhibits a pronounced embrittlement in a certain range 
of tempering temperatures. 

The same phenomena are known to exist for the room temperature 
impact strength of heat treated steels. Fig. 12 shows that the particular 
steel investigated by the author exhibits impact embrittlement in exactly 
the same range of tempering temperatures. It is perhaps not surprising 
that the results of tests performed at low temperatures would be sensitive 
to the same factors which influence the results of room temperature tests 
at high strain rates. Thus, from tests of Davidenkov,* Zener and Hollo- 
mon, and others, it is known that an increase in the rate of deformation 
affects the metal properties in the same general manner as a decrease in 
the temperature of testing. In addition, as shown recently by Jones and 
Worley,® the transition temperature in impact tension of unnotched speci- 
mens is increased as the speed is increased. 

It has been shown previously that other embrittling factors such as 
notching will also influence the metal characteristics in the same manner 
as temperature and speed. It has been reported by Jones and Worley‘ 
and others that the introduction of a notch and a sharpening of the notch 
raise the transition temperature for various carbon and alloy steels. 

On the basis of these tests, it might be expected that embrittlement 
of the SAE 1340 steel investigated by Ripling should also be revealed by 
a suitable static notch bar tensile test at room temperature. In the slide 
we see that such is the case. The data shown here were obtained in a 


continuation of an investigation by Sachs, Ebert and Brown" reported in 
1947. 
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Fig. 12—Results of Notched and Unnotched Tests at 


Room and Low Temperatures for SAE 1340 Steel Oil- 
Quenched and Tempered at Various Temperatures. 


Thus, it appears that in this case the introduction of a notch has the 
same general effects on the fracture characteristics as a decrease in test- 
ing temperature. 

In conclusion, it might be mentioned that the presence of a minimum 
in impact energy for low alloy steels at a tempering temperature of 600 °F 
seems to be related to the carbon content. Steels having less than approxi- 
mately 0.18% carbon do not show this phenomenon, and in steels having 
carbon contents greater than 0.60%, it is also absent. 

Written Discussion: By L. D. Jaffe and A. F. Jones, Watertown 
Arsenal, Watertown, Mass. 

The author mentions the view of Reed, Marcus and McCaughey, that 
the dip in ductility found in steels tempered near 600 °F is due to the low 
value of the strain hardening exponent obtained after tempering in this 
temperature range. On this basis it would be expected that there would be 
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little difference between the yield and tensile strengths of material tem- 
pered at that temperature and that the difference would be greater for 
material tempered at higher and lower temperatures. However, the 
author’s data fail to reveal a minimum in this difference near 600°F nor 
indeed any discontinuity in this range whatsoever. Nevertheless, a mini- 
mum does appear to occur near 900 °F. 

Would the author care to comment on this point? 


Author’s Reply 


The author wishes to thank Mr. Brown for the additional data he has 
supplied on the behavior of SAE 1340 when it was strained in the presence 
of embrittling agents other than low temperatures. The fact that subzero 
temperature properties are so closely correlated with the behaviors devel- 
oped in the presence of other more common embrittling agents is the 
basis for a large part of the present interest in low temperatures. 

Mr. Brown’s statement that steels whose carbon content is less than 
0.18% or greater than 0.60% do not become embrittled on tempering at a 
temperature around 600 °F is most interesting. 

Dr. Jaffe and Mr. Jones’ remarks are also much appreciated. The 
author, however, does not share the views of Reed, Marcus and Mc- 
Caughey, that the emrittlement found in steels tempered around 600 °F 
is caused by a low value of the strain hardening exponent after tempering 
in this temperature range. An investigation now in progress by the author 
indicates that this embrittlement is a result of a metastable straining 
condition which can be eliminated by cold work. This effect will be 
discussed in some detail in a publication which should appear shortly. 








RELATIONSHIP OF INCLUSION CONTENT AND TRANS- 
VERSE DUCTILITY OF A CHROMIUM-NICKEL- 
MOLYBDENUM GUN STEEL 


By JoHN WELCHNER AND WALTER G. HILDorRF 


Abstract 


Effect of nonmetallics on transverse physical proper- 
ties (reduction of area) of a chromium-nickel-molybdenum 
40 and 75-millimeter gun steel is correlated. Over 1100 
individual specimens were examined. Results are com- 
pared on the basis of average rating per heat of steel 
versus reduction of area transverse. Both quantity and 
type of inclusions are considered for the average as well 
as mdividual specimen comparisons. An effort 1s made 
to quantitatively evaluate the effect of type of inclusions 
independent of the total nonmetallic content for this grade 
of gun steel. The manner in which the final product to be 
manufactured affects the results is also clearly shown. 


T is generally known that nonmetallic inclusions in steel exert 

a minimum influence upon the longitudinal properties and a 
maximum upon the transverse. Several investigators (1, 2)* have 
reported little or no adverse effect on the tensile strength values in 
either a longitudinal or transverse direction as related to inclusion 
content of the steel. However, such is not the case when ductility is 
considered. Transverse ductility usually is lowered as the general 
cleanliness of the steel is reduced, as reported quantitatively by Kinzel 
and Crafts (1) in 1931 and in less detail by Wells and Mehl (2) 
more recently. 

The Timken Roller Bearing Company was responsible for 
pioneering the use of seamless tubing for 40 and 75-millimeter guns 
on a production basis. It was the authors’ privilege to study the 
effect of nonmetallic inclusions on the transverse ductility of many 
heats of basic open-hearth chromium-nickel-molybdenum gun tube 





1The figures appearing in parentheses pertain to the references appended to this paper. 


This pager is based on work done for the Office of Scientific Research and Develop- 
ment under Research Project NRC-50. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The authors, John Welchner 
and Walter Hildorf, are respectively metallurgical engineer and metallurgical 
consultant (director of metallurgy at the time this work was done) with The 


a Roller Bearing Company, Canton, Ohio. Manuscript received May 9, 
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Table I 
Chemical Analyses Ranges 
Size, 
Milli- 
meters Type Cc Mn P Ss Si Cr Ni Mo 
40 Cr-Ni-Mo 0.30-0.35 0.60—-0.90 0.040 0.040 0.20—-0.35 0.60—0.80 1.65-—2.00 0.30—-0.40 


max. max. 


75 Cr-Ni-Mo 0.33-0.40 0.70-0.90 0.040 0.040 0.20-0.35 0.70-0.90 1.75-2.00 0.30-0.40 
max. max. 


i. Cr-Ni-Mo 0.36-0.40 0.77-0.89 0.040 0.040 0.27-0.32 0.72-1.00 1.11-1.24 0.23-0.26 
75 (Low Ni) max. max. 


steel. This study (3) was an attempt to quantitatively determine 
the relationship of transverse ductility as measured by reduction of 
area and the cleanliness of the steel determined in a commercial 
laboratory under actual operating conditions. No doubt, other more 
precise methods of inclusion measurements are known and might 
have been made had it not been considered of greater importance 
to rate as many samples and heats of steel as was consistent with 
good commercial practice. Otherwise, it would have been an 
impossible task to prepare and rate over 1100 individual specimens 
representing 123 heats in the time allotted to this project. Further- 
more, it is our conviction that the final results endorsed our decision 
not to be handicapped by a more scientific (and more cumbersome) 
method of measuring nonmetallics in steel. 


PROCEDURE 


Both the 40 and the 75-millimeter gun tubes were made from 
a medium carbon chromium-nickel-molybdenum basic open-hearth 
steel of essentially the same composition. The carbon was kept 
slightly higher for the 75-millimeter guns, as were the limits for some 
of the other elements. Specifically, the chemical ranges are shown 
in Table I. 

The tubes were heated, time water-quenched to essentially mar- 
tensite, and tempered in a vertical position to the physical properties 
shown in Table II. Samples from both sizes of gun tubes were used 
in this investigation. A 434-inch O.D. by 1%-inch I.D. tube, pierced 
from a 6-inch round billet, served to make the 40-millimeter gun. This 
tube was upset to a 6-inch diameter on the breech end, from which 
position the transverse test pieces were obtained. The 75-millimeter 
gun samples were secured from the muzzle end of the 7%-inch O.D. 
by 23-inch I.D. tube which was pierced from an 8-inch round billet. 


wT 
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Table Il 
Physical Properties Required 
Size, Yield Strength Reduction of Area 
Millimeters (0.01%) min. (min.) Brinell Hardness 
40 110,000 psi 40.0 255-302 (Aim aes 
75 110,000 psi 35.0% 255-302 (Aim 285 


In all cases, the transverse specimens were taken from the midwall 
positions of the heat treated tubes and were located at least two- 
thirds of the wall thickness from the ends of the tubes. It had 
previously been shown that samples taken from these positions were 
essentially the same in quality of material and heat treatment as 
existed in the remainder of the gun tubes. 

At the time this study was inaugurated, acceptance testing of 
gun tubing consisted of duplicate (180 degrees apart) transverse 
tensile (and impact) tests taken from tubes representing the top, 
middle and bottom of the first, middle and last ingot of each heat. 
Thus, acceptance of the entire heat was judged by the 18 physical 
tests mentioned. One of each of the duplicate transverse tensile 
tests was selected for nonmetallic appraisal, resulting in 9 samples 
from the select positions in the ingots and heat. 

In preliminary examinations, it was found to be highly desirable 
to make the inclusion inspection as close to the fractured area of 
the tensile test as possible. Consequently, all specimens were taken 
so that the examined surface was truly in a longitudinal direction 
and intersected the fractured surface. (This was done in preference 
to polishing the fractured surface of the transverse tensile because 
it yielded a greater area for examination and had a better chance 
of retaining occasional inclusions or inclusion areas that may have 
affected the transverse ductility.) The area examined was the full 
width of the 0.357-inch diameter tensile test by a minimum of 
% inch in length, producing approximately 0.2 square inch of 
surface. 

The 9 samples from each heat were suitably mounted and 
polished to retain inclusions of all types. Examination was made at 
100 diameters magnification and rating given in accordance with a 
nonmetallic chart often used in our laboratory for rating various 
high quality alloy steels. This system was designed to appraise both 
quantity and type of inclusions present. Six arbitrary ratings are 
assigned to cover ‘the quantity range from an ideal (No. 1), very 
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Table Ill 
Inclusion Types 
Type Name Description 
A Spherical Silica glass 
B Irregular Particles Primarily isolated oxides 
Cc Discontinuous Stringers Oxides and brittle inclusions frag- 


mented and given directional 
properties during rolling 

D Continuous Stringers Silicates and sulphides malleable 
at steel rolling temperatures 


seldom or never attained, down to an amount considered unsatis-_ 
factory for practically all alloy steel applications (No. 6). (Our 
observers have been trained to appraise to the closest half rating and 
the reproducibility of this method will be shown later in this paper.) 

The types of inclusions rated are described in Table III. The 
relative quantity of each type inclusion is determined by estimating 
the per cent of each present in the specimen under observation, the 
total of the four types, of course, being 100%. Thus, typical ratings 
by this method would be as follows: 


Rating A B S D 
3 10 70 10 10 (1) 
5 saa 20 30 50 (2) 


The rating of “3” in the first illustration indicates quite satis- 
factory material with a predominantly “B”-type nonmetallic, which 
would appear to be highly desirable from the transverse ductility 
point of view. The second example, with a “5” rating, indicates less 
satisfactory material, having most of its inclusions in the stringer 
form, “C” and “D” type. 

While this method of indicating the cleanliness of steel does 
not permit the calculation of the volume percentage of each inclusion 
type in a sample, it does provide for a definite means of comparison 
from specimen to specimen and thus from heat to heat. If a sufficient 
number of tests fall into each rating group, a more significant com- 
parison of the relative effect of each inclusion type is possible. 

While several other methods of making quantitative inclusion 
determinations are more precise, the results of rating and rerating 
three heats of nine samples each indicate that the exact location of 
the area to be rated is of considerably greater importance than the 
actual mathematical calculation of the number and size of non- 
metallics in any one polished plane of a specimen. Results of this 


7 ll 








1950 CHROMIUM-NICKEL-MOLYBDENUM STEELS 459 


Table IV 
Rerated Heats to Determine Limits of Reproducibility 


Heat No. 33138 















































————Original Inclusion Rating Rerated 
Tube : % Type————-~ ; % Type————-~ 
Position Rating A B Cc D Rating B SS D 
oa 4.5 10 20 20 50 4.5 10 20 10 60 
1M 4 10 20 ‘a 70 4 10 30 60 
1B 4 15 20 5 60 4 20 20 60 
18 T 4.5 10 20 10 60 4.5 20 20 60 
18 M 5 10 20 20 50 4.5 15 15 70 
18 B 4 10 30 ia 60 4 10 20 70 
36 T 4 20 20 ae 60 4 20 20 60 
36 M 4 10 20 10 60 4 10 30 60 
36 B 4 10 40 ss 50 4 20 30 50 
_ Average 4.2 12 23 7 58 4.2 15 23 1 61 
Heat No. 33106 
Original Inclusion Rating Repolished and Rerated——. 
Tube % Type———_—~ % Type————_. 
Position Rating A B Cc D Rating A c 
. 2 5 10 40 30 20 5 10 40 20 30 
1M a 20 40 10 30 4 20 40 10 30 
18 T 3.5 5 55 20 20 4 20 60 sit 20 
18 M 4.5 10 30 30 30 4.5 20 50 10 20 
18 B 4 5 35 30 30 4.5 10 50 10 30 
na 4 5 45 20 30 4.5 20 40 10 30 
36 T $.8 20 40 10 30 4 30 40 10 20 
36 M 3 5 55 oa 40 4.5 20 50 10 20 
36 B ae 10 50 10 30 3.5 20 60 20 
Average 3.8 10 43 18 29 4.3 19 48 9 2 
Heat No. 33180 
-———— Original Inclusion Rating Repolished and Rerated —_~ 
Tube % Type————~ % Type——-— 
Position Rating A B G D Rating A B G D 
. = 4 60 15 5 20 5 30 50 20 
3M 4 10 50 10 30 5 30 50 pe 20 
2B 4.5 15 40 15 30 4 30 20 10 40 
18 T 6 20 50 10 20 5.5 30 40 he 30 
18 M $.§ 20 40 10 30 5 30 40 30 
18 B § 20 30 10 40 4.5 30 30 40 
36 T 4.5 10 70 20 . 30 50 20 
36 M § 20 30 20 30 5 30 40 30 
36 B 4.5 20 40 10 30 4.5 30 30 ie 40 
Average 4.8 22 41 10 27 4.9 30 39 1 30 


test to determine limits of reproducibility are shown in Table IV. 
It will be seen that heat No. 33138 when rerated on the same pol- 
ished surface on two different days, with the identity of individual 
samples not divulged to the observer, differed but little regarding 
both average inclusion rating and average per cent of each type 
present. This is contrasted by heats No. 33106 and No. 33180, 
which were rated and rerated on surfaces that were completely 
reground and repolished between determinations. Inspection of 
Table IV reveals a maximum variation of 1.5 in rating of individual 
specimens of repolished heat No. 33106 and a change of 0.5 in the 
average as compared with 0.5 maximum variation on the same area 
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Table V 
Average Transverse Tensile Properties and Nonmetallic Ratings 
of 40-Millimeter Gun Heats 
(Based on Nine Specimens per Heat) 








ty A Properties———. —Inclusion Determination— 
0 


Pro- Heat Y.S. (0.01 TS. —-% Ty 
ducer No. Type (1000 psi) (1000 psi) %RAT Rating A B c D 
G 32919 4337 Mod. 112 131 47.8 o.9 5 69 5 21 
G 32984 4337 108 129 43.8 4.3 51 14 35 
G 31932 4337 111 133 48.4 3.5 a: -36 @--16 
G 32985 4337 109 130 40.5 3.8 16 54 8 22 
G 30704 4337 115 135 45.4 3.8 22 43 Bae 
G 30675 4337 118 134 40.9 x , 23 48 4 25 
F 123143 4337 111 131 42.8 4.3 23: 622 5 47 
G 30663 4337 (Low Ni) 112 132 44.5 3.7 27 38 3-32 
G 28041 4337 115 133 45.5 4.0 4 §2 15 29 
G 30666 4337 (Low Ni) 112 133 47.2 3.3 oe 0 30 
G 28038 4337 (Low Ni) 116 133 47.8 3.3 30 43 0 27 
G 26629 4337 109 131 44.2 3.6 23 42 6 29 
G 31026 4337 (Low Ni) 108 130 49.3 3.6 38 38 3. ae 
G 29741 4337 (Low Ni) 114 134 50.8 3.5 40 48 0 12 
F 33106 4337 111 130 44.3 3.6 10 43 18 29 
G 30672 4337 (Low Ni) 108 129 50.5 Z.3 39 46 Oo 15 
G 29792 4337 111 132 50.8 4.4 23 64 0 13 
G 32206 4337 109 131 58.9 3.5 ae oe ‘on 1 
G 32161 4337 113 133 45.4 3.5 ee ae ae 
G 32117 4337 110 133 46.0 3.8 10 59 7 24 
G 29343 4337 108 128 49.4 3.5 20 64 6 10 
G 28563 4337 100 122 46.0 3.4 16 63 4 17 
G 32659 4337 103 125 50.5 4.6 19 55 oa 
G 32109 4337 112 128 45.9 4.4 38 33 1 28 
G 30710 4337 115 131 43.7 3.5 16 58 2 24 
G 32637 4337 105 125 $2.3 Due 9 72 6 13 
G 30313 4337 105 125 46.7 3.6 24 41 S$ fe 
= 127114 4337 106 127 43.4 3.7 7 46 5 42 
G 32951 4337 108 126 46.6 4.3 oe: ae os ae 
G 29496 4337 112 131 52.1 4.3 - a ae 
G 31091 4337 Mod. 112 131 46.8 4.0 23 53 5 19 
G 27526 4337 110 132 45.0 4.1 27 44 y ee 
G 32114 4337 115 131 47.4 3.6 23 42 6 29 
G 29494 4337 103 126 54.0 3.2 ya ea 
G 27121 4337 106 128 50.2 3.6 21 59 2 18 
G 27161 4337 109 128 54.6 3.3 32 56 oe 
G 27147 4337 99 123 52.3 3.4 / Te: Bae 
G 29846 4337 107 132 46.2 3.8 25 46 3 26 
G 32712 4337 102 122 48.2 3.4 18 45 1 39 
G 29850 4337 110 131 45.1 3.6 13 46 3 38 
G 31084 4337 111 129 46.6 3.7 18 44 5 33 
G 31762 4337 103 124 48.7 3.8 16 60 4 2 
G 30469 4337 112 131 48.0 3.6 aes. ee 
G 32208 4337 109 133 49.3 3.8 10 61 3 26 
G 32156 4337 111 132 46.5 3.9 tee jf. ee 
G 31081 4337 109 132 45.6 4.2 10 44 6 40 
G 30748 4337 111 133 43.7 4.4 12 31 : os 
G 32152 4337 114 130 45.8 4.3 17 - 32 1 30 
G 27522 4337 106 129 47.4 4.0 27: tan es 
G 26625 4337 107 130 50.5 4.4 1S.; 59 26 
G 29787 4337 109 132 49.9 4.4 30 44 26 


of each specimen and no significant change in average of heat No. 
33138. It was concluded that our method of rating the cleanliness 
of a heat of steel was well within the limits of error imposed by 
sampling, and that the average error was within 0.5 point on our 
chart. | 

In Tables V and VI are shown the average inclusion determi- 
nations of 9 specimens per heat (top, middle and bottom of first, 


a 
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Table VI 


Average Transverse Tensile Properties and Nonmetallic Ratings 
of 75-Millimeter Gun Heats (Based on Nine Specimens per Heat) 


Physical Properties———~. —Inclusion Determination— 





Pro- Heat Y.S. (0.01%) T.S. -——% Ty 

ducer No. Type (1000 psi) (1000 psi) % RAT Rating A B c D 
G 29455 4337 Mod. 116 132 42.0 3.9 4 27 16 53 
F 123128 4337 118 133 41.4 4.2 a 2... Oe 
F 83112 4337 118 133 41.6 4.4 37 30 ; ae 
F 113083 4337 113 129 42.3 4.4 24 25 2 49 
G 31958 4337 116 133 37.4 4.4 ia en 26. 32 
F 103125 4337 116 131 42.2 4.2 oa | 
F 73126 4337 112 126 40.3 4.5 13. 34 6 47 
F 103142 4337 117 132 $7.7 4.3 7 37 3 53 
F 113108 4337 117 132 43.5 4.5 aa ee 
F 103113 4337 112 127 44.9 4.0 18 45 3 34 
F 103141 4337 117 131 41.7 4.2 22 39 4 35 
F 113108 4337 118 133 32.4 4.4 28 19 53 
F 123159 4337 119 134 40.0 4.1 10 46 1 43 
F 43116 4337 117 133 42.3 4.0 5 & 5 45 
F 33137 4337 115 131 44.3 4.8 16 39 1 44 
F §3098 4337 117 132 43.0 3.7 2 50 2 46 
F 33138 4337 116 133 40.2 4.3 12 23 
F 113142 4337 115 130 38.6 4.5 6 20 11 63 
F 73166 4337 (Low Ni) 113 131 39.0 4.4 16 23 0 61 
F 43145 4337 (Low Ni) 115 133 42.0 4.5 23 26 0 51 
G 29645 4337 118 132 45.9 4.1 23 «Si 5 23 
G 27368 4337 119 134 40.5 4.0 21 36 3 40 
G 31006 4337 115 133 42.4 3.9 26 33 0 41 
F 93140 4337 . 119 134 36.3 4.8 1. 13..22. 
F 63151 4337 (Low Ni) 118 ie 373 4.2 17 19 S$ 61 
F 93141 4337 119 133 37.4 4.1 19 38 3 40 
F 93154 4337 119 133 40.2 4.3 15 29 4 52 
G 32068 4337 119 137 40.1 4.2 23 28 2 47 
F 33161 4337 (Low Ni) 118 133 38.1 4.7 12 24 3 61 
G 32061 4337 121 137 43.8 4.2 28 41 3 28 
G 27332 4337 Mod. 118 134 45.0 Sus on. oe 0 29 
F 53136 4337 (Low Ni) 122 137 39.0 4.3 10 23 3 64 
F 83166 4337 116 133 37.1 4.5 16 20 0 64 
F 113163 4337 121 139 34.4 4.2 32 33 3 $32 
F 43179 4337 122 138 34.7 4.2 12 33 a & 
F 33180 4337 119 137 35.4 4.7 22 40 10 28 
F 63168 4337 120 138 34.5 4.7 iz Ze 8 50 
F 93176 4337 120 _ 39.0 4.3 i. ae SS. 54 
F 33153 4337 121 137 38.3 3.8 18 35 4 43 
F 103022 4337 119 136 46.9 3.7 20 63 0 17 
F 63187 4337 118 134 40.5 4.2 10 39 4 47 
G 29684 4337 120 136 33.5 4.4 9S 22:23. 
F 113222 4337 120 134 38.9 4.7 aa ae o 3s 
F 33207 4337 122 136 37.6 4.7 23: Ga 0 45 
F 43195 4337 121 137 35.6 4.5 16 30 4 50 
F 43190 4337 118 135 32.2 4.9 13. 30 6 51 
F 93230 4337 118 133 38.5 4.7 14 44 2 40 
F 123180 4337 120 134 40.3 4.2 11 45 1 43 
F 33181 4337 120 135 36.5 4.5 10 28 2 60 
F 53205 4337 121 134 35.5 4.3 23 18 6 53 
F 103228 4337 115 129 34.3 4.8 16 32 3 49 
F 103210 4337 115 130 32.0 4.5 723 Ww @ 
F 123241 4337 115 135 31.0 4.6 s 27a oo 

“ee 128866 4337 115 137 46.0 4.0 S36: £8 :-... 2 
F 73211 4337 117 133 34.5 4.6 . oe. ae oe 
F 43188 4337 117 132 34.5 4.4 0 3..11 3 
F 43051 4337 116 137 29.6 4.7 4 ae OR 
F 123222 4337 116 131 36.5 4.0 25 46 3 26 
F 23194 4337 114 129 38.9 5.0 17 24 : oo 
F 63225 4337 117 132 42.1 4.2 32 20 5 43 
F 73210 4337 119 134 37.0 4.6 ala. SUC em 
F 123261 4337 Mod. 114 132 43.9 4.5 23...22 1 44 
F 93229 4337 117 132 40.6 4.2  ) ee 
F 33269 4337 119 133 38.2 4.3 wm we. «xs 
F 22408 4337 116 134 36.0 4.5 is. 20 2 60 
F 73166 4337 (Low Ni) 116 135 38.6 4.6 3 23 4 72 
F 103264 4337 118 135 39.7 4.0 ee ae ae 
F 23173 4337 : 118 135 39.6 3.8 10 43 0 47 
F 113007 4337 ' 118 135 36.3 4.4 13° Ze 4 56 
F 103260 4337 118 133 35.4 4.9 i ae kn ae 
F 113230 4337 120 135 35.5 4.5 10 16 + ee 
F 103250 4337 116 134 40.1 4.6 10 22 1 67 
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middle and last ingots) along with the average percentage reduction 
of area transverse, yield strength and tensile strength obtained from 
the same 9 samples. The strength values were deemed sufficiently 
uniform to be considered constant for both the 40 and 75-millimeter 
gun tubes, thus enabling a direct comparison to be made between 
reduction of area transverse and the nonmetallic characteristics of 
the steel. 


DISCUSSION OF RESULTS 


Average Per Cent Reduction of Area Transverse (RAT) Versus 
Average Inclusion Rating — Average inclusion rating (total content) 
is plotted versus the average per cent RAT in Fig. 1. It is well 
to bear in mind that this chart merely shows the influence of total 
nonmetallic content on transverse ductility without regard to type 
and/or distribution of these particles. 

It is at once apparent that a very definite correlation exists 
between per cent RAT and total inclusion content, although the 
40-millimeter gun tubes show. this to a much more limited degree. 
While none of the 40-millimeter gun heats averaged below the 
minimum allowable reduction of area transverse (40%), quite a few 
of the 75-millimeter heats did (35%), but only when the total 
inclusion content was rated greater than 4.1. The fact that no 
40-millimeter heats fell below the 40% RAT minimum is of great 
interest and significance, especially to alloy steel manufacturers. 
Since heats for both types of gun tubes were made in essentially the 
same manner by all producers and no pre-selection of heats for either 
application was practiced, one is forced to conclude that factors 
other than steel cleanliness per se exert considerable influence on 
transverse ductility. (The reader is here again reminded of the 
greater amount of hot working of the 40-millimeter gun tube breech 
as compared with the 75-millimeter gun tube muzzle.) It further 
follows that the final size, shape, method of manufacture, etc., of 
the part must be given due consideration when evaluating steel 
quality as “suitable’’ or “unsuitable” for a specific application. 

In assigning a numerical value to the inclusion content in terms 
of per cent RAT, Fig. 1 shows an area with an average slope of 
approximately 10% (dotted line) lowering of RAT for each unit of 
inclusion rating. This, it is believed, is quite significant, since a 
rating of 3.5 to 4.5 has always been considered perfectly satisfactory 
quality alloy steel. It is therefore to be stressed that the data do 


we 








1950 CHROMIUM-NICKEL-MOLYBDENUM STEELS 463 


Producer F 
Producer F ( Low Ni) 
Producer G 
Producer G (Low Ni) 
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Fig. 1—Range of 123 Heats When Plotting Average Inclusion Rating Versus Average 
Per Cent Reduction of Area Transverse. 
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not justify (nor suggest) the conclusion that the mechanical inter- 
ference of the nonmetallic particles themselves is wholly responsible 
for the lowering of transverse ductility by this magnitude. Undoubt- 
edly, a measurable part of the detrimental effect of nonmetallics on 
transverse reduction of area is a direct result of the discontinuity 
produced in the parent metal with its resultant ramifications. The 
point must not be overlooked, however, that these inclusions are 
the visible manifestation of the “working” of a heat from the time 
it is melted in the furnace, followed by the solidification in the ingot 
and the forming of the steel into the product to be examined. In 
other words, the rating of the nonmetallic content in the finished 
product affords the best practical means of evaluating the success 
of the melting and deoxidation practice employed for that particular 
heat of steel. Thus, not only do the nonmetallic particles exert their 
own physical influence but they also are a criterion of the deoxidation 
and other steelmaking practices employed. 

It is also interesting to note that as the inclusion content 
increases, the spread in ductility for a number of heats likewise 
increases. As will be shown later, this fact is more evident when 
individual specimen ratings are examined. 

Average Per Cent RAT Versus Average Per Cent Stringer- 
Type Inclusions—Plotting the data in this manner, Fig. 2 serves 
to emphasize the part played by the shape and distribution of the 
inclusions independent of the total content. This latter statement 
must be modified to the extent that as the nonmetallic content 
increases, the percentage of stringer-type inclusions usually increases 
as well (but not necessarily in direct proportion), thus making the 
two values somewhat interdependent. 

From Fig. 2 it will be seen that a definite relationship exists 
between average per cent RAT and average per cent C plus D-type 
inclusions. Unlike the total inclusion content, the spread at all 
percentages of C plus D is more nearly the same. The average 
slope of the area bounded by the two straight lines shown in Fig. 2 
is approximately 3% RAT decrease for each 10% C plus D 
inclusion-type increase. 

Average Per Cent RAT Versus Per Cent C Plus D at the Same 
Inclusion Rating—In order to eliminate any objection one might 
have to the previous method of evaluating the effect of type and 
shape of inclusions without weighting the total inclusion count, the 
charts shown in Fig. 3 were prepared. Points on each chart were 
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Fig. 3—Showing Effect of Stringer-Type Inclusions at Several Different Inclusion Ratings. 
(Individual specimens.) 


obtained by averaging the per cent RAT of all individual specimens 
falling in the same per cent C plus D group for the same total 
inclusion rating. The number of specimens averaged to obtain the 
per cent RAT value of each point is designated by the accompanying 
figure on the chart and thus affords a means of weighting each value 
when drawing the*best curve through these points. 

A straight line seemed to be justified for most inclusion ratings 
having sufficient specimens at enough points to definitely establish 
slope (none was drawn for inclusion rating No. 3 for the 75-milli- 
meter gun tube nor for rating No. 5 for the 40-millimeter gun tube). 
Only in the chart for the 4.5 inclusion rating for specimens from 
75-millimeter gun tubes was the slope of the straight line a question- 
able variation from the determined points. Even this conceivably 
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could be brought into line if more data were available for the 30% 
C plus D point which is the average for only 13 specimens. In view 
of all the other results in this group of curves, there was no reason 
to suspect that this one would be fundamentally different from the 
rest. Consequently, ‘the straight line shown in the chart is believed 
valid. 

The straight lines thus developed for each inclusion rating are 
summarized and reproduced in Fig. 4. These are in the nature of 
summarizing curves and can be used as a basis for concluding 
remarks which are as follows: 

1. As the percentage of stringer-type inclusions (C plus 
D) increases, the average per cent RAT decreases. That is 
true for both the 40 and 75-millimeter gun tube data, although 
the former has average curves of a steeper slope than the 
latter. The 40-millimeter results show that each 10% increase 
in stringer-type nonmetallics is responsible for an approximate 
2% decrease in per cent RAT at the same total inclusion 
content. This compares with about 1.5% decrease in per cent 
RAT for the 75-millimeter gun tubes for the same C plus D- 
type change. When this is compared with the 3% decrease 
observed in Fig. 2 (where the total inclusion content was 
ignored), the rather profound influence of the type of inclusion 
alone is clearly shown. 

2. Only minor deviation from a family of parallel curves 
suggests that the stringer-type nonmetallics are equally detri- 
mental in a relatively good and in a poor heat of steel. 

3. The type of nonmetallic inclusions has a greater effect 
than the total inclusion content on the transverse ductility of 
this type of steel. 

Individual Tests Versus Per Cent RAT for Each Inclusion Rating 
(Total)—In Fig. 5A is shown the per cent of specimens in each 
4% RAT group for five different inclusion ratings, while in Fig. 5B 
the total number of tests is shown for the same abscissa plot. Thus, 
because the more tharr 1100 individual specimens were still insuffi- 
cient to make a complete statistical study of inclusion effects in 
steel, the curves depicted in Fig. 5A were drawn with due consider- 
ation for the actual number of specimens used to determine each 
point. Not enough samples appeared in the No. 5 inclusion rating 
of the 40-millimeter gun tube tests nor in the No. 3 rating of the 
75-millimeter values to warrant the drawing of a curve, although 
the actual points obtained are shown in both figures. 

Careful scrutiny of Fig. 5 shows that a definite type of distri- 
bution curves is obtained, which in general follows an orderly 
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Fig. 4—Comparing Effect of Stringer-Type Inclusions at Several Different 
Inclusion Ratings. (Composite of Fig. 3.) 
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Fig. 5A—Showing Effect of Inclusion Rating on Per Cent Reduction of Area 
Transverse Distribution Curves. 


pattern. This statement is made with only slight reservation for 
the 40-millimeter gun tube data. While it is agreed that the smaller 
tube has for some reason been less affected by the total inclusion 
content of the steel, it is also believed that the number of tests is 
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inadequate and the method of making these tests and analyzing the 
data is relatively too coarse to permit small differentiations to be 
made. It is apparent that as the cleanliness of the steel decreases, 
the spread of per cent RAT values definitely increases, and in the 
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75-millimeter and combined 40-millimeter with 75-millimeter charts 
the peaks of the curves occur at progressively lower per cent RAT 
levels. These distribution curves are similar to those reported by 
Wells and Mehl (2) and quantitatively substantiate their belief that 
as gun steel progressively contains more inclusions, the “tail” or 
lower RAT values of the frequency curves is substantially spread 
out. The peaks of these individual curves are separately plotted in 
Fig. 6 and (with the exceptions previously noted and discussed) 
follow a marked pattern. For the 75 and 40-millimeter plus 75- 
millimeter data, the peaks appear to have an inverse linear relation- 
ship with the inclusion rating. From the data on hand, the 40-milli- 
meter tests were but slightly altered when the numerical inclusion 
tating was higher than 3.5. 


SUMMARY AND CONCLUSIONS 


While this work could be carried to a greater degree of 
precision by the addition of a much larger number of specimens 
(especially in the case of the 40-millimeter tests), the following con- 
clusions are believed warranted in relation to the chromium-nickel- 
molybdenum type gun steel studied in this investigation and apply 
in general to other good grades of alloy steel: 


1. There is a definite correlation between the average 
inclusion content and the average reduction of area transverse 
when based on 9 samples per heat selected from the top, middle 
and bottom of the first, middle and last ingots. Average RAT 
is lowered about 10% for each unit of inclusions rating 
decrease. 

2. A 10% increase in stringer-type nonmetallics decreases 
the average RAT about 3% when the total inclusion content 
is not considered. However, usually the stringer-type inclusions 
increase as the total inclusion content increases but not neces- 
sarily in a linear relationship for the two products studied. 

3. When the total inclusion content is a constant, a 10% 
increase in stringer-type nonmetallics results in a 2% RAT 
decrease in the 75-millimeter gun tubes and a 1.5% decrease 
in the 40-millimeter size. These values are fairly alike in both 
good and poor ratings. 

4. The type of inclusion content has a greater effect than 
the total nonmetallics on transverse ductility of this grade steel. 

5. Greater spread in the frequency distribution curves is 
produced as the total inclusion count increases. Also, the peaks 
of these curves occur at progressively lower per cent RAT 
values as the cleanliness decreases. 
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6. The 40-millimeter tests were much less affected 
by the total inclusion content of the steel than were the 75- 
millimeter results, even though the same steel quality require- 
ments were satisfied for both size guns. 

7. Steel quality standards should always take into consid- 
eration the size, shape, method of manufacturing, details of 
testing, etc., of the products under consideration in evaluating 


what limits are to be imposed as being “satisfactory” or 
“unsatisfactory”. 
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DISCUSSION 


Written Discussion: By Walter Crafts, chief metallurgist, Union Car- 
bide and Carbon Research Laboratories, Inc., Niagara Falls, N. Y. 

This paper represents a very substantial addition to the limited infor- 
mation on the quantitative effects of inclusions. The authors are to be 
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complimented not only on an excellent correlation, but also on the high 
level of transverse ductility in the subject steels. Some discussion of the 
melting and deoxidation practice used to obtain this high level of quality 
would be very helpful. 

The differences between the 40 and 75-millimeter heats are believed 
to be particularly significant. In addition to the variations in practice 
noted by the authors it is considered significant that the specified carbon 
content was lower in 40-millimeter heats that tended to have somewhat 
higher ductility. The ductility of castings, which is closely related to the 
transverse ductility of wrought steels, is principally dependent on inclu- 
sions. The inclusions in turn are governed mainly by sulphur, degree of 
oxidation and deoxidation practice. Aluminum additions tend to accen- 
tuate the criticality of the oxygen-sulphur ratio and, although helped by 
a calcium treatment, the inclusion types, because with a given furnace 
practice oxygen is mainly dependent on carbon, are controlled to a large 
degree by the relation between the carbon and sulphur contents. The 
critical carbon and sulphur contents vary with the practice but are par- 
ticularly significant in the range of 0.25 to 0.40% carbon and 0.025 to 
0.040% sulphur. For this reason a carbon variation that appears to be 
minor in amount may actually be quite critical in influencing the type of 
inclusions and the resulting ductility. 

Carbon content has also been found to have an important influence 
on the ductility of rolled steel in the longitudinal direction after quench- 
ing and tempering. If the normal maximum reduction of area for a given 
tensile strength be considered, few subnormal heats are encountered 
below 0.20% carbon. At 0.30% carbon there is a tendency for some heats 
to have less than normal ductility and at 0.40% carbon some heats have 
a characteristic ductility that is well below the normal expectation. It 
has been suggested that this effect of carbon is dependent on segregation, 
but this has not been demonstrated. It would appear, however, that 
higher carbon contents produce a marked tendency toward erratic duc- 
tility in the longitudinal direction in wrought steel as well as a lower 
ductility in castings. The authors’ comments on the effect of carbon 
content in their steels would be appreciated, as it appears to be a major 
factor in the control of ductility. 

Written Discussion: By E. A. Loria and R. L. Keller, Mellon Insti- 
tute of Industrial Research, Pittsburgh. 

This paper extends the series of valuable papers on gun steels pre- 
pared from OSRD-NDRC metallurgical research projects. Study of the 
effect of nonmetallic inclusions on transverse ductility of even one such 
steel is a difficult task. The authors’ classification of inclusions accord- 
ing to type and distribution is a sensible approach to the problem and 
their general conclusions appear justified. 

Under consideration are test specimens of one steel bearing five 
designations and made by three producers. It is to be inferred that the 
same sized ingot was forged for both gun sizes, probably somewhere 
around a 20-inch round being the average size for the three producers. 
From the information in the paper the reduced cross sectional area was 


ae 
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approximately 17 square inches for the 40-millimeter tubes and 35 square 
inches for the 75-millimeter tubes. In view of the reduction being roughly 
twice as much in the former as in the latter, one might expect more 
inclusions per square inch of area and a smaller size rating in the former 
when examining specimens for the two sizes at the same magnification of 
100 diameters. Stringer-type D inclusions would consequently be thinner 
and longer. Also, there would be about twice as many inclusions of all 
types in a specimen cut from a 40-millimeter tube as in a like sample 
taken from a 75-millimeter tube, assuming that both sizes were produced 
from the same melting practice, ingot size and location. 

In order to provide a direct comparison between the two sizes, one 
would believe it necessary to eliminate the greater amount of hot work 
in the 40-millimeter tubes, which is admitted by the authors on page 462. 
Accordingly, inclusions in test specimens from the 40-millimeter tubes 
should be rated at about double the magnification (200 diameters instead 
of 100 diameters) when compared with the test specimens from the 75- 
millimeter tubes. 

Of course, it is known that the effect of forging reduction is not to 
change the type of inclusions but to elongate the plastic silicates and 
sulphides and to fragment to a certain extent the refractory oxides. 
Notwithstanding, their appearance may be altered by the angle of cut of 
the test specimens and as a result their true shape may not become appar- 
ent. Therefore, it is believed that the authors should have obtained nearly 
the same rating for the two gun sizes processed by any producer employ- 
ing the same melting practice. Yet, in spite of the greater amount of 
reduction in the manufacture of the 40-millimeter tubes tending to pro- 
duce more stringer-type D inclusions, the ratings in Tables V and VI 
vary from high B and low D inclusion types in the 40-millimeter gun 
heats to low B and high D inclusion types for the 75-millimeter gun 
heats. These variations indicate a weakness in the sampling and rating 
techniques. Perhaps the fact that the 40-millimeter tubes were upset to a 
6-inch diameter on the breech end from which position the test specimens 
were obtained, whereas the 75-millimeter gun samples were secured from 
the muzzle end of the pierced tubes, may have made a difference in that 
the upsetting operation may have changed the direction and appearance 
of some of the inclusions in the 40-millimeter gun samples. 

In a recent. paper on seamless tube production, Breyer* confirmed 
the findings of others by reporting that the maximum segregation of 
inclusions occurs in the bottom cone of solidification. Therefore, it should 
be in order for the authors to verify if the inclusion quantity and charac- 
teristics were any different in the many specimens which correspond to 
the bottom position of ingots and which they rated in arriving at the 
average figures for all three positions given in Tables V and VI. The 
data for just three heats given in Table IV do show some differences in 


inclusion type and quantity between top, middle and bottom 
positions. 


ingot 





.. *G. Breyer, “Effect ‘of Mold Thickness and Cooling on Base Quality of Intermediate 
Size Ingots,”’ klectric Furnace Steel Proceedings, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 5, 1947, p. 59-66. 
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As shown in Figs. 1 and 2, Producer F made steel with a greater 
number of tensile specimens of 4.2 to 4.7 average inclusion rating or 40 to 
80% average C+D inclusions with lower RAT quality, especially in the 
75-millimeter tubes and the steel analysis processed into both 40 and 75- 
millimeter tubes. What was peculiar to this producer’s practice that 
resulted in this greater measure of lower quality? 

The authors have not mentioned in their paper some very important 
considerations which were discussed in their OSRD report (3) and which, 
we believe, should be included here as background information, since they 
have a direct bearing and are necessary for a more complete analysis of 
the subject. Their omission from the presentation raises questions which 
evolve around the following points: 

1. Specification of the melting practice of the different producers 
would be necessary to ascertain a practice which would produce basic 
open-hearth steel of consistently high RAT quality. Particularly their 
control of the oxidizing power of the slag and ladle deoxidizing tech- 
niques should be set forth. 

2. Optimum tapping and pouring temperatures and pouring times 
should be discussed in terms of inclusion quantity and RAT quality. Such 
factors were considered by Spretnak, Fetters and Layland* in a recent 
study of seamless gun tube production. 

3. The ingot dimensions employed by the three producers should be 
stated because of the direct correlation with the relative degree of reduc- 
tion in the two tube sizes and the resultant effect of the latter on RAT 
quality. Also, the authors should be concerned with mold design from 
the standpoint of nonmetallic and metallic segregation tendencies and 
their effect on the initiation of bore defects in the piercing process. 

One of the paramount factors in producing seamless gun tubes of 
high quality is the steelmaking practice. It vitally affects the work- 
ability, especially in the piercing process, and has a pronounced effect upon 
the mecHanical properties, for dirty steel seldom has a good RAT value. 
The more highly oxidizing and active slags cause greater loss of alloys 
while fast heats generally do not make good gun steel. Some investi- 
gators have specified that the best deoxidation practice is to use a com- 
bination of calcium silicide and aluminum thrown in while the furnace is 
tapping. As shown by this work, a practice that would produce inclu- 
sions which are predominantly spherical and irregular particles rather 
than discontinuous and continuous stringers would be preferred. 

Pouring temperature shows a definite correlation with gun quality. 
Skulled or cold heats usually contain more entrapped inclusions but our 
experience indicates that the absence of ladle skulls in pouring heats 
tapped at low temperatures is generally indicative of a clean steel. This 
is consistent with the hypothesis that steels of high inclusion count will 
tend to skull more rapidly than those of low inclusion count, when tapped 
at low temperatures. Furthermore, high FeO contents just prior to tap 
are known to correlate with abnormal inclusion contents in ingots. 


3J. W. Spretnak, K. L. Fetters and E. L. Layland, “‘Ingot Factors in the Production 
of a un Tubes,”’ Transactions, American Society for -Metals, Vol. 39, 1947, p. 
627-650. ae 
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Though we would like to have the fluidity that accompanies high tem- 
peratures, we do not like the higher oxygen levels that are reached with 
them. Therefore, a compromise is often necessary which is reached by 
the use of medium pouring temperatures. 

In the authors’ OSRD report (3) the ingot dimensions employed by 
Producers A and G in casting the heats of steel under consideration were 
given. Producer A employed three mold sizes: (a) 21-inch fluted round 
by 74-inch, (b) 21-inch fluted round by 68-inch, and (c) 19-inch fluted 
round by 68-inch, whereas Producer G used only the 21-inch fluted round 
by 74-inch size. Of the three, mold (b) is believed to be the best type 
since it provides the maximum diameter with the shortest height. Ingots 
cast in molds (b) and (c) should contain a greater agglomeration of inclu- 
sions at the midpoint of the tube wall than ingots from mold (a) but 
would have less bore heterogeneity, that is a decrease in undesirable 
nonmetallic segregation at the center which produces defects (hot rup- 
tures) on boring, really the most important surface to be considered in 
this application in view of the fact that bore defects caused, in part, by 
nonmetallic inclusions presented the greatest problem in the seamless 
tube production program. 

In an ingot cast in mold (a) there is more rapid cooling in the trans- 
verse direction relative to the vertical direction and the ingot would con- 
sequently not tend to solidify as readily from the bottom up as normally 
desired for killed steel cast in big-end-up molds. This means that there 
would be a greater tendency for segregation to move from the surface 
to the center in the smaller cross section, taller ingots. Thus bridging 
would be more likely to result, which would open the way for voids and 
center segregation, producing tears on boring. On the other hand, the 
shorter, wider ingots cast from mold (b) would have a greater tendency 
for inverted V segregation. It would be of interest if the authors could 
verify if their inclusion rating on specimens taken from the midwall 
positions of tubes processed from ingots cast in mold (a) contained less 
inclusions than those cast in molds (b) and (c), and if the records of 
bore rejections were higher in guns manufactured from ingots cast in 
mold (a) compared to molds (b) and (c). 

Since the significance of angular fracture in determining the quality 
of gun steel has been studied by various investigators, it would be note- 
worthy if the authors could give the percentage of the 1100 tensile test 
specimens which had this type of fracture and whether it was usually 
associated with lower than average RAT values. Also, if any flat breaks 
with X-shaped checks along the gage length were observed. 

Finally the importance of hydrogen should not be overlooked and it 
would therefore be worthwhile to specify if the tensile specimens were 
given an aging treatment prior to testing, such as boiling for several hours 
at 212 °F in order to lower the hydrogen content. It is generally known 
that the ductility of machined tensile specimens increases to a maximum 
as the elapsed time between machining and testing is lengthened. 
Recently Marshall, Garvey and Llewellyn‘ studied the relationship between 

*S. Marshall, T. M. Garvey and D. S. Llewellyn, ‘Relationship between Hydrogen Con- 


tent and Ductility of Steels,” Electric Furnace Steel Proceedings, American Institute of 
Mining and Metallurgical Engineers, Vol. 6, 1948. 
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hydrogen content and ductility of wrought steels and found that their 
data reflected an increase in ductility as the hydrogen content decreased. 
Probably, the distribution of hydrogen is the important, elusive factor to 
be considered in future studies. 

Written Discussion: By J. W. Spretnak, associate professor of metal- 
lurgy, Ohio State University, Columbus. 

Nonmetallic inclusions in steel long have been an object of study and 
speculation by metallurgists as to their origin and their effect on the 
behavior of steel in service. Indeed, after the adaption of the microscope 
to the study of the structure of metals, the examination of inclusions 
provided a convenient outlet for the energies of the metallographer. 
Nevertheless, through the years we have gathered very few quantitative 
facts about the effect of inclusions in steel. The present contribution of 
Messrs. Welchner and Hildorf is especially noteworthy since it is a quan- 
titative study of the effect of the amount and type of nonmetallic inclu- 
sions on the transverse reduction of area values in the tensile test. It 
has been well established that transverse ductility is a sensitive indicator 
of steel quality in terms of cleanliness. 

The over-all average values of RAT and yield strength for the 40- 
millimeter heats are the following: 

Y.S. —109,400 psi 
RAT— 47.51% 


The corresponding averages for the 75-millimeter heats are as follows: 


Y.S. —117,500 psi 
RAT— 38.65% 
Thus, a difference in RAT average of 8.86% between the two groups of 
heats remains to be explained. It will be noted that the 75-millimeter 
heats have an average yield strength 8100 psi higher than that for the 
40-millimeter heats. Employing the relationship established by Wells 
and Mehl that a 5000-psi increase in yield strength will bring about a 
1.5% decrease in RAT, it is evident that the difference in yield strengths 
accounts for only 2.55% of the observed difference of 8.86%. To explain, 
partially at least, the residual RAT increment of 6.31%, the average inclu- 
sion contents of the two groups of heats are examined. The average inclu- 
sion rating for the 40-millimeter heats is 3.79 and for the 75-millimeter 
heats it is 4.34. These are in the right order to explain a decrease in 
average RAT of the 75-millimeter heats. The role of inclusions in affect- 
ing the RAT average is even more clearly indicated by introducing 
another factor, namely, the inclusion rating for the C + D inclusions. This 
is obtained simply by multiplying the over-all inclusion rating by the 
combined percentages of the C and D type inclusions, The average 
C+D rating for the 40-millimeter heats is 1.14 and for the 75-millimeter 
heats is 2.34, or a two-to-one ratio. Thus, the major cause of the lower 
RAT average for the 75-millimeter heats lies in the increased inclusion 
content rather than the difference in yield strength. This is not to infer, 





°C. Wells and R. F. Mehl, “‘Transverse Mechanical Properties in Heat Treated Wrought 
Steel Products,” Transactions, American Society for Metals, Vol. 41, 1949, p. 715. 
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however, that the entire difference should be attributed to inclusion 
content and yield strength difference alone. 

It was of interest to calculate some correlation coefficients relating 
RAT to some inclusion parameters for the two groups of heats. For the 
40-millimeter heats, the following correlation coefficients were obtained: 


RAT vs Inclusion Rating r = —0.214 
RAT vs Inclusion Rating (C + D) r = —0.663 


For the 75-millimeter heats, the corresponding coefficients are the follow- 
ing : 


RAT vs Inclusion Rating r = —0.541 
RAT vs Inclusion Rating (C + D) r = —0.807 


(r = —1.0 indicates perfect negative correlation). 


These correlation coefficients serve to emphasize and corroborate the 
conclusions of the authors. The 40-millimeter heats were definitely less 
sensitive to variations in inclusion content than were the 75-millimeter 
heats. This point is of particular interest in that the amount of reduction 
by working in both practices was so large that it would not be expected 
that differences in the amount of working in this range would explain 
this behavior. Perhaps the difference in the inclusion content levels 
(particularly the C and D inclusions) of the two groups of heats is of 
significance. The correlation analysis shows that the content of C and D 
stringer-type inclusions is definitely more significant than the total inclu- 
sion content. Finally, the wise cautioning of the authors that inclusion 
content per se is not the only cause of variations in RAT is substantiated. 
The highest correlation coefficient obtained was r = —0.807, or about 64% 
of the variation in RAT is explained by the variation in the amount of C 
and D stringer-type inclusions. As the authors have stated, the inclu- 
sions should be evaluated not only in terms of their own direct effect, but 
also as indicators of the effectiveness of the steelmaking and the proc- 
essing operations. To completely explain the variations of RAT, consid- 
erably more knowledge of the effect of processing factors is needed. 

Written Discussion: By E. T. Walton, chief metallurgical engineer, 
Crucible Steel Company. of America, Pittsburgh. 

The paper is an excellent presentation based on information available. 
The Timken Roller Bearing Company made a valuable contribution to the 
war effort in producing seamless tubing from basic open-hearth steel for 
40 and 75-millimeter guns. The success of this program resulted from a 
very detailed study of every step in the operation from melting practice 
to finished heat treated tube. The results of this study, in my opinion, 
not only produced a satisfactory gun, but contributed to a better under- 
standing of quality control in several respects. The development and 
research done on this project has resulted in an almost record number 
of papers being written by those associated with the work. However, all 
these papers have been interesting and worthwhile. My company was 
one of the suppliers of steel and we feel that the experience was valuable 
to us in many ways. : 
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As to the present paper dealing with inclusion content and transverse 
ductility I do not feel that it needs very much comment or discussion. 
The possible effect of inclusions on transverse ductility is nothing new 
and I believe is known to all those associated with steel manufacture. 
I would like to say here that we use the inclusion rating method, referred 
to in the paper, on certain special steels and consider it good for general 
rating by heats. 

The conclusions seem well founded, based on data shown in the paper, 
and I accept this excluding all other possible causes for low RAT values. 
We must keep in mind that while inclusions do affect transverse duc- 
tility, this is only one possible cause for low values. The melting practice, 
casting and working have a direct influence, as well as heat treatment. 
While all manufacturers of steel for this program were using basically 
the same practice in melting, we know there was some variation due to 
opinions and conditions in the several plants. The deoxidation practice 
will influence directional properties and may not show up in an inclusion 
count. 

When we made this steel, the object was to produce a product which 
would show a good yield in finished guns. This did not necessarily mean 
the best inclusion count or RAT values. Some heats with highest RAT 
values gave highest rejections for other reasons. 

The statement is made that the 40-millimeter tests were much less 
affected by the total inclusion content of the steel than were the 75-mil- 
limeter results. In this connection we note that in Table V the inclusion 
rating on 40-millimeter guns is less than the rating shown in Table VI on 
75-millimeter guns. Also, as the two guns were made from approximately 
the same composition, could the effect of quench be a factor? While the 
data shown does not emphasize locations as being any different, we do 
know that most difficulty was experienced with bottom cuts. This, of 
course, is nothing new. 

I would like to emphasize the final statement in the paper to the 
effect that steel quality standards should always consider method of man- 
ufacture, size, shape, details of testing and end use requirements. 

Written Discussion: By Mary Baeyertz, senior metallurgist, Armour 
Research Foundation, Chicago. 

An enormous amount of work lies behind the paper just presented, 
and, as the authors recognize but pass over lightly, other factors besides 
inclusions may influence transverse ductility. It may be of interest to 
take a look at one of these factors. 

From the authors’ Tables V and YI, it is evident that the tensile 
strength values of the 40-millimeter gun heats as a group are lower than 
the tensile strength values of the 75-millimeter gun heats as a group, 
presumably because of the difference in carbon content of the two groups. 
The spread in tensile strength values over the two groups is 17,000 psi. 
In tensile tests of tempered martensite, the structural state under study, 
it is well known that the tensile strength and ductility vary concomitantly. 
As the tensile strength increases, the reduction of area values decrease. 
Then the question arises: how much effect does the 17,000-psi difference 
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in tensile strength have? Fig. 7 is an attempt to show this. 
Fig. 7 contains all of the data for both the 40 and the 75-miullimeter 
gun heats. The heats are divided into two groups of approximately equal 


140 


Legend 


Steel Cleanliness 


Ratings 
135 


x=4.land Less 
(52 Heats) 


130 


c= 42 ond More 
(66 Heats) 


125 


Tensile Strength, |OOO psi 





120 
30 40 50 60 70 
Reduction of Area, % 


Fig. 7—Effect of: Steel Cleanliness on the Relation of Transverse 
Tensile Strength and Reduction of Area. 


Table VII 
Distribution of Steel Cleanliness Ratings 
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number of heats, according to the cleanliness ratings representing the 
total quantity of inclusions; one with cleanliness ratings of 4.1 and less 
and the other with cleanliness ratings of 4.2 and more. The broken lines 
in the figure represent the trend of the transverse reduction of area values 
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with change in tensile strength for heats with cleanliness ratings of 4.1 
and less. It is evident that the trend of lower transverse reduction of 
area values with dirtier steel generally is to be observed in the upper part 
of the figure, but dirtier heats with lower tensile strength values are prac- 
tically absent. Thus it appears that some of the beneficial effect on the 
transverse reduction of area values that the authors have attributed to 
steel cleanliness may be only the shift in ductility to be expected with 
lower tensile strength. 

Taking the cleanliness ratings representing the total quantity of in- 
clusions in the authors’ Tables V and VI, the distribution is that shown 
in Table VII. On the whole the 40-millimeter gun heats are cleaner than 
the 75-millimeter gun heats; moreover, the 40-millimeter gun heats show 
maxima in the number of heats at cleanliness ratings around 3.5 and also 
around 4.3, while the 75-millimeter gun heats show a single frequency 
maximum around a cleanliness rating of 4.3. Also it is noted that the 
majority of the 40-millimeter gun heats are from Producer G, while the 
majority of the 75-millimeter gun heats are from Producer F. It would 
be interesting to know whether the authors believe that differences in 
furnace and pit practice in the two producers’ plants could account for 
the difference in the distribution of the cleanliness ratings. 

Written Discussion: By Cyril Wells, Metals Research Laboratory, 
Carnegie Institute of Technology, Pittsburgh. 

It is believed that the authors have determined more quantitatively 
than ever before the relation between nonmetallic inclusions and trans- 
verse ductility, and for this they should receive our gratitude. This 
determination has involved the use of a chromium-nickel-molybdenum 
steel quenched essentially to martensite and tempered to a yield strength 
of approximately 110,000 psi. In view of the authors’ results and those 
presented in a paper on the subject® it appears that certain continuous 
stringers which have a definite detrimental effect on transverse ductility 
in steels tempered to 110,000 yield strength may have no significant effect 
on determined transverse reduction of area values in steels tempered to 
75,000 psi (about 100,000-psi tensile strength), especially if reduced only 
3 or 4 to 1 by forging. 

There are some, namely Aitchison,’ Priestley,* and many others, who 
believe that the difference between transverse and longitudinal ductility 
in quenched and tempered forged steels is due almost entirely to the 
effect of nonmetallic inclusions on transverse ductility. Priestley® pre- 
sented data showing the tensile strength and reduction of area values 
for a longitudinal specimen taken froma forging to be about 102,000 psi 
and 65.8%, and tensile strength and reduction of area values for a trans- 
verse specimen taken from the same forging to be about 104,000 psi and 
63.5%. Obviously, at least part of one transverse specimen in this forging 


®Cyril Wells and Robert F. Mehl, ‘““Transverse Mechanical Properties in Heat Treated 
ao Steel Products,” Transacrions, American Society for Metals, Vol. 41, 1949, p. 
15. 


7L. Aitchison, ‘“‘Engineering Steels,’ published by MacDonald and Evans, London, 
1941, and also by D. Van Nostrand Company, New York, 1921. 


SW. J. Priestley. ‘‘Effect of Sulphur and Oxides in Ordnance Steel,’’ Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 67, 1922, p. 317. 
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had practically as much average ductility as a longitudinal specimen and 
it may be assumed that this particular transverse specimen was essentially 
free from detrimental inclusions. In addition, it is known that the varia- 
tion of longitudinal ductility in highest quality commercial forgings 1s 
quite small. Do the authors think that evidence such as the above justi- 
fies the conclusion that in a steel free from detrimental nonmetallic 
inclusions the average and variation of ductility would be essentially the 
same in both transverse and longitudinal directions, or do they support 
the opinion of others who believe that nonmetallic inclusions account 
only for a part, perhaps 50% or so, of the variation of transverse duc- 
tility in highest quality quenched and tempered forgings? 


Authors’ Reply 


The authors are indeed grateful to all of the discussers for their time 
and effort. The data presented in the discussions have greatly added to 
the information presented in this paper. It also emphasizes the lack of 
quantitative knowledge pertaining to the subject of nonmetallic inclusions 
in steel and serves to show in what direction additional work of this 
nature could profitably be directed. 

In response to Mr. Crafts’ request for more specific information con- 
cerning the melting and deoxidation practice used by all producers, it was 
briefly as follows: The charge consisted of approximately equal amounts 
of cold pig iron and scrap steel. Heats were silicon blocked in the furnace, 
with the manganese and chromium being added after block. Tapping of 
the heats took place about 30 minutes later. The aluminum and calcium 
silicon additions were made in the ladle. Aluminum additions corre- 
sponded to 14% pounds per ton of steel. Attempts were made to keep 
the FeO in the slag as low as possible. In general, it can be said that 
the same practice was employed by all producers exclusive of variations 
which are bound to creep in from heat to heat and from one plant to 
another. (The effect of steelmaking practice on gun tube quality, includ- 
ing measures of quality other than inclusion content and transverse duc- 
tility, constituted another phase of this investigation and was reported 
in detail in Ref. 3 of this paper.) 

With further reference to Mr. Crafts’ discussion, we are pleased to 
have his observations concerning the critical relationship of carbon and 
sulphur in the range contained in this steel. Unfortunately, we are not 
able to comment on this exact point since the original data are no longer 
available for scrutiny. However, in the original study no definite rela- 
tionship was noted between carbon and sulphur content and steel quality 
as rated by per cent rejections due to macroetch, bore defects, etc. This 
latter statement in no way contradicts Mr. Crafts’ remarks, since there 
are so many variables involved in manufacturing a finished gun tube 
they could easily mask such a condition. 

Messrs. Loria and Keller have added several significant points which 
should help clarify the authors’ presentation of the subject. Several of 
the questions raised, im their discussion pertain to steelmaking practice, 
so, as stated before, were not considered in this paper. Referring spe- 











484 TRANSACTIONS OF THE A. S. M. Vol. 42 
cifically to their criticism of directly comparing the 40 and 75-millimeter 
gun tube data, we wish to add our objections also. As stated in the 
paper, there are some important differences in the working and sampling 
of these different size gun tubes. Consequently, all the data were pre- 
sented separately for the 40 and 75-millimeter gun tubes and were com- 
bined merely to illustrate certain similarities and to contrast the differ- 
ences. These remarks serve to emphasize the authors’ conclusion that 
steel quality standards cannot logically be set without due consideration 
for the specific product to be manufactured. 

While we had no voice in the sampling method used, since this was 
established in the Ordnance Department’s acceptance specification, Messrs. 
Loria and Keller’s objection to the rating technique warrants our com- 
ments. It was readily admitted that the method is not mathematically 
precise and thus from an academic viewpoint could be criticized. It was 
chosen, however, because ratings could be made in a reasonable length 
of time in a commercial laboratory, thus enabling us to examine many 
more specimens, and it could be duplicated within limits of error less 
than would normally be encountered by rating two successively polished 
surfaces of the same specimen. We therefore believe that the data can 
be quantitatively compared between 40 and 75-millimeter guns and that 
the differences which manifested themselves were due to causes other 
than rating technique. 

At this time, because the specimens are no longer available, no com- 
ments can be made comparing :-the inclusion content of the bottom ingot 
position with the average for the heat. For the same reason, we cannot 
state the percentage of cup and angular fractures found in the 1100 
samples. However, Wells and Mehl (2) in a study of similar type mate- 
rial found that angular fracture as such did not necessarily mean low 
RAT. If accompanied by high inclusion content, the angular fracture 
gave low RAT and vice versa. They stated that the RAT values of 
angular and cup fractures overlapped quite a bit but, in general, the 
average RAT of cup fracture was higher than that of the angular type. 

The tensile specimens used in this study were given no special treat- 
ment such as boiling for several hours at 212°F prior to testing. The 
time between machining and tensile testing varied from a few minutes 
to several hours, depending on conditions accompanying commercial 
testing of steel. 

It is gratifying to have Dr. Spretnak’s corroboration of the authors’ 
conclusions in general. The method of calculating correlation coefficients 
is an approach somewhat different from that normally used. The fact that 
this method also points out the fallacy of attributing all of the RAT varia- 
tion to inclusions per se is not to be overlooked. 

We particularly welcome Mr. Walton’s remarks, since they come from 
one of the steel suppliers and exemplify the practical considerations of 
the problem. Whereas this paper deals only with the relationship of 
RAT and inclusion content of this gun steel, the ultimate guide in manu- 
facture was the final rejection figure for all causes. In answer to the 
specific question of effect of quench in the two size tubes, we do not 
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believe this to be a factor, since several 75-millimeter guns when explored 
transversely for hardness appeared to be fully quenched throughout. 

Dr. Baeyertz’s point that factors other than inclusions influence trans- 
verse ductility should be stressed is well received. We, perhaps, did not 
emphasize this point enough. Admittedly, there is a difference between 
the average strength values of the 75 and 40-millimeter gun tubes. This 
difference in material of this type could be compensated at the rate of 
1.5% RAT for each 5000-psi yield strength, according to Wells and 
Mehl (2). However, even such compensations will not change the gen- 
eral trends as pointed out by the authors. This is further substantiated 
by the work of some of the discussers of this paper. However, the chart 
and figure prepared by Dr. Baeyertz are indeed more clarifying and are a 
welcome contribution to this work. 

Dr. Baeyertz also points out the difference between Producer G and 
Producer F steel. While, as previously stated, all steel producers were 
using essentially the same steelmaking practice, there no doubt were some 
significant differences which are not readily measurable. How these could 
be detected, evaluated and controlled was the subject of several other 
investigations, one phase of which was reported by Mr. Mravec and the 
authors (3) at an earlier date. 

Finally, Dr. Wells’ remarks are especially pertinent, since he has done 
so much excellent work in connection with the gun steel problem in gen- 
eral. We are unable to subscribe to the belief that differences in longi- 
tudinal and transverse ductility in a steel of this type is “due almost 
entirely to the effect of nonmetallic inclusions” as advanced by Aitchison, 
Priestley and others. Some reasons for this were pointed out in this 
paper. Mr. Spretnak confirmed this conclusion by an entirely different 
approach, as described in the discussion of the present paper. Conclusions 
based on single specimens (Priestley’s data) appear to be highly debat- 
able. Besides, how can one assume that even as small a sample as a 
tensile specimen contained no longitudinal inclusions in the entire test 
area? 








TRANSVERSE DUCTILITY. VARIATIONS IN LARGE 
STEEL FORGINGS 


By Epwarp A. LorIa 


Abstract 


Average and variation of transverse reduction of area 
have been determined for large heat treated forgings made 
from 36-inch and 48-inch ingots and correlated with origi- 
nal ingot position. Studies have been made of the effect 
of ingot size and forging reduction on transverse ductility. 
In order to develop the relationship, a ratio which illus- 
trates the transverse weakness is derived from average 
results obtained on forgings processed from 24 to 60-inch 
ingots. The range of values is correlated with the possi- 
ble formation of a coarse dendritic structure in large ingots 
and the coalescence of inclusions which are drawn out into 
appreciable stringers during forging. The _ transverse 
reduction of area quality of forged material made from 
72-inch ingots containing different amounts of segregated 
sulphides is evaluated and discussed. 


ARGE forgings offer metallurgical problems of considerable im- 
portance. Once having a sound ingot, the variation in mechan- 
ical properties found in the completed forging, depending on whether 
the test piece is cut in a parallel, transverse or radial direction to 
the axis, is one such problem. This effect is generally not noticeable 
in the tensile strength but is evident in the ductility as measured by 
elongation and reduction of area in a tensile test and by notched-bar 
impact tests. The properties in a transverse direction are affected 
by the degree of reduction but arise primarily from the original ingot 
heterogeneities. Consequently, control of steelmaking practice is a 
significant factor which has been considered by Mravec, Welchner 
and Hildorf (1)' and by Ascik (2). 

In a recent paper, Wells and Mehl (3) gave a summary of 
knowledge gained mainly from a comprehensive statistical study of 
transverse mechanical properties of wrought gun tubes. Their work 
has shown that the reduction of area in the transverse direction can- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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not be stated as a single value but must be described by a frequency 
curve which has a spread of values of approximately 20% for the 
best of the gun forgings studied. Such forgings really constitute a 
special type of product made from long, slender ingots. The material 
in this paper was gathered in the course of two investigations which 
were recently published (4, 5) and is presented to provide some 
information on larger forgings produced mainly from acid open- 
hearth ingots. No one really knows what actual merit transverse 
reduction of area has as a criterion of the serviceability of steel forg- 
ings in general, but as an indication of quality it is an appropriate 
index. 

A review of the literature on transverse ductility has indicated 
that the difference between longitudinal and transverse values is really 
a measure of ingot heterogeneity. Melting is the first stage in which 
the quality of steel is created. In the next stage, that of the solidified 
ingot, chemical and physical heterogeneity determine its quality. 
Such phenomena as irregular fractures, low tensile and low impact 
values are caused by this physical or chemical heterogeneity of the 
ingot. Dendritic pattern and nonmetallic inclusions are part of this 
manifestation and their influence becomes apparent in this discussion 
of the relation of transverse reduction of area quality with ingot size 
and forging reduction and the significance of variations, especially 
in their relation to sulphide inclusions. Standard procedures were 
followed for the determination of mechanical properties. Tensile 
specimens of standard geometry were used for the attainment of ten- 
sile properties in the longitudinal and transverse directions. The 
transverse specimens were taken from midradius positions in solid, 
heat treated forgings processed from 24 to 72-inch round ingots cast 
in big-end-up, fluted molds. 


RELATION OF TRANSVERSE REDUCTION OF AREA QUALITY 
Wir Incot S1zE AND ForGInGc REDUCTION 


Tensile tests from large forgings are customarily taken in dupli- 
cate from both ends because of the tendency to form a coarse dendritic 
structure and larger inclusions in the raw ingot which, in turn, may 
produce pronounced directional properties in the forging. In order 
to study the effect of reduction of area quality with ingot position, 
tensile tests were made on solid shafts of 30-inch diameter forged 
from 48-inch round acid: ingots which were 120 inches long and 
weighed about 100,000 pounds. Usually one forging was made from 
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an ingot but sometimes an ingot was split into two shafts, thus per- 
mitting the procurement of drillings which conformed to the middle 
position of the raw ingot. Such forgings were quenched in water and 
tempered to an average tensile strength of about 90,000 psi. Their 
composition range lay between the following limits : 
C Mn Si P2 S 
0.35-0.42 0.60-0.90 0.15-0.30 0.040 0.040 

Two frequency curves are shown in Figs. 1 and 2, each being: based 
on 110 tests and a forging ratio of about 2 to 1.2. It can be seen that 
the transverse reduction of area varies with the sampling position 
but there is no comparable effect in the longitudinal tests. Calcu- 
lated average and standard deviation figures based on transverse 
reduction of area values from specimens takén from the (a) top, 
(b) middle and (c) bottom sections of the ingots are (a) 29.7 and 
4.6%, (b) 29.0 and 4.7%, and (c) 27.6 and 5.2%.* The greatest 
number of low values occur in the forged sections corresponding 
to the bottom portions of the ingots, which correlates with the occur- 
rence of high melting, refractory inclusions in that position. Such 
low values are more noticeable after heavy forging if the original 
ingot was of inferior quality. Inclusions which have a pronounced 
detrimental influence on the effect of forging reduction on the trans- 
verse reduction of area usually have comparatively little influence on 
such factors as the effect of forging reduction on longitudinal reduc- 
tion of area. 

Also, for steel of the same composition, transverse tensile tests 
were taken from the ends of 9-inch diameter solid forgings produced 
from 36-inch round acid ingots which were 120 inches long and 
weighed 50,000 pounds. The frequency curve shown in Fig. 3 illus- 
trates the distribution of the transverse reduction of area values for 
a forging ratio of 4 to 1. The curve is based on 60 tests having a 
quenched and tempered tensile strength of around 92,000 psi, the test 
blanks being taken in duplicate from the midradius positions and 
located more than two-thirds of a diameter from the nearest end. 
The calculated average transverse reduction of area and standard 
deviation figures are 29.0 and 5.6%. No attempt was made to differ- 





*The forging ratio is the ratio of the area of cross section of the ingot before to that 
after forging; the forging ratio obviously approaches 1 to 1, no forging reduction, as a limit. 
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8Standard deviation values (¢) have been calculated from the formula o = V ras X? 





where X = transverse reduction of area values, X = arithmetic mean of X values, and 
n = total number of X values. 
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Tensile Strength 90,000 psi 





% of Values 





> la tf 21.25 & 33 37 41 

i2 16 20 24 28 32 36 40 44 

Transverse Reduction of Area, % 
Fig. 1—Frequency Curves for Plain 
Carbon Steel Forgings Made from 48-Inch 
Ingots. Curves are based on 110 values. 


B—Bottom of ingot. M—Middle of ingot. 
T—Top of ingot. 


Tensile Strength 90,000 psi 
Forging 
Ratio 


4| 45 49 53 57 6! 65 69 
44 48 52 56 60 64 68 72 


Longitudinal Reduction of Area, % 


Fig. 2—Frequency Curves for Plain 
Carbon Steel Forgings Made from 48- 
Inch Ingots. Curves are based on 110 
values. B——Bottom of ingot. M—Mid- 
dle of ingot. T—Top of ingot. 


entiate the results obtained from the top and bottom ends of the 
forgings which corresponded to the same positions in the ingots, but 
the microscopic examination of transverse sections taken from these 
positions was fully described in a previous paper (4). Briefly, the 
inclusions were mainly complex silicates and duplexed sulphides, 
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with the former being more numerous in the bottom sections, which, 
no doubt, produced the “tail” or the tendency for the frequency curve 
to be skewed toward lower values. 

Among the principal facts on the effect of forging reduction on 
transverse ductility are that longitudinal ductility is superior to trans- 
verse no matter whether the forging ratio is light or heavy, and that 


Tensile Strength 
92,000 psi 
Forging Ratio 4:1 


% of Values 





5 9 13 7 2 2 29 3S SF 4 
8 12 16 20 24 28 32 36 4044 


Transverse Reduction of Area, % 


Fig. 3—Frequency Curve for Plain Car- 
bon Steel Forgings Made from 36-Inch In- 
gots. Curve is based on 60 values. 


the transverse weakness is the more apparent after heavy forging if 
the original ingot was of inferior quality. A forged structure has 
better tensile properties than the raw ingot. Therefore the longi- 
tudinal and transverse ductility both increase up to a certain limit 
and then become stable as the forging proceeds. Since longitudinal 
ductility increases more rapidly, transverse weakness increases up to 
a limit. 

An attempt has been made to reduce these qualitative statements 
into a quantitative expression in the diagram presented as Fig. 4, 
where the abcissa is the forging ratio, ingot to forging, and the ordi- 
nate is the ratio of longitudinal reduction of area (RAL) to trans- 
verse reduction of area (RAT), which illustrates the transverse 
weakness of the forging. In order to develop the relationship, aver- 
age values obtained on heat treated forgings from large ingot sizes 
by various investigators are included. The results of Maurer and 
Korschan (6) for forgings produced from 200,000-pound acid ingots 
which were 60-inch round and 120 inches high and those obtained 
by Maurer and Gummert (7) in processing 90,000-pound basic 
ingots, 56-inch round and 112 inches high, are considered. Also, the 
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average values of Mehl, Wells and Klimas (8) for 16,000-pound 
basic ingots, 26-inch round by 106 inches high, reduced to various 
forging ratios are given. To these data are added the results from 
this investigation on 48-inch round by 120 inches high, 100,000-pound 
acid ingots, the RAL/RAT value plotted in the diagram for a 2 to 1 
reduction being the ratio of the determined average of 57.5% for 


Ratio of RAL / RAT 


100 ton acid ingots (6) 
45 ton basic ingots (7) 
50 ton acid ingots 

25 ton acid ingots 

6 ton basic ingots 

12 ton basic ingots 

8 ton basic ingots (8) 





Forging Ratio 
Fig. 4—Effect of Forging Reduction on Ratio of 


Longitudinal and Transverse Reduction of Area in 
Heat Treated Forgings from 24 to 60-Inch Ingots. 


longitudinal reduction of area and 30.0% transverse reduction of 
area. Also, the value for a 4 to 1 forging ratio on the previously 
discussed 36-inch by 120 inches high, 50,000-pound acid ingots, cal- 
culated from the averages of 57.8% longitudinal reduction of area 
and 29.0% transverse reduction of area, is included. In addition, 
the average results for forgings produced from two ingot sizes of a 
grade lying between the following limits are considered: 
C Mn Cr Mo V 
0.32-0.35 0.85-0.90 1.00-1.20 0.45-0.50 0.20 
Such heats of basic electric steel were either cast into ingots 
with a 24-inch or a 34-inch round section just below the hot top, 
their respective weights and heights being 12,000 pounds and 96 
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inches and 25,000 pounds and 120 inches. The carbon was kept 
slightly higher for the 34-inch ingots as were the limits for some of 
the other elements. The ingots were subsequently forged into tubes 
having a maximum O.D. of 7.5 inches and an I.D. of 3 inches for the 
former and a maximum O.D. of 11 inches and an I.D. of 4.7 inches 
for the latter. They were water-quenched and tempered to a tensile 
strength of about 120,000 and 140,000 psi, respectively. The 
RAL/RAT ratio for the 24-inch ingots forged to a 3 to 1 reduction 
is based on 130 tests, the determined average of longitudinal reduc- 
tion of area being 62.3% compared to 46.3% for transverse reduc- 
tion of area. For the 34-inch ingots, also forged to a 3 to 1 ratio, 
the RAL/RAT value calculated from the determined averages of 
120 tests which were 59.0% longitudinal reduction of area and 41.5% 
transverse reduction of area. 

The limiting curves are seen to enclose all the values for ingots 
of excellent quality, and support the contention that the longitudinal 
and transverse ductility both increase up to a certain limit and then 
become stable with continued forging. The broken line on the dia- 
gram denotes the fact that the transverse weakness of forgings made 
from inferior steel will continue to increase as the amount of reduc- 
tion increases, even far beyond a forging ratio of 10 to 1, where it 
ceases to have further influence on the transverse weakness of forging 
steels of good quality. An examination of the complete data on large 
forgings reveals that the maximum beneficial effect of forging on 
longitudinal reduction of area is reached when the forging ratio is 
2 to 1, and that between 2 to 1 and 4 to 1 practically no further 
increase of longitudinal reduction of area occurs; the observed maxi- 
mum increase of longitudinal reduction of area above a comparable 
value in the raw ingot is about 10%. It is suggested, though not 
certainly, that the maximum beneficial effect of forging on transverse 
reduction of area is also reached at a 2 to 1 reduction. One would 
expect that the optimum reduction to give the maximum increase of 
transverse reduction of area and longitudinal reduction of area 
depends a good deal on the thoroughness of the forging operation; 
consequently it is believed that the maximum beneficial effect is 
likely to be reached at a lower forging ratio for small forgings than 
for large forgings. However, this practice cannot always be fol- 
lowed in very large forgings and the reduction may be as low as 2 
to 1, which, on the basis of the data just presented, appears to pro- 
duce as good a ductility as can be expected. 


ae 








1950 LARGE STEEL FORGINGS 493 


The range of RAL/RAT values for large, solid forgings is 
somewhat higher than those obtained in wrought gun tubes by Mehl 
and his collaborators (8). This result would be expected when one 
considers the greater possibility for growth of inclusions which are 
drawn out into appreciable stringers during forging and the forma- 
tion of a coarsely dendritic structure in large ingots. It is often 
necessary to set a minimum limit for the reduction of a coarsely 
dendritic steel in forging. Exceptions to this rule are found in 
ingots of fine crystalline structure which can be formed in certain 
steel grades and by the degree of superheat in large ingots. The 
latter is expended rapidly, within a half hour of pouring, and then 
the solidification rate is on more even terms with that in a smaller 
ingot. 


EFFECT OF SULPHUR ON TRANSVERSE DUCTILITY 


It has long been recognized that the amount and distribution of 
sulphides in acid open-hearth forging steels are important causes of 
defects producing low transverse reduction of area values. Sulphur 
printing provides a means of revealing the relative size and distribu- 
tion of sulphide inclusions. Generally, sulphides are not particularly 
harmful inclusions; only if they are sizable, numerous and continu- 
ous can they lower the ductility properties. Of greater importance, 
their relative distribution is approximately the same as the other types 
of inclusions and thus indicative of the general quality of the steel. 

To illustrate the transverse reduction of area quality of forged 
material taken from two ingots.containing different amounts of seg- 
regated and deep-etching sulphides, Figs. 5 and 6 are presented. 
Their analysis range is: 


Cc Mn Si r S 
0.30-0.40 0.55-0.90 0.15-0.30 0.050 0.04-0.05 


Each ingot was of 72-inch diameter, 100 inches high, and weighed 
about 120,000 pounds. The depicted sections were taken from the 
central region of transverse slices which were produced by mandrel 
forging. After forging to an inside diameter of 40 inches and a wall 
of 10 inches, slices were taken at various positions which conformed 
to the bottom, middle and top portions of the raw ingot. A section 
was then cut at right angles to the slice itself and represents the 
longitudinal surface parallel to the eiongation induced by the forge 
pressing operation’ and perpendicular to the forge-pressed surface. 
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Tensile test specimens were machined from the quenched and tem- 
pered sections and had an ultimate strength of around 90,000 psi. 

Fig. 5 illustrates the conformation of the sulphides in forged 
sections, which correspond to the bottom, middle and top areas of an 
ingot that had a relatively light concentration of sulphides. Fig. 6 
shows the same for an ingot that had a comparatively heavy concen- 
tration of such inclusions. The transverse reduction of area value is 
included for each section. The results indicate that, on the average, 
such values are as high for specimens which have well-distributed 
segregates as for specimens which are relatively free from short 
stringers. However, when the concentration of continuous and siz- 
able sulphides becomes more appreciable, the transverse reduction of 
area values are definitely lowered, the effect being particularly mani- 
fest in those sections where the heavy sulphide segregates are drawn 
out in bands. 

Only appreciable quantities of continuous sulphide stringers in 
large forgings of a plain carbon steel tempered to one tensile strength 
level lower the transverse reduction of area significantly. In connec- 
tion with sulphide-rich regions, it has been observed that they may 
also be positively segregated with respect to other elements such as 
carbon, silicon and manganese. In fact, as the original ingot size 
increases marked segregation and agglomeration of inclusions occur 
as a natural consequence. All A segregation is progressively en- 
trapped from the sides of the mold, that is, transversely in layers, 
whereas the V segregation occurs in a vertical core and assumes a 
wide semicircular pattern which extends to the top of the ingot 
instead of the sharp V segregation observed in the centers of smaller 
ingots. 

In the acid open-hearth steels under consideration, the inclusions 
were mainly complex silicates and duplexed sulphides. Their appear- 
ance and distribution have been considered previously (4, 5). Gen- 
erally their effect as rolled-out segregates following forging produces 
directional properties of varying degree. In a tensile test, appre- 
ciable sulphide segregates can produce either a sliding fracture with 
a smooth appearance or a coarse crystalline fracture with very little 
reduction of area. This mode of fracture may be the result of “dirty” 
steel or the position of the tensile test across the sulphide segregate. 
Inclusions which may be complex oxide-silicates or clusters of angu- 
lar oxides can yield angular fractures or flat breaks with low trans- 
verse reduction of area qualities. In such fractures small crystalline 
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bands which are parallel to the forging axis may be readily apparent. 
In some instances the fracture may have a laminated appearance, 
very often of a dull gray color, and it is possible to see, with the aid 
of a low-power binocular, streaks of olive green material running 
across the fracture. Such inclusions almost invariably cause low 
transverse ductility values in the tensile test. 


SUM MARY 


Variation of transverse reduction of area quality within plain 
carbon steel forgings processed from 36 and 48-inch ingots is illus- 
trated by frequency curves. In sampling various ingot positions, the 
greatest number of low values occur in the forged sections corre- 
sponding to the bottom sections of the ingots. Apparently, inclusions 
which have a pronounced detrimental influence on the effect of forg- 
ing reduction on the transverse reduction of area usually have com- 
paratively little influence on the effect of forging reduction on longi- 
tudinal reduction of area. The maximum difference in the transverse 
reduction of area values taken from these large, solid forgings 
amounts to 20 to 25% and parallels the frequency spread obtained 
on wrought gun tubes manufactured from smaller ingots. 

In order to develop the relationship between forging reduction 
and the ratio of longitudinal reduction of area to transverse reduc- 
tion of area which illustrate the transverse weakness, average values 
obtained on forgings made from 24 to 60-inch ingots are presented. 
The data demonstrate that the maximum beneficial effect of forging 
on longitudinal reduction of area is reached when the forging ratio 
is 2 to 1; between 2 to 1 and 4 to 1 practically no further increase 
of longitudinal reduction of area occurs. It is suggested, though 
not certainly, that the maximum beneficial effect of forging on trans- 
verse reduction of area is also reached at a 2 to 1 reduction. The 
range of RAL/RAT values for large, solid forgings is somewhat 
higher than those obtained in wrought gun tubes. This result would 
be expected when one considers the greater possibility for the co- 
alescence of inclusions which are drawn out into appreciable stringers 
during forging and the formation of a coarsely dendritic structure in 
large ingots. 

The transverse reduction of area quality of forged material taken 
from two 72-inch ingots containing different amounts of segregated 
sulphides is considered. The results indicate that, on the average, 
such values are as high for specimens which have well-distributed 
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segregates as for specimens which are relatively free from short 
stringers. However, when the concentration of continuous and siz- 
able sulphides becomes more appreciable, the transverse reduction of 
area values are definitely lowered, the effect being particularly noted 
in those sections where the heavy sulphide segregates are drawn out 
in bands. Only such quantities of sulphide stringers in large forg- 
ings of plain carbon steel tempered to a relatively low tensile strength 
level decrease the transverse reduction of area significantly. 
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A STUDY WITH NEW EQUIPMENT OF THE EFFECTS 
OF FATIGUE STRESS ON THE DAMPING CAPACITY 
AND ELASTICITY OF MILD STEEL 


By B. J. Lazan 


Abstract 


Initial work on a research program for correlating 
fatigue, damping, and elasticity behavior of materials and 
structures under sustained cyclic stress indicated the 
inadequacy of existing testing equipment, particularly for 
damping measurements at high stress levels. One of two 
new dynamic testing machines developed for this work, a 
rotating cantilever beam machine, is described. Test data 
are presented to indicate the changes in damping capacity 
and dynamic modulus of elasticity of hot-rolled mild steel 
during a fatigue test. In general, cyclic stress below 80% 
of the fatigue limit has little effect on damping and 
elasticity, whereas stress applied between this cyclic stress 
sensitivity limit and the fatigue limit increases damping 
as much as 2500% and reduces modulus as much as 11%. 
Cyclic stress above the fatigue limit has even more pro- 
nounced effects. Consistent and significant patterns and 
trends under sustained cyclic stress are presented to show 
relationship of damping and elasticity to fatigue. An 
analysis and correlation of changes in damping capacity 
with the changes in dynamic modulus is given. Two 
newly introduced terms, cyclic stress sensitivity and ulti- 
mate cyclic stress sensitivity, are used in the analysis of 
dynamic ductility. or notch sensitivity concepts and fatigue 
specimen form factors. Exploratory tests on variable stress 
histories, overloading, underloading, rest, speed, and other 
variables are presented. 


HE broad objective of research now being conducted by the 
. Department of Materials Engineering of Syracuse University 
is to extend knowledge of the general stress-strain'-time relationships 


1Strain is here used in the broad sense to include elastic and inelastic deformation,. 


creep, and rupture. 
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of materials, especially under cyclic and other types of dynamic forces. 
The justification of this emphasis on dynamic testing may be found 
in service failure records; dynamic forces are one of the most 
common causes of structural failures in service. 

Previous work indicates that one of the most fruitful fields of 
investigation for better understanding the dynamic mechanical behav- 
ior of materials and structures is the study of damping capacity 
and dynamic modulus of elasticity during sustained cyclic stress 
(fatigue) tests. Sustained cyclic stress, even below the fatigue limit, 
has been found to greatly affect the damping capacity and dynamic 
modulus of elasticity of a material. Additional research in this field 
should not only lead to a better understanding and utilization of 
damping capacity and dynamic modulus as engineering properties, 
but may also shed light on other properties related to the inelastic 
behavior of materials, such as fatigue and creep failures. 

This paper is a first report on research now being conducted 
on mild steel and other materials with the newly developed dynamic 
testing equipment. In this work emphasis is placed on the effects 
of stresses large enough to be of engineering importance rather than 
on the very low stresses frequently used by the physicist and metal- 
lurgist interested’ primarily in studying solid-state theory. 

The immediate broad objectives of this research program are: 

(a) To further study the variables which are known (1-5, 
14)? to affect damping capacity and dynamic modulus of elas- 
ticity, such as stress magnitude and specimen temperature, and 
to uncover and explore other variables, such as stress history 
(2, 3, 6) and rest, which have been studied only superficially, 
if at all. Such exploratory tests constitute a necessary first 
step, since very few of the variables have been adequately 
studied in the high stress region (say above 20% of the fatigue 
limit) and, therefore, little is known concerning the basic 
nature of damping capacity and the factors which affect it at 
stresses encountered in severe engineering service. 

(b) To explore changes and trends in damping capacity 
and dynamic modulus of elasticity both as a function of stress 
and stress history. In this study emphasis will be placed on 
stresses near and above the fatigue limit, a region of great 
theoretical significance and engineering importance. The dete- 
rioration and ultimate fracture of a specimen during a fatigue 
test remain unexplained, in spite of the engineering importance 


of avoiding such fractures. It is felt that if this deterioration 
were continuously followed with damping measurements to 





®The figures appearing in parentheses pertain to the references appended to this paper. 
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indicate trends in inelastic behavior, a better understanding 
of the fatigue phenomena should result. 

(c) To explore correlations between damping capacity 
and elasticity, and changes thereof, with other mechanical 
properties such as fatigue, creep, and notch sensitivity. Such 
correlations may lead to accelerated tests for determining 
fatigue or creep behavior, for predicting fatigue life remaining 


in a part, or for revealing the effects of overstressing and 
understressing. 


One of the main reasons why existing high stress damping and 
elasticity data are unreliable, and often contradictory, is that in 
previous work the variables which affect damping capacity (partic- 
ularly. previous stress history) were not always properly isolated and 
controlled; indeed, a state of unawareness of these variables was 
often the case. This is in part due to the fact that prior testing 
equipment did not permit isolation and control of many of the 
important variables affecting damping capacity, particularly during 
a fatigue test. 

Needless to say, the study of all the significant combinations of 
the above-mentioned variables, and the correlation with fatigue and 
other dynamic behavior, is an enormous task; all that can be accom- 
plished in the early stages of this project is a general exploration of 
the problem and a few restricted test programs. 


MATERIAL TESTING VERSUS STRUCTURE TESTING 


Although the properties of a composite structure are generally 
of more direct engineering significance than the properties of the 
materials composing the structure, nevertheless a thorough under- 
standing of the behavior of materials is a necessary first step. In 
the case of damping capacity, for example, it is sometimes stated, 
and often justifiably so, that the materials which make up the struc- 
ture contribute a small part to the total damping, and that most of 
the damping is due to joints, bearings, and other structural design 
details. However, a general understanding of the damping mech- 
anism in materials is prerequisite to an analysis of the more com- 
plicated behavior of a structure. Consequently, the first phase of 
this work is concentrated on determining the damping and elasticity 
behavior of materials in the form of simplified test specimens. New 
machines developed for specimen testing are described in a later 
section. 


In view of the importance of structure testing, new equipment 
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was also developed for evaluating the fatigue, damping, and elasticity 
properties of complete structural units and studying the correlation 
among these properties. This equipment, which can also be used 
to test specimens under many different types of stress, consists 
essentially of a resonant vibration exciter and controller (10) with 
independent controls for resonance phase angle and specimen force. 
Due to space limitations, this new equipment and its use will not be 
described in this paper, which is confined to materials studies. 


Previous Testing Equipment 


Initial work on this broad and inclusive program of damping 
and elasticity research at high stress levels indicated that one of 
the main reasons for inactivity in this very important field was the 
inadequacy of existing testing and measuring equipment. A neces- 
sary first step was, therefore, the development of new equipment to 
impose sustained cyclic or fatigue stress and continuously measure 
the damping capacity and dynamic modulus of elasticity during the 
course of the fatigue test. 

In view of the objectives of this research, the requirements of 
the testing equipment are: 

(a) To impose sustained cyclic force of constant but 


adjustable magnitude, as in a fatigue test, on machined test 
specimens. 


(b) To measure the damping capacity and dynamic mod- 
ulus of elasticity of the test specimen during this fatigue test. 

(c) Damping and modulus measurements must be made 
quickly and without seriously interrupting the test so that the 
stress history of the specimen is not affected by the measure- 
ments. 

No existing testing equipment* for measuring damping capacity 
satisfies all of these requirements. The static stress hysteresis loop 
method is time-consuming, requires instruments of extreme sensi- 
tivity, and is not readily adaptable to studies involving sustained 
cyclic stress because of the time required to impose the millions of 
stress cycles sometimes required. The dynamic stress hysteresis loop 
method (7) requires elaborate equipment of extreme accuracy and 
has been successfully used only on torsion specimens. Determination 
of damping from the heat developed during cyclic stress is quite 
inaccurate, even after elaborate heat transfer determinations are 
made, and it is also too sluggish, due to the heat capacity of the 





®See reference 4 for a discussion of existing testing machines for measuring damping 
and elasticity and their limitations. 
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system, to reveal rapid fluctuations in damping capacity. The rate 
of vibration decay method, although relatively simple, is not adapt- 
able to studies involving controlled cyclic stress; in fact, use of this 
method introduces variable stress conditions which may seriously 
affect the damping properties of the material. While the lateral 
deflection method appears to be well suited for studies involving 
sustained cyclic stress, this method was only partially developed by 
Mason (8) and Kimball (9) in 1923 and 1925, has had practically 
no subsequent use, and had questionable accuracy for low damping 
measurements. Furthermore, this method is limited to cyclic bending 
stress on symmetrical specimens and is not generally suitable for 
structural units. The several resonant vibration methods of meas- 
uring damping (4), although requiring rather elaborate equipment, 
are well suited to sustained cyclic stress studies on both specimens 
and structures. Of these resonant vibration methods, the shape-of- 
the-resonance-curve method is time-consuming and imposes a vari- 
able stress history on the specimen ; the wattage-input-near-resonance 
method is usually quite inaccurate, especially for low damping mate- 
rials; and the energy-input-by-an-oscillator method was still not 
completely developed. 

In view of the advantages and limitations of the various meth- 
ods, it was decided to develop: 

(a) An improved rotating cantilever beam testing machine 


using the lateral deflection principle so as to make available a 


rapid and relatively simple method of studying materials in 
bending. 


(b) A new oscillator-driven resonant vibration machine 
for studying materials and structures under practically any type 
of stress. 


Only the rotating beam-type machine and tests are described in 
this paper. 


The Syracuse Rotating Beam Dynamic Testing Machine 


The rotating cantilever beam machine is based on the principle 
(9) that a rotating beam of symmetrical cross section will not deflect 
exactly in the direction of the applied load (vertically for gravity 
load), like a stationary beam, but will also have a lateral deflection 
(horizontal for gravity load) dependent on the damping capacity 
of the beam. Referring to Fig. 1, if the weight W, of the extension 
arm A and weight W, exerts a bending moment on cantilever beam 
specimen S which is not rotated, target T will move distance V 
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from position 1 to position 2, vertically downward in the direction 
of loading. However, if the beam is rotated so that load W, pro- 
duces an alternating bending stress in the specimen, as in a rotating 
cantilever fatigue test, the target moves laterally. If the direction of 
rotation is clockwise, the target assumes position 3, and if the 
direction is reversed to counterclockwise, the target moves to and 
remains at position 4. The lateral shift or horizontal traversal H 
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Fig. 1—Principle of Operation of the Rotating Cantilever Beam Dynamic Testing Machine. 











V= Vertical Deflection a@ Modulus of Elasticity 
H= Horizontal Traversal a Damping Capacity 


when the direction of the beam is reversed depends on the damping 
energy loss in the rotating system and may be smaller than 0.0001 
inch or larger than 0.200 inch, depending on the material, stress, 
and stress history. The damping capacity can be calculated from 
the horizontal traversal H and known machine and specimen charac- 
teristic or from the ratio of H to vertical deflection V (see Appendix 
A). The secant modulus of elasticity (static modulus E, if the beam 
is stationary and dynamic modulus Eg, if the beam rotates) can be 
determined from the vertical deflection V, beam size and shape, and 
the applied load (see Appendix B). 

The rotating beam dynamic testing machine finally used in this 
work has gone through four major stages of development (see refer- 
ence 10 for more detailed description of the development and reasons 
why the simple, horizontal type of machine shown in Fig. 1 is 
inadequate). The final tilting table model evolved has proved to be 
a simple and highly effective machine for measuring damping 
capacity and dynamic modulus of elasticity during a fatigue test. 

The principle of operation of the tilting table machine may be 
understood from the schematic diagram in Fig. 2 and the photograph 
in Fig. 3. Test specimen S, supported within hollow spindle B, is 
clamped at its right end to cap O and loaded at its left end by 
loading arm A. Cap O is bolted to spindle B which is supported 
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Fig. 2—Schematic Diagram of the Syracuse Rotating Beam Dynamic Testing Machine. 


by extremely precise ball bearings contained within housing P 
supported by table V. The loading weight W, is attached to the 
tapered left end of arm A. Table V, rotatable on pillow blocks H, 
may be steplessly adjusted to any desired angle #6 by supporting 
screw R. 

If table V is vertical, with angle 6 at zero degrees, the combined 
weight of the loading weight Wy, and extension arm A produces no 
bending moment in the test specimen and thus the alternating stress 
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during rotation is zero. In this position the load is essentially pure 
compression and the resulting compressive stress is generally insig- 
nificant. Any desired bending moments may be imposed on the test 
specimen by adjusting angle @ of the supporting table V in accord- 
ance with the following equation: 


M = W asin 0 Equation I 


where: M = bending moment at any section s-s in the test specimen 


W = total weight of arm A, weight Ww, and all parts attached 
thereto 


a = distance between center of gravity of above total weight W 
and stressed section s-s of the test specimen 
6 = angle between axis of spindle and vertical direction. 


Thus, the bending moment at all sections of the test specimen 
increases linearly with the sine of angle 6 which is indicated by the 
pointer and scale shown in photograph of Fig. 3. 

The magnitude of the compressive force superimposed over the 
alternating bending moment is: 


F. = W cos 8 Equation II 


The resultant compressive stress may usually be ignored, since 
it is extremely small (generally less than 1% of bending stress) 
and furthermore is a constant rather than an alternating stress. 
The left end of extension arm A is carefully ground to fit within 
the rounded bearing surface in damper plate L which rests on a 
grooved supporting plate X attached to the table. Any oscillation 
of the left end of the extension arm, a condition which makes meas- 
urement of target displacements difficult, is damped by the oil film 
between plates L and X. This vibration damper does not affect 
reading accuracy, since the friction forces are kept low enough to 
avoid any restraint in lateral and vertical displacements. Even if 
this friction damping were large, it would not increase the lateral 
displacement, since it is not part of the rotating system. The rounded 
bearing surface in damper plate L precludes binding under the slight 
angular misalignments accompanying the vertical and lateral dis- 
placements, and the grooves in supporting plate X maintain an oil 
film so that viscous rather than dry friction is the damping agent. 
Displacements of the specimen-arm assembly are measured by 
sighting target T with a microscope. This target is a carefully 
prepared round end of a cylindrical rod, a few thousandths of an 
inch in diameter, carefully centered at the end of extension arm A 
with aligning screws J. The vertical and horizontal deflections of 
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target T are measured by micrometer microscope N mounted in 
micrometer slide M. To measure the vertical position of the target, 
the micrometer head of slide assembly M is turned, moving the 
entire micrometer microscope N until the horizontal cross hairs are 
in line with the target. To measure the lateral position of the target, 
the micrometer screw in micrometer microscope N is adjusted 





Fig. 3—The Syracuse Rotating Beam Dynamic Testing Machine. 


horizontally until the movable vertical cross hairs are in line with 
the target. Because of the accuracy requirements of the lateral 
deflection measurements, a 50-power microscope is generally used 
with a measuring sensitivity of approximately 0.00005 inch for 
lateral motions and 0.0001 inch for vertical motions. For large’ 
damping measurements a 20-power microscope is generally used. 

A special multipoint recorder (12) was also developed for this 
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work so that readings of eight or less machines could autographically 
and continuously recorded. Such autographic recording equipment is 
desirable, since significant trends frequently develop during evening 
and week-end runs. 

Since beam deflections must be measured with great accuracy, 
the runout of the beam assembly and particularly of target T must 
be kept extremely small. Even though many design details were 
carefully watched to assure accurate running of the multijointed 
beam assembly, final runout adjustments are made by preferential 
tightening of screws D, E, and F. Screws F securely hold the 
enlarged flange ends of the test specimen shown in Fig. 6a, or 
the specimen nut shown in Fig. 6b used in some of the later 
tests to simplify the manufacturing of the test specimens. In the 
present machines the target T on the left end of the extension arm 
can generally be made to run. within 0.0003 inch. Although cor- 
rections for runout can be made, this order of precision is desirable 
for accurate damping reading, since horizontal traversal in some of 
the interesting ranges of stress may be only a few thousandths of 
an inch or less. 

The spindle B, cap O, specimen S, and extension arm assembly 
A-T are rotated by belt QO driven by variable speed motor Y, con- 
trolled by the push button station Z. Counter U records total cycles of 
stress in both directions of rotation. Microswitch I shuts off the 
machine after fatigue fracture of the specimen, and its supporting 
frame catches and confines the extension arm and broken specimen. 

One very important machine design consideration in the rotating 
beam tester as well as other damping capacity and elasticity testers 
is that extraneous damping and lost motion factors must be kept 
insignificantly small. The machine measures total or gross effects 
which include contributions offered by joints, connections, bearings, 
and other machine members. Consequently, unless extraneous effects 
are kept very small, accurate data for the test specimen cannot be 
expected. Considerable attention was paid to design details from 
this point of view. Nevertheless, all machines were calibrated with 
“dummy” specimens (solid specimen 1% inches in diameter and 
also actual size heat treated tool steel specimen) prior to use. This 
calibration indicates that the damping capacity due to extraneous 
effects (joints, bearings, frictions, etc.) is negligible, at least up to 
loads 50% larger than that required for tests on actual specimens. No 
rest, time, or speed effects were observable with the dummy speci- 
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mens tested, and the trends measured during experimental runs may 
therefore be assumed to be entirely due to the test specimen behavior. 

Another design factor of considerable importance is runout and 
looseness in any part of the assembly. Aside from the extraneous 
energy absorption, these factors would introduce measuring difficul- 
ties. The spindle assemblies used have a runout of approximately 
0.00002 inch, even though relatively large bearings (434 inches OD) 





Fig. 4—Partial View of the Syracuse Damping, Elasticity and Fatigue Testing Laboratory. 


are used to keep bearing stresses and the resultant extraneous 
damping low. Even though the bearings are exceptionally good, 
nevertheless a hollow spindle was used and the specimen assembly 
extended through the spindle so that bearing inaccuracies and loose- 
ness would affect the measurements substantially less than if the 
specimen assembly were extended from one end of the spindle as 
shown in Fig. 1. However, in later model machines it was found 
that with the highly accurate spindles procurable, externally mounted 
specimen-arm assemblies were satisfactory and, furthermore, per- 
mitted more effective specimen cooling and observation of fatigue 
crack formation. 

In view of the long-time nature of these dynamic tests (one 
specimen may run continuously for several weeks), seven machines 
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were built for the Syracuse work. A partial view of the Syracuse 
damping, fatigue, and elasticity testing laboratory is shown in Fig. 4. 

New rotating beam machines identical in principle to those 
described above are being built for high temperature testing of 
“super-alloys”. 


Verification of the New Testing Machine 


Individual calibrations were carried out on all machine sub- 
assemblies which affect experimental accuracy, such as angle indi- 
cator, weight and center of gravity of the extension arm assembly, 
microscopes and autographic recorders. As a further check of the 
accuracy of the complete machine, the damping capacity of the same 
mild steel specimen was determined by both the rotating cantilever 
method and the vibration decay method. All comparative tests were 
conducted under conditions in which cyclic stress does not affect 
the damping capacity, so the test specimen may be assumed to have 
the same properties during all the calibration tests. Lateral deflec- 
tion damping capacity, determined at several different stress levels, 
was compared to vibration decay tests on the same specimen-arm 
assembly and with the rotating beam machine used as a holding and 
measuring fixture as described below. 

The test specimen was clamped in the machine as required for 
rotating beam measurements, except that the target stabilizer was 
removed so as to eliminate its vibration damping. Although the 
supporting table can be set at any angle to determine the effects of 
various mean bending stresses, tests made for calibration purposes 
were conducted with the table vertical only, to simulate the zero 
mean stress of the rotating beam test. To start a vibration decay 
test, the extension arm was displaced and released, either magnet- 
ically or by some other method, so as to control initial position and 
velocity. Since the linear vibration of the arm after its release 
occurred at fairly high frequency, the small, round target was visible 
as a straight line, the length of which was equal to the double 
amplitude of vibration. The measuring procedure was, therefore, 
one of following with the measuring microscope the extreme position 
of the target, or the shortening of the straight line as the vibrations 
decay. Fig. 5 illustrates a typical decay curve obtained by this 
method. Several such decay curves were determined to assure the 
absence of stress history effects. The slope of this decay curve at 
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any stress is proportional to the damping capacity at that stress 
expressed in terms of logarithmic decrement (see Appendix A). 

In comparing the rotating beam damping with the logarithmic 
decrement by means of equation G of Appendix A, it must be 
realized that in the rotating beam damping test all outer fibers are 
progressively subjected to the maximum stress cycle during one 
revolution, whereas in the vibration decay method those outer fibers 
near the neutral axis of bending receive a reduced or even zero 
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Fig. 5—Typical Vibration Decay Curve for Determining Damping Capacity. 


cyclic stress. Considering this factor, the difference between rotating 
beam damping and logarithmic decrement damping was generally 
less than 10%. This order of accuracy may be considered to be 
entirely satisfactory, since damping capacity is an extremely sensitive 
property and the changes and trends requiring measurement are 
generally much larger than 10%. 

It should be re-emphasized that such agreement in damping 
capacity between the rotating beam and vibration decay method can 
be expected only when the tests are conducted under conditions in 
which damping capacity is not sensitive to cyclic stress. This -is 
usually not true at high stress levels. In hot-rolled mild steel, for 
example, at stress near the fatigue limit, large increases in damping, 
as large as 2500%, may be expected during cyclic stress on virgin 
specimens (see section on “Preliminary Exporatory Tests”). Since 
the vibration decay test itself imposes a variable stress history, this 
method does not»permit control of the stress history variable and 
may therefore be misleading. 
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SPECIMEN TEstT SECTION DESIGN AND PREPARATION 


Early tests were performed on specimens with solid and con- 
stant diameter test sections. As the work progressed, the implication 
of uniform stress distribution along the specimen length (as present 
in properly tapered specimens) and along the cross section (as 
approximated in hollow specimens) became more pronounced. The 
justification for finally standardizing whenever practical, on the 
hollow and tapered specimen, the most difficult specimen to make, 
is given below. 


# 10-32 Tapped Holes 


+—x-0.53" on 1.18" Bolt Circle 
D ae 





Specimen TestSection Hole Diam. Large Outside Test Section Small Outside 


Designation Length L,In. d, In. Diam. Di), In. Taper, in./in. Diam. Da, In. 
U 1.77 0.520 0.5987 0.00376 0.5922 
Ss 1.77 0.520 0.5867 0.00378 0.5800 
Q 1.77 0 0.4730 0.00452 0.4570 
T 5.00 0.520 0.5988 0.00376 0.5805 
R 5.00 0 0.4730 0.00452 0.4504 
H 5.00 0.520 0.5988 0 0.5988 


Fig. 6—Types of Rotating Cantilever Beam Test Specimens. 


Theoretical considerations not included in this paper indicate 
that significantly more pronounced changes in damping and elasticity 
are to be expected in a specimen in which the entire test section 
and length are subjected to approximately the same cyclic stress 
than in one subjected to a variable stress distribution. A uniform 
stress distribution in the test section exposes a greater volume of 
test material to the maximum stress which results in more pro- 
nounced and more easily observed changes and trends in damping 
capacity and dynamic modulus of elasticity. The effects of sustained 
cyclic stress, rest, overstressing, understressing, etc., can therefore 
be more easily observed. A solid or straight specimen, in which all 
stresses from zero to maximum exist, will average the high stress 
effects with the low stress behavior. Since the low stress regions 
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are not generally affected as greatly by the variables under study, 
or may even be affected in a reverse manner, the changes are not 
as pronounced in a constant diameter solid specimen as in the hollow 
tapered specimen. Furthermore, the analysis of the case in which 
all fibers receive approximately the same stress is considerably more 
simple and accurate than the variable stress case. 


D-Damping Capacity in 
In.-Lb. /Cu.iIn./Cycle 
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Fig. 7—Influence of Type of Specimen on Effect of Cyclic Stress 
on Fatigue, Damping and Elasticity Properties. 


The specimen finishing technique developed for this work pro- 
vides a reasonably simple method of machining the desired taper 
on the outside of the specimen so that the stress distribution along 
the length of the specimen is reasonably uniform. However, the 
boring and honing of a hole in the test specimen is a difficult and 
time-consuming operation. It was, therefore, decided to experi- 
mentally verify the theoretical conclusions by comparing the behavior 
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of a solid tapered specimen type R and a hollow tapered specimen 
type T in Fig. 6 before standardizing on the hollow tapered specimen. 

Fig. 7 gives the results of identical tests on these two types of 
specimens. Each curve in Fig. 7 is based on approximately one 
hundred experimental points which display little scatter. In this 
and other figures the following specimen numbering system is used. 
Each specimen is assigned a different number and two prefixing 
capital letters. The first letter designates the specimen shape, as 
indicated in Fig. 6, and the second letter specifies the material, A 
being a mild steel described under “Test Material”. These curves 
show the effects of number of constant magnitude stress cycles (the 
abscissa, a log scale) on the average damping capacity D (the upper 
ordinate) and the average dynamic modulus of elasticity Eq (the 
lower ordinate). The equations for determining D and Eq from 
horizontal traversal H and vertical deflection V are given in 
Appendixes A and B. 

Fig. 7 shows that the hollow and tapered specimen T is more 
pronouncedly affected by sustained cyclic stress than solid tapered 
specimen R. Not only are the rates of change more rapid for the 
T specimen but “humps” and other characteristic patterns are more 
pronounced. 

The merits of designing the test specimen so that practically all 
the volume in the test section receives approximately the same stress 
are therefore apparent. Consequently, even though the hollow and 
tapered specimens are considerably more difficult to manufacture 
than the solid and straight types of specimens, the greater utility 
of the data procured justifies its use. 

Early tests were performed on long specimens, types T and R, 
with 5-inch gage length, so that the large vertical and lateral 
deflection would result in increased measuring accuracy. Later tests 
were performed on the short-type specimens U and Q because (a) 
they were considerably easier to make, (b) machining and polishing 
stresses and distortion could be reduced, and (c) as measuring 
techniques were improved, the smaller deflection present in the short 
specimens could be accurately measured. 

The specimens are prepared by machining bar stock in a lathe 
with a duplicator attachment. The outside of the specimen is finish 
contoured and machine polished with belt sanding equipment spe- 
cially developed for this work (10) so that the polishing scratches 
are in a longitudinal direction parallel to the direction of the fatigue 
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Static Tensile Stress -Strain Diagram 
Material A - 1020 Mild Steel (H.R.) 
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Strain-Inches/ Inch (Curve A) 
Fig. 8—Static Stress—Strain Diagram of Mild Steel Test Material A. 


stress. The center hole is bored and honed. All machine finishing 
operations are performed under a flow of coolant. 
The justification and nature of a stress relief treatment on the 


test specimens prior to test are discussed under “Preliminary 
Exploratory Tests’. 


Test Material 


All the experimental data presented in this paper were procured 
on specimens machined from hot-rolled bar stock 15 inches in 
diameter, made of electric-melted SAE 1020 steel, specially controlled 
for uniformity and cleanliness. This steel is hereafter called material 
A and this letter is included in the specimen number prefix. Mild 
steel was selected as a first material for study because of its common 
use, the wealth of physical test data available, and because it possesses 
reasonably high damping capacity and a well-defined fatigue limit for 
correlation purposes. 

The static tensile stress — strain properties of the mild steel test 
material are given in Fig. 8. The static modulus of elasticity of 
this material is 29,400,000 psi, its apparent proportional limit is 
36,800 psi, its 0.002% offset yield strength is 42,200 psi, its 0.005% 


offset yield strength is 44,800 psi, its yield point is 46,600 psi, and 
its ultimate strength is 71,300 psi. 
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The rotating bending S-N curve for this material is shown in 
Fig. 9. These data were procured in the newly developed rotating 
cantilever machine, described previously, on specimens for which 
the damping and elasticity data are presented in later sections. 
These S-N curves show the effects of type of test specimens and 
the stress relief treatment which are discussed in later sections. 


Preliminary Exploratory Tests 


Before a planned experimental program was undertaken, con- 
siderable exploratory work was necessary to determine the signifi- 
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Fig. 9—S-N Fatigue Curves Showing Effects of Stress Relief and Specimen Shape. 


cance of the many test variables. Such preliminary work was also 
necessary before an intelligent test specimen could be designed (see 
section on Specimen Test Section Design and Preparation). Some 
of this exploratory work is described below. Unless otherwise noted, 
none of the specimens used in these exploratory tests were stress- 
relieved prior to testing. 

Data from one of the early exploratory tests on specimen HA-1 
are plotted in Fig. 10. The abscissa for both curves is the maximum 
cyclic bending stress on the test specimen. The ordinate for the 
upper curve is damping capacity in terms of the horizontal traversal 
H. The general relationship between damping capacity and hori- 
zontal traversal (H) and between dynamic modulus of elasticity and 
vertical deflection V are given in Appendixes A and B, where the 
equations shown in Fig. 10 are derived. 
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The numbers adjacent to the experimental points in Fig. 10 
indicate the sequence of the readings, and corresponding numbers 
on the two curves refer to simultaneous readings. Several signifi- 
cant trends are apparent from this figure. Readings 1 to 12 were 
taken in rather rapid succession at slow rotary speeds of approxi- 
mately 30 rpm, and the expected pattern of increased damping with 
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Fig. 10—Exploratory Damping, Elas- 


ticity, and Stress History Tests on Speci- 
men HA-1. 


increased stress resulted. Between readings 12 and 13 the speed 
was increased to approximately 1800 rpm, and the 20% decrease 
observed in damping and the 0.2% increase in dynamic modulus 
were directly traceable to the speed change. Similar trends due to 
speed were observed in other tests at high stress; for example, in 
specimen HA-2, at a stress of 30,000 psi, changing the speed from 
30 to 300 to 1800 decreased the damping capacity 28 and 33% 
respectively and increased the dynamic modulus of elasticity 0.4 
and 0.67% respectively. 
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Beyond point 13, all readings were taken at a speed of approxi- 
mately 1800 rpm. At point 14 the specimen was subjected to 
sustained cyclic stress of the magnitude indicated by the abscissa. 
After 3000 cycles of stress, the damping capacity increased to point 
17, and after an additional 3000 cycles to point 18, a total of over 
400% increase in damping capacity and a 6% decrease in dynamic 
modulus of elasticity. The rate of damping increase caused by 
sustained cyclic stress was most rapid at first and became progres- 
sively smaller in most cases. Immediately after readings were taken 
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Fig. 11—Exploratory Damping and Stress History Tests on Specimen HA-S. 


at point 18, the stress was reduced and readings were taken at stress 
19 where an unexpected trend developed. If sustained cyclic stress 
19-23 is applied to a virgin specimen (one without previous stress 
history), or one subjected to sustained cyclic stress below stress 
19-23, the damping capacity generally increases and the dynamic 
modulus decreases (see Fig. 11). However, after exposure to 
high cyclic stress 10-18, the cyclic stress 19-23 causes the reverse 
effect, namely, a decrease in damping capacity and an increase in 
dynamic modulus of elasticity. During this trend, as in previous 
cases, the rate became progressively smaller; only 3000 cycles were 
required to reduce damping capacity from 19 to 20, whereas 42,000 
cycles were necessary to reduce it to point 23, 63% below point 19. 

Several trends similar to those displayed by specimen HA-1 
were shown by specimen HA-5 diagrammed in Fig. 11. In this 
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test all readings plotted were taken at a low speed, approximately 
20 rpm, although high speeds were used between readings in order 
to impose stress cycles rapidly. Approximately one million stress 
cycles were imposed on the test specimen HA-5 at each of the two 
prolonged runs, 5-6 and 7-8. The reductions 9-10 and 11-12 again 
show the downward trend in damping capacity at low stress after 
exposure to high stress, as explained for Fig. 10. The specimen 
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Fig. 12—Exploratory Damping and Elasticity Tests on Specimen HA-7 
at + 32,350 psi (Linear Plot). 


was given 20 hours’ rest at zero stress between points 16 and 17. 
This stress history, consisting of cyclic low stress and rest, resulted 
in an extremely large decrease* in damping capacity (point 8 is 
280% higher than point 17). Sustained cyclic stress beyond point 
17 increased the damping capacity to point 18 and higher until 
fatigue failure occurred. 
In view of the complexity of variable stress history, a few 
‘Rest alone may account for this decrease. For example, in specimen HA-2 after a 
stress history of +30,000 psi a rest of 12 hours (no other stress history added) caused the 


damping capacity to decrease 75% and its dynamic modulus of elasticity to increase 1.2%. 
Similar effects were observed at a stress of 32,400 psi. 
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exploratory tests were undertaken in which the cyclic stress was 
maintained constant. The effects of sustained cyclic stress at a 
constant magnitude of + 32,350 psi is diagrammed in Fig. 12. 
The first reading (taken as soon as possible after application of the 
load on the rotating specimen, but after approximately 15 cycles 
of stress had been applied to the virgin specimen) indicated a 
horizontal traversal H of 0.0025 inch and a vertical deflection V 
of 0.505 inch. Approximately 20,000 cycles of stress were imposed 
on the specimen up to point B, a slow rotational speed (approxi- 
mately 20 rpm) being used because the rate of change was extremely 
rapid in this region. These first 20,000 slow speed cycles caused 
an increase in damping capacity of approximately 900% and a 
decrease in dynamic modulus of elasticity of approximately 2.4%. 
In order to build up stress cycles rapidly thereafter, the speed of 
rotation was increased at point B to approximately 1700 rpm. 
During these high speed runs the test specimen was cooled by an 
air blast to reduce specimen heating due to damping energy dissi- 
pation. However, due to the inaccessible location of the test speci- 
men within the spindle (a condition corrected in some of the later 
machines), the proximity of the specimen temperature to room 
temperature could not be definitely established. In order to elim- 
inate speed during reading effects and to increase measuring accu- 
racy, the rotational speed was reduced to 20 rpm for all readings 
shown in Fig. 12. Generally four slow speed readings (not all 
shown in Fig. 11 to avoid overlapping of some points) were taken 
at 2-minute intervals after each high speed run. The first reading 
taken (see point 1 near letter C, for example) showed a relative high 
damping and low modulus. Subsequent readings, taken at intervals, 
of 40 slow speed cycles showed a gradually decreasing damping 
capacity and increasing modulus (for example, see points 1, 2, 3 
and 4 on both the damping and modulus curves). Although this 
trend showed indications of continuing beyond point “4”, the test 
was continued at high speed so that other trends could be studied. 
The experimental points beyond B are enclosed within two curves, 
C and D, curve C representing the state of the specimen after 
approximately 20 slow speed cycles after a high speed run and 
curve D representing conditions after approximately 150 slow speed 
cycles. The cause of this spread between curves C and D, which 
is substantially larger at higher stress, was not definitely established 
because of the difficulty of accurately measuring the temperature of 
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the rotating, air-cooled specimen in this test. Tests described later 
in this section more accurately evaluate these speed effects. 

Readings were taken on a 24-hour basis as explained above 
(high speed runs between slow speed readings) until approximately 
3,400,000 cycles had been imposed on the specimen. This stress 
history, which was below the fatigue limit, increased the damping 
capacity over 1600% and decreased the dynamic modulus over 6.5%. 
At this point the specimen was subjected to a 38-hour rest at zero 
stress, after which the first reading taken (A) indicated a 45% 
decrease in damping and a 3.1% increase in dynamic modulus. 
Subsequent loading at the same cyclic stress (+32,350 psi) resulted 
in the trend indicated by the plot. Other tests under similar con- 
ditions indicate that if this test had been continued, the damping 
capacity and modulus would have returned to the value before rest 
and the original trend would have continued. 

Additional exploratory tests, undertaken at other stress levels, 
revealed trends and patterns later confirmed in the section on the 
“Constant Stress Amplitude Program” so will not be discussed here. 

During high speed, high damping runs, there is sufficient heat 
generated by damping to cause uncooled specimens to reach temper- 
atures of 500°F or higher. Several preliminary tests, not herein 
reported, were therefore undertaken to determine the effect of 
specimen temperature on damping and elasticity. The few made 
on the mild steel specimens showed that there is a significant 
increase in damping and rather small but measurable decrease 
in modulus with increasing temperatures. However, if the test 
specimen is maintained within approximately 15 °F of normal room 
temperature, the temperature effects are too small to seriously 
distort the other trends under study. In all tests hereafter reported, 
the specimen was kept at what might be considered room temper- 
ature (+15°F) unless otherwise noted. During slow speed runs, 
special specimen cooling methods are usually unnecessary; during 
high speed runs, air stream cooling is generally used and found to 
be effective if the stress is not greatly above the fatigue limit. 

The discussion to this point has been concerned primarily with 
the patterns and trends shown by a-given specimen subject either 
to a constant or a variable stress history. However, constant stress 
magnitude programs, such as described in a later section, require 
the testing of many different specimens. Since damping capacity 
is an extremely structure-sensitive property, very careful control 
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must be used in specimen preparation to assure reproducibility of 
experimental data on different specimens. 

Although (a) the test material is very uniform, (b) the speci- 
mens are carefully machined and machine polished, (c) the static 
and fatigue properties of the specimens are reasonably consistent, 
and (d) the accuracy of the newly developed equipment is adequate, 
it was found that the variation in damping capacity between speci- 
mens was large enough to distort some of the trends under study. 
In spite of the care exerted in specimen finishing operations, it is 
evident that most of the experimental scatter is probably traceable 
to machine and polishing stresses and crystal distortions. There- 
fore, a metallographic and X-ray diffraction study was undertaken 
of the polished surface to determine the depth of crystal distortion 
at the surface layer. Although details and conclusions of this work 
will probably. be discussed in a future publication, it should be 
mentioned in the interest of completeness of this paper that the 
depth of surface crystal distortion was approximately 0.0002 inch 
in photomicrographs and approximately 0.002 inch by X-ray diffrac- 
tion, a more sensitive indication. Although the significance of this 
surface distortion effect caused by the cold working of machining 
and polishing is not yet fully known in terms of the mechanical 
properties of the whole specimen, it was tentatively decided to (a) 
use the short-type specimens U, S, and Q, since the simplified 
machining and polishing technique possible in short specimens 
reduces surface distortion and (b) stress relieve all specimens at 
890 °F before final longitudinal hand polishing with 600-grit alumina 
and flannel cloth. 

Some of the implications of this stress relief operation are 
shown in Fig. 13 which compares three specimens differently handled 
after final machine polishing but tested under identical conditions. 
Specimen No. 53, tested within 2 hours after final machining and 
polishing (no stress-relief treatment), shows the highest damping 
capacity. Specimen No. 58 was aged at room temperature for 2 
months prior to testing and shows a reduced damping capacity and 
somewhat increased fatigue life. Specimen No. 71, stress-relieved 
at 890 °F for 100 minutes prior to test, shows the lowest damping 
capacity and highest fatigue life. Since the time between the 
preparation and testing of specimens not stress-relieved may affect 
its damping properties seriously, the experimental scatter observed 
in early tests and discussed above is not unexpected. 
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Fig. 13—Effect of Room Temperature Aging and Stress Relief on Damping and Elasticity. 


In view of this observation, it was decided to stress relieve all 
specimens as discussed above until a more complete analysis of 
specimen preparation factors could be made. 

Tests undertaken to show the uniformity of stress-relieved test 
specimens and the reproducibility of the test data are diagrammed 
in Fig. 14. Specimens 69 and 71, tested under identical conditions 
at +38,000 psi and 20 cycles per minute, show reasonably good 
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agreement. Specimens 61, 63 and 64 were tested at +37,000 psi 
and, for the number of cycles indicated by designation “A” in the 
figure, at 20 cycles per minute. For specimen 64, point A is at 
the failure and therefore the complete test was performed at 20 
cycles per minute, whereas for specimens 61 and 63, point A occurs 
at approximately 4000 cycles. For these last two specimens the 
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Fig. 14—Damping and ae Curves to Illustrate Reproducibility of 
Test Data and Speed Effects 


higher cyclic stress frequency indicated was used beyond point A 
and readings were taken at the high as well as the low frequency. 
Practically all the differences apparent in these figures are probably 
traceable to specimen variation, since machine inaccuracy, as revealed 
by dummy specimen work, can account for only a very small part 
of the observed differences. The scatter in experimental data 
shown by these reproducibility tests is acceptable for the present 
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work, since the trend and pattern studies discussed in later sections 
display differences much larger than this scatter. 

The 38,000-psi specimens diagrammed in Fig. 14 further reveal 
the effect on damping capacity and elasticity of (a) the frequency 
of cyclic stress during the reading, and (b) the frequency of cyclic 
stress during the previous stress history. These specimens were 
carefully cooled during high speed runs so as to eliminate specimen 
temperature as a variable. These tests reveal, within the range of 
frequencies and stresses studied and within the experimental accuracy 
of these tests as limited by specimen reproducibility, that: 

(a) The higher the frequency of cyclic stress during read- 
ing the lower the damping capacity and the higher the dynamic 
stiffness. The instantaneous values are frequency-sensitive. 

(b) In spite of this frequency sensitivity of the instanta- 
neous values, the frequency of the cyclic stress during a pre- 
vious stress history does not greatly affect the change caused 
by a given number of stress cycles. Stated differently, the rate 
of change of damping capacity (or elasticity) per cycle is 
insensitive to frequency. The insensitivity, if not independence, 


of fatigue strength or frequency is perhaps related to the above 
observation on damping capacity. 


Summarizing, these exploratory tests reveal the great importance 
of previous stress history and method of specimen preparation on 
the damping capacity and dynamic modulus of elasticity of materials. 
In the case of hot-rolled mild steel, previous stress history near or 
above the fatigue limit may cause a difference in damping capacity 
larger than the differences between the majority of metallic materials. 
The necessity for control and knowledge of previous stress history 
is therefore apparent. The description of previous stress history 
should include the stress magnitude, number of stress cycles imposed, 
the stress level sequence when different stress levels are involved, 
rest periods, and the specimen temperature. It appears that as long 
as temperature is controlled, the frequency of the cyclic stress during 
a stress history does not seriously affect damping capacity. For 
uniformity in defining stress history, static stress may be considered 
as alternating stress with an alternating-mean ratio of zero, whereas 
rest may be considered zero static stress. 

Due to the nature of the rotating beam testing equipment used 
in this work, only reversed cyclic bending stress can be induced. In 
general, however, different types of stress and stress ratios (alter- 
nating to mean values) are possible and must be included in a 
description of previous stress history. 
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RELATIONSHIPS AMONG DaAmpiING Capacity, Dynamic MopuLus 
OF ELASTICITY, AND THE DyNAMIC STRESS-STRAIN CURVE 


The exploratory test data presented in the previous section show 
that the changes in dynamic modulus and damping capacity caused 
by sustained cyclic stress, rest, speed effects, etc., display similar 
patterns and trends. An increase in damping capacity is accom- 
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Fig. 15—Exaggerated Hysteresis 
Loop for a Material Subject to Cyclic 
ress. 


panied by a corresponding decrease in dynamic modulus of elasticity 
and vice versa. In order to explain this similarity of pattern, it is 
desirable to discuss these two properties in terms of the dynamic 
stress-strain behavior of a material. 

The inelastic behavior in materials, as revealed by its nonlinear 
load-deflection curve, is directly associated with damping capacity. 
A typical load-deflection curve of a specimen under direct (tension- 
compression) reversed loading* with a greatly exaggerated hysteresis 
loop is shown in Fig. 15. Due to localized yield, creep, and other 
inelastic and thermoelastic effects, the load-deflection curve CDKA 
for increasing load lies above the curve ABLC for decreasing load. 
The area of the hysteresis loop ABLCDKA so formed represents 


_ ®This discussion also applies to other types of dynamic loading cycles, such as uni- 
directional tension, torsion, etc. 
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the energy absorbed by the specimen during one cycle of loading, 
and is defined as its damping capacity D (units of inch-pounds of 
energy per cubic inch of material per cycle of alternating stress). 
Damping capacity increases rapidly as the amplitude S; or S, of the 
stress cycle increases. 

The static modulus of elasticity of material, an index of its stiff- 
ness under static loading, is defined as the ratio of the increase in 
unit stress of a material to the resulting increase in unit strain. 
There are two general types of static moduli, depending upon 
whether the tangent or the secant of the stress-strain curve is used. 
The tangent modulus at a given stress is proportional to the slope 
of the stress-strain curve at that stress. For example, the tangent 
modulus at zero stress for the curve shown in Fig. 15 depends on 
the slope of tangent line OEF. The secant modulus of elasticity 
between the two stresses is proportional to the slope of a line joining 
the corresponding points of the stress-strain diagram. For example, 
the secant modulus between stress O and S; is dependent on the 
slope of straight line OA. Materials have essentially constant static 
modulus of elasticity with no appreciable difference between tangent 
and secant values in the range for which they reasonably obey 
Hooke’s law. 

The dynamic modulus of elasticity (2) of a material is an index 
of stiffness under cyclic stress. This modulus, too, may be specified 
in terms of tangent or secant values. The dynamic modulus of 
elasticity sometimes differs from the corresponding static modulus 
of elasticity due to speed, rest, temperature, cyclic stress history, 
and other effects. 

Forces and deflections, or stresses and strains, measured in the 
rotating beam test are the maximum values, which occur at points 
A and C in Fig. 15. The modulus calculated from these maximum 
values, the so-called dynamic modulus of elasticity, is therefore a 
secant value between zero and maximum stress and is proportional 
to the slope of line OA. 

There are two types of changes possible in a dynamic stress- 
strain curve which can account for a change in the dynamic modulus 
of elasticity as defined: 


(a) Change in initial tangent modulus, proportional to 
the slope of line OE or DM or an equivalent portion of the 
stress-strain curve in Fig. 15. More generally there may be a 
change in the effective slope of the stress-strain curve or a 
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general rotation of the complete loop as a result of speed of 
loading, previous stress history and other effects. 
(b) Change in damping capacity of the material, and a 
corresponding change in distance J in Fig. 15. 
Of these two factors, the damping capacity influence will be discussed 
first. 

If the material were perfectly elastic (zero damping capacity), 
then the stress-strain curve during cyclic stress would follow straight 
line OEFEOGO in Fig. 15, resulting in maximum deflection H at 
stress S;. It is apparent, therefore, that distance J, equal to P 
minus H, is a measure of the decrease in dynamic modulus of 
elasticity (increased deflection under stress S) which can be asso- 
ciated with an increase in damping capacity. Stated differently, the 
larger the damping capacity or area within the hysteresis loop, the 
larger the value of deflection J and the smaller the dynamic modulus 
of elasticity, as indicated by the following expression: 


—} 
Ea= S | l +t] Equation III 








H+J Soe 


where E, = tangent modulus of elasticity at zero stress assumed to be 
equal to the static value. ; 
J = component of deflection due to damping as defined in Fig. 15. 


Since the damping capacity is the area within the hysteresis loop 
shown in Fig. 15: 
D=KJS Equation IV 


where K =a constant dependent on the shape of the hysteresis loop. 
This constant equals 4 for rectangular hysteresis loop 
CMARNC and equals 2.66 if DKA and BLC are parabolic 
in shape. 


Combining Equations III and IV 


—1 
1 D j 
Ea = lt: + Pa Equation V 
The value of K depends on the material and stress level. How- 
ever, an average value of 3, based on a study of several hysteresis 
curves, is assumed here. 
Therefore: 





1 ae iy 
E.= E, + 0.333 2] Equation VI 


Equation VI would, of course, give the dynamic modulus if the 
change in slope factor (a) above were insignificant. That the change | 
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in effective slope during dynamic stress may be significant may be 
inferred from Fig. 16 which shows the data for the three specimens 
tested at +37,000 psi after various degrees of stress relief as 
diagrammed previously in Fig. 13. The figure compares the dynamic 
modulus calculated directly from the vertical deflection V (solid 
lines) with that calculated from the damping capacity (dashed lines) 
as indicated by Equation VI above. It should be noted that the 
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Fig. 16—Correlation Between Change in Damping Capacity and Change in Dynamic 
Modulus of Elasticity. 


agreement between the two moduli is fairly good. In general, how- 
ever, the moduli determined directly from vertical deflection measure- 
ments are smaller than those predictable from the damping capacity 
by Equation VI. This difference is explainable by the decrease in 
slope factor discussed under (a) above. The magnitude of the 
decreased slope, the effective and other moduli during cyclic stress, 
and a more complete analysis of this subject require a knowledge 
of the shape of the hysteresis loop during static and cyclic stress. 
This subject is beyond the scope of the present work. 


THE CONSTANT STRESS AMPLITUDE PROGRAM 


In view of the large effects of stress history and some of the 
complex trends observed in the early exploratory tests, it was decided 
to start on a systematic study of the important variables affecting 
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damping. Listed below are the variables considered to be important 
and the variable control used in the constant stress amplitude 


program to be described. 


(a) Material and Treatment—Material A, stress-relieved 
at 890°F for 100 minutes after final machine polishing, fol- 
lowed by a hand polish with 600-grit alumina. 

(b) Form of Test Specvmen—Hollow tapered test speci- 
men type S in Fig. 6. 

(c) Testing Temperature—Room temperature +10 °F 
maintained by air stream cooling as necessary. 

(d) Cyclic Stress Frequency During Reading—20 rpm. 

(e) Cyclic Frequency During a Stress History—Although 
the exploratory tests indicate that the number of cycles in 
a previous stress history rather than the frequency is the 
significant variable, it was nevertheless decided to impose the 
cyclic stress at 20 rpm whenever practical to do so. Deviations 
from this practice, particularly in low stress tests carried to 
35,000,000 cycles (over three years at 20 rpm), are noted. 

(f{) Rest Periods—A test, once started, was run continu- 
ously without rest. Accidental rests caused by power failure, 
etc., are noted. 

(g) Stress History—This is the main variable under 
study in the constant stress amplitude program. This program 
consisted of a study of the effects of sustained cyclic stress of 
constant magnitude, each specimen being studied at a different 
stress level as in a fatigue S-N test. Although variable stress 
history studies are being planned for overstressing-understress- 
ing fatigue studies, the inclusion at this time of several magni- 
tudes of cyclic stress in a stress history would make interpre- 
tation difficult until the implications of a simple constant stress 
history are well understood. Although several of the specimens 
tested below the fatigue limit in this constant stress amplitude 
program were subsequently tested at a higher cyclic stress, the 
data are not included in this paper. 


Fig. 17 is a semi-logarithmic plot of the damping capacity and 


dynamic modulus of elasticity data procured under sustained constant 


cyclic stress of- various magnitudes, both above and below the fatigue 


limit of the material (36,200 psi). 


those displayed by the damping curves. 
data is the convergence of the curves for 34,000, 35,000, and 36,000 
psi, all below the fatigue limit, to a point 11% lower than the mod- 


Observing first the dynamic modulus curves, the patterns and 
trends revealed are generally similar, as in the exploratory tests, to 


ulus of the virgin material. At this point, which occurs at approxi- 
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mately 5,000,000 cycles, the curves become horizontal, indicating that 
the modulus is probably insensitive to additional stress cycles. The 
larger decrease in dynamic modulus at high cyclic stress levels, as 
much as a 35% decrease at +42,000 psi, is also significant. 

In order to more clearly reveal patterns and trends, the damping 
capacity data of Fig. 17 are replotted in Fig. 18 to a log-log scale. 
The tests conducted at 34,000 psi and higher reveal consistent 
patterns which are emphasized by transition zone lines labeled A-A, 
B-B, C-C, and D-D. To the left of transition zone line A-A is a 
region of increasing log-log slope for the high stress level tests. 
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Fig. 18—Effect of Sustained Cyclic Stress Near Fatigue Limit on Damping Capacity 
(Log-—Log Plot). 


Between lines A-A and B-B the straight line indicates that damping 
varies exponentially with the number of cycles. This exponent (or 
slope of log-log plot) decreases from 2 at 42,000 psi to approxi- 
mately 0.5 at stresses near the fatigue limit and about 0.4 at 34,000 
psi. The regions between transition zone lines B-B and C-C is one 
of decreasing slope, which for the specimens below the fatigue limit 
appears to approach zero. At’ transition zone line C-C the curves 
again become straight lines, again indicating an exponential variation 
between damping and number of cycles. In this region, between 
C-C and D-D, the exponent is smaller than in the A-A to B-B 
region, particularly at the high stress levels. Finally, along tran- 
sition line D-D the specimen either fails or becomes insensitive to 
additional cyclic stress. Above the fatigue limit failure occurs along 
this line and below the fatigue limit the slope of the damping curves 
becomes zero at this line, indicating no further change in damping 
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due to cyclic stress. How long this equilibrium or stable condition 
continues beyond line D-D in specimens below the fatigue limit is 
not known, since constant stress tests have not yet been carried out 
beyond 35,000,000 cycles. It may be significant that this final 
transition line D-D intersects the near fatigue limit damping curves 
at approximately 4,000,000 cycles, generally considered to be near 
the knee of the S-N fatigue curve. 

There is insufficient data at present to indicate if the above- 
described trends and patterns are retained at the low stress. Tenta- 
tively, transition zone line A-A has been extended through the 32,000 
and 30,000-psi curves. To the left of this line the damping capacity 
(and dynamic modulus of elasticity) remains reasonably constant, 
whereas to the right of A-A the upward exponential trend is again 
present. To establish the presence of transition zones B-B, C-C, 
and D-D at these low stress levels may require hundreds of millions 
and even billions of cycles of stress. 

The damping and elasticity data diagrammed in Fig. 17 have 
been replotted within stress, damping, and elasticity coordinates in 
Fig. 19 to more clearly show the “cyclic stress sensitivity” of the 
material at different stress levels. The term “cyclic stress sensi- 
tivity”, or “unit cyclic stress sensitivity”, as hereafter used, refers 
to the change in damping and elasticity caused by one cycle of stress. 
This term may be mathematically expressed as dD/dN (or dEqg/dN ) 
and may be determined from the slope of the linear plot showing 
damping D (or elasticity Eq) versus number of cycles N. Cyclic 
stress sensitivity is considered to be positive if this slope is positive. 
Data presented above show that sustained cyclic stress on mild steel 
causes positive sensitivity for damping and negative sensitivity for 
elasticity. Fig. 19 shows the damping capacity and dynamic modulus 
of elasticity as a function of magnitude of cyclic stress after a stress 
history consisting of 1, 10, 107, 10°, 10*, 10°, and 10® stress cycles. 
For example, the damping capacity of the material at + 40,000 psi 
after a history of ten cycles of + 40,000 psi stress is 1.3 in-lbs./ 
cu.in./eycle, whereas after 100,000 cycles of + 40,000-psi stress it 
is 46. The vertical spread between the various number of cycle 
curves is an indication of the cyclic stress sensitivity of the material. 
The “ultimate” curves given in Fig. 19 refer to the values of damp- 
ing and elasticity attained after 10° cycles. This is a tentative 
definition which may be revised after more long-time data are avail- 
able and the significance of transition zone line D-D in Fig. 18 is 
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fully realized. The ratio of this ultimate value to that of the virgin 
material at the same stress is defined as the “ultimate cyclic stress 
sensitivity”, values of which are plotted as dashed lines (right-hand 
scale) in Fig. 14. The rather localized change in ultimate sensitivity 
at the fatigue limit, from 23 to 40 for damping and from 0.88 to 
0.76 for elasticity, is interesting and may be significant. 

One significant observation apparent from Fig. 19 is that below 
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Fig. 19—Effect of Stress Magnitude and Constant Cyclic Stress History on Damp- 
ing and Elasticity of Mild Steel. 


a certain stress the material has a very low if not zero cyclic stress 
sensitivity. This limit below which sustained cyclic stress has very 
little or no effect on damping capacity and dynamic modulus of 
elasticity will be defined as the eyclic stress sensitivity limit. This 
limit occurs at approximately 29,000 psi for the material under 
study, approximately 80%* of the fatigue limit. Data, not included 
in this paper, tentatively indicate that a history consisting of any 
number of stress cycles at any magnitude or combination of magni- 





*A constant stress magnitude program (10) on_material A not stress-relieved before 
testing indicates a fatigue limit of 33,000 psi (see Fig. 9) and a cyclic stress sensitivity 
limit of 28,500 psi. The limit ratio for this case is 0.86, which is close to the 0.80 ratio 
mentioned above. 
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tudes all below the cyclic stress sensitivity limit and any combinations 
of rests do not affect damping or elasticity significantly. This limit 
under dynamic stress is perhaps somewhat equivalent to the elastic 
limit under static stress, which perhaps could properly be termed a 
static stress sensitivity limit. Static stress above the elastic limit but 
low enough to avoid static fracture will generally affect subsequent 
static properties of materials, such as the offset yield strengths, just 
as dynamic stress above the sensitivity limit affects damping and 
elasticity. It also seems reasonable to speculate that dynamic stress 
below the sensitivity limit may not affect fatigue strengths due to 
understressing, whereas cyclic stress above this limit but below the 
fatigue limit may be an effective “understresser”’. 

In all probability the true cyclic stress sensitivity limit is at 
zero stress, just as the true elastic limit as measured with extremely 
sensitive and accurate instruments is probably at zero stress. How- 
ever, there is no doubt that deviations from stress-insensitive behav- 
ior increases at a very rapid rate beyond these rather definite and 
well-defined limits. Therefore, the definition and use of such limits 
appear to be justified. 

The region of stress between the cyclic stress sensitivity limit 
and the fatigue limit is one of great theoretical interest. The repair 
mechanism that finally overtakes, at the transition zone line D-D in 
Fig. 18, the deterioration caused by cyclic stress (if continuously 
increasing damping can be interpreted as a sign of deterioration) 
is a physical metallurgy aspect of this problem that requires further 
study. 

Apparently not all materials display a well-defined cyclic stress 
sensitivity limit, analogous perhaps to the fact that not all materials 
display a well-defined elastic limit. Although some aluminum alloys 
also appear to display stress history stability in the low stress regions 
(6), some magnesium alloys, (11) for example, display sensitivity 
to torsional stress history as low as 2300 psi. Also, as mentioned 
under “Preliminary Exploratory Tests’, specimens with a previous 
history including cyclic stress above the cyclic stress sensitivity limit 
have negative sensitivity to cyclic stress below this stress limit. 
Perhaps cold-worked materials are similarly affected (2). General- 
ization concerning the conditions under which a cyclic stress sensi- 
tivity limit exists must await further study. 

The total energy absorbed by the material to the point of fatigue 
fracture (area under linear curve of damping capacity D versus 
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number of stress cycles) is shown in Fig. 20. At stress below the 
fatigue limit the material can probably absorb an infinite amount of 
energy, as indicated by the curve. The energy to fracture at stresses 
above the fatigue limit decreases pronouncedly with increasing mag- 
nitude of stress as shown. The energy absorbed by the material in 
a static test’ (area under stress-strain diagram of Fig. 8) is approxi- 
mately 16,000 in-lbs./cu.in. Since the energy absorbed in a fatigue 
test slightly above the fatigue limit is approximately 25,000,000 in- 
lbs./cu.in., the downward trend with increasing stress illustrated 
in Fig. 20 no doubt continues beyond 42,000 psi. 


Material A 
Hot-Rolled Mild Steel 
Stress -Relieved at 
at 890°F 


Alternating Stress, |OOOpsi 


30}+--0-- Energy to Transition Line D-D. 
—o— Energy to 10” Cycles 





| 2 5 10 20 50 !I00 200 

Total Energy Absorbed By Specimen 
Due To Damping 

Millions of Inch-Lbs. per Cubic Inch 


———» 


Fig. 20—Total Energies Absorbed by Fatigue 
Specimens Due to Damping Capacity. 


The theoretical analysis, from the physical metallurgy or physics 
of metals point of view, of the behavior patterns revealed by this 
damping and elasticity research has been undertaken with the aim 
of evolving a theory of metal damping, elasticity, and fatigue. How- 
ever, the discussion of these theoretical aspects of the work shall be 
reserved for future publications. This theoretical treatment will 
include consideration of such metallurgical factors as the role of 
cyclic stress as an accelerator of solid-state reactions (6). 





‘For comparison purposes, the static test may be considered a fatigue test with the 
stress so large that the specimen fails, in one-half cycle of stress. 
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SIGNIFICANCE OF CycLic STtrEss SENSITIVITY IN ENGINEERING 
SERVICE AND TESTING 


The curves in Figs. 17, 18, and 19 reveal large increases in 
damping capacity and decreases in dynamic modulus of elasticity 
under sustained cyclic stress for hot-rolled mild steel. The signifi- 
cance of these changes, as related to some types of engineering 
service and testing, is briefly discussed below. 

Large cyclic stresses are frequently caused by resonant vibra- 
tions in service. The large positive cyclic stress sensitivity factor 
for the mild steel and the resultant large damping when stresses 
approach dangerous levels cause a reduction in resonant vibration 
stress, and therefore tend to keep stresses within safe limits. Such 
increases in damping can occur at stresses below the fatigue limit 
and need not therefore be associated with impending fatigue failure, 
as has sometimes been assumed (6, 2). In the selection of materials 
and in the design of parts, the sign and magnitude of the cyclic 
stress sensitivity factor may be more important than the damping of 
the virgin material. In this connection, damping capacity data based 
on vibration decay tests may be quite misleading. 

Various attempts have been made in the past (14) to associate 
high damping capacity with low notch sensitivity under dynamic 
loading. Because of the many exceptions to this relationship, this 
view has not generally been accepted in recent years. In the light 
of the present work, it is felt that low dynamic notch sensitivity is 
related more to negative cyclic stress sensitivity for elasticity than 
to a high damping capacity in the virgin material. The reasons for 
associating this negative sensitivity, which results in a decrease in 
dynamic modulus of elasticity, with low notch sensitivity (or 
“dynamic ductility’) are discussed below, using the steel as an 
example. 

The stresses at a notch or stress raiser in a mild steel member 
in which fatigue failure is expected are, of course, beyond the cyclic 
stress sensitivity limit (see Fig. 19). Therefore, since the steel has 
a large negative cyclic stress sensitivity for elasticity, the material 
in the immediate vicinity of the notch experiences a decrease in 
dynamic modulus of elasticity, the larger the cyclic stress the greater 
the reduction in dynamic modulus. This decreased stiffness of the 
material at the highly stressed region only (elsewhere, where rela- 
tively low cyclic stresses are imposed, the stiffness remains essen- 
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tially unchanged) causes a redistribution in stress and a correspond- 
ing decrease in stress at the notch. Therefore, as the cyclic stress 
continues, the stress in the high stress region is reduced and the 
stress in the low stress region is slightly increased. In many respects 
“static ductility’ or plasticity reduces the static stress at notches 
below that predicted by theory of elasticity much as negative stress 
sensitivity and the resultant reduction in dynamic modulus of elas- 
ticity in the high stress regions decrease peak dynamic stresses. 
Thus, the term “dynamic ductility” is very appropriate and can be 
associated with negative cyclic stress sensitivity for elasticity. 

The magnitude of the cyclic stress sensitivity for elasticity 
varies greatly from material to material.* Fundamental data of this 
type may provide a basis for predicting the notch sensitivity of 
specimens and parts in fatigue. Extensions of the Syracuse program 
now being planned include experimental verification of this predicted 
association between cyclic stress sensitivity and notch sensitivity by 
fatigue testing of notched specimens. 

The concept of “dynamic ductility” and its relationship to 
negative cyclic stress sensitivity for elasticity as presented above 
may also provide an explanation of differences observed in the 
fatigue strength of differently shaped and loaded specimens. Bending 
fatigue specimens generally display higher fatigue limits than direct 
stress (tension-compression) specimens. ‘The repeated flexure (non- 
rotating) fatigue strength of specimens of circular cross section is 
generally larger than that of rectangular cross section (17). Most 
explanations of the above-mentioned discrepancies are based on a 
volume-at-peak-stress theory; the larger the percentage volume 
exposed to the peak stress the more opportunities for nuclei to form 
and the greater is the probability for fatigue failure. Since there 
is much experimental data which cannot be explained by this theory, 
a cyclic stress sensitivity explanation of fatigue specimen behavior 
is presented below. 

To simplify this explanation, the stress redistribution in a solid 
rotating bending fatigue specimen of circular cross section will be 
discussed. As indicated by data presented in this paper, sustained 
cyclic stress of + 42,000 psi may reduce the dynamic modulus of 





®Recent tests at Syracuse on a variety of materials indicate all types of cyclic stress 
sensitivity patterns are possible. For example, some materials may increase in damping 
capacity (and decrease in modulus) rapidly and for a short period of time and then 
decrease slowly for a long period of time, whereas others may have the reverse pattern. 
Some materials, for example some aluminum alloys (6), show a_ continuous decrease in 
dampi right up to fatigue fracture. Similar decreases have been observed in other 
ala (15, 16). 


war 
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elasticity of the material as much as 34%, and cyclic stress even 
below the fatigue limit may reduce the modulus as much as 11%. 
In general, the higher the cyclic stress the more rapid is the decrease 
in modulus, and the smaller is the ultimate value (see Fig. 19). 
This means that in a solid specimen the highly stressed outer fibers 
experience the greatest reduction in stiffness. Thus, after being 
exposed to cyclic bending stress, the specimen no longer has a 
uniform modulus of elasticity throughout its cross section, and the 
bending stress equation S = Mc/I is no longer accurate. A smaller 
modulus or stiffness in the outer fibers than in the inner fibers 
means that the stress on the outer fibers is less, and the stress on 
the inner fibers is somewhat greater than indicated by the above 
bending equation. Due to this reduction in surface stress, the 
maximum stress where fatigue failure originates, the solid specimen 
should display a higher fatigue life and also a higher fatigue limit 
(since modulus reductions occur even below the fatigue limit) than 
would be predicted by tests on specimens with uniform stress 
distribution. 

In a tubular rotating bending fatigue specimen of circular cross 
section, by comparison, all the volume in the test section receives 
practically the maximum stress (wall thickness assumed to be small 
in comparison to specimen radius). Therefore, all the test material 
is practically uniformly affected in regard to decrease in dynamic 
modulus. Although the modulus may be substantially reduced in 
the hollow specimen, there is little redistribution of stress to the 
inner regions, and thus the bending stress equation remains reason- 
ably accurate. One would therefore expect a lower fatigue strength 
(in psi) for the hollow specimen than for the solid specimen. 

In order to verify the above conclusions, a few fatigue tests were 
conducted on solid specimens for comparison with the hollow speci- 
men fatigue data. Both types of specimens had the same test length, 
I/c value, and were otherwise similar. Thus both solid and hollow 
specimens had approximately the same outer surface area, and the 
probability of a fatigue nucleus forming based on the area of material 
exposed to the peak stress is practically the same in both specimens. 
The results of these fatigue tests are shown in Fig. 9. The hollow 
steel specimens not stress-relieved (hollow circles in figure) have a 
fatigue limit of 33,000 psi, whereas the solid specimens with the 
same treatment (solid circles A and B in the figure) roughly indicate 
a fatigue limit at approximately 38,000 psi, some 15% higher. The 
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hollow stress-relieved specimens (hollow squares in figure) have a 
fatigue limit of 36,200 psi. In testing the solid stress-relieved speci- 
mens (solid squares C and D in figure) difficulty was experienced 
due to specimen runout and resultant overstressing. Thus, although 
the data on these solid specimens are not as accurate as for the hollow 
specimens (and in fact one solid specimen not plotted showed the 
same fatigue strength as a hollow specimen), nevertheless the differ- 
ence displayed is large enough to be significant. Thus, the higher 
fatigue strengths and fatigue limit revealed by the solid specimen 
in the S-N curves of Fig. 9 are in harmony with the cyclic stress 
sensitivity hypothesis. 

It is hoped in future work to quantitatively determine this 
specimen shape and loading factor from stress sensitivity data for 
several materials and undertake more complete experimental checks 
of this hypothesis. Tests have been reported showing the fatigue 
strength of some materials to be considerably lower under direct 
stress (tension-compression) than under bending stress. However, 
the lack of cyclic stress sensitivity data does not permit an analysis 
of these tests. 

The prediction of the fatigue life remaining in a part is a 
problem of considerable engineering significance. Work is now 
being planned to determine the feasibility of predicting the remaining 
fatigue life in a specimen by damping or elasticity inspection methods 
based on patterns and trends revealed in this research. 


SUMMARY AND CONCLUSIONS 


The newly developed Syracuse Rotating Beam Testing Machine 
provides a simple and effective method for continuously measuring 
damping capacity and dynamic modulus of elasticity during sustained 
reversed cyclic bending stress. The stress amplitude may either be 
kept constant for a given specimen, as in a standard fatigue test, 
or a stress amplitude pattern may be imposed while the test is in 
operation. 

Most of the research reported in this paper is concerned with 
the effects of previous cyclic stress history on the damping and 
elasticity properties of hot-rolled mild steel. It was found that this 
material, although insensitive to cyclic stress of low amplitude, may 
be greatly affected by repeated stress above a certain stress level, 
defined as the cyclic stress sensitivity limit. Cyclic stress above 
this sensitivity limit, which is approximately 80% of the fatigue 


i 
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limit, may cause changes in damping capacity and dynamic modulus 
of elasticity considerably greater than that associated with different 
virgin materials or with different stress amplitudes during reading. 
In general, an increase in damping capacity resulting from cyclic 
stress history is accompanied by a reduction in dynamic modulus of 
elasticity, and vice versa. Furthermore, the shape of the curves 
showing these changes as a function of number of stress cycles is 
very similar. This is not unexpected, considering the nature of the 
hysteresis loop relationship to both damping and elasticity. In fact, 
using equations derived from hysteresis loop relationships, the 
decrease in dynamic modulus of elasticity can be predicted with 
reasonable accuracy from the increase in damping capacity. 
Previous stress history of constant amplitude on hot-rolled mild 
steel generally increases its damping capacity and reduces its dynamic 
modulus of elasticity as outlined below: ' 


(a) Hot-rolled mild steel displays a positive cyclic stress 
sensitivity for damping capacity and negative sensitivity for 
dynamic modulus; that is, cyclic stress increases the damping 
capacity and reduces the dynamic modulus of elasticity. 

(b). In general, the higher the cyclic stress above the sen- 
sitivity limit, the larger is the change. However, cyclic stress 
even below the fatigue limit may increase the damping capacity 
as much as 2500% and reduce the dynamic modulus of elas- 
ticity as much as 11%. 

(c) Rest at zero stress after prolonged constant cyclic 
stress above the cyclic stress sensitivity limit may cause a sub- 
stantial decrease (as much as 45%) in damping capacity and 
an increase (as much as 3%) in dynamic modulus of elasticity. 

(d) Data procured at different stress levels and plotted 
within log of damping versus log of number of stress cycles 
coordinates reveal several consistent and significant patterns 
and trends. These curves generally display four distinct tran- 
sition zones with two straight lines (exponential relationship) 
regions. At the final transition zone the specimen either 
fractures due to fatigue or enters a stable region of constant 
damping or elasticity. For near fatigue limit tests this final 
transition zone occurs at approximately 4,000,000 cycles, which 
is in the general vicinity of the knee of the S-N curve. 

(e) The total energy absorbed by a fatigue specimen due 


to damping capacity decreases rapidly with increasing stress 
above the fatigue limit. 


Cyclic stress above the sensitivity limit not only increases damp- 
ing capacity at that,stress but also at all other stresses. Exploratory 
tests indicate that. in general, there is a tendency for damping 
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capacity exposed to and measured at cyclic stress level “b’’ imposed 


after a history at stress level “a” to approach the damping normally 
caused by cyclic stress of level “b’ only. Negative cyclic stress 
sensitivity for damping is therefore displayed at stress level “b” 
if it is lower than stress level “a”. Further study of variable stress 
amplitude effects are being planned in connection with overstressing- 
understressing fatigue studies. 

Fatigue tests made on both hollow and solid rotating beam 
specimens indicate higher fatigue strengths for the solid specimen. 
This difference in fatigue strengths is explainable from the observed 
negative cyclic stress sensitivity for dynamic modulus of elasticity. 
This factor is also proposed as an explanation of the dependency of 
fatigue strength and fatigue limit on shape of test specimen and 
type of loading. 

A hypothesis is presented associating low notch sensitivity under 
dynamic loading (dynamic ductility) with reductions in dynamic 
modulus of elasticity under sustained cyclic stress. It is shown that 
dynamic ductility is related to negative cyclic stress sensitivity for 
dynamic modulus rather than to damping capacity as previously held. 
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Appendix A 


DAMPING CAPACITY EQUATIONS FOR THE ROTATING CANTILEVER 
BEAM TEST AND THEIR RELATIONSHIPS TO OTHER 
DAMPING TERMS 


The outer regions of the rotating cantilever beam specimen are, 
of course, subjected to reversed cyclic stress, tension on the top 
surface, zero stress at the horizontal positions, compression at the 
bottom surface. Referring to the exaggerated hysteresis loop of 
Fig. 15, a given point on the outer surface of the specimen will 
traverse circuit D-K-A-B-L-C-D during rotation; stress A is 
imposed when the point is at the top position and stress C when 


we 
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the point reaches the bottom position. At positions D and B the 
surface has a definite strain although subjected to zero stress, where- 
as at points K and L the surface material has zero strain although 
subjected to a definite stress. The presence of a hysteresis loop, 
which apparently exists in all materials at even very low stresses, 
therefore will cause an angular shift between the axis of zero bending 
stress and the axis of zero bending strain. This shift is the cause 
of the horizontal traversal illustrated in Fig. 1. 

That a horizontal traversal must exist and is associated with 
hysteresis damping is also apparent from still another point of view. 
The presence of a hysteresis loop indicates that the specimen is 
absorbing energy proportional to the area within the hysteresis loop. 
This energy absorption can be associated with a resisting torque 
which requires a horizontal traversal of the loading weight W, in 
that direction which will always create a resisting torque on the 
system (to right for counterclockwise rotation facing the target as 
shown in Fig. 1 and to left for clockwise rotation). Thus the total 
energy absorbed by the specimen in inch-pounds per cycle due to 
damping and transformed to heat within the specimen is: 


D,. = 27 x (resisting torque) 
=27 (W.H./2) Equation A 


where D, = total damping energy absorbed by entire specimen per cycle, 
in-lbs./cycle 


W. = total effective weight of extension arm assembly, pounds 


H, = total horizontal traversal (upon reversal of direction of 
rotation of extension arm) at the center of gravity of weight 
Wo, inches 
Also let: 


H = total horizontal traversal (upon reversal) at measuring tar- 
get T, inches 


V. = vertical deflection at center of gravity of Wo, inches 
V = vertical deflection at measuring target T, inches 


K = H./H = V./V = ratio of motion at center of gravity of 
extension arm to motion at measuring target T. The ratio 
depends on the position of point R in Fig. 21E, this point 
being the effective center of rotation of the extension arm 
during specimen deflection. The location of R, determined 
by moment area methods, was found to be very close to the 
center of the specimen, particularly since the ratio of speci- 
men length to extension arm length is small. Therefore, the 
center of rotation of the extension arm is assumed to be at 
the center of specimen for reasons of simplicity, an assump- 
tion which involves an error of less than 1%. 


D = damping energy absorbed per unit volume of stressed mate- 
rial per cycle, in-lb./cu.in./cycle 


U = volume of stressed test section of specimen, cubic inches. 





: 
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Using symbols defined above : 
D=T™KW.H ~ Equation B 


The above equations apply to the horizontal rotating spindle 
assembly shown in Fig. 1, in which W, is the effective weight of 
the loading arm assembly. For the tilting table machine shown in 
Fig. 2, the effective moment producing weight W,= W sin @, 
where @ is the angle between the axis of the spindle and the vertical 
direction. Thus, for the tilt table machine: 


D.=7 K W sin@H Equation C 


D= “sw sin 0H Equation D 


Since the maximum cyclic stress S in the specimen is proportional 
to W sin 6, the damping capacity D is proportional to SH. There- 
fore, for a given specimen shape, Equation C may be rewritten as 
follows: 


D=K, SH Equation E 
where K, is a constant dependent only on the specimen shape and machine used. 


The unit damping energy D is, of course, the average value for 
all the material considered in volume U. To determine the unit 
damping capacity associated with the maximum stress in a specimen 
with a variable stress distribution, the relationship between damping 
capacity and stress magnitude, etc., must be known. Since this 
relationship is quite complex, particularly when stress history effects 
are considered, comparison of different types of nonuniformly 
stressed specimens and different types of damping tests is generally 
rather difficult. 

Damping terms other than D which are frequently used are 
given below in terms of measurements made in the rotating beam 
test. For further information on these terms, see Reference 2. 


total damping energy per cycle 


Specific Damping Capacity = y = Sa alaEy pases 


7K W sin@H 
= Y(WandKv) ~7* (A/V) 
Equation F 
Logarithmic Decrement = 6 = + =m (H/V) Equation G 


Resonance Application Factor Ar = 27/y = (V/H) Equation H 


- 
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Appendix B 


DETERMINATION OF DyNAmMIC MopDULUS OF ELASTICITY FROM 
VERTICAL DEFLECTION MEASUREMENT IN THE ROTATING 
CANTILEVER BEAM TEST 


The modulus of elasticity E of the test specimen material is 
directly proportional to the ratio of the effective moment producing 
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Fig. 21—Use of Graphical Moment Area Method 
to Duaradee Vertical Deflection at Target ‘‘T’’. 


weight (W sin @) to the vertical deflection V (see Figs. 1 and 2). 
Thus: 


E = C(W sin 8)/V Equation I 


where constant C depends on the specimen effective length, its 
moment of inertia along its length, and the location of the center 
of gravity of loading weight W. Since the specimen stress is 
proportional to W sin @, the modulus may also be expressed as: 


E=GS/V Equation J 
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If V is measured on a nonrotating beam, then E is the static 
modulus of elasticity E,, whereas if the beam is rotating and receiving 
cyclic stress, then the modulus of elasticity calculated from V is the 
dynamic value E4. 

The constant C can be determined by three different methods: 
(a) Calculation of the elastic deflection curve by the double inte- 
gration method, (b) calculation of maximum deflection by a graph- 
ical moment-area method, and (c) experimentally for each specimen, 
prior to the start of an actual test. The double integration method 
offers a reasonably simple solution for solid straight and solid tapered 
specimens used during the early stages of the work. However, for 
the hollow tapered specimens the equation expressing the moment 
of inertia of the test section as a function of location along the test 
length is rather complex, particularly when involved in double 
integration. Therefore, the graphical moment-area method described 
below and the experimental method were used for practically all 
determinations. 

The schematic diagram of the loaded beam is shown in Fig. 21A. 
The elastic test specimen extends from B to A and the loading 
extension arm and weight extend from A to measuring target T. 
The center of gravity of the total effective loading W, is located 
at G. The moment diagram resulting from this cantilever beam 
loading is shown in Fig. 21B, the moment being linearly proportional 
to the distance from the center of gravity G of the applied load. 
In the interest of exposing the entire outer surface in the test section 
and the same stress, the test specimen is designed so that the (I/C) 
value is also linearly proportional to the distance from point G® as 
shown in Fig. 21C. The deflection curve for the loaded cantilever 
beam is shown in Fig. 21E. From B to A the specimen deflects 
elastically as indicated by the curve line, whereas from A to T the 
deflection curve is a straight line, since the moment of inertia of the 
extension arm is assumed to be infinite. 

From elastic beam theory the tangential deviation V (see Fig. 
21E) at point T is given by the following expression (axis as shown 
in Fig. 21E): L 

We Mx 


EI 
0 


"Bending Stress S = Mc/I = M/(I/c), where I is the moment of inertia of the cross 
section and c is the specimen radius. Therefore, if constant maximum bending stress is 
to be maintained along the test length over which the moment M varies, then the ratio 
M/(I/c) must be a constant. This is true if the (I/c) diagram is a straight line and 
intersects point G as shown. 





dx Equation K 


- 
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In the case under consideration, the tangential deviation V also 
equals the vertical deflection at the target T from its zero load 
position. 

Since modulus of elasticity E may be assumed constant over 
the entire test section*® 


V= 


tt | 


iL. 
S* x dx Equation L 
0 


L 
= WG S— 2) x dx 
E I 
0 


For the tilting table machine, Fig. 2, the effective weight W, 
equals W sin @. Thus: 


‘ 
V= WsineO @—a) x dx Equation M 
E I 
0 
Combining Equations I and M 
L. 
Cc W sin @ _ W sine G(x —2) ie 
E E I 
L 
C= S (x=a) x dx Equation N 
I 
0 


Since I is a complex function of x, particularly in the vicinity 
of the fillets, the mathematical solution of the above equation is 
extremely difficult. Therefore, the graphical integration illustrated 
in Fig. 21D is used. The term (x—a) plotted in Fig. 21B is 
divided by I determined from Fig. 21C, and this quotient (x — a) /I 
is plotted in Fig. 21D. The moment about point T of area under 
this curve, which moment is determined by a graphical method, is 
equal to the constant C. 

It should be emphasized that in using the above equations 
extremely accurate measurements must be made of specimen dimen- 
sions, since the constant C is critically dependent on the specimen 
length and diameters. Therefore, it is more accurate for certain 


_ Actually the modulus, of elasticity may vary with previous stress history. However, 
since a constant-stress tapered beam is used, all fibers are approximately equally affected 
and at any instant of time will have the same modulus. 
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types of specimens to determine constant. C, which is essentially a 
specimen stiffness constant, by experimental methods. Two such 
methods have been successfully used: (a) determination of static 
angle @ versus deflection V curves for small stresses before the. cyclic 
stress test is started, and (b) determination of the natural frequency 
of vibration of. the specimen— extension arm system during a low 
stress vibration decay test prior to starting the cyclic stress test. 


1. 


nN 


6. 


12. 


13. 


14. 
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DISCUSSION 


Written Discussion: By G. B. Wilkes, Jr., metallurgical engineer, 
General Electric Co., Lynn, Mass. 

Dr. Lazan has done a very creditable piece of work and one which 
points in the direction of eventual better understanding of fatigue and 
damping and possibly even creep of metals. It also adds further fuel to 
the fire concerning the apparently risky use of damping and modulus data 
in design without sufficient thought as to the relative conditions of test 
and use. Dr. Lazan’s work leaves little doubt that designers of such 
parts as turbine blades (if a possibility of vibration exists) should take 
account of changes in properties with service life. 

Service conditions should also be considered, as indicated by the 
different damping and modulus values obtained by Dr. Lazan at different 
speeds. A more or less theoretical treatment of the dependence of 
damping and modulus on frequency of vibration is presented by Zener.” 
He predicts variations of large magnitude in both damping and modulus 
with changes in frequency or temperature. This is based on the specific 
mechanism within the metal that is causing the damping—i.e., grain 
boundaries, thermal currents, etc. 

Written Discussion: By T. J. Dolan, research professor of theoretical 
and applied mechanics, University of Illinois, Urbana, III. 

The author is to be congratulated for the careful design and meticu- 
lous attention to detail in the construction of a rotating beam fatigue 
machine suitable for measurements of vertical and lateral deflections to 
the close tolerances that are required for appraising the damping charac- 
teristics by this method. While the lateral deflection method appears to 
have been known for many years, the inherent mechanical difficulties 
involved in designing a mechanism of sufficient precision have generally 
been so great that inadvertent vibrations, clearances in bearings, or defor- 
mations of the machine due to temperature gradients or stress, have thus 
far precluded the method from practical use. 

Thus there immediately arise a number of questions in the writer’s 
mind as to the manner in which the present machine eliminates most of 
these troublesome details. For instance, it is well known that internal 
hysteresis of shafts or oil-film lubrication in bearings often causes an 
instability that results in a whirling motion of the rotating shaft (particu- 


Clarence Zener, “Elasticity and Anelasticity of Metals,’’ University of Chicago Press, 
1948. 
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larly at rotary speeds above the natural frequency of vibration of the 
assembly, as in his tests at speeds above 250 revolutions per minute). 
Secondary critical speeds due to slight differences in stiffness of the shaft 
in various directions, gyroscopic effects of the rotor, temperature differ- 
entials in the various components of the machine, clearances in bearings, 
and eccentricity of support can all contribute to minute deviations of the 
position of the target at the end of the rotating shaft. The author has 
found it necessary to add a damper plate L, as shown in Fig. 2 of the 
paper, to minimize the whirling or vibration of the target. This damper 
might lead to some errors in measurement, since any variation in friction 
from one side of the damper plate to another would develop unbalanced 
lateral forces and a corresponding deflection of the shaft. Furthermore, 
even a damper that exerts only a restraining torque at the end of the 
shaft may produce a slight lateral deflection, due to the fact that the 
shaft is rotating in a bent condition; a twisting couple applied at the end 
has a component developing bending at the test section. 

With regard to the technique of measuring the lateral deflections of 
the target, it would be appreciated if the author would indicate whether 
the deflection readings were observed with the machine rotating in one 
direction only or were the motors reversed to measure the total throw 
between points three and four in Fig. 1. If so, were the vertical deflec- 
tions identical for the two directions of rotation? Was there a consistent 
difference in the lateral deflection to the right as compared with the left of 
the zero position when the motor was reversed? Measurements of this 
type might give a clue to the approximate manner in which the damper 
affected the measurements. 

It is somewhat surprising to find that the damping capacity as meas- 
ured by decay of free vibrations of the nonrotating assembly was within 
10% of the value obtained by lateral deflection measurements with the 
assembly rotating. It is generally believed that the impactive type of 
damping occurring at connections (particularly where there are small 
clearances) is exceedingly large as compared with internal hysteresis 
damping. In the vibration decay measurements one would have suspected 
that the transmission of vibrations through the bearings at each end of 
the supporting rotor should have caused a very rapid decay of the vibra- 
tion, whereas the bearings should not contribute appreciably to the 
lateral deflection measurements during rotation of the assembly. 

The author’s postulation of a “cyclic stress sensitivity” explanation of 
fatigue specimen behavior needs further study and confirmation before it 
can be extended to analyze the puzzling phenomena that must be explained 
by any consistent theory of the fundamental fatigue behavior leading to 
failure. The postulation is based upon the hypothesis that during the test 
an increase in damping capacity of the steel is accompanied by a decrease 
in dynamic modulus of elasticity which lowers the peak stress in the 
surface layers of a solid specimen to a greater extent than for a hollow 
specimen. There are, of course, other factors such as warping of the 
hollow cylindrical tube that might alter the behavior pattern. However, 
if this hypothesis is correct, the reverse situation should be true for those 
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aluminum alloys mentioned in the author’s footnote 8, for which a con- 
tinuous decrease in damping capacity was observed right up to fracture 
(according to Appendix A a continuous increase in dynamic stiffness 
should result). These aluminum alloys, therefore, should exhibit fatigue 
trends qualitatively the opposite of those for steel (i.e., solid specimens 
should be stronger than hollow specimens, larger-diameter specimens might 
be stronger than small-diameter specimens, etc.). However, all available 
fatigue test data at the present time indicate that aluminum alloys and 
steel behave qualitatively the same with regard to notch effects, size 
effect, and effect of shape of cross section. In view of the inherently wide 
scatter in fatigue data,* the two points plotted in Fig. 9 for each type of 
solid specimen would not seem to be sufficient data from which to draw 
any general conclusions, particularly since the author indicates that “in 
fact, one solid specimen not plotted showed the same fatigue strength 
as a hollow specimen”. 

For the steel tested, the endurance limit of the stress-relieved speci- 
men (36,200 psi) was practically the same as the static apparent propor-_ 
tional limit (36,800 psi); hence ail measurements for stresses above the 
endurance limit were undoubtedly accompanied by appreciable inelastic 
action. From the viewpoint of pure fatigue phenomena, it would be 
interesting to obtain similar measurements on a heat treated alloy steel 
for which the yield strength is considerably above the endurance limit. 
This would minimize the over-all inelastic deformation of the steel, which 
leads to high damping of a type that may not be strictly comparable with 
the type of structural damage usually thought of as “fatigue”. 

It is hoped that these comments will not be construed as a personal 
criticism of the author or of his findings in these tests. The data represent 
the results of a carefully planned and time-consuming development project 
that may lead to significant information regarding fundamental criteria 
in fatigue. The questions raised seek only to clarify some of the basic 
actions contributing to the very interesting phenomena observed. 

Written Discussion: By Paul R. Shepler, project engineer, Lessells 
and Associates, Inc., Boston. 

The author is to be complimented for the excellent start indicated on 
the research program for correlating fatigue, damping, and elasticity on 
behavior of mild steel. 

Of particular interest is his Fig. 18 on the effect of sustained cyclic 
stress near fatigue limit on damping capacity. There is every evidence 
from this log-log plot that the trend of initial damping may be used to 
indicate whether a material is above or below its endurance limit. If the 
material is near but below its endurance limit, it will go through four 
transition zones and eventually reach a region of constant damping. A 
still more useful relation for nondestructive short-time testing comes 
from consideration of the damping before the first transition zone (AA) 
is reached. When the early damping up to 10* to 10* cycles is constant, 

27. T. Ransom and-R. F. Mehl, “The Statistical Nature of Endurance Limit,”’ 


Transactions, American Institute of Mining and Metallurgical -Engineers, Vol. 185, June 
1949, p. 364-365. 
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the material is below its cyclic stress sensitivity limit, which for the 
particular mild steel tested was 80% of the fatigue limit. If the material 
is tested above this value, there is an increasing rate of damping during 
the first 100 to 1000 cycles, after which there is an exponential increase 
or straight line on the log-log plot. Here is a nondestructive short-time 
method of predicting fatigue. If this same trend should be obtained for 
other materials than the mild steel reported and in addition for other 
frequencies, temperatures, and types of stress, such would be a valuable 
contribution to the science of damping and fatigue. 

The writer and his co-workers at Lessells and Associates have been 
working on a machine to secure damping and fatigue data for direct-stress 
conditions at 1000 cycles per second much along the lines of the author’s 
project. With the impetus that has been given by the present paper, every 
attempt will be made. to check the indications of Fig. 18 at the high- 
frequency direct-stress condition. 

It is of interest to note in connection with Fig. 16 that if a K value 
(which indicates shape of the hysteresis loop) of 2.5 is assumed instead 
of 3, as for instance in the B curves for specimen 71, a close fit is obtained 
to the solid data curve. Table I shows this for specimen 71. 














Table I 

D Ea Calculated Ea Data 

Cycles Fig. 13 (1/Es + D/2.5S?)-+ Fig. 13 
102 . 1.5 29.1 29.1 
5 xX 10? 3 28.7 28.6 
103 5 28.3 28.1 
5 xX 108 16.5 25.9 26.0 
104 19 25.4 25.5 
5 x 104 20 25.3 25.1 
105 21 25.1 25.0 
5 X 105 24.5 24.5 24.2 








Is this not perhaps a valid method of estimating the K value dynam- 
ically? If the hysteresis curves that the author studied to determine a 
K of 3 were static curves, perhaps such infers that they do not apply 
perfectly. To clear this matter up, it would be very interesting at high 
loads to obtain stress-strain records of a specimen. Such a procedure 
would clear up conjectures as to hysteresis loop shape and the dynamic 
tangent moduli of steel. 

The writer notes the fact that some of the strain cycles are at 20 
revolutions per minute while other-parts are at 1700 revolutions per 
minute. The author has shown in Fig. 14 the effect of speed on the 
instantaneous values of damping. He has further stated that in spite of 
this frequency sensitivity, the frequency of the cyclic stress during a 
previous stress history does not greatly affect the change caused by a 
given number of stress cycles. It would be interesting to see curves for 
the 1000 and 1500 revolutions per minute speeds carried from the early 
number of cycles clear through the higher cycles. This perhaps would 
require some modifications to the present machine for extremely fast 
readings during the early cycfeés. 











1950 DISCUSSION—DAMPING CAPACITY 553 


Fig. 14 shows that, as speed is changed from 20 to 1000 revolutions 
per minute, then to 1500, the damping decreases. To carry the picture 
somewhat further, the writer would cite some very preliminary tests at 
Lessells and Associates on 2-inch long 0.44-inch diameter solid specimens 
of mild steel at 1000 cycles per second, and 40,000 psi direct stress. Several 
specimens which fractured within one million cycles have exhibited in the 
absence of any air cooling only a very slight temperature rise; i.e., about 
10°F. This would seem to indicate that the damping at this high fre- 
quency for mild steel may be even lower than the damping shown in the 
paper for the 1500 revolutions per minute case. 

A trend of decreased damping with increase in frequency has thus 
been indicated for mild steel. In a field where much is yet to be learned, 
such an indication should not as yet be generalized. It may well be that 
even at these high stresses, damping under certain conditions may change 
with frequency along the lines observed in the low-stress damping research 
in which the structure of metals is studied.“ In this latter research it 
has been shown that frequency has a very marked effect on the damping 
of materials. In certain frequency ranges a constant value of damping 
may occur, while at other frequencies a maximum occurs with decreased 
damping at either side. Furthermore, these constant values and maxima 
occur at different frequencies for different materials. 

It has been pointed out in the case of the Foéppl-Pertz apparatus by 
Cottell, Entwistle and Thompson“ that the air friction energy gave 
erroneous values of hysteresis. Does the author have any idea of the 
value of the air friction energy involved in the cooling process? Undoubt- 
edly, at the high stresses involved and especially with mild steel, this is 
relatively unimportant; however, if this machine were ever intended for 
use at lower stresses or for material of lower damping capacity like Dural, 
this point might be important. A possible way to ascertain this effect 
would be by helium cooling where, because of lower density, a lower gas 
friction effect should be observed. 

Written Discussion: By W. N. Findley, research associate professor 
of theoretical and applied mechanics, University of Illinois, Urbana, II. 

In his very interesting paper, reviving the Kimball method of meas- 
uring damping capacity, Professor Lazan makes the statement that “The 
dynamic modulus of elasticity sometimes differs from the corresponding 
static modulus of elasticity due to speed, rest, temperature, cyclic stress 
history, and other effects.” 

It may be well to mention that the value computed for elastic modulus 
may in many instances be different for dynamic tests than static tests 
because the ordinary linear differential equation for vibration with viscous 
damping, or its solution, was used to evaluate the results of measurements 
of a material whose actual dynamic modulus was the same as the static 
modulus but whose damping was not of the viscous type. In such an 





Clarence M. Zener ‘Elasticity and Anelasticity of Metals,’ University of Chicago 
Press, 1948, p. 55, Fig. 25. 


“4G. A. Cottell, K. M. Entwistle and F. C. Thompson, “The Measurement of the 
Damping Capacity of Metals in Torsional Vibration,’’ Journal, Institute of Metals, Vol. 
74, March 1948, p. 373. 
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instance, computations (based in such a case on an equation which did 
not fit the test conditions) must be expected to indicate that the constants 
in the equation (elastic modulus, for example) were not constant but 
change with frequency and amplitude. 

It would make a very worthwhile addition to the paper if the author 
would present positive proof that such difficulties are not present in the 
Kimball method. 

In regard to the two types of changes in a dynamic stress-strain curve 
suggested by the author as possibly accounting for a change in the secant 
modulus under dynamic conditions, the following observations may be of 
interest: 

Any change in the initial tangent modulus resulting from an increase 
in strain rate would be expected to be an increase, since the time available 
for relaxation of stresses (by place change of atoms) at the atomic level 
would be decreased. Thus the observed decrease in the secant modulus is 
unlikely to result from this source. 

For the same reason it would be expected that the secant modulus 
at a given stress would decrease as the strain rate or speed of testing 
was decreased. This is in agreement with observations from Fig. 14. Thus 
it would seem reasonable to expect changes in secant modulus with 
number of cycles as large as shown in Fig. 14, for example, to be readily 
observable under static conditions. It would be a welcome addition to the 
paper if the author would indicate whether such decreases in static 
modulus were observed. 

The writer has observed such a decrease in static secant modulus in 
fatigue tests of steels. However, the appearance of a significant change 
in secant modulus was followed in relatively few cycles by the appearance 
of microscopic fatigue cracks. Hence it was presumed that the decrease 
in secant modulus resulted from the development of submicroscopic 
fatigue cracks. 


Author’s Closure 


As Mr. Wilkes indicates, damping capacity and dynamic modulus of 
elasticity may be highly frequency-sensitive and therefore the frequency 
imposed by service conditions must be considered by the design engineer. 
Fig. 14 shows, for example, that at + 37,000 psi a frequency increase 
from 20 to 1500 cycles per minute may cause a decrease in damping 
capacity exceeding 50% and an increase in dynamic modulus, exceeding 
4%. In another test, not reported in this paper, a frequency change from 
10 to 10,000 cycles per minute decreased the damping capacity over 85%. 
The problem is complicated, however, by the fact that frequency sensi- 
tivity is affected by stress level and stress history. It should therefore 
be mentioned that the frequency sensitivity patterns indicated by Zener 
and others working at very low stress levels, say a few pounds per square 
inch, are probably not indicative of the behavior patterns at the compara- 
tively high stress levels normally encountered in engineering. 

Temperature is also recognized as an extremely important variable in 


< 
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damping and elasticity research, not only from the theoretical but also 
from the engineering design viewpoint. Work now under way at Syracuse 
should reveal temperature sensitivity of materials, particularly of tem- 
perature-resistant “super-alloys”. 

It is true, as Mr. Dolan indicates, that very careful consideration 
must be given to such machine design factors as clearances and internal 
hysteresis in the spindle, shaft whirl, inadvertent vibrations, and many 
others. A discussion of the evolution of the rotating beam machine and 
the various corrective measures necessary to overcome the above potential 
difficulties is not included in either the paper or this closure because it 
would require several pages of text and figures. Furthermore, reference 
10 gives additional information on the four major development stages of 
this machine and how the above-mentioned difficulties were overcome. 
The extraneous energy losses and other potential errors in the present 
machines were studied by testing heat. treated steel “dummy” specimens 
which had approximately the same size and stiffness as the actual test 
specimens but had negligible change in damping and modulus, compared 
to the actual test specimens, up to 150% rated machine capacity. As 
mentioned under the heading “The Syracuse Rotating Beam Dynamic 
Testing Machine” in the paper, no rest, time speed, or stress history 
effects were observable in the “dummy” specimen tests. Furthermore, 
to eliminate the possibility of grip effects on the softer test material 
(soft compared to the heat treated steel “dummy” specimen), tests were 
conducted on oversize specimens of the mild steel test material, and here 
again no errors were observable. In regard to the gyroscopic effects 
mentioned by Mr. Dolan, the horizontal traversal is so small as to make 
such effects entirely negligible almost immediately after spindle reversal. 
However, one testing difficulty not mentioned that continues to remain 
troublesome is that of nonuniform yield of the specimen material and the 
resultant increase in runout at high stress levels, particularly above the 
fatigue limit of the material. This inhomogeneous yield can be acceptably 
reduced in most cases by avoidance of even small specimen overloads by 
special loading fixtures. 

In response to Mr. Dolan’s questions as to the technique of measuring 
horizontal traversal H, in all data reported in the paper H was measured 
as the total distance between points 3 and 4 in Fig. 1, resulting from 
spindle reversal. This was done for improved accuracy and also because 
the microscope was frequently moved between readings for use on other 
damping machines. Recently, however, the procedure occasionally of 
measuring only H/2 without reversing the motor was instituted so that 
more frequency readings could be procured during the start of a test 
when the rates of changes are particularly rapid. In general, the H/2 
readings on each side of mean position 2 in Fig. 1 are the same. Also 
the vertical deflection V is almost always the same for both directions 
of rotations. The small differences in H/2 and V, sometimes observed, for 
different directions of rotation were generally traceable to runout in the 
specimen due to the inhomogeneous yield mentioned above and the lack 
of roundness, etc., in the target as viewed. with the measuring microscope. 
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In regard to Mr. Dolan’s comment that the impactive type of damping 
in the bearings during vibration decay correlation tests might be a source 
of error, it should be mentioned that extremely precise preloaded bearings 
were used. Clearance, the primary cause of impactive loadings, if existent, 
was too small to be measured. Nevertheless, in order to almost com- 
pletely eliminate the possibility that impactive loading might be a source 
of error in the vibrations decay measurements, the spindle was rigidly 
clamped to the frame of the machine and no measurable difference in 
decay rates was observable. It is therefore unlikely that impactive damp- 
ing was a significant factor in the decay tests reported. ; 

The author agrees with Mr. Dolan that the “cyclic stress sensitivity” 
hypothesis for explaining fatigue specimen shape, size, and type of 
loading effects requires further study before it can be used as a working 
theory for all materials. This hypothesis is proposed merely as a possible 
new attack on a problem of long standing, an attack which appears to be 
logical and fits the data presented in this paper.. In this hypothesis it is 
not necessary to associate the change in dynamic modulus of elasticity 
with a change in damping capacity. It is merely stated that a decrease in 
dynamic modulus of elasticity during cyclic stress does result in certain 
redistributions in stress which can tentatively explain some puzzling 
fatigue phenomena. In the case of aluminum alloys cited by Mr. Dolan, 
although the damping capacity decreases during cyclic stress, it does not 
necessarily follow that the dynamic modulus of elasticity increases. The 
rotation of the hysteresis loop factor discussed in the paper under the 
heading of “Relationships Among Damping Capacity, Dynamic Modulus of 
Elasticity, and the Dynamic Stress-Strain Curve” may predominate in 
some materials. There is practically no data on the changes in dynamic 
modulus of aluminum alloys under cyclic stress, and the procurement of 
such data and its possible correlation with the “cyclic stress sensitivity” 
hypothesis is planned as part of the Syracuse program. 

Although very little data is presented in the paper to show the 
higher fatigue strengths of solid steel specimens, as compared to hollow 
specimens of the same material and same loading conditions, this differ- 
ence has also been observed by other investigators. Gough” has found, 
for a large number of specimens and many different materials under both 
rotating bending and alternation torsion, that, in general, the round solid 
specimen displays somewhat higher fatigue limit and significantly higher 
fatigue strength at above fatigue limit stresses than round hollow speci- 
mens. Although for some specification tests and materials the differences 
appeared to be quite small, the pattern was consistent. The difference 
observed can also be expected to depend significantly on specimen shape 
and the wall thickness of the hollow specimens. 

The author does not believe that the proximity of the static apparent 
proportional limit and the fatigue limit, as pointed out by Mr. Dolan, is 
significant. This proportional limit is an apparent value, dependent, of 
course, on instrument accuracy, and, furthermore, it is a property of the 
virgin material which is no doubt affected by stress history. 


*H. S. Gough, “The Fatigue of Metals,” Van Nostrand, 1926, p. 83, 97, 99, 240. 
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The possibilities of predicting fatigue properties from curves showing 
damping capacity versus number of cycles, such as Fig. 18, as discussed 
by Mr. Shepler, is receiving further study. Unfortunately, different 
materials display radically different damping patterns; some increase with 
cyclic stress, others decrease, and still others show complex reversals. © 
It therefore appears that a general correlation between damping patterns 
and fatigue properties is unlikely. It is possible, however, that limited 
correlations for definite classes of material may exist. 

It is true that values of constant K in Equation V could be selected 
for individual specimens to produce a better fit in the curves of Fig. 16. 
However, the constant of 2.5 suggested by Mr. Shepler to improve the 
fit of specimen B would result in an increased misfit for specimen D in 
Fig. 16. 

The absence of temperature increase in the high-frequency fatigue 
test mentioned by Mr. Shepler is extremely interesting. Calculations 
based on Fig. 19 show that (a) at + 40,000 psi, (b) at 1000 cycles per 
second, (c) for the 0.152-square inch volume of test section used by Mr. 
Shepler, and (d) assuming that damping is frequency-insensitive, then 
the heat generated within the specimen due to damping could approach 
a kilowatt. Needless to say, the very small temperature increase observed 
during the actual test indicates a very pronounced decrease in damping 
with frequency. In view of these large frequency sensitivity effects, 
studies in the range from 0.1 to 65,000 revolutions per minute are being 
planned and a new rotating beam machine is being designed for this 
purpose. 

The additional air friction and resultant damping due to the cooling 
air stream was found to be negligible. Momentary stopping of the cooling 
stream caused no change in horizontal transversal. 

Mr. Findley has inquired about the effects of the nature of the 
damping on the elastic constants calculated by the rotating beam method. 
No assumptions were made in Appendix A in regard to the nature of 
the damping, i.e., whether viscous or nonviscous. Furthermore, it may 
be inferred from Appendix B and the section under the heading “The 
Syracuse Rotating Beam Dynamic Testing Machine” (also see reference 
9) that the small horizontal traversal has negligible effect on the vertical 
deflection and the modulus of elasticity calculated therefrom. The rotating 
beam test does not involve a resonant vibration system; therefore, the 
errors involved in applying the differential equation defining viscous- 
damped vibrations to a system with nonviscous damping do not apply to 
the rotating beam test. The author therefore does not agree with Mr. 
Findley that the nature of the damping significantly affects the elastic 
constants determined by the rotating beam method. 

It is of course apparent from data presented in this paper and else- 
where that hysteresis damping is not viscous in nature. Aside from other 
factors the decrease in damping with increased frequency is not character- 
istic of viscous damping. 

Measurements were not made of the static secant modulus during the 
cyclic stress tests due to the effects of specimen rest resulting during such 
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measurements. However, decreases in dynamic secant modulus are prob- 
ably not always related to the formation of “macroscopic fatigue cracks”. 
During several of the tests reported in the paper, no fatigue cracks could 
be detected by “Zyglo” or microscopic methods, even after very pro- 
nounced decrease in dynamic modulus. Furthermore, although the forma- 
tion of microscopic fatigue cracks below the fatigue limit but above the 
cyclic stress sensitivity limit is a possibility, it is unlikely the macroscopic 
fatigue cracks could account for the observed reductions in modulus at 
stresses as low as 90% of the fatigue limit. ; 

The author is grateful to the discussers for their aid in clarifying 
several of the implications of the findings reported. 











EFFECT OF STEADY STRESS 
ON FATIGUE BEHAVIOR OF ALUMINUM 


By J. A. Saver anp D. C. LEMMon 


Abstract 


This investigation is concerned with the fatigue 
behavior, under alternating bending and alternating tor- 
sion, of specimens of an aluminum alloy, Alcoa 14S-T ; 
and, in particular, with the effect of static mean stress 
on the fatigue strength. 

All fatigue tests were run at 1800 cycles per minute 
on a constant maximum load iype of Universal fatigue 
machine. Bending fatigue data and torsion fatigue data are 
reported for five different series of test specimens, each 
series having been run at a different value of static mean 
Stress. 

The data indicate that in alternating bending, fatigue 
strengths (at 10° cycles) decrease linearly with increase of 
mean stress but at a rate equal to approximately one-half 
that predicted by the modified Goodman relation. In 
alternating torsion, the fatigue strength 1s found to be 
unaffected for low mean stresses (less than 0.2 of the 
static modulus of rupture). For higher values, as the 
mean stress 1s increased, the fatigue strength decreases 
again at about half the rate predicted by the modified 
Goodman relation. 

The fatigue fractures were observed, under alternat- 
ing bending loads, to progress transverse to the direction 
of maximum tensile stress. Under alternating torsion, 
however, the fatigue cracks were found to progress either 
along lines of maximum shear or along lines transverse 
to the maximum tensile stress direction. The former 
behavior was observed when failure took place at less than 


10° cycles; the latter when failure occurred at greater than 
10° cycles. 


HE purpose of this investigation is to study the fatigue 
behavior of a structural aluminum alloy when subject to the 
combined action of a steady static stress and a superimposed dynamic 
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stress. The specific problem of interest is the determination of the 
variation in fatigue strength caused by addition of a static stress and 
the change, if any, in the nature of the fracture. 

The general plan was to subject suitably prepared test speci- 
mens to a given mean stress value and then to vary the range of 
dynamic stress applied. A family of S-N curves was then obtained 
by plotting the magnitude of the alternating stress (one-half the 
stress range) for each mean stress value against the number of 
cycles to failure. Tests of this kind have been completed for two 
different types of loading conditions, viz., alternating torsion and 
alternating bending. 

MATERIAL 


All tests were performed on a structural grade of aluminum 
alloy, known as Alcoa 14S-T. Alloying elements in the material 
are: copper—4.4%, manganese—O0.8%, silicon—O.8%, and magne- 
sium—0.4%. The material was supplied in the form of 1-inch diam- 
eter rods hot-rolled from 6 by 6-inch billets and subsequently heat 
treated at a temperature of 960 °F. After quenching in water, the 
material was age-hardened at a lower temperature (325 °F for 16 
hours or 345 °F for 8 hours). 

The mechanical properties of the material under static loads only 
were determined by control tests. Specimens turned to a %-inch 
diameter cross section over a 2-inch gage length were subjected to 
slowly increasing tensile loading, and 20-inch lengths of the 1-inch 
diameter rods were subjected to slowly increasing torsional loading, 
in both instances until failure occurred. The strength and ductility 
properties determined from these control tests are given in Table I. 


FATIGUE SPECIMENS 


The specimens used in the alternating torsion and bending tests 
were cut from the l-inch diameter 14S-T rods, and, to control the 


Table I 
Summary of Mechanical Properties of Alcoa 14S-T Rods 
»Tensile ultimate strength 72,200 psi 
Tensile yield strength (0.2% offset) 64,000 psi 
% Elongation in 2 in. 15 
Modulus of elasticity 10,400,000 psi 
Modulus of rupture 58,700 psi 
Torsional yield strength (0.002 rad /in. offset) 43,700 psi 
Modulus of rigidity 4,160,000 psi 


Hardness—Rockwell ‘‘B’’ 82 
Weight 0.102 Ib. /cu. in. 
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Fig. 1—Bending Fixture—Sonntag Fatigue Machine. 





Fig. 2—Torsion Fixture—Sonntag Fatigue Machine. 
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location of fracture, they were reduced in the center section to a 
diameter of 0.625 inch by lathe turning to a radius of curvature of 
5¥% inches over a 2-inch gage length. Figs. 1 and 2 illustrate the 
specimens in position for testing. All test specimens were carefully 
polished in order to avoid any discrepancy in results that might arise 
due to surface irregularities. A rough polish was given the speci- 
mens in a lathe at slow speeds using 2/0 emery cloth and 360-grit 
emery paper. The final polishing operation was done by hand, using 
600-grit emery paper, in the direction of the longitudinal axis of 
the specimens. 

Preliminary investigations of the effect of varying the diameter 
of the reduced section (from 0.875 to 0.625 inch) indicated no change 
in torsional fatigue strength under fully reversed loading, which is 
in accord with previous study (5). It was also found that chang- 
ing direction of the final polishing operation from the longitudinal 
to a spiral direction had no apparent effect on the S-N curve for 
completely reversed torsional loading. 


APPARATUS 


All fatigue tests were carried out on a Sonntag universal fatigue 
testing machine. This machine is a centrifugal force, inertia-com- 


pensated apparatus, which permits application of constant maximum 
dynamic load and constant static load regardless of variation in speci- 
men stiffness. It has been described in detail by Lazan (1). Static 
loads up to 1000 pounds may be applied by means of calibrated heli- 
cal springs adjustable within 0.001 inch (3 pounds). Dynamic loads 
up to 1000 pounds maximum value are produced by an eccentric mass 
rotating at 1800 rpm, whose position can be so adjusted as to obtain 
load increments of 2 pounds. 

The alternating bending tests were performed with the fixture 
illustrated in Fig. 1. The specimen acts as a simply supported beam 
loaded to give a constant bending moment along a middle section. 
By raising or lowering the inner supports attached to a reciprocating 
platen, a steady bending stress may be applied to the specimen. The 
reciprocating platen forms the top of a cage within which the eccen- 
tric mass rotates. To the bottom of the cage are fastened the helical 
“compensating” springs which apply the static load. Motion of the 
cage is restricted so that only the vertical component of the cen- 
trifugal force of the mass is transmitted to the platen, and a sinu- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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soidally varying dynamic load is applied to the beam specimen. Micro- 
switches and mechanical stops limit the displacement of the platen 
to +% inch so that the machine is automatically shut off when a 
specimen fails. 


Table Il 
Fatigue Data for Alternating Bending 





Spec. Mean Stress Alternating Stress Cycles to Failure 


No. 1000 psi 1000 psi (units of 10%) 
LB1 0 30.0 3,669 
LB2 0 28.0 10,650 
LB3 0 32.5 2,013 
LB4 0 35.0 1,376 
LBS 0 37.5 874 
LB6 0 40.0 143 
LB7 0 41.0 204 
LB8 14.4 30.0 1,837 
LB9 14.4 35.0 557 
LB10 14.4 27.0 4,673 
LBi1 14.4 25.0 10,440* 
LB12 14.4 40.0 180 
LB13 28.8 35.0 343 
LB14 28.8 30.0 743 
LB15 28.8 27.0 1,507 
LB16 28.8 24.0 6,395 
LB17 28.8 40.0 62 
LB18 43.2 35.0 45 
LB19 43.2 30.0 57 
LB20 43.2 25.0 1,976 
LB21 43.2 22.0 5,113 
LB22 43.2 20.0 10,050* 
LB28 43.2 30.0 48 
LB29 43.2 27.0 1,135 
LB30 43.2 29.0 215 
LB31 43.2 33.0 53 
LB23 57.6 20.0 4,569 
LB24 57.6 24.0 95 
LB25 57.6 22.0 1,597 
LB26 57.6 27.0 64 
LB27 57.6 18.0 10,130* 
LB32 F 57.6 25.0 106 





*Specimen unbroken when test was stopped. 


Fig. 2 shows the setup used to obtain the torsional fatigue data. 
The ends of the specimen are clamped in collet chucks; one chuck 
is fixed, and the other is supported in bearings free to rotate. A 
twisting moment is applied to the specimen by means of a lever 
fastened to the free chuck and also attached to the reciprocating platen 
through a link. Static and dynamic loads are applied to the platen 
in the same manner as in the bending tests. 


Test RESULTS AND DISCUSSION 


Alternating Bending Tests—Fatigue tests have been run for five 
different ratios of mean stress (6,,) to static ultimate tensile strength 
(6,), as determined from control tests (Table I). The test data are 
given in Table II. The S-N curves for each of these five ratios rang- 
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ing from zero (for complete reversal) to 0.8 are shown in Fig. 3, 
where the magnitude of the alternating component of bending stress 
(6,) is plotted against the number of cycles to failure, on a logarith- 
mic scale. Failure was defined as the point at which the deflection 
of the platen reached +3 inch, i.e., when the microswitches stopped 
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ae arsenal at 10” Cycles 





O psi 23 200 psi 





Mean Stress Fatigue Strength 
14,400psi 25,200 psi 


Alternating Bending Stress — 1000 psi 
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Meon Stress ion ‘beaab 
43,200 psi 20,700 psi 





a pid Loidicike ein ete 


10° 10® 107 
Cycles to Fracture 
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57,600 psi 19,000 psi 


Fig. 3—S-N Curves—Dynamic Bending Tests. 


the machine. For all bending tests this represented complete fracture. 
Since aluminum alloys do not exhibit a well-defined endurance 
limit, and to keep the time of testing to reasonable values, the fatigue 
strength was arbitrarily defined as the stress level at which the S-N 
curves cross the ordinate line at 10" cycles. 
Stresses for all of the plotted points were determined by use of 
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elastic formulas. For the two highest mean stress values, all the 
plotted points have a sum Omax. = (6m-+ 6,) greater than the ten- 
sile static yield (o,), and for the highest mean stress the maximum 
stress (Omax.) was found to be greater than the static tensile ultimate 
strength (o,). Despite this fact, no permanent set was noticeable in 
any unbroken specimens after completion of the tests. This phe- 
nomenon might be explained by the following reasons: A work hard- 
ening of the specimen increasing its yield strength; only one point 
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Modified Goodman Relation 09/0; =|-Om/dy 
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—--— Half-Slope Formula 09/0; =! - $(Om/oy) 

—--— Yield Strength Line og + Om = dy 


Fig. 4—Steady Stress - Alternating Stress 
Diagram—Bending Tests. 


on the surface of the specimen being subject to the maximum stress, 
thereby reducing the probability of failure occurring at a point of 
weakness ; and the ultimate strength in bending probably being greater 
than that in tension due to the supporting effect of the inner fibers. 

The effect of added mean stress on the fatigue strength at 10° 
cycles is illustrated in Fig. 4, a steady stress — alternating stress dia- 
gram in which the ratio (0,/6,) of the fatigue strength for any mean 
stress to the fatigue strength for complete reversal is plotted against 
the ratio (6,/6.) of the mean stress to the static tensile ultimate 
strength. On this diagram are indicated the modified Goodman rela- 
tion, the Soderberg straight-line relation, and the Gerber hypothesis, 
all of which have been proposed by different investigators (2), for 
determining the effect of steady mean stress on the fatigue strength. 
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For the data obtained, the fatigue strengths appear to linearly decrease 
as the mean stress increases. The decrease, however, is not as great 
as that predicted by the modified Goodman relation or by the Soder- 
berg relation. The test results can be approximately represented up 
to the yield strength line by a “half-slope formula” 


See § 0g 2 

Cr o, 
For design purposes, Smith (3) proposed use of the modified Good- 
man relation for ductile materials subject to a combination of steady 
and dynamic axial load. However, plotted points for aluminum 
alloys agree, in general, more closely with the “half-slope” formula 
than with the modified Goodman relation. It would appear, there- 
fore, that the alternating stress which can be applied for a given mean 
stress should more appropriately be determined by this formula so 
long as the maximum stress is less than the yield strength and deter- 
mined by the relation 6, + 6,, = oy for the higher mean stress values. 

This general problem of the effect of mean stress on fatigue 
strength has also been considered from the design point of view by 
McDonald (4). His proposed “Bauschinger-Bairstow” relation was 
not shown in Fig. 4 because it is more conservative than the Soder- 
berg or modified Goodman relation and hence would less closely 
approximate the test data obtained for the polished aluminum alloy 
specimens. 

In the completely reversed bending tests, the extreme fibers of 
the test specimen are subject to principal stress varying from maxi- 
ium tension to maximum compression some 1800 times per minute. 
As a result, the fatigue crack may start on either top or bottom 
fibers, and in some specimens there is distinct evidence of fatigue 
cracks progressing inward from both surfaces. The fractures are 
normal to the directions of maximum tensile stress, as is evident from 
the photograph of Fig. 5. 

The effect of added steady stress on the nature of the fracture 
is, first of all, to cause the fracture to always start on the side in 
which the tensile stress is predominant and, secondly, to produce, 
once the fatigue crack has started on the outer surface and pro- 
gressed transversely a short distance, a more inclined final surface. 
These effects are shown in Fig. 6 for a mean steady stress of 28,800 
psi (0.4 oy). 


In a few instances, it was noticed that the fatigue fracture did 
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Fig. 5—Bending Fatigue Fracture with No Steady Stress. 





Fig. 6—Bending Fatigue Fracture with Added Steady Stress. 


not originate at the. minimum cross section in the specimen but 
instead at some distance (within 0.25 inch) from this region. This 
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behavior is probably to be expected, as sources of weakness in the 
material might well increase the stress concentration factor suf- 
ficiently to cause the stress at the point in question to be greater 
than the maximum stress at the minimum cross section. These 
sources of weakness might be surface irregularities or imperfections 
randomly distributed throughout the material (5, 6). The proba- 
bility of flaws existing in a region where the stresses are great 
enough to cause fatigue cracks to originate and propagate is greatly 
reduced in a round specimen compared to a flat specimen and also 
in specimens subjected to simple flexure rather than rotating beam- 
type loading. In this investigation only the top and bottom fibers 
of the bending specimens received the maximum stress in contrast 
to rotating beam specimens in which all outside fibers are stressed 
to the maximum. For a flat specimen in reversed bending a greater 
percentage of the fibers receive the peak stress, and in direct axial 
stress all fibers receive it. The effect of type of machine and speci- 
men on fatigue results has been discussed previously (7, 8,9). The 
reported fatigue strengths of 14S-T specimens appear to correlate 
well with the probability considerations. 


Type of Specimen Fatigue Machine Reported Fatigue Strength 
at 10° Cycles 

Round, pure bending Sonntag 28,200 psi 

Rotating beam R. R. Moore 27,600 psi (8) 

Rotating beam R. R. Moore 25,000 psi (10) 

Flat, cantilever Krouse 23,000 psi (8) 

Round, axial ARL direct stress 20,000 psi (10) 


Alternating Torsion Tests—Fatigue tests were run at five dif- 
ferent ratios of steady mean stress (tm) to static ultimate torsional 
strength (modulus of rupture) (t,). The results are shown in Table 
III. The S-N curves obtained for the five means stresses are given 
in Fig. 7. 

A study of these curves indicates that imposition of steady mean 
stress produces no marked change in the general nature of the tor- 
sional fatigue phenomenon. Again the stresses were calculated from 
elastic formulas, and for the two~highest mean stresses the points 
plotted have a maximum stress (Tmax.) greater than the static tor- 
sional yield strength (t,) as determined from control tests. Work 
hardening of surface fibers and the relative short duration of peak 
stress during a cycle might account for this phenomenon. Fatigue 
failure was still taken as the deflection at which the microswitches 
were tripped. For low alternating stresses complete fracture occurred, 
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but for high alternating stresses, where large deflections of the recip- 
rocating platen accompanied the larger forces produced by the rotat- 
ing eccentric mass, separation was not complete. These incomplete 
fractures always occurred at less than 10° cycles; hence, their effect 
on the determination of the fatigue strength from the S-N curves 
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Fig. 7—S-N Curves—Dynamic Torsion Tests. 


at 10° cycles can be neglected. These fractures will be more fully 
discussed later. 

The effect of mean stress on the torsional fatigue strength is 
illustrated by the steady stress — alternating stress diagram in Fig. 8. 
For mean stress — ultimate strength ratios (t/t) less than 0.2, the 
fatigue strength seems to be little affected, if at all. A study by 
Smith (3) of fatigue data on a number of ductile materials includ- 
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Table III 
Fatigue Data for Alternating Torsion 





Spec. Mean Stress Alternating Stress Cycles to Failure 
No. 1000 psi 1000 psi (units of 10*) 
LT1 0 15.9 2,995 
Lae 0 13.5 6,383 
LT3 0 23.0 479 
LT4 0 18.6 2,058 
LTS 0 27.0 167 
LT6 0 13.0 15,390 
Lv? ir. 19.0 1,250 
LT8 11.2 16.0 2,016 
LT9 11.2 23.0 696 
LT10 ia 27.0 170 
LT11 ‘4:3 14.0 6,233 
LT12 22.4 23.0 299 
LT13 22.4 19.0 555 
LT14 22.4 16.0 1,236 
LT15 22.4 13.0 4,277 
LT16 22.4 11.5 5,933 
LT17 33.6 16.0 618 
LT18 33.6 19.0 427 
LT19 33.6 23.0 266 
LT20 33.6 13.0 2,590 
LT21 33.6 11.0 4,714 
LT27 33.6 10.5 7,317 
L.T22 42.0 11.0 2,658 
LT23 42.0 16.6 578 
LT24 42.0 19.0 389 
LT25 42.0 13.0 1,333 
LT26 42.0 9.0 15,320* 
*Specimen unbroken when test was stopped. 


ing some grades of aluminum alloy (but not Alcoa 14S-T) indi- 
cated a similar behavior except that his study showed no apparent 
change in (t,/t,) up to a (tm/ty) of approximately 0.4. Other data 
on 14S-T (11) when plotted exhibited no such trend for fatigue 
strengths at 10° cycles but more nearly followed the “half-slope for- 
mula” for the entire range of stress. Fig. 8 shows that our test 
data is approximately represented by a line with a slope half that cor- 
responding to the modified Goodman relation or, if the point corre- 
sponding to the highest mean stress is disregarded, by the Gerber 
hypothesis. Both the “half-slope formula” and the Gerber hypothe- 
sis predict higher alternating stresses for given mean stresses than the 
Soderberg or modified Goodman relations. An upper limit, in the 
form of a yield strength line where Tmax. = Ta + Tm = Ty, may be 
placed upon the formula. As illustrated in Fig. 8, this limit may be 
slightly conservative, since the yield strength of the material under 
dynamic loading has probably increased over its original unworked 
value. In only a few instances, however, will static loads of such 
magnitude as the yield strength of a material be used in design. 
Photographs of torsional fatigue fractures are shown in Figs. 
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9, 10, 11 and 12. For complete reversal of loading and for speci- 
mens subject to 10° or more cycles, study of the fractured surfaces 
reveals that fracture started on the surface approximately at the cen- 
ter of the reduced section and progressed along lines transverse to 
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Fig. 8—Steady Stress — Alternating Stress Dia- 
gram—Torsion Tests. 





Fig. 9—Torsion Fatigue Fracture with No Steady Stress—Tensile Failure. 
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Fig. 10—Torsion Fatigue Fracture with No Steady Stress—Shear Failure. 





Fig. 11—Torsion Fatigue Fracture with Added Steady Stress—Tensile Failure. 


the directions of maximum tension principal stress (Fig. 9). The 
specimen in Fig. 9 is unique in that the fatigue crack, once started, 
progressed in two directions at right angles to one another, both per- 
pendicular to maximum tension principal stresses, until complete frac- 
ture occurred. It should be remembered that in completely reversed 


- 
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Fig. 12—Torsion Fatigue Fracture with Added Steady Stress—Shear Failure. 


torsion the principal stress directions, at an angle of 45 degrees with 
the axis of twisting, each become in turn a maximum tension _prin- 
cipal stress direction in one complete cycle. The minimum diameter 
of the specimen shown was 34 inch. (As previously mentioned, pre- 
liminary tests indicated no size effect on torsional fatigue strength in 
going from 7% to % inch in diameter. ) 

Fig. 10 illustrates an incomplete fracture of a 7-inch diameter 
specimen subjected to a high alternating stress. (less than 10° rever- 
sals). It is evident that the failure, once started, progressed along 
directions of maximum shear. All of these failures exhibited a num- 
ber of fatigue cracks in the direction of the axis of twisting, with 
one main transverse fissure in the same specimen. In a few instances, 
the start of a crack was noticed, and its progression could be watched 
for a period of about 20 minutes until failure (as previously defined ) 
occurred. 

The addition of a static torsion to the alternating torsional load- 
ing has little or no effect on the nature of the fracture, except that 
there were no double breaks as shown in Fig. 9. The two types of 
torsional fatigue failure, tensile and shear, are shown in Figs. 11 and 
12 for a mean stress of 11,200 psi (0.2 t,). Fig. 11 illustrates a 
typical helicoidal (tensile) fracture for a low alternating stress 
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(14,000 psi). In Fig. 12, the failure along shear planes can be seen, 
caused by a high alternating stress (27,000 psi). As removed from 
the fatigue machine this specimen was not completely fractured. To 
determine the extent to which the cracks had progressed into the 
interior of the piece, it was subsequently pulled apart in a static ten- 
sile machine. Only a small core showed no evidences of fatigue 
‘“chevrons”. 

A suitable explanation for the two distinct types of torsional 
fatigue failure has not yet been found (by these authors). The 
relative strengths in shear and tension of single crystals of the mate- 
rial coupled with the different number of repeated load applications 
may be contributing factors. 


CONCLUSIONS 


Polished specimens of Alcoa 14S-T do not follow either the 
modified Goodman relation or the Soderberg relation for determin- 
ing the effect of mean stress on fatigue strength for either pure bend- 
ing or torsional loading. For pure bending, the test results indicate 
a linear decrease of fatigue strength with increasing mean stress at 
a rate one-half that of the modified Goodman relation. For pure 
torsion the results show little decrease at low mean stress values 
(less than 0.2 of the modulus of rupture) and an approximate over- 
all agreement with the “half-slope formula” or the Gerber hypothesis. 

Regardless of the value of the static mean stresses, the fatigue 
fractures seem to almost always progress in directions transverse to 
the maximum tension principal stress direction. The only exceptions 
occur under alternating torsion when the fatigue specimens are sub- 
ject to stresses considerably above the fatigue strength so that failure 
occurs at less than 10° cycles. In this case, the fracture cracks 
develop along lines of maximum shear. 
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DISCUSSION 


Written Discussion: By B. J. Lazan, professor and head, Department 
of Materials Engineering, Syracuse University, Syracuse, N. Y. 

The authors, are to be complimented on a carefully planned and well- 
executed fatigue program under nonreversed stress. Stress-range studies, 
although very important in engineering, have received comparatively little 
attention to date, and the authors’ contributions are a welcome addition 
to fatigue literature. 

Referring to the stress-range diagrams for bending and torsion in 
Figs. 4 and 8, respectively, the addition of relatively low magnitude alter- 
nating stress to the static or mean load reduces the allowable static load 
less than predicted by the Soderberg, Goodman, and Gerber hypotheses 
(experimental data lie above theoretical curves on right side of diagrams). 
Recent work on temperature-resistant materials? follows a similar pattern 
for both creep and rupture resistance. In fact, in many cases the addition 
of 25% alteration stress to a static preload increased the time to failure 
and reduced the creep rates. Stress-range diagrams for these materials 
therefore display a reversal loop with the maximum allowable mean stress 
occurring not at zero alternating load, but with some alternating load 
superimposed. 

In the preliminary analysis* of the small destructive influence and 
frequent strengthening effect of low magnitude cyclic stress, as mentioned 
above, one factor considered was the accelerating effects of cyclic stress 
on metallurgical transformations, such as precipitation hardening. As far 





_. ®B. J. Lazan, “Dynamic Creep and Rupture Properties of Temperature-Resistant Mate- 
rials Under Tensile Fatigue Stress,” presented before the American Society for Testing 
Materials in June 1949, and to be published in the Proceedings of the Society. 
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as aluminum alloys are concerned, Hanstock*® has shown that cyclic stress 
does accelerate age hardening rates; in fact, vibrating stress “sufficiently 
prolonged produces changes in metallurgical condition normally associated 
with temperature aging and annealing”. This metallurgical factor may 
not only affect fatigue life of the material but might also account for 
the different types of fractures cited in the below 10°*-cycle tests as com- 
pared to the above 10°*-cycle tests. 

Was any attempt made by the authors to measure the creep in tests 
under large preload? Not only is such creep of interest from the proper- 
ties of materials viewpoint, but if large, such creep might somewhat re- 
duce the static preload in the specimen. 


Authors’ Reply 


Professor Lazan’s interesting remarks show that for some materials 
added alternating stress of low magnitude not only produces a smaller 
reduction in allowable static load than that to be expected by the various 
theories, but sometimes actually produces a strengthening effect on the 
property in question. 

The question is also raised as to whether aging due to cyclic stress 
might account for the different types of fracture found experimentally 
for the torsional fatigue specimens. Since the alloy used in this investiga- 
tion was Alcoa 14S-T, it is doubtful whether much additional aging would 
be produced by vibratory stress. This alloy is artificially aged at elevated 
temperatures and hence should closely represent “fully-aged material”. 
Consequently, it should be much less susceptible to further aging by 
cyclic stress or otherwise than materials not artificially aged, such as 
Alcoa 24S-T. 

It is felt that the effect of creep on the static preload of the fatigue 
specimens is inappreciable. Although specific readings of creep deforma- 
tion were not made during or after-a fatigue test, visual observation of 
the fatigue specimens indicated no permanent set occurred during the 
relatively short (one to three days) duration of load period. 


8R. F. Hanstock, “The Effect of Vibration on a Precipitation Hardening Aluminum 
Alloy,’’ Journal, Institute of Metals, May 1948. 











FRACTOGRAPHIC STUDY OF DEFORMATION AND 
CLEAVAGE IN INGOT IRON 


By C. A. ZAPFFE AND C. O. WorDEN 


Abstract 


Fracture facets of ingot iron are studied fracto- 
graphically in a preliminary investigation of deformation 
and cleavage phenomena as expressed in cleavage patterns 
of iron. As with other materials, the patterns prove to be 
characteristic, reproducible, and informative, expressing 
features of original crystal growth, mechanical, thermal 
and chemical treatment, and perhaps of recrystallization 
in annealed specimens. 

Cold working destroys the typically cubic pattern of 
the annealed material and produces its own pattern of 
toughness, crossed occasionally by markings on {112}. 

Hydrogen embrittlement aggravates the cubic detail 
of annealed metal; and imposes a cubic pattern upon cold- 
worked metal; and the condition of embrittlement 1s gen- 
erally typified by a marked presence of rectilinear voids 
where blocklets of metal have been removed during cleav- 
age. This is considered to be an expression of the planar 
pressure activity of the gas, which literally explodes away 
small sections when cleavage suddenly relieves one dimen- 
sion of the previously triaxial stress. 

Crystallographically, the cleavage facet is identified 
as (001), and the rectilinear markings as intersecting 
(100) and (010) cleavage planes. All other geometric 
traces conform with planes of the {112} family; but these 
seem to partake of the characteristics of Neumann bands, 
slip, and even cleavage, and therefore raise questions 
requiring further study. 

Two new fractographic techniques are introduced. 
In one, the two sides of a single cleavage traverse as 
expressed on the two halves of the fracture are photo- 
graphed to provide “obverse and reverse’ fractographs 
whose comparison is informative. In the second, a single 
grain whose facet has been photographed is plastically 


_ From research conducted in the laboratory of the senior author under the sponsor- 
ship of the Office of Naval Research. 
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deformed and rephotographed to enable a study of the 
changes occurring in the original cleavage pattern when 
that grain is subsequently deformed. 


REVIOUS studies with fractography have largely concerned 

metals which develop more or less brittle cleavage and are 
therefore particularly adapted to the technique. These have included 
bismuth (1),’ antimony (2), zinc (3), certain nonmetallic materials 
(4, 5,6), and binary alloys of iron-silicon (7) and iron-chromium (8). 

Only the latter two provided direct information regarding the 
intracrystalline features involved in the deformation and cleavage 
of ferrous alloys. The study of steel, whose many and complex 
problems especially invite exploration by any new method, has been 
delayed pending refinements in the technique, for the fracture sur- 
faces of steel are most forbidding to direct examination at high 
magnification and constitute the principal challenge to the broad 
usefulness of fractography. 

Within the current year, however, two fractographic studies of 
steel have been completed—on ship plate (9) and on weld metal 
(10). These represent a successful application of the technique in 
a mechanical sense, for facets were readily observed on randomly 
selected fractures of commercial steels. A technical achievement of 
considerable value also resulted, for it was found that these steels 
could be rated for “toughness” on the basis of the fractographic 
pattern with at least the accuracy of current and much more elaborate 
mechanical methods. 

Toughness ratings by fractography, however, follow from the 
fact that the gross pattern of the facet provides a qualitative measure 
of the difficulty of the cleavage traverse (11). The profusion of fine 
detail also observed within the various patterns themselves remained 
largely unexplained; and it is the purpose of the present study 
specifically to develop this detail in clearer form and to observe its 
response to certain treatments of the metal. 


SPECIMENS 


Since the behavior of steel is based fundamentally upon the 
characteristics of iron, specimens relatively free of carbon are 
advisably used in a preliminary study. Single crystals of the pure 
metal would perhaps constitute the best specimens ; but the technique 





1The ..gures appearing in parentheses pertain to the references appended to this paper. 
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of fractography utilizes the principle of studying individual crystals 
within a polycrystalline mass, and no differences have yet been noted 
in studies of other metals between such crystal individuals and 
specially prepared single crystals. 

Armco ingot iron was therefore selected as a suitable material 
for this preliminary study. Sections of %-inch and %-inch hot- 
rolled plate were sawed into pieces approximately 1 inch long and 


IZ 


4 or ¥Y% inch in cross section, and were variously treated before 
fracturing, as will be described. 

Regarding the manner of fracturing, it should be pointed out 
that the specimens were notched lightly with a file and fractured 
by hammer blow in a vise, utilizing whatever other conditions of 
low temperature or hydrogen embrittlement were necessary to pro- 
duce at least a few readily observed facets. Some question often 
arises about this procedure because of the known pronounced effects 
of notch type, velocity of impact, temperature, and other variables 
on fracture characteristics. However, such factors primarily concern 
macroscopic features of the fracture, determining whether a grain 
will cleave in a brittle manner to provide a flat, “coarsely crystalline” 
surface, or whether slip and plastic effects will first interfere to 
provide a rough “fibrous” surface. Fractography is instead con- 
cerned with the internal pattern of the grain structure as revealed 
by cleavage; and, so far as is yet known, macroscopic effects of the 
failure do not importantly change the microscopic structural elements 
which are involved in the cleavage traverse. Research must yet be 
performed exploring the possible microscopic effects of variables 
in the fracturing stress; but it seems proved for present qualitative 
purposes that to reveal the grain pattern one has only to cause the 
grain to cleave in any manner which will expose an observable 
cleavage area without interposed plastic changes. There seems to be 
a considerable looseness in the current use of the terms “cleavage” 
and “shear” for failures. On a gross scale the designations may be 
useful; but it is an error to assume without further evidence that a 
“shear” failure is anything other than a cleavage on the minute scale 
of grains first segmented by slip. 

In the present study, a slight difference might be noted between 
specimens fractured at room temperature and those fractured at 
—196 °C (—320°F); but this difference is in the nature of an 
incipient cold working effect at room temperature because of some 
interposed slip. Within any one series of tests, nevertheless, the 
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temperature of fracturing will be held approximately constant, in the 
absence of more exact information on the details of its effect. 

For fracturing at low temperature, the specimen is notched, 
immersed in liquid nitrogen 5 minutes after cessation of boiling, and 
fractured immediately on withdrawing. The procedure is referred 
to here as fracturing “in liquid nitrogen”, although some slight 
temperature rise probably occurs. After fracturing, the specimen is 
immersed in ether to prevent rusting from condensed moisture. 


OBSERVATIONS 
Effect of Heat Treatment 


As received, the hot-rolled material discloses facets typical of 
those in Fig. 1 when fractured in liquid nitrogen. Comparison with 
subsequent fractographs of annealed specimens will show that the 
facets here are relatively small, and that they carry an indication of 
irregular roughness, hence somewhat greater toughness (11). 

Since cleavage in iron is universally presumed to occur on 
{100}, the field of the fractograph will be assumed throughout the 
discussion to be the (001) plane unless it can be proved to be other- 
wise. There is a tendency toward blocklike markings at 90 degrees 
[cleavages on (010) and (100)] in the upper fractograph; and, in 
the lower, crystallographic traces appear at angles of 53 degrees 
with one another. The lower edge of the lower fractograph is a 
relatively straight boundary having an angle of 18 degrees with the 
other markings. All these markings in the lower figure are con- 
sistent with intersections of {112} on (001). 

As for identifying the markings in the lower fractograph, there 
immediately arises a problem which is complex. That is the indi- 
cation of three stages of deformation, all of which may be occurring 
on the {112} family. First, there are the heavy horizontal markings 
which are almost certainly Neumann bands (12) on {112}. Second, 
there are the light diagonal markings which are consistent with 
Neumann band dispositions, but differ so markedly in contour that 
they rather suggest slip (12). Third, the lower profile at 18 degrees 
seems actually to be a cleavage or separation, but also on {112}. 
These and following observations add to an earlier surmise (12) 
that the mechanisms by which iron deforms and cleaves are not yet 
fully understood. 

In Fig. 2, fractographs of this material are shown after an 
anneal for one-half hour at 1350 °C (2460 °F) followed by furnace 
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_ Fig. 1—Fractographs of Armco Ingot Iron in the Hot-Rolled Condition. (Fracture: 
Liquid nitrogen.) Original magnification * 800, reduced % in reproduction. 


cooling. The greatly increased grain size is indicated by the size 
of these fields at magnifications roughly one-quarter that in the 
preceding figure. The fields are flatter and more sharply delineated, 
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Fig. 2—Specimens of Previous Figure Annealed at 1350 °C (2460 °F) and Furnace- 


~ 


Cooled. (Fracture: Liquid nitrogen.) Original magnifications—upper X< 200; lower 
xX 275, reduced % in reproduction. 
expressing a considerably easier cleavage traverse, and hence 


decreased toughness. 
In the upper fractograph, an irregular boundary appears 
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between two areas whose angular markings show a common orien- 
tation. Also, each area shows a fanlike structure considerably dis- 
placed toward each other. These observations are consistent with 
the micellar theory for the solid state recently announced by this 
laboratory (13); and they are interpreted as representing two 
separately nucleated’ micellar masses whose fanlike formation is a 
pattern of imperfection developing in the growth of each respective 
group. While such observations of “lineage” structure are often 
found within a single grain (14), it may be suggested here that 
these two areas were originally separate grains; and that the fracto- 
graph therefore discloses an interesting observation on recrystal- 
lization and grain growth. The micellar units within the two zones 
have reoriented to share a common domain, but the original macro- 
pattern of growth imperfection persists. 

Also in the upper fractograph are numerous minute pits, some 
of which perhaps represent inclusions of solid phases, but others 
undoubtedly similarly representing intragranular gasholes. That 
type of porosity is not commonly either observed or discussed 
(10, 14). 

As for crystallographic markings, both fractographs are partic- 
ularly abundant in them. In the upper figure, the only angles which 
do not break down on closer study to composites of other directions 
are 90 degrees, and possibly a few at 45 degrees. The former are 
therefore (100) and (010) intersecting cubic cleavages. Many 
other apparent angles of lower order are indicated; but close exam- 
ination will usually show them to be staircase effects of fine-scale 
cubic cleavages. This is a frequent observation on cleavage surfaces, 
and it tends to throw some doubt upon the authenticity of the 
complex {110}, {112}, and {123} slip operations commonly 
assumed for iron. Possibly there is a subtle stepwise operation 
among the micellar units which can ultimately be shown to explain 
observations of complex plastic mechanisms. 

In the lower fractograph, pronounced markings occur at 90, 53 
and 37 degrees; and, as in the previous figure, there is an angle of 
18 degrees with what is visibly a cleavage edge in the lower right 
of the field. These angles again conform with traces of {112} on 
(O01); and they can be presumed to represent what is commonly 
classed as the Neumann band, although a reservation must again be 
drawn with regard to the evidence of cleavage. The compartmenting 
of lineage designs by certain of the heavier bands is particularly 
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interesting, as is the symmetry of the lineage about a circular pit 
in two marked instances. 

In observing fractographs for the first time, one frequently 
tends to ascribe these fanlike forms to stress resolutions and rupture 
effects. This probably follows from reasons similar to those prompt- 
ing the question regarding fracture method, just discussed, for the 
macropattern of fracture is usually strongly subject to the character- 
istics of the rupturing force. 

However, the micropattern of cleavage is more strongly influ- 
enced by structural weaknesses within the individual grain or crystal, 
when such exist. The conditions have been defined in studies with 
nonmetallic crystals (4, 5, 6), for there the “hackle” pattern of 
cleavage in materials like glass is well known. Two types of pattern 
have been defined: Type J, which expresses characteristics of the 
matrix ; and Type //, which expresses characteristics of the rupturing 
force. The latter is the “hackle” pattern, and it predominates in 
amorphous materials and crystals of low symmetry, for directional 
weaknesses are relatively undeveloped. The Type I pattern, con- 
versely, predominates in crystals of higher symmetry, representing 
weaknesses both in crystallographic directions on the basis of atomic 
pattern and in either crystallographic or noncrystallographic direc- 
tions on the basis of the imperfections of the crystal. 

Since most metals have high symmetry, the cleavage pattern is 
commonly Type I, often to a virtual exclusion of Type II. Prin- 
cipally when compounds form, as in epsilon FeSi (7), does “hackle” 
structure display itself. Most of the present patterns are therefore 
believed tentatively to represent Type I markings of geometric crys- 
tallographic phenomena and nongeometric traces of imperfections in 
crystal growth. It can be readily demonstrated that the disposition 
of the fanlike patterns has no relationship to the direction of the 
fracturing stress; and on the basis of the micellar-lineage theory 
much information can in turn be derived regarding the nature of 
solidification phenomena and crystal growth (15, 16, 17). 


Effect of Cold Work 


Cold deformation is known to toughen iron and steel. Conse- 
quently, previous cold working should register on a fractograph, 
and in the direction of an indicated increase in toughness. 

Several series of tests were run to find whether there is an 
observable effect of cold working. Once again, only qualitative 
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experiments were performed, no attempt being made to control the 
degree of cold work. The specimens were simply hammered to an 
estimated 50% reduction in cross section before fracturing, the 
purpose of the test being to ascertain the nature of the effect and 
not its measure. 

Series A—First, four sets of specimens were annealed at 1000 
°C (1830°F) for 2 hours and were furnace-cooled and fractured 
in liquid nitrogen. Two fractographs in Fig. 3 from one of these 
sets describe the general range of patterns encountered, the upper 
representing a smooth facet with a minimum number of markings, 
and those principally in one direction only; and the lower disclosing 
heavy intersections at 90 and 45 degrees. The 90-degree markings 
are visibly (010) and (100) cleavages; but the heavy 45-degree 
diagonal may belong to one of a number of families. On the basis 
of the other patterns, it is perhaps a Neumann-type marking on 
{112}. 

By comparing these fractographs with those in the previous two 
figures, noting the magnifications, one will observe that the 1000 °C 
(1830 °F) treatment has improved the regularity of the hot-rolled 
structure, but has only slightly increased the grain size in comparison 
with the 1350 °C (2460 °F) treatment. 

Next, the remaining three sets of specimens were cold-hammered 
to approximately 50% reduction in cross section. One of these was 
then fractured; and patterns were disclosed whose general range 
is depicted by the two fractographs in Fig. 4. The upper fractograph 
shows a relatively small grain; the lower, a relatively large one. 
In both, crystallographic markings are virtually absent. The traverse 
is roughened in both fields, and particularly in the lower, such that 
it much resembles the “coral’’-type pattern found in samples of ship 
plate having good toughness (9). Some coarse markings in this 
lower figure can be discerned which suggest the crystallographic 
traces displayed in a later cold work pattern, but they are badly 
distorted. 

Series B—Both of the remaining sets of specimens were now 
returned to the annealing furnace in their cold-worked condition, 
and the anneal was repeated. Typical fractographs in Fig. 5 of one 
of these two sets subsequently fractured in the annealed condition 
compare so closely with those in Fig. 3 that previous cold working 
can be said to be without significant effect upon the structure 
obtained from annealing. 
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Fig. 3—Fractographs of Ingot Iron Annealed 2 Hours at 1000 °C (1830°F) and 
Furnace-Cooled. (Fracture: Liquid nitrogen.) Original magnification X< 825, reduced 
lg in reproduction. 





Series C—Finally, the fourth set was again cold-worked by 
hammering to a 50% reduction, and was likewise fractured in liquid 
nitrogen. The fractographs in Fig. 6, similar to those in Fig. 4, 








Fig. 4—Ingot Iron Anneaied at 1000°C (1830°F) for 2 Hours, Furnace-Cooled, 
and Cold-Worked to 50% Reduction before Fracturing. (Fracture: Liquid nitrogen.) 
Original magnification X 825, reduced %4 in reproduction. 


show a virtually complete elimination of crystallographic markings. 
The upper field represents a relatively small grain, which is so badly 
distorted that obtaining a clear focus is difficult. 
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Fig. 5—Fractographs of Cold-Worked Specimens in Preceding Figure after Re- 
annealing at 1000 °C (1830°F) for 2 Hours, Followed by a Furnace Cool. (Fracture: 
Liquid nitrogen.) Original magnification X 825, reduced 4% in reproduction. 


In the lower fractograph, a growth condition again shows itself 


similar to that discussed in Fig. 2. The total facet apparently com- 
prises two separately nucleated fanlike areas having a visible bound- 
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Fig. 6—Ingot Iron of Preceding Figures Annealed, Cold-Worked, Reannealed, and 
Cold-Worked. (Fracture: Liquid nitrogen.) Original magnification Xx 825, reduced % 
in reproduction. 


ary. Unlike the instance in Fig. 2, no geometric markings are 
present to prove that. the two areas have the common orientation 
of a single grain. However, the fact that both surfaces lie in the 
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one field of focus may be taken to indicate a common cleavage 
direction, hence a single orientation, within the limits of the imper- 
fection of the crystal; and once again this may be an evidence of 
the grain growth which occurred during annealing. 

As for interpreting these cold work patterns, they may or may 
not be explainable on classical grounds of residual stresses and 
strains in a distorted atomic lattice; but they can be very simply 
explained on the basis of the micellar theory. 

Thus, the regular blocklike pattern of the annealed material 
follows from the uniformity of array of the micelles attained by 
annealing ; and subsequent cold working then displaces these micellar 
units with respect to one another such that the cleavage traverse 
is forced into continuous deflection. The result is the replacement 
of long-scale geometric traverse with fine-scale irregularities and a 
consequent display of greater resistance to cleavage, hence greater 
toughness. 

If corroboration of the latter theory lies in these fractographs, 
it perhaps is found in the fanlike patterns ascribed to the imperfec- 
tions of lineage growth. One will note in the four sets of these 
fractographs that the same general condition of lineage pattern 
obtains in each, quite regardless of the superimposed effects of 
annealing or of cold work. This strengthens the belief that the 
fanlike pattern is a fundamental inherited pattern established during 
the original growth of the grain, and that subsequent thermal and 
mechanical operations alike primarily concern the micellar individuals 
in slip and reorientation phenomena, with a lesser effect upon the 
total pattern of their original assemblage. The considerable evidence 
upon which this hypothesis is based will form the subject of a 
separate communication. 


Effect of Hydrogen Embrittlement 


Annealed Iron—By referring to the original paper by Zapffe 
and Moore in which fractography was first described (18), one will 
find that the technique was developed in an effort to explore the 
action of hydrogen within an individual grain of iron to find if 
possible why the originally ductile metal should become brittle merely 
by absorption of this gas. It was clear that a compound of iron and 
hydrogen did not form, and that the gas immobilized the slip ele- 
ments within the crystal by a pressure activity. A characteristic 
appearance of the cleavage facets of hydrogen-embrittled metal was 
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Fig. 7—Fractograph of Ingot Iron Annealed as in Fig. 3, Embrittled with Hydro- 
gen, and Fractured at Room Temperature. Original magnification 475, reduced 44 
in reproduction. 


immediately observed. Later the senior author demonstrated that the 
gas occludes under extremely high pressures within the same planar 
disjunctions that seat deformation phenomena; and the “planar 
pressure theory” of hydrogen embrittlement was proposed (12). 

In Fig. 7 we see a facet of the present ingot iron, annealed as 
described for the previous Fig. 3 and subsequently embrittled by a 
30-minute pickling treatment in 10% H,SO, at 90°C. The specimen 
was fractured at room temperature immediately after pickling. The 
pronounced blocklike pattern is typical of the condition (18). The 
hydrogen has entered actual openings of extremely small size within 
the structure and has developed aerostatic pressures whose triaxial 
effects have immobilized slip. According to the micellar theory, this 
gas has precipitated at the submicroscopic micelle boundaries, which 
are also the surfaces seating deformation phenomena. The act of 
cleavage apparently released a component of the balanced stress 
system, and small groups of micelles are literally exploded away, 
leaving tiny crystallographic voids. 

In Fig. 8, two fractographs at higher magnification show more 
of this block detail. Virtually only cubic 90-degree markings are in 
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Fig. 8—Fractographs of Hydrogen-Embrittled Ingot Iron at Higher Magnification, 
Showing Pronounced Block Detail. (Fracture: Room temperature.) Original magnifi- 
cation (upper) X 800; (lower) X 1025, reduced % in reproduction. 


evidence, other apparent angles usually breaking down on closer 
observation to stepwise components. Note the particularly strong 
lineage patterns in the lower fractograph; and in the previous Fig. 7 
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attention might also be called, in passing, to the area at the top of 
the field which may relate to the recrystallization action discussed 
earlier. Fig. 7, incidentally, obviously exposes one entire grain, for 
the field recedes on all sides; and the pattern is particularly good 
in displaying the effect of this gas on a grain which otherwise would 
certainly have allowed a great deal of plastic movement, fractured 
as it was at room temperature. 

On the other hand, a limited amount of block structure is also 
observed in samples not purposefully embrittled with hydrogen 
(witness the previous Figs. 3 and 5). This may be due to a general 
tendency of cleavage to develop on intersecting cube planes in 
annealed grains of good crystal alignment. It may also be due to 
a persistent threshold quantity of hydrogen in all commercial steels 
which remains to express itself occasionally. This seems to be 
demonstrated in the work with weld metal (10). Further work must 
be done to prove how much of the block structure is an expression 
of hydrogen; for it may instead primarily express a condition of 
balanced stress, which can follow from annealing, or can be imposed 
by triaxial pressures of the contained gas. Now it can only be said 
that the gas so markedly aggravates that particular condition that 
the fractographic pattern will usefully indicate the presence of impor- 
tant quantities of the gas. 

One of the most detailed views of the so-called hydrogen-type 
facet ever obtained is presented in Fig. 9. The specimen was annealed 
at 1250°C (2280°F) for 2 hours to grow large grains, furnace- 
cooled, embrittled by hydrogen as described for Fig. 7, and fractured. 
The two fractured halves were then carefully oriented and studied 
in turn, such that the same facet was photographed at the same 
magnification on both fracture faces. The two fractographs in Fig. 9 
therefore provide “obverse and reverse’ views of the path which 
cleavage followed in traversing this grain. The grain is literally 
opened and folded back, disclosing both aspects of the cleavage 
traverse (19). 

Thus, one can follow the markings in the pattern as they record 
on each face; and interesting observations can be made both with 
the gross markings and with the fine details, some of which appear 
on both faces, and some of which do not. A convenient method for 
examining the structures is to use calipers with one leg placed at 
the center of symmetry of the two fractographs. Note the markedly 
different appearance of the large hook-shaped marking on the two 
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Fig. 9—“Obverse and Reverse’ Fractographs of a Single-Cleaved Grain in Ingot 
Iron Embrittled with Hydrogen, Showing the Registrations of the Cleavage Traverse 
on Both Faces of the Fracture. Original magnification X 150, reduced 1% in reproduction. 


facets, the pits which appear on one face and not on another, the 
excellent growth detail, and so forth. 
Cold-W orked Iron—With the foregoing displays of the separate 
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effects of cold working and hydrogen embrittlement, one favoring a 
roughened pattern and the other a blocklike one, the combination 
of the two within a single specimen deserves some attention. 

A set of samples was annealed for 2 hours at 1250 °C (2280 °F) 
and furnace-cooled. The grains resulting from this treatment are 
large, and a sufficiently brittle fracture can be effected without 
utilizing subzero temperatures. All fractures in this final series 
were made at room temperature. 

In Fig. 10, the upper fractograph shows the pattern of this iron 
fractured at room temperature. There is very little distinction to be 
made between this pattern and those fractured at the temperature 
of liquid nitrogen, such as the upper fractograph in Fig. 3. Possibly 
a suggestion of “toughness” lines can be found in the fracture at 
room temperature, representing interposition of slight plastic move- 
ment. But the facet bears out the earlier remark that the cleavage 
pattern is a remarkably persistent and intrinsic pattern which will 
reveal itself on the cleavage surface of a specimen fractured in 
virtually any manner—just so that it does cleave, and expansively 
enough to provide a field for study. The facets may be smaller when 
fractured at room temperature, large ones being relatively rare, for 
plastic movements may intervene to segment the grain, thus reducing 
the size of the individual facet. Indeed, if the plasticity is fully 
utilized, a “fibrous” fracture results, containing no facets of impor- 
tant extent. But that facet which does develop displays its .partic- 
ular portion of the fundamental pattern. Later study of the effects 
of the rupturing force will likely disclose measurable changes; but 
it is also likely that certain basic characteristics of these patterns 
will always remain essentially unchanged because they are patterns 
of the crystal architecture. 

In the lower fractograph of Fig. 10, this same material is 
shown after moderate cold working. The toughness lines have con- 
siderably increased ; but, unlike the specimens in the previous figures, 
there are some pronounced crystallographic markings at positions 
consistent with {112}. Once again heavy faulted markings are 
suggestive of actual cleavage; but the matter of solving these {112} 
deformation markings is complex, and will be deferred for further 
research. This discussion has been the basis of many articles (12). 
Certainly the appearance here departs far from customary twin 
activity, which the {112} markings have been commonly presumed 
to represent (12). It is also not too clear why these markings are 
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Fig. 10—Specimens Annealed 2 Hours at 1250°C (2280°F), Furnace-Cooled, and 
Fractured at Room Temperature. (Upper) As annealed. (Lower) Cold-worked. before 
fracturing. Original magnification (upper) X 800; (lower) X 350, reduced %& in 
reproduction. 


prominent in Fig. 10 and not in the previous cold-worked specimen. 
As for the slight tendency toward block structure indicated in the 
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_ Fig. 11—Fractographs of Cold-Worked Iron Subsequently Embrittled by Hydrogen. 
Original magnification x 350, reduced 4% in reproduction. 


upper fractograph, it is completely absent in the lower, consistent 
with the previous results. 
Duplicate specimens of the cold-worked material were next 
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Fig. 12—Fractographs of a Single Facet of Hydrogen-Embrittled Iron, Showing the 
Changes Imposed by Cold Work. (Upper) As fractured. (Lower) Deformed by a fine- 
pointed punch compressing the facet diagonally from lower left to upper right. Original 
magnification X 200, reduced % in reproduction. 


embrittled with hydrogen in the manner previously described. Both 
fractographs in Fig. 11 display a pronounced superimposition of 
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typical hydrogen-caused block pattern. The upper fractograph shows 
this block structure developed within a crystallographic network of 
{112} deformation markings almost identical with that in the unem- 
brittled metal in the previous two figures. The lower field is so 
badly distorted, probably both by cold work and by hydrogen, that 
crystallographic measurements can scarcely be made. Both fracto- 
graphs show numerous blocklets of metal which have been removed, 
some of relatively large size. 

In closing, Fig. 12 is presented to show how subsequent plastic 
movements within a grain relate to the cleavage pattern produced 
by previous fracture. A specimen of the material annealed at 1250 °C 
(2280 °F) was embrittled by hydrogen in a 40-minute pickling 
treatment and fractured to produce the upper fractograph. This 
field is remarkable in itself for its splendid display of deformation 
markings dividing the field into four parts, and for the four separate 
lineage patterns whose directions, followed counterclockwise from 
the upper right, virtually reverse themselves. 

After the facet was photographed, its position on the fracture 
was carefully noted, and the specimen was removed to a vise. A 
fine-pointed punch placed against the lower-left quadrant of the 
field was lightly driven diagonally against the upper-right quadrant. 
The specimen was then replaced in the fractographic stage, and the 
facet reoriented. The modified cleavage pattern of this cold-worked 
grain is shown in the lower fractograph of Fig. 12. 

Note the distortion of the major deformation markings, the 
folding back of the two compression quadrants, the appearance of 
a new family of deformation markings in the upper-right quadrant, 
the occurrence in numerous areas of extremely fine superficial striae 
(possibly difficult to find in the reproduction), and the occasional 
development of a void or pit where none showed before. This latter 
observation has been expressly expanded in a current publication (20). 


CONCLUSIONS 


While the present study proposes only to be a preliminary study, 
calling attention to a number of phenomena to be found on the 
cleavage facets of ingot iron rather than explaining them, the follow- 
ing tentative conclusions can be drawn: 

1. Cleavage patterns of ingot iron are highly characteristic of 


the material and reflect its previous thermal, mechanical, and chemical 
treatments. 
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2. In the hot-rolled condition, the facets of ingot iron are 
relatively small and contain slight registrations of toughness. 

3. Annealing at temperatures in the austenite range, followed 
by slow cooling, increases the expansiveness of the cleavage pattern, 
as an expression of grain growth, and renders the facets flatter and 
more regular (crystallographic) as an expression of decreased 
toughness. 

4. Cold working destroys the cubic regularity of the annealed 
material, always producing instead a roughened and irregular surface 
typical of improved toughness, though sometimes also developing 
deformation markings of the Neumann band type on {112} planes. 

5. Reannealing removes this effect of cold working and repro- 
duces its own characteristic pattern. 

6. Hydrogen embrittlement acts characteristically to develop 
cubic blocklike subdivisions of the cleavage face, tiny blocks of metal 
between the intersecting traces often actually being removed during 
the cleavage. 

7. This action of hydrogen increases the cubic delineation of 
annealed iron and superimposes its effect upon the irregular pattern 
of cold-worked iron, such that the fractographic pattern holds con- 
siderable promise as a means for identifying iron which contains 
appreciable hydrogen. 

8. This action of hydrogen is consistent with the planar 
pressure theory of hydrogen embrittlement, which describes the gas 
as residing under high compression along the same planar aiscon- 
tinuities that seat (a) mechanical operations such as slip and cleav- 
age, and (b) other chemical phenomena of the precipitation type, 
the triaxial nature of the aerostatic compression accounting for the 
embrittlement. 

9. Fanlike patterns, blocklike markings, and minute stepwise 
formations abound on -cleavage facets of ingot iron and are con- 
sistent with, and in turn explained by, the micellar theory for the 
solid state recently released from this laboratory. 

10. Patterns of iron treated thermally to increase the grain size 
often disclose a combination of lineage pattern and crystallographic 
traces which seem to relate directly to the phenomenon of recrystal- 
lization and grain growth and therefore deserve further study. 

11. Since the fractographic technique concerns observations of 
structures disclosed upon a crystallographic facet within a single 
grain, the angles among intersecting traces may often identify the 
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plane family. In the present specimens, a great many crystallographic 
markings can be positively identified as {100} cleavages and {112} 
registrations probably of the Neumann band type. If other plane 
families are concerned, their identity is not clear. 

12. A technique is developed by which the two fracture faces 
of a cleavage across a single grain are photographed in mirror 
orientation and at the same magnification, thus providing an obverse 
and reverse view of the cleavage traverse which can subsequently be 
studied from the standpoint of markings which express themselves 
differently on the two sides. 

13. A technique is developed whereby a given facet is marked 
and photographed, and is then deformed plastically by careful manip- 
ulation of a fine-pointed punch. The specimen is returned to the 
microscope, reoriented, and rephotographed, thus providing two 
comparable fractographs showing the response of previous traces 
on the cleavage facet to subsequent plastic deformation of the grain. 
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DISCUSSION 


Written Discussion: By C. E. Sims, assistant director, Battelle Memo- 
orial Institute, Columbus, Ohio. 

This paper and others on the study of fractures of naturally brittle 
or embrittled metals has been very interesting, but the value of this work 
should be measured in what it seems to promise when its import is fully 
understood, rather than by what it has already accomplished. When we 
have exhausted the information on the properties of metals as a function 
of composition and visible microstructure, we must look to the structure 
of the crystals for further evidence. This method appears to be one of the 
tools that will give such “inside” evidence. 

It seems probable that no metal is completely brittle, and that, under 
stress, some slipping will always occur before cleavage becomes dominant. 
From this premise, one could postulate that the pattern on the fractured 
surface illustrates how the metal started to slip before cleavage took over. 

On this basis, also, the “planar pressure theory” may need some slight 
modification. Without going into detail at this time, there is much evi- 
dence to indicate that hydrogen-loaded steel is not brittle previous to 
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initial straining. In short, it has been demonstrated in some cases that a 
hydrogen-loaded steel acts like a ductile material if the fracture is very 
rapid as in a transverse notched-bar test but shows high embrittlement 
in a static tensile test. An impact tensile on an unnotched bar shows much 
higher ductility than the static tensile test. 

Thus, it appears that hydrogen embrittlement may be a strain aging 
phenomenon in which the aging time is extremely short. The mechanism 
seems to be as follows: As soon as slip starts, the hydrogen, already 
present under high escapement pressure, rushes into the slip planes and 
distends them to such a degree that the steel is incapable of further slip. 


Authors’ Reply 


Mr. Sims’ suggestion that the pattern of initial slip lies within the 
iractographic pattern is undoubtedly correct, for the striae in bismuth 
shown in Ref. 1 and the similar markings in silicon ferrite (Ref. 7) and 
in Fig. 10 of the present paper can be accepted tentatively as slip traces. 
However, this statement must not be turned to state that the fracto- 
graphic pattern is a slip pattern, for innumerable observations would 
stand in contradiction. 

As for the suggested modification of the planar-pressure theory of 
hydrogen embrittlement, the experiments in Ref. 12 seem to provide 
direct proof for the existence of hydrogen under extremely high pressures 
along planar discontinuities within the grain previous to deformation, 
as indeed do many other phenomena, such as the rapid occlusion diffusion 
of hydrogen through steel. The planar-pressure theory, of course, is only 
a working hypothesis, and undoubtedly will receive much modification. 
Nevertheless, knowledge of deformation is itself in an impoverished condi- 
tion. For example, cannot Mr. Sims’ observation, which is certainly a 
valid one, even be reversed somewhat effectively by stating that under 
conditions of rapid fracture a ductile metal behaves like a hydrogen- 
embrittled one? This point is not made facetiously, but more to call 
attention to the fact that no one has yet explored the nature of a stress 
system along an active crystallographic plane within a crystal under the 
conditions of a deforming stress encountering a packet or occlusion of 
hydrogen precipitated at that point and collected under high aerostatic 
pressure. The gas, of course, is in a degree of equilibrium with surround- 
ing interstitially dissolved atoms, and also with surrounding gas pockets 
which may be more or less connected. Deformation may help open these 
areas, reducing the gas pressure; and there will then be a critical rate 
of stress application which would reduce the aerostatic stress below its 
embrittling values more rapidly than it could be replenished by further 
precipitation of gas. Other complications can similarly be conceived. The 
authors believe that the-planar-pressure theory should receive the exami- 
nation Mr. Sims suggests, for it presupposes a phenomenal action not yet 
granted much recognition in discussions of the solid state. 





ISOTHERMAL TEMPER EMBRITTLEMENT 


By Leonarp D. JAFFE AND DoNALp C. BUFFUM 


Abstract 


A time-temperature-transformation diagram has been 
determined for isothermal temper embrittlement, using an 
SAE 3140 steel. Temperature of transition from ductile 
to brittle failure in the Charpy test was employed as the 
measure of extent of transformation. There was some 
suggestion of a “double nose” on the C-curve so obtained. 
A decrease in embrittlement with increasing time at high 
embrittling temperatures, as reported by Vidal, was not 
confirmed. Embrittlement was observed at temperatures 
as close to the Ae, as could be studied. 


EVERAL publications from this laboratory have discussed the 

importance and general features of temper brittleness in steel 
(1-7).* Studies of the kinetics of the temper brittleness reaction— 
that is to say, its progress as a function of time and temperature— 
appear worthwhile for two reasons. First, they should lead directly 
to indications of treatments that will reduce temper brittleness. 
Second, they should throw light upon the nature of the reaction 
which is responsible for temper brittleness, and hence lead to methods 
of completely eliminating this “disease’’ of steel. This paper describes 
the first portion of such a study: an investigation of the development 
of temper brittleness under isothermal conditions. 

At present, the best measure of the extent of the temper brittle- 
ness reaction is the temperature of transition from ductile to brittle 
fracture in mechanical tests. No more direct measure of the quantity 
of reaction product has been found. In earlier work, mechanical 
tests were made at a fixed temperature only; the inadequacy of 
such measurements has been pointed out (1, 8). 


Previous Work 


The extent of temper brittleness as a function of the temperature 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The authors, Leonard D. Jaffe 
and Donald C. Buffum, are associated with Watertown Arsenal Laboratory, 
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and time of isothermal embrittlement has been investigated by 
Greaves and Jones (9), by Vidal (10), and by Pellini and Queneau 
(11).? Their results disagree in most respects. 

Thus, at long embrittlement times, Greaves and Jones found 
that the embrittlement was more severe the lower the embrittling 
temperature (at least down to 450°C (840 °F), the lowest temper- 
ature used). Vidal, on the contrary, reported that embrittlement 
was more severe the higher the embrittling temperature (except at 
575°C (1065 °F), the highest temperature studied). Pellini and 
Queneau found the embrittlement increased with temperature up to 
about 500 °C (930 °F), and then decreased. 

At short embrittling times, Vidal observed that embrittlement 
increased continuously with temperature (at least up to 575 °C), 
whereas the other authors reported a maximum between 500 and 
550 °C (930 and 1020 °F). 

Vidal, too, reported that at 575°C (1065°F) the embrittle- 
ment (transition temperature) reached a maximum at about 1 hour’s 
treatment, and then decreased. He pointed out the similarity of this 
behavior to the overaging observed by hardness measurements during 
precipitation from solid solution. In the temper brittleness tests, the 
hardness, according to Vidal, remained constant. (Earlier reports 
of “overaging” in temper brittleness do not appear valid, since the 
hardness had not been kept constant.) “Overaging” would be of 
considerable practical importance, since it would mean that temper 
brittleness could be removed by sufficiently long holds below the 
Ae, temperature. Unfortunately, overaging was not observed either 


by Greaves and Jones or by Pellini and Queneau. These authors 


disagreed as to the maximum temperature at which embrittlement 
develops, the data of the former indicating about 600 °C (1110 °F) 
and the latter as high as 650°C (1200°F). This difference, as 
discussed by Hollomon and by Pellini and Queneau, is significant 
in elucidating the elements responsible for temper brittleness. 

Vidal measured the extent of the temper brittleness reaction 
in terms of transition temperature in the notched-bar impact test. 
The other investigators used impact tests made at one temperature 
only; this is not now considered a satisfactory technique. Some, 
and perhaps all, of Pellini and Queneau’s specimens were tempered 
above the Ae, temperature, so that austenite formed during “temper- 
ing’. Subsequent decomposition of this austenite would be expected 


2Other, less thorough, studies have been reviewed by Hollomon (1). 
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to affect the toughness of the steels, so that some of the effects 
observed by Pellini and Queneau may not be due to temper brittle- 
ness (12, 13). Different investigators used steels of somewhat 
different compositions. Though some of the discordant results may 
be attributable to these divergences in technique and material, addi- 
tional experimental work seemed necessary to settle the various 
disputed points. 


PROCEDURE AND RESULTS 


The material used in the investigation was commercial SAE 
3140 steel bar stock, received as %-inch hot-rolled rounds.* The 
steel had the following chemical analysis : 

G Mn Si S P Ni Cr Mo V N 

0.39 0.79 030 0.028 0.015 1.26 0.77 0.02 Trace 0.006 

An austenitizing treatment of 1 hour at 900 °C (1650°F) was 
chosen. On quenching in water a structure of 100% martensite with 
no visible carbides was obtained in the 5S¢-inch rounds. The 
austenitic grain size was ASTM 8. 

To be able to temper specimens at as high a temperature as 
possible, it was necessary to determine the Ae, temperature. A 
series of quenched specimen blanks was therefore tempered at 
various times and temperatures, then water-quenched from the 
temper. These were machined into tensile and V-notch Charpy 
specimens and tested at room temperature. The data thus obtained 
are recorded in Table I. From these and other data it was con- 
cluded that the change in the ratio of the yield strength (at 0.05% 
offset )* to the tensile strength was the most sensitive criterion for 
determining the Ae, temperature. Using this, the Ae, temperature 
for the SAE 3140 steel. was found to be between 690 and 700 °C 
(1275 and 1290°F). Allowing 15 °C for safety, a tempering tem- 
perature of 675°C (1245°F) was selected. The tempering time 
was taken as 1 hour. 

The heat treating temperatures. having been decided, several 
hundred specimen blanks were austenitized, water-quenched, tem- 
pered, and water-quenched from the temper, all as 5¢-inch rounds. 
These blanks were then divided into small groups which were 





3’This material was supplied by Pennsylvania State College oe the courtesy of J. R. 


Low, Jr. Other experiments on the same heat have been reported (3 

‘Since some tensile tests showed a drop in load on yielding, a 0.05% offset was used to obtain 
the peak yield strength on all specimens. The bars were tested on a hydraulic tensile machine 
at the rate of 60,000 psi per minute. 








Table I 
Physical Test Data for Ae, Determination 





(All tests at room temperature) 








-————Tensile Specimen————_. V-Notch Charpy Bar— 

Temper- Temper- % % Re Impact % 
ing ing YS*/TS Elonga- Red. Hard- Energy Fibrous 
Temp., °C Time Ratio tion Area ness ft-lbs. Fracture 

725 4 min. 0.829 20.7 68.0 16.5 333.7 100 

1 hr. 0.427 17.1 39.8 11.5 114.7 100 

8 hrs. 0.373 4.3 6.6 30.0 78.6 100 

24 hrs. 0.334 7.1 7.6 37.5 4.3 0 

700 4 min. 0.871 21.4 67.0 29.0 84.2 100 

1 hr. 0.753 233 65.7 Seu2 103.6 100 

8 hrs. 0.584 25.0 61.7 17.5 wea 100 

24 hrs. 0.459 22.9 50.2 18.0 31.8 20 

690 4 min. 0.863 18.6 66.0 31.0 77.6 100 

1 hr. 0.861 21.4 67.3 24.0 102.6 100 

8 hrs. 0.909 23.6 68.0 19.0 110.2 100 

24 hrs. 0.860 26.4 69.2 12.5 112.2 100 

675 24 hrs. 0.882 aau8 68.0 14.5 108.7 100 


*Vield strength at 0.05% offset. 


embrittled isothermally for various times and temperatures, and 
water-quenched from the embrittling temperature. The blanks were 
machined into standard V-notched Charpy specimens, and a tran- 
sition curve for each group was obtained by breaking the bars at 
various temperatures on a 217 foot-pound machine (16.8 ft/sec 
striking velocity). 

Fig. 1 presents the data for the steel as quenched from the 
tempering temperature without an embrittling treatment. The two 


Table Il 
Transition Temperature and Hardness for Specimens Tempered 1 Hour 


Unembrittled Series: Transition Temperature (T.T.) —83°C 
Rockwell C Hardness (Rc) 23.0 
Furnace—Cooled Series: T.T. —10°C Re 21.0 
Isothermally Embrittled Series 
—— a Embrittling Times - - -- 








Embrit- 1 Hr. 
tlng —4 Min. —20 Min.—. —40 Min. -~——8 Hrs.—. -——48 Hrs.— ——240 Hrs.—~ 
Temp., T.T. ake ye Teke ae ie Te 3 
°C (i) me A™). Be Co) Re. () Re (°C) Re (°C) Rc 
325 —70 23.0 -68 22.5 -—70 22.5 —72 22.5 —70 22.5 —70 22.0 
375 —76 23.0 -—74 23.0 -—-80 23.0 —76 23.0 —66 22.5 -—60 aa.% 
425 —70 23.0 -—68 22.5 -—68 22.5 -—70 23.5 —56 22.0 —35 ae. 
475 —74 22.5 -—70 22.0 -60 22.0 -—S50 22.0 —20 22.0 +25 21.5 
500 —74 22.5 -—70 23.0 -64 22.5 -—30 22.9 4.9 22.5 +25 20.0 
$25 —75 22.0 -60 21.5 -—54 21.0 —40 21.5 —20 20.5 -—10 20.5 
550 —65 23.0 -—58 22.5 -S50 23.0 -—35 22.5 —34 22.0 —40 21.0 
$75 —62 22.5 -60 22.5 -60 21.5 —56 21.5 —55 21.0 -—50 20.0 
625 —62 22.5 -—-64 22.5 -70 22.5 —60 22.0 —60 18.0 —48 14.0 
Rb 96.0 Rb 92.5 
650 —66 22.0 -—72 21.5 -60 21.0 — 19.0 —60 15.5 
Rb 96.5 Rb 93.5 


Note: All Rockwell B values obtained by conversion from Rockwell C. 
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Fig. 2—Transition Curves for SAE 3140 Embrittled at 500°C for Times Indicated. 
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sets of points represent nominally identical heat treatments of two 
sets of specimens heat treated at different times. Since the transition 
curves obtained for embrittled specimens were numerous, a typical 
group of curves for one embrittling temperature only is included 
in this paper (Fig. 2). 

The transition temperature for each embrittling treatment was 
read from the curve as the lowest temperature at which the fracture 
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Fig. 3—Transition Temperature Versus Embrittling Time for Various 
Embrittling Temperatures. SAE 3140. 


was 100% fibrous (ductile). The transition temperature so obtained 
is recorded in Table II and plotted in Fig. 3 as a function of 
embrittling time for each of the embrittling temperatures used. 
Using Fig. 3, the embrittling temperature has been cross-plotted as 
a function of embrittling time for several transition temperatures, 
to give the usual form of time-temperature-transformation diagram 
[first applied to temper embrittlement by Hollomon (1)], Fig. 4. 


DIscuSSION 


A study of Fig. 4 will show that the maximum temper brittle- 
ness occurred when specimens were heat treated 240 hours between 
475 and 500 °C (885 and 930 °F). The specimens treated 240 hours 
at higher and lower temperatures were less brittle. 
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For short times of treatment, maximum embrittlement occurred 
near 550°C (1020°F). There is a suggestion in Fig. 4 that the | 
change from 550 to 500°C (1020 to 930°F) is abrupt rather than 
gradual, and perhaps even that the C-curve has two overlapping | 
“noses”, the higher 550 °C (1020 °F) nose being prominent at short 
times but disappearing in favor of the lower 500°C (930 °F) nose 
_at longer times. Table II shows that the specimens embrittled at | 
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Fig. 4—Time—Temperature Diagram for Embrittlement of SAE 3140. 


525 °C (975 °F) are slightly softer than expected (perhaps because 
of some slight unknown variation in tempering treatment). The 
apparent double nose might possibly be attributable to this hardness 
difference. The observations as to temperature of maximum embrit- 
tlement are in general agreement with those of Greaves and Jones 
and of Pellini and Queneau, but those investigators reported no 
indication of a double nose. , 
In Fig. 3, there is some suggestion that the transition temper- 
ature (embrittlement) falls slightly on holding between 48 and 240 
hours at 550°C (1020°F). This is the only indication of possible 
“overaging” as described by Vidal. No evidence of overaging was 
found at other temperatures, though the temperatures and times 
employed were considerably greater than those used by Vidal. 
Indeed, there is a rather marked contrast between Fig. 3 and the 
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corresponding figure of Vidal, reproduced as Fig. 5. Although Vidal 
states that his hardness was kept constant, it seems possible that 
the fall in transition temperature he attributed to overaging may 
actually be due to softening. Softening occurred in the present work 
in specimens treated for long times at high temperatures, but this 
softening would lower the transition temperature (the apparent 
embrittlement). The true embrittlement at these higher treatment 
temperatures must therefore be greater than that measured. 


160 
Embrittling Temperature °C 


120 


Transition Temperature °C 





0.01 005 Olo203 05 | ne «+ a ws 50 100 
Embrittlement Time, Hours 
Fig. 5—Transition Temperatures Versus Embrittling Time for Various 


Embrittling Temperatures. 0.25% carbon, 1.38% chromium steel.  Brinell 
hardness 241. Data of Vidal (10). 


A small amount of embrittlement was observed at 650°C 
(1200 °F), despite the softening during the embrittlement treatment. 
To investigate this further, special series of specimens were given a 
longer temper, 4 hours at 675 °C (1245 °F), to reduce the hardness 
drop during subsequent embrittlement. One of these series was not 
embrittled, others were embrittled 48 hours at 500, 625 and 650 °C 
(930, 1155 and 1200°F). As anticipated, the softening during 
embrittlement was somewhat reduced and the embrittlement itself 
somewhat increased at 625 and 650°C (1155 and 1200 °F) 
(Table III). Also, the transition temperature after the 4-hour 
temper at 675°C (1245°F) was higher than after the 1-hour 
temper, even though the specimens were softer. This apparently 
must be interpreted to mean that embrittlement was taking place 
at the tempering temperature of 675°C (1245°F). Evidently 
Pellini and Queneau were correct in their conclusion that temper 
brittleness may develop above 600 °C (1110 °F) and at temperatures 
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Table Ill 
Transition Temperature (T.T.) and Hardness for Specimens Tempered 4 Hours 
Unembrittled Series: T.T. —70°C Re 20.0 
Furnace-Cooled Series: T.T. + 5°C Re 18.5 
Isothermally Embrittled Series: 
48 hours at 500°C _T.T. 0°Cc Re 18.5 
48 hours at 625°C T.T. —45°C Re 17.0 
48 hours at 650°C T.T. —40°C Rc 16.0 


Note: All Rockwell B values obtained by conversion from Rockwell C. 
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Fig. 6—Relation between Time 
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Degree of Embrittlement in SAE 3140. 


as close to Ae, as can be studied. This strengthens the evidence for 
their view that temper brittleness is due to precipitation of a carbide, 
rather than to precipitation of a nitride as was earlier believed by 


Hollomon. 


When the time-temperature combinations (below 525 °C) that 
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give equal embrittlement are plotted as in Fig. 6, straight lines that 
are close to parallel are obtained. The slopes of these lines corre- 
spond to activation energies of 42,000 to 50,000 calories/gm-mol, 
averaging 46,000 calories/gm-mol. No interpretation of this energy 
value is offered, since similar calculations utilizing earlier data give 
energies ranging from 16,000 cal/mol (Greaves and Jones, Steel F) 
to 81,000 cal/mol (Vidal).°® 

As a matter of interest, transition curves were obtained for 
specimens embrittled anisothermally by cooling from the tempering 
temperature at the rate of 17°C (30°F) per hour. Although 
these specimens spent only 20 hours in the range from 675 to 
325 °C, and only 1 or 2 hours in the neighborhood of the nose, 
their embrittlement was comparable (Tables II and III) to that of 
specimens held 48 hours at the nose. Evidently the temper brittle- 
ness reaction is not ‘additive’; the rate of reaction at one temper- 
ature depends not only upon the extent of prior reaction but also 
upon the temperatures at which this prior reaction took place. 

Though only one steel was used in this investigation, it is 
anticipated that changes in composition would primarily change the 
times of reaction, with perhaps a secondary effect upon the temper- 
atures. It seems unlikely that the general features of the reaction, 
or the conclusions drawn in this paper, would be significantly 
affected. 


CONCLUSIONS 


1. Temper brittleness can develop in steels at temperatures 
up to the Ae,. 

2. Temper brittleness is not reduced by increasing the time 
of hold at any temperature below Ae,, at least up to 240 hours. 

3. A C-shaped curve is obtained when embrittling temperature 
is plotted versus embrittling time, for constant temperature of tran- 
sition from brittle to ductile fracture. There is a possibility that the 
curve has a double nose. 

4. Embrittlement takes place during continuous cooling from 
the tempering temperature to a greater extent than would be antici- 
pated from the isothermal data on the assumption of “additivity”. 


5The figure of 14,000 cal/mol given by Hollomon is apparently in error, since the plot from 
which it was obtained corresponds to 34,000 cal/mol. The plot itself is based on data of Greaves 
and Jones and uses time-temperature combinations at which specimens previously severely 
embrittled and specimens previously unembrittled reached equal degrees of embrittlement (as 
measured by energy absorption at room temperature). In themselves, these times would be of 
no theoretical significance, but it turns out that almost all the times are in fact those at which 
the energy for the previously unembrittled specimens reached an ‘“‘equilibrium’’ value for the 
embrittling temperature used. 
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DISCUSSION 


Written Discussion: By Mary Baeyertz; senior metallurgist, Armour 
Research Foundation, Chicago. 

The authors are to be congratulated on their contribution to the 
interesting subject of temper embrittlement of steel. Until the causes and 
cures of temper brittleness are more apparent than at present, progress 
is to be made only by the sort of painstaking attack that we have just 
heard about. Significantly, the close intervals used for determination of 
the time-temperature dependence of isothermal embrittlement led to the 
observation of a double nose on the C-curves for the embrittlement of 
3140 steel. The authors have suggested that the double nose might be 
attributed to hardness difference; however, might it not be possible also 
that the two noses indicate complexity in the embrittling reaction, that 
is to say, one element may be responsible for the upper range of embrittle- 
ment and another element for the lower range? Nitrogen, carbon, phos- 
phorus and other elements have been suggested by various investigators 
as the cause of temper brittleness. The experimental data just presented 
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would seem to support the view that at least two, if not more, elements 
may cause such embrittlement. 

Written Discussion: By W. S. Pellini, head, Metal Processing Branch, 
Metallurgy Division, Naval Research Laboratory, Washington, D. C. 

The authors have reported herewith on a problem which, at least for 
heavy sections, matches or even surpasses the importance of harden- 
ability. As such, it is certainly a problem of primary importance—I have 
reference to the temper embrittlement of alloy steels. 

Temper embrittlement remains perhaps the most elusive of that group 
of ubiquitous and undesirable aging effects which adversely affect the 
ductility of ferrite. The others include various forms of quench and strain 
aging effects. The over-all mechanism by which these complex aging 
effects are developed is quite uncertain, and further continuing funda- 
mental research will be required—this phase is of considerable academic 
interest. There are, however, certain important practical evaluations 
which should be of immediate concern to the practicing metallurgist. 
The question of carbon versus nitrogen as the primary and essential 
causative agent for temper embrittlement falls in this latter category and 
as such should not be cast off as of mere academic interest. If temper 
embrittlement should be associated with nitrogen, a recourse to the 
fixation.of this element would be indicated. However, if carbon should 
be deduced as the essential agent, the problem assumes increased diff- 
culty, since we are dealing with iron-carbon alloys. The authors have 
made a valuable practical contribution by providing further evidence that 
carbon, rather than nitrogen, is the essential agent, inasmuch as temper 
embrittlement was evidenced above the temperature accepted for the 
nitrogen eutectoid (590°C, 1094°F). Hollomon, moreover, has reported* 
that temper embrittlement persists even with the nitrogen reduced to 
below 0.002%, which is at least in the order of the solubility of this 
element in ferrite at room temperature. These findings present a strong 
case for carbon as the essential agent. It should be realized, however, that 
this does not provide a definitive solution of the mechanism per se. The 
various other alloy elements present which have been shown to affect the 
kinetics of the process may, by altering solubility relationships of the 
essential element, actually control the development of embrittlement. The 
almost complete lack of data on such solubility relationships perforce 
relegates the temper embrittlement question to the same empirical status 
of quench and strain aging. 

Caution should be exercised in drawing generalized conclusions regard- 
ing isothermal and continuous-cooling temper embrittlement transforma- 
tions based on the relatively few steels which have been studied to date. 
In a previously reported study’ of two hardened and tempered steels: 


C Mn P S Si Ni Cr Mo V 
Steel A 0.33 0.23 0.013 0.020 0.06 3.78 1.79 nee ro 
Steel B 0.44 1.64 0.029 0.022 0.06 1.84 1.64 0.40 0.15 


it was found that the relationship between isothermal and continuous 


®Discussion to Ref.-I1 by J. Hollomon. 
TRef. 11. 
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cooling embrittlement differed considerably, depending on the steel. Steel 
A showed that the times and temperatures to develop temper embrittle- 
ment were approximately the same whether the embrittlement was 
induced isothermally or during continuous cooling. Steel B showed marked 
embrittlement more rapidly on continuous cooling than when held at 
constant temperature in the embrittling range. Steel B behaved similarly 
to Jaffe and Buffum’s SAE 3140 as determined by cooling at 30°F per 
hour. Steels A and B showed the noted differences consistently on cooling 
at rates of 200, 100, 50, 25, and 16°F per hour. We have, therefore, three 
well-established cases whereby additivity is shown by one steel. and not 
by the other two. To my knowledge these three steels are the only ones 
which have been fully investigated in this manner. 

As further evidence of the individuality shown by Steels A and B, 
it should be recorded that on continuous heating through the embrittling 
range at 50°F per hour (nonembrittled material, prequenched from 
1200 °F), Steel A was not markedly affected, while companion samples 
of Steel B showed a pronounced detrimental effect. Much more informa- 
tion will be required to resolve additivity and other such generalized 
concepts. 

The authors have been most active in their pursuit of this fascinating 
problem and we look forward with great interest for the other proposed 
publications on the subject. 

Written Discussion: By D. McLean, Department of Scientific and 
Industrial Research, National Physical Laboratory, Middlesex, England. 

The experimental results do not appear to the writer to afford evi- 
dence in support of the view of Pellini and Queneau, quoted by the 
authors on page 612, that temper brittleness is due to precipitation of a 
carbide. If temper brittleness is due to definite precipitation, in the sense 
of the precipitate having its own separate lattice structure, then it is 
difficult to avoid the conclusion that lengthy tempering at high tempera- 
tures should reduce embrittlement by globularizing the precipitate, and 
this possibility has, as the authors mention, been suggested. In the 
particular case of carbide, any fresh precipitate formed between 675 and 
650°C (1245 and 1200°F) or 675 and 625°C (1245 and 1155°F) should 
surely have coalesced to a considerable extent after 240 hours’ heating 
at these temperatures, or even after the 48 hours’ heating in the special test 
described on page 611. Therefore, if actual precipitation of carbide were 
responsible for temper embrittlement, it seems rather probable that some 
reduction in brittleness should ensue at these longer times of tempering 
at temperatures at which carbide particles are known to form larger 
aggregates. The authors find the opposite is the case. 

The experimental results are those which would be expected on the 
basis of the “equilibrium segregation” explanation put forward recently.* 
This explanation assumes that foreign atoms which strain the parent 
lattice will segregate to grain boundaries and other regions of lattice 
imperfection to an increasing extent the lower the temperature and that 


8D. McLean and L. Northcott, ‘“‘Micro-Examination and Electrode Potential Measure- 
ments of Temper-Brittle Steels,’ Journal, Iron and Steel Institute, Vol. 158, 1948, p. 169. 
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the degree of segregation will determine the degree of embrittlement. 
At any given temperature an equilibrium concentration is eventually 
reached. At temperatures above about 500°C (930°F) this equilibrium 
concentration should be reached quite rapidly in the case of fast-diffusing 
elements such as carbon or nitrogen in iron, and so curves such as those 
in Fig. 4 of the paper should tend to become horizontal at the higher 
tempering temperatures, as in fact they do. At lower temperatures, 
however, although the equilibrium concentration is greater, the rate at 
which it is attained is slower because of the reduced rate of diffusion 
(other factors also enter here), and so the sloping curves obtained by the 
authors (Fig. 4) are to be expected. 


Authors’ Reply 


We should first like to thank all three discussers for their very 
thoughtful comments. 

Referring to Dr. Baeyertz’ discussion, we did not, in the paper, intend 
to imply that the apparent double nose must be due to a hardness differ- 
ence or that it is not real. Rather, we wished to point out that the 
existence of a double nose could not yet be considered proved, because of 
the hardness variation. It is quite possible that a double nose does 
exist, and that the two noses correspond to two reactions involving 
different elements. Alternatively, the two noses might correspond to 
two reactions which involve the same elements, as do, for instance, the 
pearlite and bainite reactions. 

Mr. Pellini’s remarks on anisothermal embrittlement are most inter- 
esting. The remainder of his discussion, and the whole of Mr. McLean’s, 
are devoted to ideas as to the cause of temper brittleness. We deliber- 
ately avoided this topic in the paper, with the intention of discussing it 
in later publications. (The sentence to which Mr. McLean refers simply 
indicated that our data strengthen the theory of carbide precipitation at 
the expense of the theory of nitride precipitation, and not that we neces- 
sarily agree with either.) One line of speculation on the cause of temper 
brittleness is outlined in a forthcoming paper (6); others may be published 
after additional experimental work. 

Since the topic has been introduced in the discussion, we should like 
to mention that we agree with Mr. Pellini that temper brittleness cannot 
be attributed solely to precipitation of a nitrogen compound. We have 
been aware of Mr. McLean’s thought-provoking views on equilibrium 
segregation as a cause of temper brittleness. The prime difficulty with 
this theory, to our mind, is explaining the marked effect of alloying 
elements, such as molybdenum, in retarding the development of temper 
brittleness. On the equilibrium segregation (solid solution) theory it 
appears that large rate effects observed could be explained only in terms 
of large changes in diffusion coefficients. Molybdenum and other alloys 
have little effect, however, on the diffusion of carbon in austenite. It is 
presumed that they have correspondingly little effect on the diffusion of 
carbon in ferrite. However, experimental verification of this assumption 
seems badly needed. 
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It may be noted that H. H. Lester of Watertown Arsenal and the 
late E. J. Teichert of Pennsylvania State College independently suggested 
to the authors several years ago that temper brittleness is attributable 
to some form of ordering. Equilibrium segregation in solid solution may 
be thought of as a special form of ordering. Mr. Teichert further pointed 
out that “overaging” was incompatible with an ordering reaction and that 
a re-examination of Vidal’s findings would indicate whether any form of 
ordering should be further considered. As Mr. McLean states, our results 
indicate that it should. 








FABRICATION AND MECHANICAL PROPERTIES OF 
DUCTILE ZIRCONIUM 


By E. T. Hayes, E. D. DILLInc anp A. H. RoBerson 


Abstract 


Properties of ductile zirconium produced by magne- 
sium reduction of zirconium chloride have been deter- 
mined on sheet produced by forging and rolling 10-pound 
ingots im air at 650°C (1200°F) or sheath-protected at 
850°C (1560°F). Optimum annealing conditions are 
given for 50% cold-worked material. Ductile zirconium 
can be forged, swaged, rolled, drawn, and stamped, using 
conventional fabricating equipment. 

Other sections include the hardness of zirconium from 
—190 to 600 °C (—310 to 1110 °F), impact strength in 
the same temperature range, ultimate strength and elon- 
gation at —190 °C (—310 °F), minimum bend radius for 
annealed and cold-worked sheet, and resistivity of rod 
end wire. 


co Bureau of Mines, U. S. Department of the Interior, has 
developed a process for producing ductile zirconium by the 
reduction of zirconium chloride with magnesium and has engineered 
it to the point of producing 60-pound lots (1, 2, 3).1 For the first 
time, uniform quantities of zirconium are now available for thorough 
study of the physical properties of the ductile metal, and it is now 
being subjected to a number of large-scale laboratory and commercial 
tests to determine its best spheres of usefulness. 

Ductile zirconium produced by thermal decomposition of zir- 
conium iodide was first produced about 25 years ago by Van Arkel 
and coworkers at the Phillips plant in Eindhoven, Netherlands, and 
and has been developed commercially in this country by the Foote 
Mineral Co. The iodide reduction process is inherently one of 
purification, at present limited to small-scale operation. On the 
other hand, the process of reducing zirconium chloride with molten 
magnesium, as developed by the Federal Bureau of Mines, has 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, E. T. Hayes is 
physical metallurgist, and E. D. Dilling and A. H. Roberson are metallurgists, 
Bureau of Mines, Northwest Electrodevelopment Laboratory, Albany, Oregon. 
Manuscript received April 26, 1949. 
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already produced several thousand pounds of ductile zirconium, and 
production operations are being expanded at the Northwest Electro- 
development Laboratories to satisfy the increasing demand for this 
interesting metal. 

Iodide-process zirconium is fabricated by direct working of the 
“as-deposited” rod without melting, and in some respects shows a 
malleability approaching that of tantalum. The fact that this high- 
purity material can be worked without contamination by a melting 
operation indicates that physical properties determined from this 
zirconium will always serve as a base point for zirconium metal 
investigations. However, there is good reason for believing that the 
Bureau of Mines zirconium is of the same order of purity after the 
reduction step. Melting in a graphite crucible in high vacuum intro- 
duces minor amounts of impurities, the principal one of these being 
0.10 to 0.15% carbon. Since carbon improves most of the physical 
properties except elongation, little differentiation is made in this 
paper between metal produced by either reduction process. Zirconium 
metal produced by either process contains 0.5 to 3% hafnium, 
depending on the source of ore. Consequently, the properties pre- 
sented in this paper, as well as those disclosed previously by other 
investigators, must be regarded as typical of a zirconium-hafnium 
alloy and not of pure zirconium. 

The physical properties as presented in this paper represent 
the accumulation of knowledge gained at the Northwest Electro- 
development Laboratory of the Bureau of Mines in working cast 
ingots to finished plate, sheet, and rod. Although it is not an 
exhaustive study of the working variables involved—particularly in 
regard to directional properties—the results will serve as a guide in 
commercial fabrication of zirconium and a base for judging effects 
of innovations in the present reduction and fabricating schedules. 
The physical properties presented are based on flat tensile specimens 
7s inch thick, cut from representative zirconium sheet fabricated by 
definite working programs. Rate of work hardening under cold work 
is shown for zirconium sheet previously rolled in air at 650°C 
(1200 °F) and sheath-rolled at 850 °C (1560 °F). Optimum anneal- 
ing conditions for cold-worked sheet are presented, as well as hard- 
ness, tensile properties, and microstructure in most of the working 
steps involved. 

Other sections include hot hardness of zirconium up to 600 °C 
(1110°F), impact strength from —190 to 600°C (—310 to 1110 
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Table I 
Properties of Zirconium Metal 








—Value 








Property Unit Hard Drawn* Annealed** Source 
Ultimate strength psi 83,300 35,900 (11) 
Yield strength, 0.2% offset psi 69,700 15,900 (11) 
Proportional limit, 0.01% offset psi 32,100 8,350 (11) 
Elongation in 4 diameters per cent 18.0 31.0 (11) 
Modulus psi X 10° 14.5 11.35 (11) 
Hardness Rockwell B 87.4 30.3 (11) 
Specific gravity g/cc 6.51f ( 6) 
Melting point “ 1860 (10) 
Specific resistance (20°C) Micro-ohms 41.0 ( 5) 
Coefficient of thermal expansion cm/°C X 10-6 4.96 (16) 
Transition temperature we 862+5 ( 7) 
Crystal structure Angstroms 20 to 862°C, H.C.P., a oe (17) 
c =5.137 
above 862°C, B.C.C., a =3.61 


*Zirconium cold-reduced from 44-inch turned bars rolled and swaged to %-inch diameter. 
**Annealed at 790°C (1450°F). 


+0.5% hafnium in zirconium metal raises the density to 6.54. Calculated density from 
X-ray measurements 6.49 + 0.005. 


°F), ultimate strength and elongation at —190°C (—310°F), 
minimum bend radius for annealed and cold-worked sheet, and 
resistivity of Bureau of Mines zirconium rod and wire. 


Previous WorkK 


The excellent work performed by Van Arkel, DeBoer, Fast, 
Burgers, and others associated with the development of iodide- 
process zirconium at Eindhoven, Netherlands, has provided a wealth 
of information on the basic properties of zirconium. Working (4), 
resistivity (5), effects of oxygen on the structure (6), density (7), 
crystallographic structure of drawn wire (8), pole figures for cold- 
worked zirconium (9), and melting-point (10) investigations have 
been reported by various members of this group. The physical prop- 
erties of zirconium as produced commercially by this process have 
been reported by staff members of the Foote Mineral Co. (11, 12). 

Table I summarizes most of the properties of zirconium metal 
reported by these two groups. 


CASTING 


Methods of melting and casting zirconium have been described 
previously by Kroll and Gilbert (13) and will only be reviewed 
briefly. The metal is extremely difficult to handle in the molten 
condition, since it either reduces or dissolves all of the known 
refractories, thereby increasing the problems of melting and casting, 
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and at the same time producing a metal that is too hard and brittle 
to be useful. The briquetted zirconium sponge is placed in a graphite 
crucible and melted in a graphite resistor furnace. After a pre- 
liminary heating and degassing period (in high vacuum) the 
briquets are heated to fusion in a 15 to 20-minute period. Two 
methods of solidification have been used in this melting practice. 





Fig. 1—Cast Zirconium. Etched with Vilella’s Reagent. x 250. 


The first method allows the fused zirconium to solidify in the 
melting crucible and produces a large-grained ingot approximately 
3 inches in diameter and 3 to 11 inches in length, weighing 5 to 18 
pounds. This procedure has a disadvantage in that the crucible 
can be used only once and must be removed by turning in a lathe. 

In the second method, the melting crucible is equipped for 
bottom pouring. A plug of zirconium melts after the charge is 
molten and allows the metal to flow into a tapered graphite mold. 
Ingots so obtained are about 2 inches in diameter by 6 to 10 inches 
in length. This bottom-pour method is distinctly more economical 
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in that both the melting crucible and mold can be used a number of 
times. Moreover, the grain size and carbon content are reduced 
considerably. The cast structure shown in Fig. 1 is typical of the 
chilled ingots. The grains are large, and the carbon occurs as long 
chains and star-shaped dendrites of zirconium carbide. 

The majority of the physical properties reported in this paper 
were determined on sheet prepared from one solidified and one 
bottom-pour ingot. Analytical and hardness data of these ingots 
are shown in Table II. 


able Il 





Analysis and Hardness of Zirconium Ingots 
Ingot Carbon, Iron, Nitrogen, Hafnium, Hardness, 
Type No. % % % % Rockwell B 
Bottom pour 159 0.15 0.05 0.009 1.5+0.3 75 
:.220.3 72 


Solidified 160 0.10 0.09 0.012 








Oxygen analysis is omitted because no analytical method for 
its determination has proved to be consistently reliable. It is believed 
that typical ingots 159 and 160 contain less than 0.1% oxygen. 


W oRKING 


The reactivity of zirconium with air at elevated temperature 
complicates the initial working of zirconium ingots. Standard pro- 
cedure to protect the metal consists of encasing the scalped ingot 
into a piece of tight fitting, mild steel tubing (%-inch wall) and 
welding plugs in each end. Care must be used during welding to 
avoid slag pockets, since any slag left in the bottom of the weld may 
come into contact with the zirconium metal in subsequent hot work- 
ing operations and cause localized high hardness areas, which may 
rupture the sheath and thereby produce oxidation. 

The sheathed ingot is heated about 2 hours at 850 °C (1560 °F) 
and flattened with the forging hammer to 2 inches total thickness, 
the sides being lightly worked to keep them reasonably square. The 
forged ingot is then rolled at 850°C (1560°F) without removing 
the sheath. In general, the ingots are cross-rolled to produce about 
a 6-inch width of zirconium metal and then rolled longitudinally 
to the desired thickness. Reductions per pass are limited to 10 to 
15% owing to the size of the mill, but undoubtedly greater reductions 
could be made with larger equipment. After annealing, the sheath 
is removed by shearing, and the zirconium can be either hot-rolled 


at 650 °C (1200 °F) or cold-rolled to finish thickness. 
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Fig. 2—Drop-Forged Zirconium Wrench. % original size. 


Recently Hayes and Roberson (14) have studied the effects of 
heating Bureau of Mines zirconium in air and have shown that heat- 
ing several hours at 700°C (1290°F), or a short time at 800°C 
(1470 °F), produces no detrimental effects on the ductility of the 
metal. A number of 2-inch diameter bottom-poured ingots have been 
forged in air at 700°C (1290°F) and hot-rolled at 650°C (1200 
°F) to produce satisfactory sheet. It would appear that the sheath, 
while it facilitates working at higher temperatures, is not a neces- 
sary adjunct and will not be required in commercial practice. 

To verify this, two series of tests were made. In the first the 
metal, protected by an iron sheath, was rolled at 850°C (1560 °F) 
to the required thickness, while in the second the sheet was worked 
from a starting thickness of 0.4 inch to a finished thickness of 
0.062 inch at 650 °C without any protection against oxidation. 

Rolling at 650 °C (1200 °F), or above, in air produces a tena- 
cious, hard oxide skin that must be removed before cold working. 
Present practice for removing this skin consists of sandblasting, 
followed by pickling in a lead nitrate — hydrofluoric acid solution. No 
evidence of hydrogen embrittlement has been encountered in using 
this solution. 

As an illustration of the ductility of the metal and its adapt- 


7 











1950 PROPERTIES OF DUCTILE ZIRCONIUM 625 


ability to production methods, several wrenches were made by drop 
forging an annealed ;%-inch rod under an 800-pound hammer in dies 
ordinarily used in the production of a nationally known chromium- 
molybdenum wrench. The metal worked readily at 650 to 700°C 
(1200 to 1290°F) and produced sharp, well-filled blanks with 
fewer blows than were required for the alloy steel. Fig. 2 shows 
the forged blank before and after trimming. 

Several coins about the size of a 50-cent piece have been struck, 
using annealed 0.062-inch sheet in coining dies designed for sheet 
brass. The characters on the surface were sharp and well filled. 

The adaptability of the metal for stamping and drawing in the 
production of small parts, and its amenability to forging for larger 
shapes, overcomes some of the restrictions imposed by the lack of 
suitable casting methods. 


PHYSICAL PROPERTIES 


Physical properties were determined on standard flat tensile 
specimens with a 0.5 by 0.062-inch cross section and 4-inch gage 
length, although the test gage section used was 2 inches. The 
material studied included sheet from ingot S160 which had been 
rolled in a protective iron sheath at 850°C (1560°F), the sheath 
removed, and the sheet finished by cold rolling 10, 20, 30, 40, 50, 
and 60% reduction to 0.062-inch sheet; 50% cold-worked sheet 
(from the same ingot), which was annealed from 400 to 1100 °C 
(750 to 2010 °F) for 1 hour and furnace-cooled; and a similar set 
of specimens from ingot $159, which was rolled at 650°C (1200 
°F) in air before the cold rolling schedule. In addition, a number 
of flat specimens cut from transverse sections of the sheet were 
also included. Duplicate specimens annealed at 1000°C (1830 °F) 
were quenched in brine to determine the effect of rapid cooling from 
above the transformation temperature. 


Effect of Rolling at 850 °C (1560 °F) Before Cold Rolling 


Physical properties obtained on the cold-rolled sheet from ingot 
S160 are plotted in Fig. 3. The zero work condition, illustrated by 
Fig. 4, is represented by material which was rolled in a sheath at 
850 °C (1560 °F) to 0.062 inch, soaked for 30 minutes at temper- 
ature. and air-cooled. Rockwell hardness for this material was about 
B-84 and the average grain size 0.035 to 0.045 mm. 

All values shown are an average of three separate specimens. 
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Ultimate strength increased from 63,500 psi for the zero cold- 
worked material to 77,500 psi at 20% cold work, and then continued 
an orderly rise to 93,500 psi at 60% with no evidence of over- 
working. Yield strength showed a similar trend, with no retardation 
at 60%. Proportional limit increased rapidly up to 10%, leveled 
off up to 40%, and then began a steady climb to 60% cold work. 
Hardness increased rapidly to 20%, with over 70% of the total work 


ockwell B 





Hardness 


Elonggtion %. in___ Stress, 1008 PS,1. 


Percent Cold Work Annealing Temperature °C 


Fig. 3—Effect of Cold Working and Subsequent Annealing on Properties of 
Zirconium Rolled at 850 °C. 


hardening occurring within this range. The percentage of elongation 
drops steadily from an initial value of 14 to 8.5 at 20% cold work. 
The constancy of the elongation and hardness, along with the con- 
tinued increase of ultimate and yield strengths, indicates that the 
limit of cold working is somewhere beyond 60%. 

The values shown for 80% reductions were obtained on 0.030- 
inch sheet, which was cold-rolled to 40% reduction, then turned at 
right angles, and cross-rolled an additional 40%. These data are 
included in Fig. 3, although it is realized that they may not be 
directly comparable because of thé variation in thickness of the 
test specimens and the reported, but as yet unknown, change in 
physical properties due to directional rolling. 


EFFECT oF ANNEALING TEMPERATURE 


The variations of physical properties of cold-reduced sheet from 
ingot 160 with annealing temperature also are shown in Fig. 3. For 
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this part of the work, test sections of ;/g-inch sheet in the 50% cold- 
reduced condition were annealed for 1 hour in helium at temperatures 
ranging from 400 to 1100°C (750 to 2010 °F) and furnace-cooled. 

Ultimate strength drops from 86,400 psi for the unannealed 
material to 80,000 psi for the specimens heated at 400 °C (750 °F), 
and then declines sharply to 63,000 psi at 500°C (930°F) and 
58,000 psi at 600 °C (1110 °F). Fig. 5 clearly shows that at 500 °C 
(930 °F) the metal was still in the cold-worked condition, while 
the 600 °C (1110°F) specimen (Fig. 6) was completely recrystal- 
lized. Thus the decrease from 400 to 500°C (750 to 930°F) is 
attributed to complete stress relief, and the continued but less abrupt 
decline from 500 to 600°C (930 to 1110 °F), to recrystallization. 
Grain growth is rather slow, increasing from 0.015 mm at 700 °C 
(1290 °F) to 0.040 at 1000 °C (1830 °F), and coincides nicely with 
the almost constant value of 59,000 psi over the balance of the range 
out to 1100 °C (2010 °F). 

Yield point values follow a trend similar to that of the ultimate 
strength to 800°C (1470 °F). Above this temperature the values 
increased to 40,500 psi at 1100 °C (2010 °F). 

Proportional limit shows only a small decrease at 400°C (750 

F), dips sharply to 26,000 psi at 600 °C (1110 °F), rises to 28,000 
psi at 700 °C (1290 °F), falls to a minimum of 20,400 psi at 900 °C 
(1650 °F), and then rises to 24,000 psi at 1000 °C. This behavior 
is not unprecedented, being similar to titanium in this respect (19). 

Elongation increased from 9% in the cold-worked material to 
14% at 400°C (750°F) and 27.5% at 700°C (1290°F). The 
minimum at 900 °C (1650 °F) was unexplained by grain size meas- 
urements or a comparison of other properties. At 1100 °C (2010 

F) the elongation was about 29%. 

Hardness decreased from B-96 for the cold-worked specimen 
to B-91 in the material annealed at 500°C (930°F), remained 
virtually constant to 900°C (1650°F) and then dropped to about 
B-85 at 1000 and 1100 °C (1830 and 2010 °F). 

Modulus of elasticity was 13.5 & 10° psi over the entire range. 

Zirconium metal, when rapidly cooled from above 900 °C (1650 
°F), exhibits a martensitic structure which results from the allotropic 
transformation from the beta to alpha modification (18). Fig. 7 
shows a martensitic pattern of fine alpha needles in the residual beta 
grain boundaries, which are in sharp contrast to the polyhedral 
alpha grains of the furnace-cooled material shown in Fig. 8. 
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Fig. 4—Zirconium Rolled at 850°C, Etched with Vilella’s Reagent. 


250. 
Fig. 5—50% Cold-Worked 


. Annealed 1 hour at 500°C. Furnace-cooled. Etched 
with Vilella’s Reagent. x 250. 
Fig. 6—50% Cold-Worked. Annealed 1 hour at 600°C. Furnace-cooled. Etched 
with Vilella’s Reagent. X 250. 


As a matter of added interest, the usual physical properties were 
determined on. 50% cold-rolled sheet, which was heated at 1000 °C 


(1830°F) for 1 hour in a helium atmosphere and quenched in 
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Fig. 7—50% Cold-Worked. Annealed 1 hour at 1000°C. Brine-quéenched. Etched 
with Vilella’s Reagent. X 250. 

Fig. 8—50% Cold-Worked. Annealed 1 hour at 1000°C. Furnace-cooled. Etched 
with Vilella’s Reagent. X 250. 


saturated brine. For comparative purposes, the properties of this 
sheet, and for the same material which was furnace-cooled after the 
1000 °C (1830 °F) anneal, are given in Table ITI. 

With the exception of elongation, the lower tensile properties 
of the furnace-cooled specimens can be attributed to the much larger 
erain size. 

Considerable work remains to be done on the structure and 
physical properties of this Widmanstatten-type material. Heat treat- 
ing experiments with commercial iodide-process zirconium in these 


Table Ill 
Tensile Properties of Zirconium Sheet Quenched and Furnace-Cooled from 1000 °C 


Yield Proportional 


Ultimate Strength, Limit, Elongation, 
Strength 0.2% Offset 0.01% Offset % in Hardness, 
Condition X 1000 psi X 1000 psi xX 1000 psi 2 Inches Rockwell B 
1000 °C 1 hr., quenched 74.2 57.0 30.0 13.7 89 
1000 °C 1 hr., furnace- 


cooled 59.3 


38.4 24.2 11.8 85 
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laboratories shows the same phenomena when quenched from 950 °C 
(1740 °F). However, there is reason to believe that this pattern 
may be due to impurities. Litton and Gonser (18) have studied 
titanium, which shows the same characteristics, and have concluded 
that the Widmanstatten pattern is attributable to the presence of 
nitrogen. Regardless of the source of this Widmanstatten structure, 
the quenching of zirconium from above the transition point and 
subsequent annealing offers a number of possibilities for grain 
refinement. 

From the results shown in Fig. 3, it is evident that heating at 
700°C (1290°F) for 1 hour produces a satisfactory anneal for 
cold-worked zirconium sheet. As noted previously, this can be done 
in air, provided a proper subsequent cleaning schedule is adopted. 
However, if a smooth-finished annealed sheet is required, it will be 
necessary to anneal in a vacuum or an inert atmosphere to prevent 
surface oxidation. 


Effect of Hot Rolling at 650°C (1200 °F) Before Cold Rolling 


Sheath rolling, particularly with thin sheets, is both expensive 
and time consuming, and since a previous investigation (14) has 
shown that zirconium could be heated in air at 700°C (1290 °F) 
for a considerable time without harmful effects, ingot S159 was 
forged and rolled at 850°C (1560 °F) in an iron sheath to produce 
a sheet 7 by 15 by 0.43 inches and then rolled at 650 °C (1200 °F) 
in air to sheet which, when cold-rolled, would finish with 10, 20, 
30, 40, 50, and 60% cold work at a uniform thickness of 0.062 inch 
for all specimens. Tensile properties are shown in Fig. 9. 

In this set the zero cold-worked condition is represented by 
material rolled at 650 °C (1200 °F) to 0.062 inch, soaked 30 minutes 
after the last roll pass, and air-cooled. In this condition, the sheet 
hardness was B-83 and the average grain size was 0.035 mm. The 
reported values represent an average of at least three specimens. 

Ultimate strength increased from 61,500 psi at 0% cold work 
to 79,000 psi at 20%, increased gradually to 85,000 psi at 50% and 
then showed a sudden upswing to 90,000 psi at 60% cold reduction. 
Yield strength showed a marked increase from 37,600 psi at zero 
cold work to 74,000 psi at 20%, which is about 78% of the total 
change, and then increased steadily to 84,200 psi in the 60% cold- 
worked material. 


Proportional limit values showed a similar pattern up to 40% 
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cold work. Beyond this point the values remain almost constant at 
60,000 psi. 

Percentage elongation drops sharply from 21 in the zero-worked 
condition to 12 at 10% cold work and 10.8 at 20% cold work. 
Beyond this point no change is apparent, even in the 60% cold- 
rolled material. In this set 90% of the work hardening is effected 
in the first 10% of cold rolling, but no evidence is shown to indicate 
that the limit of cold working has been reached at 60% reduction. 
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Fig. 9—Effect of Cold Working on the Properties of 
Zirconium Prepared by Hot Rolling at 650 °C. 


Physical properties determined on transverse specimens from 
60% cold-rolled sheet are shown in Table IV. 

No marked variation which could be assigned to directional 
properties are found at the 60% cold-worked level. Directional 
properties usually are not observed in metals until the limit of cold 
working is approached or drastic reductions have been accomplished. 
In zirconium, where it has been demonstrated that the metal can be 
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Table IV 


Tensile Properties of Transverse and Longitudinal Specimens 
from 60% Cold-Rolled Sheet 


Yield Proportional 
Ultimate Strength, Limit, Elongation, 
Strength 0.2% Offset 0.01% Offset % in Hardness, 
Condition X 1000 psi X 1000 psi xX 1000 psi 2 Inches Rockwell B 
Transverse 86.6 82.4 $2.7 11.6 99 


Longitudinal 90.0 84.3 60.0 10.2 98 


cold-worked as much as 80% without any marked lowering of its 
physical properties, it is not likely that any directional properties will 
be found until it has been cold-worked to more than 90% reduction. 

A comparison of Figs. 3 and 9 shows that there are only a few 
differences between the physical properties of the sheet produced by 
the two rolling techniqués. 

In general, the ultimate strength of sheet from the ingot rolled 
at 850 °C (1560 °F) was slightly lower up to 40% cold rolling and 
about 3000 psi higher at 60%. Yield strengths for the 650°C 
(1200 °F) sheet are consistently higher, except at 60% cold work, 
where the sheet from ingot 160 is about 1000 psi higher. 

Proportioral limit values show a wide deviation from 20 to 50% 
cold reduction, although the values for both sheets at the 0 and 60% 
cold-worked levels were identical. Strangely enough, and as yet 
unexplained, the percentage of elongation of the sheet cold-rolled 
from the material previously rolled at 650°C (1200°F) was con- 
sistently 2 or 3% higher. 

The difference between the two working schedules produced 
virtually no variation in hardness. 

On the basis of experience gained from these ingots, it appears 


that there is no material advantage to be gained by sheath rolling 
the metal at 850°C (1560 °F). 


Low Temperature Tensile Tests 


Tensile strength and elongation at —190°C (—360°F) were 
determined for 50% cold-worked specimens and on the same material 
that had been annealed for 1 hour at 800 °C (1470 °F). 

The specimens were surrounded by a brass tube about 2 inches 
in diameter and 4 inches in length, with a rubber stopper in the 
bottom through which the grip section extended. After the specimen 
was immersed for about 5 minutes, it was broken without removing 
the liquid air. 
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Table 
Properties of Zirconium at —190 °C (—360 °F) 





Ultimate Elongation, Brinell 

Temperature, Strength J in Hardness 

Condition ~; X 1000 psi 2 Inches Number 
50% CW 25 86.9 9.0 153 
—190 136.8 6.2 175 
Annealed at 25 58.6 24,2 124 
800 °C —190 106.5 14.0 143 
Cast 25 123 
—190 306 


It was found necessary to reduce a 2-inch gage length to about 
0.4-inch width to insure breaking of the specimen within the cooled 
area. Test results are given in Table V along with room temperature 
values. 

This change in strength and ductility at low temperatures is 
not unusual, zirconium appearing to follow the pattern of most other 
nonferrous metals. 


Impact TESTS 


Impact strength determinations were made on specimens cut 
from sheet prepared by rolling at 650°C (1200°F) in air. The 
17-inch round ingot. was first roughly squared in the rolls, cross- 
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Fig. 10—Charpy (V-Notch) Impact Strength of Zirconium Plate Rolled at 650 °C. 


rolled until it was 4 inches wide, and then rolled longitudinally to 
produce a sheet about 4 by 16 by ™% inches. 

All tests were made on a standard Riehle impact tester with 
a capacity of 220 foot-pounds. The specimens were the standard 
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ASTM, V-notch, Charpy type, 10 mm square by 55 mm long with 
a 45-degree V notch 2 mm deep having a root radius of 0.25 mm. 
With the exception of three transverse specimens taken for checks 
on directional properties, all of the bars were cut parallel to the 
direction of final rolling. The results plotted in Fig. 10 cover a 
temperature range from —190 to 600°C (—360 to 1110°F) and 
represent the average of two or more specimens at each point. 

Only small variations are noted from —190 to 200°C (—360 
to 390 °F), with values ranging from 17.5 foot-pounds at the lower 
temperature to 16 foot-pounds at 200°C (390°F). Above 200 °C 
(390 °F) the trend shows a gradual increase to a 28-foot-pound 
maximum: for the specimens heated at 600°C (1110°F). No 
measurable difference was noted between the longitudinal and’ trans- 
verse specimens when tested at room temperature. 

These data are typical of most of the nonferrous metals, where 
the low temperature toughness is only slightly above room temper- 
ature values, and with rising temperatures producing a fairly rapid 
increase above 300 °C (570 °F). 


Hot HARDNESS 


Hot hardness of zirconium was determined as a guide in fore- 
casting the workability and strength of the metal at elevated temper- 
atures. Measurements were made in a helium atmosphere on a 
Brinell hardness tester, the specimens being heated in an electric 
furnace mounted on the adjustable pedestal of the tester. A 10-mm 
carbide ball held in a stainless steel rod directly connected to the 
Brinell machine served as an indenter with provision for cooling, so 
that the indenter did not conduct an undue amount of heat to the 
testing unit. Test specimens were ™% inch in thickness by 2 inches 
in diameter and were supported on a 3-inch-high annealed tool steel 
anvil. Temperature measurements were made by drilling the speci- 
men at the center and inserting a thermocouple to about ;/¢ inch 
below the upper surface. The top lid of the furnace, with the 
indenter opening slightly off center, was arranged so that it could 
be rotated without affecting the helium atmosphere. Hardness meas- 
urements were made from room temperature to 600°C (1110 °F) 
on the same test block by making the impressions slightly off center. 
After one indentation was made, the top lid containing the indenter 
holder and helium outlet was rotated so that the next impression was 
6 diameters from the previous one. All impressions were made 
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with a 500-kg load applied for 60 seconds instead of the usual 
30-second loading time. This increased loading time was adopted 
to minimize the effect of time required in applying the load and is 
a common practice in this type of testing. This longer time of 
loading has a negligible effect on room temperature readings, but 
probably makes those at 600 °C (1110°F) slightly lower than those 
determined with a standard 30-second load. 


Brinell Hardness Number 





5 
0 100 200 300 400 500 600 700 
Temperature °C 


Fig. 11—Effect of Temperature on the Hardness of 
Several Metals. 


Hot hardness values for cast and worked zirconium are shown 
in Fig. 11. For comparative purposes, the hardness versus temper- 
ature relationships for cold-rolled SAE 1020 steel, cold-rolled 70-30 
brass and worked titanium are also shown. These were determined 
in the same apparatus and under similar conditions. 

Examination of these curves shows that zirconium has the same 
abnormal drop in hardness as that reported for titanium by Kroll 
(15). The hardness of cast zirconium (2 to 5-mm grain size) drops 


from about 120 to 60 Brinell at 250°C (480°F) and then to 26 
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at 600 °C (1110° F). The same relative drop is found for zirconium 
sheet rolled at 650 °C (1200 °F) (to 0.030-mm grain) where heating 
to 250 to 300 °C (480 to 570 °F) halves the Brinell number. Ductile 
titanium plate with a higher degree of cold work gives almost 
identical hardness values. 

Most alloys and metals form a curve of the type exhibited by 
brass or steel, whether they are in the worked state as used in 
these experiments or in the annealed condition. The immediate 
decrease in the hardness of zirconium in the temperature range of 
25 to 400°C (75 to 750 °F) is distinctly irregular and places lim- 
itations on the operating limit of the metal, even for moderate tem- 
perature applications. Some possibilities for hot rolling zirconium 
can be deduced from these data. Rolling at 200°C (390°F) with 
warm rolls should be quite feasible, since the roll hardness is sub- 
stantially unaltered, while the zirconium hardness is reduced about 
40%. 

BEND TEsTs 


Minimum bend radius was determined on hot-rolled, annealed, 
and cold-rolled zirconium sheet. Test specimens 7g by ™% by 4 inches 
were cut from the same sheets prepared for study of physical prop- 
erties: Bends were made on an O’Neil-Irwin bending machine 
commonly used for shop metal forming. Different radii were 
obtained by using interchangeable steel center pins of varying 
diameter. 

Annealed and hot-rolled zirconium sheet can be bent 180 degrees 
on a 3T radius. Cold work rapidly destroys the formability—10% 
cold work increasing the minimum bend radius to 8T. Sheet with 
20% or more cold work can only be bent on a 12 to 16T radius. 

It should be noted that the values given above are on sheet 
prepared largely by longitudinal rolling. Since zirconium has a 
hexagonal structure, it may be expected to have directional prop- 
erties. A thorough investigation of this subject will probably produce 
cold-worked sheet with better forming characteristics. 


Rop AND WIRE 


Rod and wire are produced from zirconium ingots along the 
general outline described in the section on working. The ingots are 
quartered and forged at 650°C (1200°F) to a rough hexagon or 
square form. These forged bars can be hot or cold-worked by either 
swaging or rolling to produce rod of the desired size. The only 
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limitation on reduction by hot working at 650°C (1200 °F) is that 
occasioned by periodic cleaning of the rods to remove surface defects. 
Reductions of about 10% per pass are used in the swaging operation 
with 30 to 60% total reduction between anneals in the cold working 
schedules. Rods are annealed 20 to 40 minutes in air at 650°C 
(1200°F) and then cleaned by sandblasting and pickling. Below 
3g-inch diameter the rods are given a quick air anneal at temper- 
atures near 800°C (1470°F) by resistance heating. Rod has been 
prepared by rolling the forged bars in a conventional square-to-oval 
mill. The use of rolls permitting oval-to-oval and oval-to-round 
passes would facilitate the rolling of rounds. 

Wire is drawn in standard tungsten carbide dies. As noted by 
Fast, the clean metal is difficult to draw because of seizure in the 
dies. The oxide film produced by air annealing is a satisfactory 
lubricant for wire drawing but is extremely difficult to remove after 
the wire has reached the required diameter. This oxide skin, if not 
removed, will dissolve at elevated temperatures and embrittle the 
metal. The most satisfactory method of avoiding the troubles of 
die seizure and oxidation consists in coating the wire bar stock with 
a common metal, such as iron or copper. This protective sheath is 
then removed by pickling after the wire has been drawn to size. 

The resistivity of Bureau of Mines zirconium in the form of 
annealed wire is 50.5 + 0.5 microhms/cm* while that of hard drawn 
(30 to 90% cold work) wire has a specific resistance of 52.0 + 0.5. 
Values as high as 60 microhms/cm* have been found for cold drawn 
wire prepared from zirconium containing abnormal amounts of 
impurities such as iron, carbon or oxygen. 


SUMMARY 


Zirconium metal produced by the Federal Bureau of Mines 
by reducing the chloride with metallic magnesium has been forged 
and rolled at 850°C (1560°F) to satisfactory sheet and rod by 
protecting the metal from oxidation with an iron sheath. It is 
possible to produce equally as satisfactory sheet by hot rolling the 
forged ingot at 650°C (1200°F) in air. The success of the latter 
method depends on satisfactory scale removal by sandblasting and 
pickling in a dilute hydrofluoric acid —lead nitrate solution. 

The metal can be successfully drop-forged and stamped, using 
standard commercial dies and equipment. 

Tensile strength of the sheet rolled at 850°C (1560°F) was 
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increased by cold rolling from 63,500 psi to 93,500 by 60% cold 
reduction with no evidence of overworking. Hardness rose from 
Rockwell B-86 to B-98 with over 70% of the work hardening occur- 
ring during the first 20% of cold reduction. Percentage of elongation 
dropped from an initial 14 to 8.5 at 20% cold work and then 
remained constant to 60% cold work. Measurements on a thinner 
sheet cold-rolled 80% gave somewhat lower values for ultimate and 
yield strengths, although the hardness and elongation were virtually 
constant. 

Annealing the sheet prepared by rolling at 650°C (1200 °F) 
caused the tensile strength to drop from 86,400 to 80,000 psi at 
400 °C (750°F) and to 59,000 psi at 700°C (1290°F). Temper- 
atures up to 1100 °C (2010°F) did not materially lessen this value. 
Complete stress relief occurred at 500°C (930°F) with recrystal- 
lization complete at 600°C (1110°F). Grain growth was rather 
slow, increasing from 0.015 mm at 700°C (1290°F) to 0.040 mm 
at 1100°C (2010°F). Yield point values decreased from 64,400 
psi at 400 °C (750 °F) to 33,800 psi at 800 °C (1470 °F) and then 
increased to 40,500 psi at 1100 °C (2010°F). Elongation increased 
from 9% in the cold-worked material to 14% at 400°C (750 °F), 
27.5% at 700°C (1290°F) and 29% at 1100°C (2010°F). 
Annealing for 1 hour in an inert atmosphere appeared to give a 
satisfactory anneal for 50% cold-reduced zirconium sheet. 

Material rolled in air at 650°C (1200°F) before cold rolling 
had tensile properties that were very similar to those obtained on 
the sheet rolled at 850°C (1560 °F), the major deviation being a 
2% increase in elongation for the 650°C (1200°F) sheet. No 
material advantage can be demonstrated for working at 850°C 
(1560 °F) with a protective sheath as compared with the practice 
of rolling in air at 650°C (1200 °F). 

Tensile strength of zirconium sheet was determined at —190 °C 
(—360 °F), and showed a 58% increase over the values found at 
room temperature. Elongation dropped from 9.0 to 6.2%. 

Impact values dropped from 17.5 foot-pounds at —190 °C 
(—360°F) to 16 foot-pounds at room temperature and 200°C 
(390 °F) and then rose to 28 foot-pounds at 600°C (1110°F). 

Hardness values for rolled plate varied from BHN 217 at 
—190 °C (—360°F) to BHN 25 at 600°C (1110 °F). 

Annealed and hot-rolled zirconium sheet was bent 180 degrees 
on a 3T radius. Cold working seriously impairs workability, the 


al 








1950 PROPERTIES OF DUCTILE ZIRCONIUM 639 


10% cold work sheet requiring 8 T, and 20% reduction 12 to 16 T 
for a 180-degree bend. 

Zirconium was swaged into rods, being readily worked at 
650 °C (1200 °F). Rods below 34-inch diameter were annealed by 
resistance heating. Wire was successfully drawn, with the oxide 
skin produced by air annealing providing a satisfactory lubricant in 
preventing die seizure. Resistivity of Bureau of Mines zirconium 
was 50.5+0.5 microhms/cm* for annealed wire and 52.5+ 0.5 
microhms/cm® for cold drawn wire. 
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DISCUSSION 


Written Discussion: By J. G. Kura, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors have presented a valuable contribution to the knowledge 
of the fabrication of zirconium and to the knowledge of some of the 
mechanical properties of zirconium. Could they give the percentage com- 
position of the pickling bath used on material rolled in air at 650°C 
to prepare the surface for subsequent cold rolling? 

Written Discussion: By Richard R. Kennedy, chief, Metallurgical 
Branch, Wright-Patterson Air Force Base, Dayton, Ohio. 

The authors are to be congratulated on a paper which gives so much 
information on a metal about which little has been published. 

Zirconium ores are reported to be available in this country in con- 
siderable quantities. The Air Materiel Command is interested in the 
development of metal from domestic ores which will be available in 
periods of national emergency and is sponsoring research projects with 
the purpose of developing and evaluating zirconium alloys. 

The properties of certain zirconium alloys appear attractive. Zirco- 
nium-molybdenum and zirconium-titanium alloys have been prepared 
which have tensile strengths in the 140,000 to 150,000-psi range and 
which are much lighter than steel. 

Perhaps the outstanding characteristic of zirconium is its extremely 
high corrosion resistance. It is practically immune to atmospheric and 
salt water corrosion and has high resistance to many extremely corrosive 
liquids. It is in this field that zirconium may find its widest application. 


Author’s Reply 


In answer to J. G. Kura, the pickling bath for cleaning the surface 
of hot-rolled zirconium contains about 1% HF and 1 to 2% Pb(NOs)e. 








AN X-RAY STUDY OF THE SCALE FORMED ON IRON 
BETWEEN 400 AND 700 °C 


By O. A. TESCHE 


Abstract 


The scales formed on iron when oxidized for 15 min- 
utes over a temperature range of 400 to 700°C (750 to 
1290 °F) were studied. It was determined that FesO, 1s 
the only oxide formed up to 625°C (1155°F). At 
650 to 700°C (1200 to 1290°F) a double-layered scale 
was found, FeO lying next to the metal with an overlay 
of FesO,. The thickness of the FeO layer at 650°C 
(1200 °F) was 37%; at 675°C (1245 °F), 55%; and 
at 700°C (1290 °F), 80%, of the total scale thickness. 


INTRODUCTION 


HIS paper presents data on the thickness of scales formed when 

mild steel is heated in air. The data relate not only to the 
total thickness of the multiple-layered film but also to the thick- 
nesses of the individual layers (FeO, Fe,O, and Fe,O,). 

The constitution diagram for the iron-oxygen system is pre- 
sented in Fig. 1. From this it appears—in accordance with the 
reasoning outlined by Rhines (2)*—that the scales formed on iron 
could contain Fe,O, and Fe,O, at temperatures below 560°C 
(1040 °F) and FeO, Fe,O, and Fe,O, at temperatures between 
560 and 1350°C (1040 and 2460°F). Above 1350°C, Fe,O, 
would decompose in air. These thermodynamic considerations 
indicate these oxides may possibly exist at the temperatures men- 
tioned, but it is to be noted that the rate of formation of a given 
oxide at a given temperature may be so slow with respect to that 
of another that it may not appear in any significant quantity. 
Valensi has treated this situation theoretically (3). It is also note- 
worthy that FeO is not stable below 560°C (1040 °F), so if this 
phase is to be identified experimentally in scales formed above this 
temperature, the identification should be performed at temperature 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The author, O. A. Tesche, is 
physicist, Government Metallurgical Laboratory, University of the Witwaters- 
rand, Johannesburg, South Africa. Manuscript received December 6, 1948. 
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or on scales quenched at a rate that is sufficiently fast to preserve 


the FeO (4). 

These remarks are pertinent to the interpretation of the results 
of Jackson and Quarrell (5). Massive samples of iron (0.5 inch 
diameter by 0.25 inch thick), superficially oxidized from 400 to 
1200 °C (750 to 2190°F), when cooled to room temperature and 


°C Atomic Percentage Oxygen °F 
50 52 54 56 58 60 


PCO 
ee fleel YT TT 
Cy 





FeO2 O6 22 235 84 2 86. 27 88 29 30 3 
Weight Percentage Oxygen 
Fig. 1—Iron-Oxygen Equilibrium Diagram (1). 


investigated by means of electron diffraction invariably possessed 
Fe,O, as a scale. When investigated at temperature, however, the 
scale was found to be FeO above 450 °C (840 °F), whereas below 
440 °C (825°F) Fe,O, or perhaps yFe,O, is the scale. 

These and similar qualitative studies (6-8) on the oxides found 
in iron scale are summarized in Table I. In general, it is seen that 


—" 
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Table I 








Scaling Temperature at 
Tempera- Which Scale Was 
Investigator ture, °C Studied Specimens Oxides Observed 
Jackson and Quarrell 400-1200 Room Temperature Iron Fe30, 


450 Scaling Temperature 0.45 C Steel FeO 
below—440 Scaling Temperature 0.45 C Steel FesO« or Fe2Os (?) 
350-400 Scaling Temperature Armcolron Fes0Ox, 
400-515 Scaling Temperature ArmcolIron FeO and FesO, 
515-900 Scaling Temperature Armcolron FeO* 


above—900 Scaling Temperature ArmcolIron Fe:O, 
Phelps. Gulbransen 400 Scaling Temperature Iron Fe;04 1 min. expos. 
and Hickman 500 Scaling Temperature Iron FeO 1 min. expos. 
FezO, 1 min.+ expos. 
600 Scaling Temperature Iron FeO 
850 FeO 
Pfeil } Room Temperature Iron FesO. 
1050 & 
Fe2O, 
Goldschmidt 850-1000 Room Temperature HilgerIron Inner Layer FeO 


Middle Layer FeO, FesO. 
Outer Layer FeO, Fes0« 
and Fe20; 


*In the thinnest films formed an hexagonal oxide of iron was found. 


Fe,O, is the predominant, if not the sole constituent of iron scale 
formed at temperatures at or below 400 to 600 °C (750 to 1110 °F), 
that FeO is found in scales above this temperature and that in the 
approximate temperature range of 700°C (1290°F) to at least 
1000 °C (1830 °F) all three oxides appear in the scale. 

No quantitative data on the structure of iron scales existed until 
Bénard and Coquelle’s recent report (9) which became known to 
the author only after he had completed the present investigation. 
Their results and those contained in this paper are collateral in 
many ways. Benard and Coquelle report the relative thickness cf 
FeO, Fe,O, and Fe,O, found by micrographic inspection in iron 
scales formed in.5 hours’ heating in the temperature range 650 to 
1050 °C (1200 to 1920°F). The present research reports similar 
data for the temperature range 400 to 700°C (750 to 1290 °F). 


MATERIALS AND PROCEDURE 


Common office paper clips were used as specimens.? The sur- 
face layer of tin was scraped off, after which the 1-mm steel wire 
was polished with emery paper as fine as 3/0. The clip was placed 
on a preheated clay dish in an electric muffle furnace. After 15 
minutes’ oxidation in air the clip was withdrawn from the furnace 
and thrown on a glass plate. Because of its small mass, the speci- 


“The analysis of this low carbon steel was: 


OIE SU oi ass Caps Less than 0.1% eek. cont eee 0.011% 
eee, Seer eee re sy 0.31% CS (25S, Pie ak see nd 0.026% 
8 es pen ee Pe 0.007% UE. gotten pa etre . ote 0.075% 


RE Ae Gia alas a conkers. seatan 64 0.33% | ee ayes pa mei Nil 
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men cooled rapidly. Identification of the scale layers was attempted 
with X-rays. Monochromatic pinhole techniques—both transmission 
and glancing—were used.* 

Scale thicknesses were measured where possible by three differ- 
ent methods. 

W eight Method—A wire of known length was weighed before 
and after oxidation. The scale was assumed to consist entirely of 
Fe,O, (specific gravity = 5.2) whence the thickness could be com- 
puted. This method is useful only where Fe,O, is the sole or pre- 
dominant constituent of the scale. 

Etched Section Method—Micrographic sections of the speci- 
mens were prepared and the thickness of the scale measured on a 
microscope. 

Fractured Section Method—Fragments of the scale were viewed 
under a microscope. The thickness of the entire scale and even the 
different individual layers can be measured directly. 


RESULTS AND DISCUSSION 


The results of both X-ray and thickness determinations are 
assembled in Table II. It is to be noted that the Fe,O, always 
appeared fine-grained in the X-ray photograms and that the FeO 
(when it occurred) always appeared coarse-grained. At the same 
time micrographic inspection of the double-layered scales always 
revealed the inner layer to be coarse-grained (grain size up to 4 
microns diameter) and the outer layer to be fine-grained. From 
iaese double observations, it may be assumed that the inner layer 
is FeO and the outer, Fe,QO,. 

Iron is known (11, 12) to oxidize according to the Pilling and 
Bedworth parabolic law. 

w’= Kt 
Here w = the weight increase due to oxygen pick-up per unit area 

K = constant 

t — time 
The constant, K, was computed for various temperatures from the 
data in column 6 in Table II. These constants plotted on a log- 
arithmic scale as a function of the reciprocal of absolute temperature 
(on a linear scale) are plotted in Fig. 2. In general, the results are 
in agreement with the data reported in the literature. 





*Copper Ka-radiation, filtered through a nickel-filter so as to leave the ai,¢ lines 
passing through, was used (38 KV, and about 20 M.A.). This is not really suitable for 
preparations containing Fe, because the CuKa-radiation of \—1.54A excites the softer 
Fe Ke-radiation (A = 1.94A) which leads to fogging of the films. This, however, could 
not be avoided, no other X-ray tube being available. 
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Fig. 3—Relative Thickness of Different Oxides Found in Iron Scales at Various 
Temperatures. 
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The proportional thickness of the different component layers of 
the scale is plotted in Fig. 3 together with Bénard and Coquelle’s 
results (9). Despite the difference in experimental techniques used 
and the difference in oxidation time, the results are in reasonably 
good agreement.* 
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DISCUSSION 


Written Discussion: By Earl A. Gulbransen, Research Laboratories, 
Westinghouse Electric Corp., East Pittsburgh. 

The author has added useful and interesting information on the 
formation of the several oxides on iron over a temperature range not 
covered to date by the X-ray method. The work essentially confirms, 
in this temperature range, observations by others at higher temperatures. 
The author has pointed out the fact that the electron diffraction method 
gives results which appear at first glance to conflict with the well-estab- 
lished X-ray and micrographic results. 

As one of those concerned in this apparent conflict of results, I would 
like to present several remarks which I hope may help to clear up the 
differences. We have made a rather intensive study, which we hope to 
publish in the near future, on the kinetics and mechanism of the phase 
transformations occurring in the oxide films on iron. Our results show 
that the Fe,O, + Fe — 4 FeO reaction occurs quite readily in thin films, 
slower in thick films and the rate is governed by the diffusion of Fe ions 
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in FeO. Since the high temperature electron diffraction method requires 
a high vacuum to obtain an electron beam, this reaction frequently goes 
to completion before the diffraction pattern is observed. However, if 
thick films are made by oxidation for a long period of time, all of the 
oxides can be observed. 

The existence of the several oxides on iron is governed not only by 
thermodynamics of the reactions but also by the kinetics of the several 
reactions concerned. For example, the author has shown the existence of 
Fe;O, alone on Fe after a 15-minute oxidation. If this oxidation had 
been continued, FeO would be observed together with FesO. and a-Fe.Qs. 
If the oxidation were terminated by removal of the oxygen atmosphere 
and the specimen observed under vacuum conditions, in time FeO would 
be the only oxide in the scale. 

Written Discussion: By Frederick N. Rhines, professor of metal- 
lurgy, Carnegie Institute of Technology, Pittsburgh. 

I should like to point out some evidence that the oxidizing tempera- 
tures reported in this research may be in error and to inquire of the 
author whether the temperature of the specimens themselves was meas- 
ured, or merely that of the environment surrounding the specimens. 
Evidence that the temperatures, as reported, may be from 25 to 100°C 
too high is given by the following: 

1. The minimum temperature for the appearance of FeO is given 
as 650°C, in Table II, whereas the phase diagram indicates that FeO 
should appear at 560°C and above. 

2. Downward revision of the author’s temperature values, in Fig. 3, 
could bring his scale thickness readings into correspondence with those 
of Bénard and Cogquelle. 

3. The rate constant versus temperature plot, Fig. 2, exhibits no 
sharp change in slope below 560°C (or 650 °C, if the author prefers), such 
as might be expected with the disappearance of one of the layers of the 
scale. 

It is to be hoped that these discrepancies are to be attributed to 
experimental error, for their validity would raise some more difficult 
questions. 

Some comment from the author, with regard to the meaning of the 
observed changes in the relative thickness of the constituent layers of 
the scale, would be of interest. Is it to be inferred that the rate of 
growth of any one phase in the scale is extremely sensitive to the identity 
of the phase immediately beneath? This would seem to be the case 
where the relative thickness of the FesO,. layer declines so very sharply 
with the intrusion of an intermediate layer of FeO and the relative thick- 
ness of the FeO, FesO. and FesOs; layers changes sharply at the tempera- 
ture of transformation of the underlying metallic layer from alpha to 
gamma. 

Written Discussion: By C. E. Birchenall, member of staff, Metals 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 

Dr. Tesche has chosen to study one of the most critical questions 
remaining in the high temperature oxidation of iron, the question of the 
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effect of the phase transformations in the iron-oxygen system on the 
kinetics of the reaction and on the products formed by the reaction. 
As demonstrated by the work of Bénard and Coquelle,® these factors are 
not entirely separable. 

Unfortunately there are still points of disagreement among the in- 
vestigators in the field. One of them is emphasized here. At what tem- 
perature and under what conditions does FeO cease to be a product of 
the reaction of iron with oxygen? 

The work of Gulbransen and Hickman® indicates that FeO is the 
initial product of the reaction down to temperatures considerably below 
that at which bulk FeO ceases to be stable with respect to Fe and Fe;Q.. 
As the scale becomes thicker, the temperature at which FeO is found 
rises toward the bulk transformation temperature of about 570°C (1060 
°F). The indication is that FeO should be present in all scales formed 
above 570°C (1060 °F). 

On the other hand, Dr. Tesche finds no FeO below 625°C (1155 °F) 
and a different proportion of FeO to FesO, in the quenched scale up to 
700°C (1290°F) than observed by Bénard and Coquelle. A _ possible 
explanation of this may lie in the effect of decomposition of FeO to FesO. 
and Fe on scales of different thickness. The results given by Bénard and 
Coquelle are for 4-hour scales which should be much thicker than the 
15-minute scales of Tesche. The proportion of FeO to FesO,. should be 
different in the scales at temperature, since the two oxides follow different 
rate laws in their growth, the former being nearly parabolic, the latter lin- 
ear. But this alone will not resolve the discrepancy. The suggestion given 
here is that the rate of decomposition in the thin FeO scales was suffi- 
ciently rapid to remove the FeO phase entirely on cooling, even though 
the scale was quickly cooled. While a small amount of decomposition 
probably occurred in the Bénard and Coquelle samples, the relative effect 
on the measured proportion of the phases present would be very much 
smaller. 

Work has been in progress in our laboratory for a considerable period 
on the kinetics and mechanism of iron oxidation. Particular attention has 
been directed at the 570°C (1060°F) transformation discussed above 
and at the 910°C (1670°F) alpha-to-gamma iron transformation. In 
the latter case there are also discrepancies in the literature concerning 
whether or not a discontinuous change in the over-all rate is to be 
expected, or a change in activation energy, or no change at all. 

Accepting the basic mechanism as the diffusion of iron ions through 
the scale, kinetic equations have been.derived for the over-all kinetics, 
and for the rate of growth of the individual layers. We have assumed 
that the growth of FeO is a diffusion-limited process leading to a 
parabolic rate constant, while the growth of FesO, and Fe:sOs must be 
limited by the rate of interface reactions. This correlates well with the 


_ J. Bénard and O. Coquelle, “Nouvelles recherches par la methode micrographique sur 
l’‘oxydation du fer aux temperatures elevees,”’ Comptes rendus, Vol. 222, 1946, p. 796-797. 


SE. A. Gulbransen and J. W. Hickman, “An Electron Diffraction Study of Oxide Films 
Formed on Iron, Cobalt, Nickel, Chromium, and Copper at High Temperatures,” Transac- 
tions, American Institute of Mining and Metallurgical Engineers, Vol. 171, 1947, p. 306. 
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observations of Mehl and McCandless’ that the interface between Fe 
and FeO is a coherent plane of iron atoms which should offer little 
resistance to the transport of iron. The interfaces between FeO and Fe,O, 
and between Fe;Q, and FesO; are coherent oxide ion planes with non- 
equivalent iron sites on either side. Difficulty in moving iron across these 
interfaces (or moving the interfaces through the adjoining iron ion 
plane) is to be expected. A much more complete discussion will be given 
at the completion of our experimental work, but this should indicate 


the importance we attach to studies of the type Dr. Tesche has reported 
here. 


Author’s Reply 


Replying to the discussion, I first would thank Mr. Gulbransen for his 
discussion. His remarks concerning apparent vagaries in the appearance 
of oxide films, as observed by various experimental techniques, are of 
great interest. 

I thank also Professor Rhines and Mr. Birchenall for their discus- 
sions. It will be expedient to answer these jointly. Professor Rhines 
questions the accuracy of the temperature measurements. Mr. Birchenall 
suggests that the FeO of my 625°C sample transformed entirely to FesOu,, 
in spite of rapid cooling. 

The thermocouple at the time was close to the dish carrying the 
sample. It was a bulky thermocouple, and direct contact with the tiny 
sample would not have meant very much. 

However, to give a satisfactory answer, I now repeated the experi- 
ments of 625 and 600°C (1155 and 1110°F) with a finer thermocouple, 
touching the sample. The 625°C result I first tried to obtain micro- 
graphically. FeO seemed to be present. The subsequent X-ray test 
was in this case much more easily handled, and more positive in its 
result. FeO, no doubt, was present, recognized by “stitches” on the 
X-ray film, characteristic for the coarse-grained FeO (short double lines, 
due to Cu Ka, 1 and 2). (A scale flake was irradiated for this test, on 
the hollow side.) I, therefore, inspected the corresponding earlier film 
but its quality was such that the presence of those signs might have been 
easily overlooked. 

A like experiment with the new 600°C (1110°F) sample did not 
show FeO, but this question would require further work. Let it be said 
that tests with very thin films are difficult, especially the micrographic 
ones. 

I cannot say whether the original temperatures were wrong. Certain 
it is that now, at 625°C (1155°F), FeO slowed up. 

I do believe that in the superimposed layers (Fe;0,; on FeO) the 
upper, FesO,., is sensitive to the presence of the lower one. I have found 
that in subsequent tests between 600 and 700°C (1110 and 1290°F), 
while the total thickness (FeO + Fe:0,) increased, the thickness of the 
Fe;O, layer alone actually decreases. 





™R. F. Mehl and E. H. McCandless, “Oxide Films on Iron,’’ Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 125, 1937, p. 531. 
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In these tests, the specimen rapidly shoots up to the set tempera- 
ture, and then stays there. If the temperature be below 560°C (1040 °F), 
an Fe,Q, film forms. If the temperature be markedly above 560°C 
(1040 °F), the process begins and, I believe, continues at first in the 
same way, until thermodynamically conditioned, FeO springs up. This 
appears to take place at scattered centers, in agreement with the gen- 
erally coarse grain of FeO. Hypothetically, I would say now as follows: 
When a continuous FeO film has formed, the further growth of the 
Fe,O, film is altered. Fe ions travel through the FeO lattice and many 
of them are oxidized at the expense of the Fe,O, layer. Some travel 
further through this and are oxidized at the surface. (Exchange phe- 
nomena may take place on these travels.) Thus, the Fe,;O, layer would 
lose at the bottom, but gain at the top. At higher temperatures now, 
the solubility range of FeO widens (Fig. 1). The diffusion of Fe ions 
is thereby accelerated (Ref. 9), and would result in a mcre rapid growth 
of FeO, at the expense of Fe;Q,, causing this to be thinner. 
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INFLUENCE OF CARBIDE-FORMING ELEMENTS ON 
UNDERBEAD CRACKING OF LOW ALLOY STEEL 


By Raymonp S. STEWART AND STEPHEN F. URBAN 


Abstract 


This paper presents results obtained from an investi- 
gation undertaken to determine the effect of the potent 
carbide-forming, elements (titanium, zirconium, colum- 
bium, and vanadium) on the tendency of hardenable, low 
alloy steels to crack under the weld bead during arc weld- 
ing. The addition of powerful carbide-forming elements 
to SAE 4130 or NE 4640 steels markedly reduces under- 
bead cracking. The effectiveness of the elements is in the 
order: titanium, zirconium, columbium, and vanadium. 
Further improvement is made by giving the steels a 
spheroidizing treatment prior to normalizing. The under- 
bead cracking tendency of the standard 4130 steel was 
found to decrease with an increase in elapsed time between 
hot rolling and testing, within a period of 19 months. 

The addition of titanium or columbium gives a 
decrease in yield strength of the steels normalized from 
1650 °F (900 ° °C), especially when a prior spheroidization 
treatment is used. An increase in manganese content was 
found to overcome this loss without appreciably affecting 
the underbead cracking susceptibility of these steels. 

The addition of a small amount of titanium to pearlitic 
manganese plate steel was found to reduce underbead 
cracking when the steel is welded in either the as-forged 
or annealed condition. 


HE application of metallic are welding to hardenable, alloy steels 

in recent years has led to difficulties because of cracking of the 
steel under the weld bead. Although it has been recognized that, in 
general, the underbead cracking tendency of a steel increases with the 
hardenability, it has been reported by Hoyt, Sims and Banta (1)' 
that there are other factors that markedly affect the susceptibility of 
a steel to this type of cracking. Among these are the microstructure 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Sixth Western Metal Congress and Exposi- 
tion held in Los Angeles, April 11 to 15, 1949. Of the authors, Raymond S. 
Stewart is assistant chief, Physical Metallurgy Division, and Stephen F. Urban 
is director of research, Titanium Alloy Manufacturing Division, National Lead 
Co., Niagara Falls, N. Y. Manuscript received January 28, 1949. 
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as influenced by the thermal history of the steel, and small variations 
in chemical composition. They found that an increase in the soluble 
aluminum content reduced cracking considerably if the steel is given 
a subcritical anneal prior to normalizing, because aluminum accel- 
erates coalescence of carbides. They found, too, that titanium in the 
steel decreased underbead cracking by forming stable carbides, but 
provided rather meager data and left the subject relatively unex- 
plored. It appeared highly desirable to carry on this work to evaluate 
the role played by titanium and to investigate the effect of other potent 
carbide-forming elements: zirconium, columbium, and vanadium. 

Thirty-pound induction furnace heats were made of SAE 4130 
steel to which were added titanium, zirconium, columbium or vana- 
dium. A series of high manganese SAE 4130 heats was produced 
with additions of titanium, zirconium, and columbium. NE 4640 
steels were made with additions of titanium and zirconium. In each 
case, 114 pounds of aluminum per ton was added for deoxidation and 
grain size control. Analyses of all the SAE 4130 steels are given in 
Table I, while those of the NE 4640 grade are given in Table IV. 

The small ingots produced were hot-rolled to ¥% by 2-inch strip, 
which was cut into 2-inch square samples. Six samples of each heat 
were normalized from 1650 °F (900°C) and tempered for 1 hour 
at 900 °F (485°C). An additional set of six samples of each heat 
was given a spheroidize anneal of 12 hours at 1300°F (705 °C) 
prior to being normalized and tempered. The specimens were then 
cleaned by sandblasting. 

The method of testing underbead cracking tendency of the sam- 
ples was that developed by Hoyt, Sims and Banta (1). Each speci- 
men was held in a welding jig consisting of two copper plates 4 inches 
square by ™% inch thick, each having a hole 134 inches in diameter 
tapered to 1%4 inches in diameter through the center. A weld bead 
was made around the 1%-inch diameter hole on the surface of the 
specimen in 20 + 0.5 seconds, using a Wilson No. 520, @j-inch weld- 
ing rod with negative polarity at 18 to 24 are volts and 47 amperes. 
The welding rods were stored ina heated box at 250 °F (480 °C) 
for 24 hours before the welding tests were made, to minimize the 
amount of moisture absorbed in the coating and to minimize the 
effect of differences in humidity on the days that tests were made. 
The specimen was quenched in ice water immediately after welding 
and then held at room temperature for 24 hours to permit cracking 
to develop. It was then tempered at 1050°F (565 °C) for 1 hour, 
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and the weld bead was ground off with 0.001 to 0.002 inch of the 
specimen surface. The specimen was then macroetched in a 1:1 
solution of hydrochloric acid at 170 °F to show the cracks produced 
in welding. The extent of cracking was measured by means of a 
transparent protractor on both the inside and outside periphery of the 
heat-affected zone and expressed as per cent of 720 degrees. The 
average of six duplicate tests of each steel under each condition of 
heat treatment was divided by the average per cent cracking of the 
standard SAE 4130 or NE 4640 steel to give the per cent underbead 
cracking of the standard for each steel. 

The welding tests of the modified SAE 4130 steels were con- 
ducted at three periods during 1% years’ time. Tests were made on 
the standard steel at each of the three periods. It was found that the 
underbead cracking tendency of the standard steel became less at 
each successive test. There appears to be some correlation between 
underbead cracking susceptibility and the interval between hot roll- 
ing and testing, although the explanation for this is not known. In 
each case, heat treating was done immediately prior to testing. The 
per cent cracking in 720 degrees of this standard steel is given in 
Table I for 2, 9, and 17 months after rolling. 


Table Il 


Influence of Time Interval Between Hot Rolling and Testing on Underbead Cracking 
of Standard 4130 Steel 


Underbead Cracking, % of 720 Degrees, Tested 
-~at Indicated Time Interval after Rolling— 


Heat Treatment 2 Months 9 Months 17 Months 
ee OE COE. 6 5 ok bio eo SRE aE Oa 34.9 15.0 9.9 


Spheroidized, normalized and drawn _............. 35.9 11.0 2.3 








In view of this situation, comparison was made of all modified 
SAE 4130 steels tested within two months after hot rolling with the 
test results of the standard steel obtained two months after rolling. 
Since all the NE 4640 steels were rolled and tested at the same time, 
the time interval between rolling and testing is constant for all. 
Duplicate tensile tests were made for each steel and each condition 
of heat treatment. 

Data presented in Table I show that the addition of any one 
of the carbide-forming elements—titanium, zirconium, columbium, or 
vanadium—is beneficial in reducing the tendency of SAE 4130 steel 
to crack under the arc weld bead. This is particularly so if the steels 


 s 
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are given a subcritical or spheroidize anneal prior to the normalizing 
treatment. The effectiveness of these elements in this regard is 
due principally to the fact that they form stable carbides in steel 
that are either not dissolved in austenite on normalizing at 1650 °F 
(900 °C) or are only partly dissolved in the time held at that tem- 
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Fig. 1—Effect of Carbide-Forming Elements on Cracking 
Tendency of SAE 4130. Steel. 


perature. Coalescence of these carbides in a spheroidizing anneal 
would tend to make them even less soluble in austenite and thus 
prevent the entire carbon content of the steel from participating in 
the transformation process on cooling. 

As the content of titanium, zirconium, columbium, or vanadium 
is increased in the modified SAE 4130 steel, within the ranges inves- 
tigated, the underbead cracking tendency is continuously decreased, 
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as is shown graphically in Fig. 1. A comparison of the curves in 
Fig. 1 indicates that for any given content of carbide-forming element 
in the modified SAE 4130 steel, the degree of effectiveness in reduc- 
ing the amount of underbead cracking is in the order: titanium, 
zirconium, columbium, and vanadium. In each case the beneficial 
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Fig. 2—Effect of Carbide- Forming Elements on Yield 
Strength of SAE 4130 Steel. 


effect of these elements is enhanced by the spheroidizing treatment 
of 12 hours at 1300 °F (705 °C) prior to normalizing, and no under- 
bead cracking whatsoever occurred in this condition with a minimum 
content of 0.11 titanium, 0.20 zirconium, or 0.19 columbium. In 
the normalized condition, without prior spheroidization, the mini- 
mum content of 0.25 titanium or 0. 30 zirconium is required to elimi- 
nate all cracking. 
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Table Ill 


Metallographic Effects of the Modification of SAE 4130 by the Addition of 
Titanium or Zirconium 


Modifi- 


Heat cation Structure of Specimens Heat Treated Only Effect of Spheroidization 
No. to 4130 S, N, and D* N and D* on Carbides 
1083 none Mixture of FLP and Mixture of FLP and Incomplete. Very fine 
upper Bt with ¥, upper B and banded. 
patches of upper B 
1139 0.11 Ti Proeutectoid a and FLP (not examined) Incomplete. More banded 
(no bainite) than 4130. 
1141 0.25 Ti Proeutectoidaand FLP Proeutectoidaand FLP Incomplete. More banded 
than 4130. 
1215 0.38 Ti Proeutectoidaand FLP Proeutectoidaand FLP Incomplete. More banded 
high Mn than 4130. 
1221 0.18 Ti Proeutectoid a (less than (not examined) Incomplete. More banded 
high Mn heat 1215) and FLP than 4130. 
1159 0.30 Zr 50% upper B 90% upper B Incomplete. Like 4130 
50% FLP 10% FLP but less banding. 
1222 0.32 Zr 75% upper B 100% upper B Incomplete. Like 4130 
high Mn 25% FLP but less banding. 
*S = spheroidized 12 hours. at 1300°F. N=normalized 1 hour at 1600°F. D= 


tempered 1 hour at 900°F. tFLP= fine lamellar pearlite. B=pbainite. a = ferrite. 


An examination of the tensile properties of SAE 4130 steel 
modified by the addition of titanium, as given in Table II and Fig. 2, 
shows that while the tensile strength.is increased somewhat by the 
addition of titanium, the yield strength is decreased with the higher 
titanium contents, when tested after normalizing from 1650 °F 
(900 °C). A greater decrease in yield strength is evident when the 
spheroidizing treatment precedes normalizing. The addition of 
0.19% columbium does not decrease the yield strength unless the 
spheroidizing treatment is given. Zirconium increases the yield 
strength when added in amounts up to approximately 0.25%, and 
0.15% vanadium does likewise. 

The increase in the manganese content of the titanium steels is 
effective in counteracting the lowered yield strength. Properties of 
these higher manganese steels show that titanium reduces underbead 
cracking as normalized and drawn, and practically eliminates under- 
bead cracking when a spheroidizing anneal precedes the normalizing, 
at the same yield strength as the standard steel. The effect of 
columbium on the higher manganese steel is similar to that of 
titanium. Zirconium raises the yield strength to above that of the 
standard SAE 4130 steel, except for the 0.30% zirconium steel that 
had been given the spheroidizing anneal. Vanadium, up to 0.15%, 
at least, raises the yield strength of the standard steel. 

A metallographic study of some of the titanium and zirconium 
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modified SAE 4130 steels, heat treated but not welded, the results of 
which are tabulated in Table III, shows that transformation of the 
titanium steels occurs at a higher temperature than does the standard 
steel, while that of the zirconium steels occurs at a lower temperature. 
This is evident because the microstructures of the titanium steels 
consist of proeutectoid ferrite and fine lamellar pearlite, with no 
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Fig. 3—Effect of Titanium and Zirconium on Cracking 
Tendency of NE 4640 Steel. 


bainite. The zirconium steels, on the other hand, show more bainite 
than the standard steel. 

Underbead cracking of the zirconium steels depénds almost 
entirely on the zirconium content, and is influenced very little by 
additional silicon or aluminum added in the ferroalloy. This is evi- 
dent from Fig. 2 which shows underbead cracking as a function of 
zirconium, whether added as metallic zirconium, ferroaluminum- 
zirconium, or as ferrosilicon-zirconium. A higher silicon content 
tends to increase the crack-sensitivity to a minor extent in the zir- 
conium steels unless spheroidization is used. 

That titanium and zirconium are effective in reducing crack- 
sensitivity in other grades of steel can be seen from the data pre- 

sented in Table IV and in Fig. 3. The addition of 0.33% titanium 
‘practically eliminates underbead cracking in NE 4640 steel. The 
addition of 0.15% zirconium to this grade is insufficient to reduce 
cracking unless aided by a spheroidizing anneal prior to normalizing. 
Both elements produce a slight lowering of the yield strength of 
NE 4640, as shown in Fig. 4. 

- 
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Table IV 
Underbead Cracking Sensitivity and Tensile Properties of Modified NE 4640 Steel 


Heat -————Chemical Analysis—————_, 

No. Cc Mn Si Ni Mo Other 
1302-1 0.38 0.81 0.26 1.73 0.25 none 
1302-2 0.38 0.81 0.50 1.73 0.25 0.15 Zr* 


1290-1 0.36 0.82 0.39 1.83 90.25 0.33 Ti 
Normalized and Drawn——————,._ -——-Spheroidized, Normalized and Drawn— 
Yield Yield 
Strength Strength 
Underbead Tensile 0.2% Underbead Tensile 0.2% 
Heat Cracking, Strength Offset %Elong. Cracking, Strength Offset % Elong. 
No. % of Std. (psi) (psi) in 2 in. % of Std. (psi) (psi) in 2 in. 
1302-1 100.0 107,600 88,100 15.0 100.0 132,000 82,600 11.5 
1302-2 97.5 123,900 77,400 13.5 13.3 148,800 81,500 10.8 
1290-1 8.8 125,900 87,200 12.0 11.6 105,200 74,500 16.0 


*Added as ferrosilicon-zirconium. 


Work published by Voldrich (2) shows that pearlitic manga- 
nese steels are crack-sensitive because of excessive manganese micro- 
segregation or banding. This condition is not indicated by banding 
in the as-rolled section, but by banding apparent after annealing at 
1650 °F (900 °C). Since the addition of titanium to steel produces 
finer dendrites on solidification (3), it was thought that titanium 
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Fig. 4—Effect of Titanium and Zirconium on Yield 
Strength of NE 4640 Steel. 


would reduce the banding and underbead cracking in this grade of 
steel. 

Three 30-pound induction furnace heats of pearlitic manganese 
steel were made, analyses of which are given in Table V. Each was 
split into two ingots, one of which contained 0.05 to 0.07% titanium. 
Approximately a quarter of each ingot was sawed from the bottom 
and macroetched. ._The balance of each was then forged to % by 
3-inch bars, from which welding test specimens % by 1% by 3 inches 
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were cut. Welding tests were made on specimens in three conditions : 
(a) as-forged, (b) annealed 1 hour at 1600°F (870°C), and (c) 
annealed 1 hour at 1600 °F (870 °C) after homogenizing for 4 hours 
at 2350 °F (1290°C). A 1%-inch weld bead was deposited on one 
surface of each specimen, in a longitudinal direction, using Airco No. 
78E, 35-inch shielded are rod, AWS Class E-6010 at 60 amperes and 
18 to 20 volts with D.C. reverse polarity. The 1%4-inch bead was 
made in 9 to 10 seconds. Tests were made under three conditions: 
(a) with the specimen in air at room temperature, (b) with the 
specimen partially immersed in tap water, and (c) with the specimen 
partially immersed in ice water. 

After welding, the specimens were held at room temperature for 
24 hours and then stress-relieved 2 hours at 1100°F (595°C). 
Sections were cut lengthwise through the weld bead and macro- 
etched in a 1:1 solution of hydrochloric acid at 170 °F. The length 
of underbead cracking in the heat-affected zone was measured and 
expressed as the per cent of the total bead length. 

The use of a small quantity of titanium in pearlitic manganese 
steel produces an appreciably finer grained, as-cast structure in the 
ingot, as shown in Fig. 5. With a finer dendritic structure, it was 
reasoned that a greater degree of diffusion would take place during 
hot working, and thus reduce the severity of banding present in the 
pearlitic manganese steel. After annealing from 1600 °F (870°C), 
however, it was found that banding is pronounced in both the 
untreated and titanium-treated steel. The particular difference 
between the two is the distribution of the microheterogeneity, the 
bands being very narrow in the titanium-treated steel as compared 
with the untreated steel. 

The results of weld tests are given in Table VI. When speci- 
mens were welded in air, the titanium addition eliminates cracking 
entirely in the as-forged condition, and reduces it to a negligible 
amount after annealing from 1600 °F (870°C). No cracking occurs 
in either steel when a homogenizing treatment of 4 hours at 2350 °F 
(1290 °C) is given prior to the 1600°F (870°C) anneal. 

Welding with the specimen partially immersed in tap water or 
ice water, after the procedure of Voldrich, produces severe cracking 
in both steels under all conditions of heat treatment investigated, 
which seems to indicate that these tests are too drastic to be of prac- 
tical value. 
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Table V 
Chemical Analysis of Pearlitic Manganese Steels 
Heat No. G Mn Si Ti 
1219-1 0.18 1.60 0.21 are 
-2 0.18 1.58 0.21 0.06 
1220-1 0.18 1.63 0.27 ase 
-2 0.19 1.61 0.27 0.07 
1269-1 0.19 1.47 0.13 lan 
-2 0.19 1.47 0.13 0.06 


One pound of aluminum per ton was added to each heat. 








Fig. 5—Effect of Titanium on Dendrite Formation of Cast Pearlitic Manganese Steel. 
Left —Ingot 1: C 0.18, Mn 1.63, Si 0.27, Ti none. 
Right—Ingot 2: C 0.19, Mn 1.61, Si 0.27, Ti 0.07. 


CONCLUSIONS 


1. In the normalized and drawn or spheroidized, normalized 
and drawn conditions, SAE 4130 steel and NE 4640 steel, modified 
only by the addition of one of the carbide-forming elements (titanium, 
zirconium, columbium, or vanadium) show considerably less under- 
bead cracking than the standard steels used for comparison. 
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Table VI 
Effect of Titanium on Underbead Cracking of 4%-Inch Pearlitic Manganese Steel 


-~Average Per Cent Cracking*—, 


Condition of Test Condition of Steel No Ti 0.06% Ti 
Specimen in air As-forged 8.0 0 
Annealed 1650 °F 11.0 1.5 
Homo. 2350 °F, ann. 1650 °F 0 0 
Specimen in tap water As-forged 56.1 68.0 
Annealed 1650 °F 56.6 59.8 
Homo. 2350 °F, ann. 1650 °F 63.8 38.9 
Specimen in ice water As-forged 60.8 56.6 
Annealed 1650 °F 40.2 69.8 
Homo. 2350 °F, ann. 1650 °F 45.2 39.0 





*Average for three heats. 


2. Underbead cracking is decreased as the amount of carbide- 
forming elements is increased. 

3. For a given content of carbide-forming elements the effective- 
ness in reducing underbead cracking tendency is in the order: tita- 
nium, zirconium, columbium, and vanadium. 

4. In each case the susceptibility of the steel to underbead crack- 
ing is lessened when a spheroidizing anneal is given prior to the 
normalize and temper treatments. 

5. Underbead cracking of the standard SAE 4130 steel appar- 
ently decreases as the time interval between hot rolling and testing 
increases. 

6. The tensile strength of the standard steels is increased some- 
what, but the yield strength is decreased with increasing amounts of 
titanium or columbium. Zirconium, in amounts up to 0.30%, and 
vanadium raise the yield strength. 

7. An increase in the manganese content of SAE 4130 steels 
containing titanium or columbium compensates for the decrease in 
yield strength produced by formation of stable carbides without 
appreciably decreasing the beneficial effects of these elements on 
crack-sensitivity. 

8. Metallographic examination of normalized specimens, with 
and without a prior spheroidizing anneal; indicates that the titanium 
steels transform on cooling at a higher temperature than the standard 
SAE 4130 steel, but that the zirconium steels transform at a lower 
temperature than the standard steel. 

9. The titanium-bearing ingots of pearlitic manganese steel 
show a much finer macrostructure than the untreated ingots. 

10. Banding is pronounced after annealing forged bars of the 


_ 
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pearlitic manganese steel from 1600°F (870°C). The bands are 
much broader in the untreated steel than in the titanium-treated 
material. | 

11. Less underbead cracking was found in the titanium-treated 
steel when welded in air, either in the as-forged or annealed condi- 
tions. No cracking is evident in either steel when a 4-hour homo- 
genizing treatment at 2350°F (1290°C) had been given prior to 
annealing. 

12. Welding with the specimens partially immersed in tap 
water or ice water produces considerable cracking, and the titanium 
addition has no apparent effect under these conditions. 
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A BAR BEND TEST AND ITS APPLICATION 
TO STAINLESS STEEL 


By C. A. Zaprre, R. L. PHesus ANp F. K. LANDGRAF 


Abstract 


A bend testing machine for rod and bar is constructed 
on the principles of the single bend constant rate test pre- 
viously described for wire. An exploratory survey of most 
of the standard grades of commercial stainless steels then 
discloses those compositions and conditions which are sen- 
sitive to the test. 

Hardening, stress relieving, tempering and annealing 
of steels hardenable by the martensite action (Class I) 
can be closely followed in the effect upon bendability. The 
study proceeds with measurements for Types 403, 410, 
414, 416, 420, 431, 440-A, 440-B, and 440-C. Behaviors 
are illustrated for retained austenite, secondary hardening, 
and retempering. Plots in the iemperature range above 
the critical disclose semihardening, full hardening, and an 
effect of hardening from too high temperatures. Plots in 
the range below the critical illustrate stress relieving, tem- 
pering, secondary hardening, retempering, and annealing ; 
and a combination of the two plots provides a master chart 
of bendability versus heat treatment for a given steel over 
its entire commercial range of thermal handling. 

Rockwell hardness readings are also compared with 
the bend plots to find whether changes in properties indi- 
cated by changing bendability are likewise indicated by 
hardness readings. 


- an earlier research concerning hydrogen embrittlement of stain- 
less steel by acid pickling and electroplating processes (1-4),* a 
bend testing machine was developed for wire which was particu- 
larly suited to studying the effects of this gas. The principles of the 
machine essentially involved the single bending of a carefully pre- 
pared wire around a fixed radius, the rate of bend being held con- 
stant at 5 degrees of arc per second. The reasons for selecting this 
type of test were largely based upon’the rapid aging effects of hydro- 





1The figures appearing in parentheses pertain to the references appended to this paper. 





From research conducted in the laboratory of the senior author under contract with the 
Office of Naval Research. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The authors, C. A. Zapffe, R. L. 
Phebus and F. K. Landgraf, are consultants, Baltimore. Manuscript received 
April 12, 1949. 
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gen in steel, particularly during cold deformation as occurs during 
bending, and can be found discussed in the listed references. 

Because of the success of the test in disclosing a number of fac- 
tors never before determined for hydrogen in steel, particularly with 
regard to the action of pickling inhibitors (5), a new machine was 
designed on the basis of similar principles for handling rod and bar. 
The purpose of this machine was to extend the gas-metal research 
from pickling and electroplating processes into the field of hydrogen 
absorption from processing environments at elevated temperatures: 
heat treating atmospheres, electrode coatings, vitreous enamel, steam, 
and so forth. 

In preparation for this research, a machine was built to handle 
bar sizes of 4, %, and ™% inch round; and samples in these sizes 
were obtained for virtually every present commercial grade of stain- 
less steel. A preliminary investigation was then conducted to find 
the range of sensitivity of the tests, and particularly to establish a 
standard behavior for the steels against which the later possible 
effects of gas absorption could be compared. 

Because of the informative nature of these preliminary tests 
themselves from the standpoint of the behavior of the stainless steels 
and the effects of heat treatment upon their bend values, the results 
of the standardizing tests have been separated for discussion in this 
paper. The purpose of the manuscript is threefold: (a) to present 
a bar bend test of considerable utility and possibly novel design, (b) 
to survey the field of the stainless steels on the basis of their “bend- 
ability”—or resistance to failure by bending—and (c) to provide mas- 
ter charts of bend behavior versus heat treatment for those Class I 
steels (6)* whose bend values are especially altered by heat treatment. 


DESCRIPTION OF THE TEST 


Structural details of the machine will be furnished by the authors 
upon request. Here it shall suffice to show the upper horizontal face 
in Fig. 1. This is a single flat top-plate (A) of 34-inch steel, drilled 
in the center to admit a 4%-inch diameter solid steel shaft (B) 


2In this paper a designation of the stainless steels will be followed as used in the 
current ASM book (Reference 6). Thus, the entire field of standard grades is divided 
into Classes I, II, and III. where Classes I and II cover the AISI 400 series, with an 
iron-chromium base, and Class III the 300 series with an iron-chromium-nickel base. 
Class I includes the steels commonly referred to as “martensitic”, “hardenable’’, or 
“straight-chromium”, and is a preferred term, because the steels are often not in the 
martensitic condition, because “straight-chromium” also includes the ferritic steels, 
and because grades not in this category are also “‘hardenable” by cold work, 475-degree 
brittleness, and sigma phage. Class II incorporates the steels commonly termed “‘fer- 
ritic’” or “nonhardening” and is preferred as an identification for reasons just given. 
Class III comprises the austenitic alloys. 
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Fig. 1—Top View of Bar Bend Test. X \. 


which is rotated by a 34-horsepower motor geared to provide a trav- 
erse of approximately 5 degrees of arc per second. The motor and 
its assembly are concealed within a casing 16 inches square and 20 
inches high. 

Mounted upon the top-face of the shaft is the replaceable die 
(C), drilled to receive a 1l-inch end of the specimen with sufficient 
freedom to prevent seizing with consequent complication of stress- 
ing, and machined with a projecting radius (D). The dies at hand 
are drilled for %4, 34, and %4-inch stock and have respective radii of 
the size of the rod; but the ratio of specimen radius to bend radius 
can be varied over a useful range. The present manuscript reports 
research conducted only with the 14-inch die. 

Over the projecting end of the specimen there is fitted a steel 
sleeve (E) which projects to the plunger on an electric clutch (F). 
The side of the die is grooved to receive this sleeve to a depth per- 
mitting the specimen to bend 180 degrees flush with the die-side. 

Also on the face-plate is a brass semicircle (G) inscribed from 
0 to 180 degrees; and a pointer attached to the revolving shaft indi- 
cates the degree of bend. 
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In operation, the specimen is inserted in the die, the sleeve is 
placed on the projecting end, the indicator is brought to zero by hand 
manipulation of the electric switch, the sleeve depresses the plunger 
of the electric clutch against a 10-pound spring, bending is begun at 
the constant rate of approximately 5 degrees of arc per second and, 
when the specimen fails, the reduction of load on the clutch spring 
cuts the electric circuit and stops the rotation, automatically register- 
ing the degree of bend at which failure (not necessarily fracture) 
occurs. There is no significant correction necessary for coasting, the 
rotation stopping within a fraction of arc degree after the circuit 
is broken. 


DESCRIPTION OF THE SPECIMENS 


Commercial stainless steels were purchased variously in the hot- 
rolled, cold drawn, or centerless ground conditions. Specimens were 
approximately 4 inches long, and all tests were run in triplicate. Vir- 
tually every standard grade was tested to find which steels will fail 
on bending, and in what condition. That is, the exploration included 
sensitization of austenitic grades, “475-degree brittleness” in the fer- 
ritic grades, sigma phase, and heat treatment of the martensitic 
grades. Neither sensitization nor sigma phase could be readily 
detected in preliminary tests. Long exposures in the range of 500 °C 
(930 °F) did cause embrittlement of the ferritic grades, particularly 
Types 442 and 446; but these results will be reserved for a separate 
discussion in which the fractures are also studied fractographically. 

As for heat treatment of the Class I hardenable grades, the test 
was found to respond readily, allowing one. to follow rather closely 
the effect of the treatment on the resistance to failure by bending ; 
and that study forms the basis of this report. Analyses are listed 
in Table I for the steels to be discussed. 


Table I 
Analyses of Specimens 


Type No. Cr Cc Mn Si Pp S Ni 


403 12.44 0.101 0.41 0.31 0.013 0.021 
410 12.63 0.102 0.50 0.26 0.020 0.023 
414 12.49 0.119 0.56 0.35 0.020 0.010 1.75 
416 13.02 0.099 0.73 0.25 0.016 0.252 
420 (Heat 1) 13.66 0.370 0.45 0.40 0.022 0.024 
420 (Heat 2) 13.27 0.392 0.42 0.44 0.019 0.020 
431 16.31 0.155 0.63 0.39 0.022 0.017 1.86 
440-A 17.43 0.647 0.42 0.28 0.017 0.018 
440-B 17.11 0.882 0.44 0.42 0.013 0.014 
440-C 16.88 1.012 0.34 0.50 0.026 0.025 


| 
| 
| 
| 
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Fig. 2—Bend Values for the “‘12—Chrome” Grades, Types 403, 410, and 416, Hardened 
from Temperatures as Indicated, Showing the Injury Caused by the Sulphur Addition 
in the Free Machining Grade. 


BEND BEHAVIOR OF THE HARDENABLE STAINLESS STEELS 
Hardening 


In this first of two series of tests, the effect of hardening tem- 
peratures was studied. The triplicate specimens were held 30 min- 
utes at the temperature indicated on the graph and were quenched 
immediately in oil. The samples in these tests were not stress- 
relieved following hardening, as would be common in commercial 
practice, the purpose of this first series being to ascertain the effect 
of the hardening treatment itself. An electric Globar tube furnace 


ae 
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was used for heating, and the temperature was controlled by an auto- 
matic instrument and checked by a potentiometer using a Pt/Pt-Rh 
couple placed within the tube adjacent to the centers of the specimens. 

Types 403, 410, and 416—In Fig. 2, the points along the 180- 
degree bend line indicate that the standard Type 410 and the virtually 
identical Type 403 successfully resist failure in this test at all hard- 
ening temperatures. 

However, when sulphur is added to this base analysis to pro- 
vide a free-machining grade, Type 416, bend failures result, as indi- 
cated by the filled circles. At hardening temperatures of 900 °C 
(1650 °F) the first failures appear; and, although the results at first 
have an unusually wide spread, they indicate consistently poor bend- 
ability in the high hardening range. Values of only 50 degrees of 
bend characterize the hardening range near 1050 to 1100 °C (1920 
to 2010 °F), and these drop still further toward 20 and 30 degrees 
when higher temperatures are used. 

Such a pronounced difference between the standard and the free- 
machining grades of “‘12-chrome” with respect to bendability is rather 
surprising. The analyses for carbon and chromium cannot explain 
a greater brittleness for the Type 416 on the basis of greater hard- 
ening, and the injury is therefore a function of the sulphur. Type 
416 is known to be somewhat inferior to Type 410 with respect to 
such properties as ductility, notch-impact resistance, and cold form- 
ing (6); but the marked difference disclosed in Fig. 2 suggests that 
the present test is a particularly sensitive one. 

Types 414 and 431—In Figs. 3 and 4, the two nickeliferous 
grades, Types 414 and 431 (“12-2” and “16-2”), display informa- 
tive behaviors. The addition of 1.75% of nickel to the Type 410 
analysis to produce Type 414 brings a much greater decrease in bend 
angle than does the sulphur in Type 416. Loss in bendability first 
shows itself in this test on hardening from 900°C (1650°F), as 
with Type 416; but the bend angles then drop sharply and with excel- 
lent reproducibility to values as low as 10 degrees. Similar low 
values in the commercial hardening range near 1050 °C (1920 °F) 
designate this steel as one deserving careful handling after hardening. 

Superimposed on the graph in Fig. 3 are Rockwell C hardness 
readings taken on the specimens themselves. No significant varia- 
tion appears throughout the full-hardening range, although the cor- 
responding bend values decrease from approximately 30 down to 10 
degrees. The test, therefore, discloses a change in properties not 
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Fig. 3—Bend Values and Rockwell ‘“‘C’’ Hardness Values for Hardened Type 414, 
Showing a Sensitivity of Bendability to Hardening Temperatures Which is Not Reflected 
in Hardness Measurements. 


reflected in hardness readings, which are often used exclusively as 
specifications for these materials because of the close relationships 
with other mechanical properties. 

In Fig. 4, some considerable contrast is obtained using Type 
431. The unusually wide scatter of points and the decreased sever- 
ity of the effect of hardening upon bendability can be immediately 
ascribed, of course, to the two-phase constitution of the alloy and its 
consequent partial hardening. Temperatures above 950 °C (1740 °F) 
are required before any injury is reflected in bendability. Whether 
the bendability actually improves slightly at very high hardening 
temperatures, 1200 °C (2190 °F), as indicated on the graph, is not 
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Fig. 4—Bend Values for Hardened Type 431, Showing a Variation Reflecting the 
Two-Phase Constitution. 


definitely proved, although such an inflection is possibly consistent 
with an increased ferrite formation in the high range. 

Type 420—In Fig. 5, the bend values for Type 420 show an 
expected increase in sensitivity, both as an earlier loss of bendability 
and as a greater loss in the full-hardening range. The large circles 
refer to the first of the two Type 420 heats listed in Table I. Injury 
is noted at temperatures as low as 850 °C (1560 °F), and some bend 
values at higher hardening temperatures actually fall below 10 
degrees. Rockwell C hardness readings for these specimens are also 
shown, and, unlike the case for Type 414, an inflection in hardness 
rather symmetrically accompanies the decrease in bendability. 
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Fig. 5—Bend Values for Two Heats of Type 420, Indicating a Considerable Sensi- 
tivity of Bendability to Chromium—Carbon Balance in Low Temperature Ranges of 
ardening. 


On this same plot there is shown a stippled zone to the left of 
the heavily shaded area, and in this zone some black dots represent 
tests using the second heat of Type 420 listed in Table I. The impor- 
tant decrease in bendability indicated by the much earlier onset of 
failure is noteworthy, for the analysis discloses this second steel to 
be only slightly more hardenable. Apparently this grade is especially 
sensitive at these low hardening temperatures to variations in chro- 
mium-carbon balance. Within the full-hardening range, however, 
both behave similarly. 

Types 440-A, 440-B, and 440-C—In Fig. 6, Type 440-A shows 
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Fig. 6—Bend Values for Hardened Types 440—A and 440-B. 


a sensitivity almost identical with the first of the foregoing Type 420 
specimens, whereas Type 440-B compares closely with the second 
Type 420 in the previous figure. The difference again expresses 
itself only in the low temperature range, values for full hardening 
being identical within the experimental error. 

In the range above 1100°C (2010°F), a slight upsurging 
appears in the curve. This conforms with certain commercial experi- 
ences with these steels hardened at too high temperatures, and sug- 
gests an effect of austenite retention, or possibly of ferrite formation, 
in exceeding an upper range of the gamma loop. 

In Fig. 7, the most highly hardenable of all these steels, Type 








676 TRANSACTIONS OF THE A. S. M. Vol. 42 






“oF Y 


IN DEGREES 
eo. 


© y 


20 


« 


ANGLE OF BEND 
@ 
© 

& & 
e«e@ 
cs 





800 900 1000 100 "S. 
TEMPERATURE ainipatienpenemeeelipe 


Fig. 7—Bend Values for Hardened Type 440-C, Disclosing a Minimum Bendability 
for the Stainless Steels, with an Indicated Upswing at Very High Hardening Temperatures. 


440-C, displays the expected minimum bendability. Even at tem- 
peratures as low as 800°C (1470 °F), a proportion of specimens 
fails, and bend values in the full-hardening range are as low as any 
yet attained. 

Once again, a late upsurging 1s observed in the curve near 
1200 °C (2190 °F), and this was rechecked with further tests. Rock- 
well C hardness readings superimposed on the graph show a curva- 
ture which is quite symmetrical with the decreased hardenability ; 
but the upsweep in bend angle at 1200 °C (2190 °F) is not repro- 
duced by a measurable change in hardness. Photomicrographs failed 
to disclose a readily interpreted change, as might be expected if the 


- 
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cause were ferrite formation. The matter of retained austenite was 
not specifically investigated, and the point must be left for further 
study. 

Tempering 


In this second series of tests, specimens of the foregoing steels 
were full hardened from either 1050 or 1100 °C (1920 or 2010 °F), 
as will be indicated. They were oil-quenched as before, and were 
then tempered for 1 hour (with an exception to be noted) at inter- 
vals of 50 or 100 degrees throughout the ferrite range. The follow- 
ing graphs therefore disclose the nature of the recovery of bendability 
during stress relieving, tempering, and annealing treatments of the 
fully hardened steel; and the combination of the two series affords a 
master chart of bendability over the entire commercial heat treating 
range for those stainless steels hardenable by the martensite reaction. 

Type 440-C—Proceeding directly with the tempering of the 
grade just considered, Type 440-C, Fig. 8 presents a master chart 
for the entire range of thermal treatment. 

To the right is the hardening curve just discussed; and the bend 
values for hardening at 1050°C (1920°F) on the far lower right 
are duplicated on the far lower left to designate the condition of the 
steel at room temperature. 

Drawing the hardened specimens for 1-hour periods at tempera- 
tures up to 400 °C (750 °F )—more properly referred to as “stress 
relieving’ —produces a slight improvement as shown. Bend values 
near 10 degrees are raised toward 30 degrees. 

Above 400 °C (750 °F), however, and particularly in the range 
of 500 to 550°C (930 to 1020°F), these values drop back again 
toward 10 degrees. This conforms with recognized experiences in 
which retained austenite presumably decomposes to cause further 
hardening (6). At 600°C (1110°F) the original improvement 
resumes ; and somewhere near 750 °C (1380 °F) the steel regains a 
maximum bendability, although a full bend of 180 degrees is only 
occasionally achieved in the 1-hour tests at 750 and 800°C (1380 
and 1470 °F). 

To investigate the effect of time at temperature, tests were con- 
ducted at 2, 4, and 6 hours. Fig. 9 presents the data for the 4-hour 
tests. A slight advantage has been gained in decreasing the spread 
of points, and in stretching the annealing values toward a 180-degree 
bend. The 800°C (1470 °F) points remain in about the same posi- 
tion as for the 1-hour test, indicating that this temperature lies 
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Fig. 8—Master Chart for Bendability of Type 440—C across the Whole Range of 
Thermal Treatment, Showing the Hardening Curve on the Right, and on the Left the 
Response of Fully Hardened Steel to 1-Hour Tempering Treatments. 


above the ferrite range. The 700 °C (1290 °F) points climb slightly ; 
and the 750°C (1380 °F) points attain a full-bend position except 
for one specimen in six which failed. The transformation tempera- 
ture for this steel accordingly seems to be close to 750 °C (1380 °F). 

As for the secondary hardening in the range 450 to 600 °C 
(840 to 1110 °F), the results are identical with the former and show 
an independence of holding time. This is consistent with the known 
behavior of the austenite-martensite transformation, and will be fur- 
ther corroborated in a later test with retempering. 

Types 414 and 431—Returning now to the nickeliferous Types 
414 and 431, Fig. 10 discloses the interesting fact that both grades 
simultaneously recover a full bend near 300 °C (570 °F). The initial 
bend values at the far left are for steels hardened at 1050 °C 
(1920°F). A duplicate series for Type 414 hardened at 1100 °C 
(2010 °F), not depicted, gave the same results. Although the initial 
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Fig. 9—Tempering of Hardened Type 440—C Repeated Using 4—Hour Treatments. 


values for Type 414 are considerably lower than those for Type 431, 
their recovery is identical. 

Type 420—In Fig. 11, Type 420 (first heat in Table I) is simi- 
larly treated. Here the secondary hardening occurring between 450 
and 600 °C (840 and 1110 °F) is much more marked than in Type 
440-C, though the effect on the graph may be considerably empha- 
sized by the fact that the bend angles are in a higher and more sensi- 
tive range and fully attain 180 degrees on annealing. 

In this graph, two additional phenomena are recorded. First, 
a set of samples hardened from 1050 °C (1920°F) regained a 180- 
degree bend at 550°C (1020°F), whereas a duplicate set hard- 
ened from 1100°C (2010°F) showed continued injury at 550°C 
(1020 °F) and recovered only at 600 °C (1110 °F). The additional 
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Fig. 10—Tempering of Hardened Types 414 and 431, Showing an Identical Recovery 
near 300°C (570°F). 


loss in bendability is indicated on the graph as a stippled region lying 
to the right of the secondary hardness band. This would seem to 
have some significance with regard to the nature of retained austenite, 
but is not further explored here. 

Second, specimens of the first group which showed impaired 
bendability at 500°C (930°F) were retempered with an identical 
treatment, and these all showed a recovery of a 180-degree bend, indi- 
cated on the graph by a large black circle. This further confirms 
the concept of retained austenite and the general knowledge regard- 
ing double tempering to improve ductility. 
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Fig. 11—-Master Chart for Bendability of Type 420 across the Whole Range of 
Thermal Treatment, Showing the Hardening Curve on the Right, the Tempering Curve 
on the Left, the Range of Secondary Martensite Activity, the Effect of Retempering, 
and an Indication of an Increased Martensite Activity from Hardening at Higher Tem- 
peratures. 


CONCLUSION 


From this survey of the bendability of the stainless steels, the 
following conclusions can be tentatively drawn. 


Effectiveness of the Test 


The described bar bend test using %-inch round commercial 
stock bent on a radius of the same size shows a marked and useful 
sensitivity in depicting the resistance of certain stainless steels to 
failure by bending—here termed the bendability ; 

The test is applicable to most of the Class I (martensitic) steels 
with respect to thermal hardening, although the Class II (ferritic) 
steels and the Class III (austenitic) steels are not readily amenable 
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to the test except for conditions of “475-degree brittleness” in Class 


II, and possibly sigma phase and other special conditions in both 


classes ; 
Hardening Effects 


Hardening of the AISI standard grades comprising the Class 
[ or martensitic stainless steels produces bend failure in Types 414, 
416, 420, 431, 440-A, 440-B,.and 440-C, but not in Types 403 or 410; 

Hardening these sensitive steels causes a loss in bendability 
which begins to show itself at some hardening temperature shortly 
above the critical and then rapidly progresses to low angles with 
higher temperatures ; 

Type 416 suffers a notable loss of bendability on hardening, 
which stands in contrast to the immunity of Types 403 and 410, on 
the basis of this test, and discloses an important role of the sulphur 
content with regard to this property; 

Type 414 suffers an even greater loss of bendability than Type 
416 upon hardening, and discloses an important role played by the 
nickel content ; 

Type 431, with a nickel content similar to that of Type 414 
but containing more chromium, displays erratic bendability which 
undoubtedly reflects its two-phase constitution ; 

Type 420 suffers as great a loss of bendability as any of the 
steels, and relatively delicate changes in its chromium-carbon balance 
seem to change the early portions of the hardening curve strongly ; 

Types 440-A and 440-B differ but little from Type 420 with 
regard to bendability. 

At very high hardening temperatures, there is an indication of 
improved bendability in Types 440-A and 440-B, and the same effect 
is definitely indicated for Type 440-C. It is believed due to retained 
austenite, although ferrite formation may also be a factor ; 

Rockwell hardness measurements often show increases which are 
symmetrical with respect to the decreasing bendability in the harden- 
ing range; but the hardness measurements for Type 414 do not dis- 
close the bendability changes in the full hardening range, nor is the 
upsweep of the bendability curve for the 440 series at very high 
temperatures indicated ; 


Tempering 


By drawing fully hardened specimens at progressive tempera- 
tures from room temperature up to the critical, the recovery of bend- 
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ability can be followed to provide, along with the hardening data, 
master graphs showing the bendability of the steel over the entire 
range of commercial thermal treatment ; 

The nickeliferous grades 414 and 431 are peculiar in that both 
equally recover a full bend near 300 °C (570 °F), in spite of the fact 
that their initial bendabilities in the hardened condition differ widely ; 

For the high carbon Types 420 and the 440 series, recovery 
is gradual through the commercial stress-relieving range up through 
400 °C (750 °F); but between approximately 450 and 600°C (840 
and 1110°F) a sudden and sharp loss in bendability develops, 
believed to be an expression of secondary hardening effects from 
retained austenite. This is further suggested by an indication that 
hardening from a higher temperature increases the tempering effect, 
and it is perhaps confirmed by the fact that a retempering treatment 
produces a full bend. 
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Written Discussion: By Samuel J. Rosenberg, metallurgist, National 
Bureau of Standards, Washington, D. C. 

This interesting paper raises a pertinent question: “Just what is 
bendability?” The authors state that bendability is the resistance to fail- 
ure by bending and this should imply the measurement of the bending 
stresses. These data would be enhanced in value if the tensile stresses 
in the outer fibers of the bars at failure could be determined and com- 
pared with the flow curves and the corresponding yield, tensile, and 
fracture strengths. 

It might appear that these tests constitute some measure of ductility 
or toughness, and some correlation with the results of notched-bar impact 
tests might, therefore, be expected. An examination of the figures indi- 
cates that this is not true. Fig. 11, for instance, shows a very marked 
recovery in bendability in Type 420 stainless after tempering at about 
425 °C (800 °F), yet this is approximately the temperature at which this 
steel exhibits a mild secondary hardening with a concomitant decrease in 
impact resistance. 

If further proof is needed that the “bendability” bears absolutely no 
relation to toughness as evaluated by the notched-bar impact test, ref- 
erence may be made to Fig. 10. This figure shows that Type 431 stainless 
recovers full bendability upon tempering at 205°C (400°F) or higher, 
yet the impact values for this type of steel show a very marked decrease 
after tempering in the neighborhood of 480°C (900°F). Data procured 
in our laboratory on such steels showed, for one particular heat, Charpy 
(V-notch) impact values as follows (all average of four tests): 


Tempered at 

| °F Foot-Pounds 
205 400 81 
260 500 77 
315 600 65 
370 700 57 
425 800 41 
480 900 11 
540 1000 20 
595 1100 72 
650 1200 82 


While all steels of this type do not show such a range in impact 
values, it is well known that all the hardenable stainless steels generally 
suffer a loss in impact resistance when tempered in the range of about 
370 to 540°C (700 to 1000 °F). 

The authors’ discussion of Fig. 5, showing the effect of quenching 
temperature on bendability of Type 420 stainless, notes that a loss in 
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bendability occurs on quenching from as low as 850°C (1560°F). Al- 
though the authors doubtless have data to substantiate this statement, 
it should be noted that the lowest quenching temperature shown in Fig. 5 
is 900°C (1650°F). A similar fault may be found with Fig. 7, which 
shows the effect of quenching temperatures up to 1150°C (2100°F) on 
bendability of Type 440-C, yet the authors discuss this figure on the basis 
of the effect of quenching from 1200°C (2190°F). In the interests of 
consistency, may I suggest that the authors revise these two figures to 
conform with the entire quenching temperature range covered by the 
text? 

Written Discussion: By J. J. Heger, research associate, Carnegie- 
Illinois Steel Corp., Pittsburgh. 

Do the authors have any plans for varying the temperature of testing 
in order to determine if the results of their bend test, like those of the 
impact test, exhibit a transition range of temperature between ductile 
and brittle behavior? 


Authors’ Reply 


Mr. Rosenberg raises a good question when he asks: “Just what is 
bendability ?” 

Although it has not been the purpose of the research to investigate 
bendability for its own sake, but only as it is useful in reflecting damag- 
ing gas-caused conditions, nevertheless the results suggest that this type 
of mechanical testing warrants closer study. 

In defining bendability as “the resistance to failure by bending”, one 
does not necessarily imply a predominating involvement with bending 
stresses, as Mr. Rosenberg assumes. Instead it seems to be a matter of 
cohesion in the solid state, wherein a given stress causes fracture in one 
case, but is relieved by plastic movements in another. The relationship 
with ductility is certainly good, as one would then expect. “Toughness”, 
however, is a property not yet defined satisfactorily itself. If one uses 
notch-impact testing as a measure of toughness, a general relationship 
does exist with bendability, although the differences pointed to by Mr. 
Rosenberg indicate a fundamental difference in the two types of test. 

On the other hand, this difference might also lie largely in a differ- 
ence in sensitivity, for work later to be published will demonstrate an 
effect on bendability of “475 °C (885 °F) brittleness” of the ferritic grades, 
to which Mr. Rosenberg’s Table probably refers. As for his remarks on 
the inconsistent drawings, the data missing in Fig. 5 will be found in 
Fig. 11. The data referring to 1200°C (2190°F) for Fig. 7 are covered 
by the statement on page 676 that “further tests” were made to confirm 
the upswing indicated at 1150°C. These further tests were also made at 
1200 °C (2190°F), but were only plotted at 1150°C (2100°F) once the 
upswing was substantiated. This choice was an arbitrary one, made 
during drafting, and warrants the criticism he gives. 

To reply to Mr. Heger, we are conducting certain tests relevant to 
“transition temperature’, but an exact study is difficult where the heat of 
the machine and a slow test are factors, as they are here. 
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UNNOTCHED IMPACT STRENGTH 
OF HIGH SPEED STEELS 


By ArtHurR H. GroBE AND GEoRGE A. ROBERTS 


Abstract 


Unnotched Izod impact tests were conducted on nine 
different commercially available high speed steels and 
comparison of these results with the properties obtained 
in the bend test was made for one of these steels. The 
steels included the standard tungsten, tungsten-molybde- 
num and molybdenum high speed steel types, as well as 
two high carbon—high vanadium and three tungsten- 
cobalt grades. 

18-4-1 high speed steel was tested over a wide range 
of austenitizing temperatures, 2100 to 2400 °F (1150 to 
1315 °C), while all other grades were tested after austen- 
itizing at two temperatures, the higher of which was 
selected to represent a normal commercially employed 
value. 18-4-1 and 6-5-4-2 high speed steels were tested 
over the entire tempering temperature range from 100 to 
1150 °F (38 to 620°C). Other steels were tested after 
tempering in and beyond the range of maximum second- 
ary hardness. 

A comparison of the unnotched Izod impact strength 
and ihe bend test properties of a tungsten-molybdenum 
high speed steel is presented. 


THOROUGH discussion of the “toughness” of hardened high 

speed steels has recently been presented by the authors (1),’ 

with particular reference to the results obtained by the bend test. 

As stated, the authors feel that the bend test is the most satisfactory 

means of determining the toughness of hardened tool steels. The 

bend test provides quantitative data on the two factors which are 
combined in the “toughness concept” : 


1, The ability to deform before breaking (plastic deflection 
from the bend test). 

2. The ability to resist permanent deformation (yield 
strength from the bend test). 


1The figures appearing in parentheses pertain to the references appended to this paper. 








A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Arthur H. 
Grobe is research metallurgist, and George A. Roberts is chief metallurgist, 
Vanadium-Alloys Steel Co., Latrobe, Pa. Manuscript received May 2, 1949. 
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However, the unnotched impact test has been long recognized 
as the simplest method of determining the toughness of high speed 
steel. Even though the impact test has been in use for a long time, 
there are very few references to the impact properties of high 
speed steel in the literature. Grossmann (2) in 1921-22 reported 
a few unnotched Charpy impact tests on two tungsten high speed 
steels. These values appear quite low, probably because of failure 
to remove decarburization from the sides of the test specimens, and 
are of limited value today because of the modification in both heat 
treatment and compesition that has become widespread since that 
time. Values of the impact strength of 18-4-1 and 6-5-4-2 high 
speed steels have previously been reported (3, 4). These values 
show that the results tend to be erratic and inconsistent. More 
recently, the results of testing small round samples on a pendulum- 
type machine designed to determine the maximum blow that a 
specimen will withstand before breaking have been presented by 
Bancroft and White (5). The results of isolated tests also appear 
in manufacturers’ literature and may show deviations of over 200% 
for supposedly similar steels and heat treatments, due undoubtedly 
to the use of different experimental techniques rather than to any 
basic variations in the properties of the material itself. 

In view of this, and despite the fact that no information as to 
the relative values of strength and ductility necessary for°a proper 
evaluation of toughness can be expected, a need was felt for an 
accurate and statistical study of the unnotched Izod impact strength 
of the various types of high speed steels. As such, the investigation 
was planned as a supplement to the studies on tempering character- 
istics (6) and bend test properties (1) previously reported. 

The study reported here was designed to evaluate the effect of 
austenitizing temperature, tempering temperature, and variations in 
composition, including the substitution of molybdenum for tungsten, 
the addition of cobalt to tungsten high speed steels and the simulta- 
neous addition of carbon and vanadium in the newer wear resistant 
high speed steels. One portion of the program, in which both impact 
tests and bend tests were conducted on a 6-5-4-2 high speed steel, 
permits a comparison of these two methods of rating the property 
changes as a function of hardening and tempering conditions. 


EXPERIMENTAL PROCEDURE 


Two standard high speed steels, 18-4-1 (tungsten) and 6-5-4-2 
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(tungsten-molybdenum), were used to study the effect of tempering 
temperature over the entire tempering range from room temperature 
to 1150°F (620°C). Tempering temperatures of 100 (as- 
quenched), 300, 500, 600, 700, 800, 900, 950, 1000, 1050, 1100 
and 1150 °F were used. In both cases a normal hardening temper- 
ature was employed—2350 °F (1285°C) for 18-4-1 and 2225 °F 
(1220 °C) for 6-5-4-2. 

In all instances double tempering was employed, regardless of 
the tempering temperature or austenitizing cycle. The tempering 
cycle involved a 2%4-hour hold at the desired temperature, air cool- 
ing, and a second 24-hour hold at temperature. Double tempering 
was employed because it is becoming standard for most commercial 
applications of high speed steel, particularly in the range of 1000 
to 1150°F (540 to 620°C) and because it should give greater 
uniformity of properties on the basis of structural considerations. 

One steel, an 18-4-1 tungsten type, was selected to study the 
effect of austenitizing temperature over a wide range. This steel 
was hardened from 2100, 2200, 2300, 2350 and 2400°F (1150 to 
1315°C) and subsequently double tempered in the range 950 to 
1150 °F (510 to 620 °C). 

All other steels were tested after austenitizing at two temper- 
atures and tempering in the range 900 to 1200 °F (480 to 650 °C). 
The aust@énitizing temperatures were selected so that the higher of 
the two values was representative of commercial practice for normal 
cutting applications. In all instances the second temperature was 
50 °F (27 °C) lower. The type of steels employed and the austen- 
itizing temperatures are shown in the following tabulation: 


Trade Austenitizing 


Type Code Designation Temperatures, °F 

Tungsten 18-—4-1 T-1 2100, 2200, 2300, 
2350, 2400 
Tungsten—Molybdenum 6—5-4-2 M-2 2175, 2225 
Molybdenum-Vanadium 8-4-2 M-10 2175, 2225 
Molybdenum 1.5-—8-—4-1 M-1 2175, 2225 

Tungsten-Molybdenum-— 

anadium 6-5—4-—4 M-4 2175, 2225 
Tungsten—Vanadium—Cobalt 13~-5--5-5 T-15 2235, 2285 
Tungsten-5% Cobalt 18-4-1-5 T-5 2300, 2350 
Tungsten-8% Cobalt 18-—4—2-8 T-6 2300, 2350 
Tungsten-12% Cobalt 20-4—2-12 T-7 2300, 2350 


The temperatures for the three tungsten-cobalt steels are some- 
what lower than normally employed for single-point cutting tools, 
but were adapted so a direct comparison with the 18-4-1 type could 
be made. 
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Table |! 
Cotnposition of Steels 
No. Type © Ww Mo Cr V Co Si Mn 
1 18—4-1 0.71 17.98 0.43 4.20 1.06 ets 0.33 0.25 
2 18-—4-1 0.73 18.12 0.31 4.09 1.01 a 0.37 0.30 
3 6—-5—4-2 0.83 6.42 5.22 4.16 1.84 ad 0.34 0.29 
4 6-5-—4-2 0.85 6.94 4.96 4.23 1.88 tah 0.25 0.29 
5 6-5—4-2 0.82 6.31 4.81 4.24 1.90 ,ki 0.32 0.29 
6 6-5—4-2 0.85 6.68 4.89 4.23 1.79 = 0.21 0.29 
7 8-4-2 0.90 ee 8.06 4.05 1.83 ae 0.32 0.25 
8 1.5-8-4-1 0.81 1.71 8.84 + 1.22 oa 0.22 0.27 
9 6-5—4-4 1,27 5.43 4.64 4.63 3.93 oe se 0.35 0.30 
10 13—5-—5-5 1.50 12.53 0.24 4.78 5.03 5.07 0.21 0.31 
11 18-4-1-5 0.73 18.24 0.69 4.27 1.08 4.86 0.29 0.22 
12 18—4-—2-8 0.77 18.64 0.65 4.25 1.87 8.80 0.34 0.25 
13 20—4-—2-12 0.81 20.76 0.65 4.29 1.56 12.00 0.27 0.20 








The chemical composition of the different heats is listed in 
Table I. Two different heat lots were employed in investigating the 
impact strength of the 6-5-4-2 tungsten-molybdenum high speed steel 
(Steels 3 and 4). Duplicate tests were made with each heat to 
determine in part the reproducibility of the test, notwithstanding 
differences in manufacturing practice and actual composition. 

In comparing the bend test with the impact test on the 6-5-4-2 
steel, two additional heats (Steels 5 and 6) were used for preparing 
the bend test samples. These were hardened and tempered in 
accordance with the exact cycles used for the impact test work on 
Steels 3 and 4. 

For the Izod tests, %-inch square hot-rolled, annealed bar stock 
was used for all steels. From each of the steels ten 3-inch test 
specimens were cut for each separate heat treatment. The specimens 
were then wet ground on a Blanchard grinder to 0.430-0.440 inch 
square with an equal removal of material from each side. One end 
of each sample was ground to bring the length to approximately 
2.96 inches, and then the ground ends were lettered and numbered. 
All of the specimens except those from Steels 1 through 6 inclusive 
were coated with a protective paint before heat treatment. 

For austenitizing, 25 to 35 specimens of one steel were placed 
on a wire screen and treated at one time. Each screen contained 
some specimens for each subsequent tempering cycle for that steel. 
The side of the specimen blank which was ultimately to be the 
tension surface in the impact test was the top surface in the furnace. 
In general, the heat treatment consisted of preheating for 15 minutes 
at 1550 °F (845°C) in a semi-muffle, gas-fired furnace, then trans- 
ferring to a high heat semi-muffle, gas-fired furnace, holding 30 
seconds at temperature, and finally quenching in warm, circulating 
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oil. After cooling to room temperature, the blanks were degreased 
and lightly sandblasted. The double tempering treatments as 
described previously were done in salt baths so that time at 
temperature could be accurately controlled. 

After tempering, the salt was washed off in water, and the 
specimens were ground to 0.400-inch square on a Blanchard wet 
grinder, with equal removal of material from all four sides. The 
specimens were finish ground to 0.394-inch (1 centimeter) square by 
careful dry grinding in steps of 0.0001 to 0.0003 inch. The final 
surface to be ground was that which was ultimately the tension 
surface in the test. After grinding, the fine burrs were removed 
from the edges of the specimens with No. 0 metallographic paper. 
Extreme care was taken to insure freedom from scratches or nicked 
edges on all specimens during all handling operations. 

The specimens were then broken in an Olsen “Change-O-Matic” 
impact testing machine, using the 120 foot-pound range with readings 
taken to the nearest 0.5 foot-pound. Samples were clamped in the 
vise of this machine with 1.092 inches projecting above the top of 
the vise. 

Bend test specimens were prepared from Steels 5 and 6 (6-5-4-2 
type) in accordance with the procedure described in detail in a 
previous publication (1). The finished specimen, 0.140 by 0.500 by 
2% inches, was prepared from hot-rolled, annealed bar stock meas- 
uring 0.220/0.230 by 0.560/0.570 inch. Stock removal by dry grind- 
ing after heat treatment was approximately 0.015 inch per side on 
the thickness and 0.010 inch per side on the width. Approximately 
20 specimens were prepared for each heat treatment cycle to be 
investigated and the heat treatment procedure was identical with 
that employed for the impact strength specimens of Steels 3 and 4. 
Austenitizing temperatures of 2175 and 2225 °F were followed by 
double tempering at 950 to 1150°F (510 to 620°C) in 50°F 
(27 °C) increments. 

Bend test samples were broken in the standard bend test jig 
(1), employing double-point loading, with 2 inches between the 
bottom gage pins and 0.745 inch between the two upper loading 
pins. Simultaneous readings of load and deflection permitted 
calculation of yield strength (at point of first deviation from straight- 
line stress — deflection curve) and plastic deflection (the nonelastic 
component of total deflection). 

After breaking, at least eight Rockwell “C” readings were taken 








1950 IMPACT STRENGTH OF HIGH SPEED STEELS 691 


on each specimen—in the case of impact samples, two on each side; 
for bend test samples, four on each flat side. For the impact samples, 
in no case did one side of a specimen show any appreciable increase 
or decrease in hardness over the other three sides. The same 
consistency was shown between the two sides of the bend test bars. 

Specimens from each austenitizing temperature on all steels 
were examined metallographically between the quenching and tem- 
pering cycles for determination of the intercept grain size (number 
of grains in linear 5 inches at * 1000). These values are recorded 
along with the tabular data. 

The results of the tests are presented in both tabular and 
graphic form. In the tables are listed the heat treatment and result- 
ing grain size, the average impact value and the corresponding hard- 
ness. The average impact strength values are supplemented with 
the presentation of the quantity 30;. Determined statistically from 
the data obtained, this signifies that in only three times out of one 
thousand sets of tests should the average (X) fall out of the range 
X + 30;. In most instances the graphs depict the relationship 
between impact strength and hardness rather than the more con- 
ventional technique of charting the property as a function of temper- 
ing temperature. By comparing the graphs with the tabular data, the 
actual tempering temperature for any point can be readily determined. 


EXPERIMENTAL RESULTS 


Effect of Tempering on 18-4-1 and 6-5-4-2 Steels—The effect 
of tempering temperature on the standard tungsten and tungsten- 
molybdenum high speed steels is shown in Figs. 1 and 2 (Table IT). 
The illustrations show the hardness and impact strength as a function 
of tempering temperature. The same pattern of property change is 
shown in Figs. 1 and 2. The impact strength and hardness are 
seen to move in opposite directions as the tempering temperature 
is increased. The impact strength is low in the as-quenched condition 
and reaches a maximum for both steels at a tempering temperature 
of 500 to 700 °F (260 to 370 °C) where the hardness is a minimum. 
This level, corresponding to a structure of tempered martensite, 
carbide and retained austenite, is never exceeded at higher tempering 
temperatures in the range of these experiments. The decrease in 
impact strength between this maximum and tempering temperature 
of 950 to 1000 °F ‘(510 to 540°C) is marked and results in a 


minimum value at or near the point of maximum secondary hard- 
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ness. This is associated with the precipitation of carbide from the 
retained austenite and subsequent conversion of the austenite to 
martensite on cooling from the tempering temperature. The higher 
percentage of retained austenite that exists in the 6-5-4-2 steel can 
account, in part, for the differences shown between the values in 
Figs. 1 and 2. Both the higher maximum impact strength at inter- 


un JOMyIOY 4 SSeUpOH 


Ft-Lb 


impact Strength 





Fig. 1—Hardness and Impact Strength versus Tem- 
pering Temperature for the 18-4-1 Type. Steel No. 2 
austenitized at 2350 °F. 


mediate tempering temperatures and the greater drop in impact 
strength as the secondary hardness peak is approached shown by 
the 6-5-4-2 grade as compared with 18-4-1 are related to the amount 
of retained austenite. It is significant to note that on tempering at 
temperatures over 1000 °F (540°C), the impact strength does not 
increase rapidly. In fact the increase for the 18-4-1 steel and for 
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Table Il 


impact Test Results for 18-4-1 (Steel 2) and 6-5-4-2 (Steel 3) 
Tempered From Room Temperature to 1150 °F 


18-4-1 (Steel 2), Hardened from 2350°F. Intercept Grain Size 11.8 
6-5-4-—2 (Steel 3), Hardened from 2225°F. Intercept Grain Size 10.0 


Tempering Treatment: 24% Hrs. + 2% Hrs. at Indicated Temperatures 


Tempering Average Impact 30x Hardness, 
Steel Temp., °F Strength, ft-lbs. ft-lbs. Rockwell “‘C”’ 
18-4-1 As—Quenched 23.2 1.3 66.0 
(Steel . 2) 300 39.8 2.4 64.2 
500 47.4 0.9 61.2 
600 45.9 5.7 61.2 
700 44.0 4.3 61.5 
800 42.7 2.6 62.4 ; 
900 41.3 3.8 64.1 
950 32.2 2.3 65.3 
1000 33.5 2.9 65.1 
1050 33.8 a. 63.9 
1100 33.9 3.0 62.0 
1150 36.9 1.6 58.1 
6-5-4-2 As—Quenched 24.3 | 65.5 
(Steel 3) 300 41.6 a.2 64.1 
500 65.3 8.2 60.8 
600 64.2 5.9 60.8 
700 62.7 6.9 61.2 ~ 
800 58.8 ae 62.2 . 
900 47.9 6.0 64.3 " 
950 39.5 1.0 65.8 
1000 42.8 ‘= 65.2 
1050 47.8 3.8 63.7 - 
1100 47.8 3.0 61.4 
1150 49.3 7.0 57:7 
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Table Ill 
Impact Test Results for 18-4-1 (Steel 1) 


a 








Hardened from 2100 to 2400°F 
Tempered 2% Hrs. + 2% Hrs. from 950 to 1150°F 


j 
Austenitizing Intercept Tempering Average Impact 30x Hardness, ‘ 
Temp., °F Grain Size Temp., °F Strength, ft-lbs. ft-lbs. Rockwell “C”’ i 
1000 58.3 7.0 61.7 ’ 
2100 15.0 1050 $3.3 6.1 60.3 ‘ 
1100 58.6 4.9 $2.2 ‘ 
1000 $51.1 2.8 63.8 
2200 12.1 1050 46.8 6.6 62.7 
1100 42.4 4.3 60.0 
950 38.2 4.3 66.1 
1000 37.5 2.4 65.8 
2300 11.5 1050 36.8 4.3 64.6 
1100 37..§ 2.2 62.5 
1150 43.8 5.8 56.7 
950 35.1 2.8 66.4 
1000 30.7 3.1 66.6 
2350 11.4 1050 30.5 3.8 65.3 
1100 28.8 2.8 63.5 
1150 34.4 4.5 57.8 
1000 14.6 4.3 67.0 
2400 6.8 1050 13.4 3.0 65.9 
1100 11.2 2.3 64.3 


others to be shown later is hardly significant. This, despite a rapid 
drop in hardness accompanied by carbide growth and coagulation 
in the tempered martensite matrix, will be referred to later and 
explained on the basis of bend test results. 
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Effect of Austenitizing Temperature for 18-4-1—The effect of 
hardening an 18-4-1 steel over a wide range of temperatures on the 
impact strength is shown in Table III. In this series, as in all later 
ones to be reported, the tempering treatments were restricted to the 
range of temperatures above 900°F (480°C). These conditions, 
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Strength 








Impact 





900 ~=s:* 100 


Tempering Temperature °F 


Fig. 2—Hardness and Impact Strength versus Tem- 
pering Temperature for the 6-5-4-2 Type. Steel No. 3 
austenitized at 2225 °F. 


1300 


yielding samples with hardnesses at.the maximum secondary hard- 
ness level and at lower hardnesses corresponding to overtempering, 
were selected in order to conform to commercial practice. For 
proper comparison of results, the impact strength is plotted against 
hardness in Fig. 3. The range of grain sizes encountered is normal 
for that found in commercial practice. It will be seen that under 
these conditions the impact test is relatively insensitive to hardness 
but quite sensitive to austenitizing temperature. 
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Impact Strength of Tungsten-Molybdenum High Speed Steels— 
The impact strength of the tungsten-molybdenum steel (6-5-4-2) is 
reported in Table IV and Fig. 4. Two heats (Steels 3 and 4) were 
employed and hardening temperatures of 2175 and 2225 °F (1190 
and 1220 °C) were used for each heat. Tempering temperatures were 
restricted to the range 950 to 1150 °F (510 to 620°C). The impact 
values for the two different heats were practically identical (compare 
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Fig. 3—Impact Strength versus Rockwell “C”’ 
Hardness for the 18-4-1 Type. Steel No. 1 austen- 
itized at 2100, 2200, 2300, 2350 and 2400 °F. 


open and closed circles in Fig. 4). There is a consistent and definite 
improvement in the impact strength as the hardness drops from 
Rockwell C-66 to about Rockwell C-64. Samples with hardnesses as 
low as Rockwell C-57 and C-58, however, do not have materially 
higher impact strength than those at Rockwell C-64. 

Impact Strength for Molybdenum High Speed Steels—Two 
molybdenum high speed steels (8-4-2 and 1.5-8-4-1), differing 
mainly in small variations in the amounts of carbon, vanadium and 
tungsten, were studied. The same hardening temperatures as 
employed in the tungsten-molybdenum series described above were 


aeeeanra 
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Hardness - Rockwell "C" 


Fig. 4—Impact Strength versus Rockwell ‘‘C” 
Hardness for the 6-5-4-2 Type. Steels No. 3 and 4 
austenitized at 2175 and 2225 °F. 


Table IV 
Impact Test Results for 6-5-4-2 (Steels 3 and 4) 


Hardened from 2175 and 2225°F 
Tempered 24% Hrs. + 2% Hrs. from 950 to 1150°F 


Austenitizing Intercept Tempering Average Impact 30x 


Steel Temp.,°F GrainSize Temp.,°F Strength, ft-lbs. ft-lbs. 
950 45.6 4.7 

1000 53.0 2.8 

3 2175 12.9 1050 62.4 6.0 
1100 57.9 3.8 

1150 66.6 5.0 

950 46.8 2.8 

1000 54.7 2:5 

4 2175 12.7 1050 65.6 3.8 
1100 55.8 4.4 

1150 65.2 5.4 

950 36.1 2.1 

1000 41.9 2.8 

3 2225 11.0 1050 48.7 2.8 
1100 47.3 4.1 

1150 53.0 3.5 

950 37.6 4.2 

1000 40.5 4.8 

4 2225 12.0 1050 47.7 5.8 
1100 47.2 6.1 

1150 50.6 4.1 
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Fig. 5—Impact Strength versus Rockwell “‘C’’ Hardness : 


for the 8-4-2 Type. Steel No. 7 austenitized at 2175 and ° 
2225 °F. 
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Table V 


Impact Test Results for Molybdenum High Speed Steels 
8-4-2 (Steel 7) and 1.5-8-4-1 (Steel 8) 





Hardened from 2175 and 2225 °F 
Tempered 2% Hrs. + 2% Hrs. from 900 to 1150°F 
Austenitizing Intercept Tempering Average Impact 30x Hardness, 

Steel Temp., °F Grain Size Temp.,°F Strength, ft—Ibs. ft-lbs. Rockwell “C” 
900 31.1 218 64.2 
950 34.0 4.5 65.6 
8-4-2 2175 10.4 1000 38.6 3.1 64.9 
(Steel 7) 1050 42.9 7.6 62.9 
1100 45.6 4.7 60.4 
1150 67.7 3.4 55.3 
900 26.0 2.4 64.2 
950 20.5 3.6 66.5 
8-4-2 2225 7.6 1000 27.0 4.1 65.5 
(Steel 7) 1050 28.6 aa 64.1 
1100 28.4 4.9 61.6 
1150 48.5 10.1 55.6 
900 41.6 se 64.2 
950 42.9 3.2 64.7 
1.5-8-4-1 2175 11.3 1000 44.2 3.6 63.7 
(Steel 8) 1050 45.1 2.8 62.5 
1100 45.0 3.1 60.0 
1150 68.3 6.3 54.8 
900 34.0 4.3 64.7 
950 30.6 Dom 65 .6 
1.5-8-4-1 2225 9.6 1000 37.8 ae 64.8 
(Steel 8) 1050 33.7 2.6 63.3 
1100 36.1 2.1 60.8 
1150 57.3 6.8 55.5 
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Fig. 6—Impact Strength versus Rockwell ‘‘C’’ Hardness 
ior oe 1.5-8-4-1 Type. Steel No. 8 cmetied at 2175 and 









=e 
pa 
pt ea Te 
a yf Ref 
pt he ee ed 


Hardness - Rockwell “C" 


Fig. 7—Impact Strength versus Rockwell “C’”’ Hardness 
foe the 6-5-4-4 Type. Steel No. 9 austenitized at 2175 and 
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Table VI 


Impact Test Results for Vanadium High Speed Steels 
6-5-4-4 (Steel 9) and 13-5-5-5 (Steel 10) 


Each Steel Hardened from Two Temperatures 
Tempered 2% Hrs. + 2% Hrs. from 900 to 1150°F 


Austenitizing Intercept Tempering Average Impact 30x Hardness, 
Steel Temp., °F Grain Size Temp.,°F Strength, ft-lbs. ft-lbs. Rockwell “C’”’ 
900 29.9 1.4 64.7 
950 aa. 1.6 65.6 
6-5-—4-4 2175 17.3 1000 31.0 4.4 65.0 
(Steel 9) 1050 39.7 3.7 62.9 
1100 35.8 4.4 60.0 
1150 39.6 3.2 55.4 
900 27.7 3.9 64.6 
950 24.1 $7) 66.3 
6-5-4-4 2225 14.6 1000 32.1 ae 64.9 
(Steel 9) 1050 32.9 aut 63.2 
1100 35.2 2.8 61.3 
1150 37.0 4.7 55.9 
900 18.1 4,4 66.1 
950 16.7 $.3 66.6 
13—5-—5-5 2235 17.3 1000 aaa 1.1 65.7 
(Steel 10) 1050 25.6 ‘2 63.6 
1100 23.8 Dae 61.9 
1150 24.9 Py 7.9 
900 17.7 2.8 65.7 
950 12.8 2.3 67.4 
13—5-5-5 2285 15.8 1000 17.6 2.8 66.4 
(Steel 10) 1050 20.6 2.4 65.0 
1100 ye 1.6 63.1 
1150 22.9 3.0 58.9 








used but the tempering cycles were altered to include 900 °F 
(480 °C) and provide data at a point under maximum secondary 
hardness. The data presented in Table V and Figs. 5 and 6 show that 
at hardnesses under Rockwell C-61 the impact strength increases sig- 
nificantly. This trend was not observed in any other steels investi- 
gated. Because of the inclusion of the 900 °F (480°C) tempering 
temperature, the curves show similar reversions at the high hardness 
levels. At the higher hardening temperature the impact value appears 
higher at 900 °F (480 °C) than at 950°F (510°C), while at the 
lower hardening temperature the 900°F (480°C) treatment gives 
slightly lower values. This is as expected, since the point of maximum 
secondary hardness is closer to 950°F (510°C) for the higher 
hardening temperature. 

Impact Strength of Vanadium High Speed Steels—The two 
high carbon—high vanadium high speed steels were selected to 
determine the specific influence of these simultaneous additions on 
two different base compositions. The 4.00% vanadium grade 
(6-5-4-4) has a tungsten-molybdenum base composition and 1.25% 
carbon, while the 5.00% vanadium grade (13-5-5-5) is a tungsten — 
5.00% cobalt type with 1.50% carbon. The 6-5-4-4 steel is normally 








700 TRANSACTIONS OF THE A. S. M. Vol. 42 


Table VII 


Impact Test Results for Tungsten-Cobalt High Speed Steels 
18-4-1-5 (Steel 11), 18-4-2-8 (Steel 12) and 20-4-2-12 (Steel 13) 


Hardened from 2300 and 2350°F 
Tempered 24% Hrs. + 2% Hrs. at 900 to 1200°F 


: Austenitizing Intercept Tempering Average Impact 30x Hardness, 
Steel Temp., °F Grain Size Temp.,°F Strength, ft-lbs. ft-lbs. Rockwell “C” 
900 19.4 2.3 65.6 
950 24.1 0.9 65.6 
18-4-1-5 2300 11.8 1000 28.3 1.6 64.9 
(Steel 11) 1050 28.7 2.2 63.4 
1100 24.5 3.3 61.5 
1150 30.4 =a 56.6 
900 18.8 1.0 66.1 
950 21.4 1.6 66.2 
18-4-1-5 2350 11.1 1000 23.8 2.9 65.3 
(Steel 11) 1050 27.0 1.6 63.9 
1100 23.1 1.6 62.0 
1150 25.7 5.5 57.4 
900 16.0 2.1 66.2 
950 17.3 1.4 66.3 
18—4-—2-8 2300 18.5 1000 24.1 7 65.0 
(Steel 12) 1050 26.7 3.0 63.7 
1100 25.3 ie 60.7 
1150 26.3 0.6 58.8 
900 15.6 1.4 66.3 
950 16.3 3 66.5 
18—4-—2-8 2350 18.4 1000 21.6 a2 65.1 
(Steel 12) 1050 24.4 4.2 63.9 
1100 23.3 1.5 61.5 
1150 24.3 1.3 59.9 
950 10.6 0.6 68.0 
1000 14.0 0.9 67.0 
20-4—2-12 2300 16.8 1050 17.5 0.9 65.1 
(Steel 13) 1100 16.6 0.6 63.8 
1150 Seas 0.5 60.6 
1200 16.6 0.5 57.2 
950 7.8 0.9 67.7 
1000 9.8 0.7 66.5 
20-4—2-12 2350 11.6 1050 11.6 5.4* 65.5 
(Steel 13) 1100 9.4 £3 64.4 
1150 10.1 0.9 61.7 
1200 11.5 1.3 58.7 





*Four tests. 


hardened from about 2225 °F (1220°C), and austenitizing temper- 
atures corresponding to the other molybdenum and _tungsten- 
molybdenum steels were selected. The 13-5-5-5 grade is normally 
hardened from about 2285 °F (1250 °C) and this temperature, along 
with 2235 °F (1225 °C), was selected. 

The intercept grain sizes given in Table VI show that, because 
of the more numerous carbide particles, resistance to grain growth 
is great. The impact strength data, Figs. 7 and 8, show that the 
values are relatively insensitive to hardness over the range investi- 
gated ; that the change in impact strength with austenitizing tempera- 
ture is slight, and that the same reversion shown for the molybdenum 
steels is present for both. 

Impact Strength of Cobalt High Speed Steels—Three standard 


- 
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Fig. 8—Impact Strength versus Rockwell ‘‘C’’ Hardness 


for the 13-5-5-5 Type. Steel No. 10 austenitized at 2235 and 
2285 °F. 














impact Strength - Ft-Lb 











Hardness - Rockwell "C” 


Fig. %—-Impact Strength versus Rockwell ‘‘C”’ 
Hardness for the 18-4-1-5 Type. Steel No. 11 austen- 
itized at 2300 and 2350 °F. 


covalt high speed steels with a tungsten base composition and 
containing 5.00, 8.00 and 12.00% cobalt respectively (Steels 11, 12 
and 13) were employed. It has been long recognized that such 
steels have lower impact strength than the corresponding cobalt-free 
type. These steels normally used for single-point cutting tools are 
often hardened from temperatures in excess of 2350°F (1290 °C). 
Because of a desire to compare the impact strength at the same 
hardening temperatures as used for the 18-4-1 steels and further 
to provide for a reasonably high level of impact values that would 
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Table VIII 
Bend Test Results for 6-5-4-2 (Steels 5 and 6) 


Hardened from 2175 and 2225°F. 
Tempered 2% Hours + 2% Hours from 950 to 1150°F. 
3e5 


Austen- Inter- Tem- 


Plastic Plastic Total Total 


3e5 
for 


for 





itizing cept pering Deflec- Deflec- Defiec- Deflec- Yield Yield 
tion, 


Temp., Grain Temp., 
Steel °F Size °F 


tion, 


Inches Inches Inches Inches 


tion, tion, 











950 0.005 0.002 0.080 
1000 0.006 0.002 0.111 
5 2225 13.5 1050 0.016 0.003 0.129 
1100 0.030 0.006 0.136 
1150 0.104 0.021 0.207 
950 0.005 0.002 0.079 
1000 0.003 0.002 0.099 
6 2225 14.5 1050 0.009 0.003 0.118 
1100 0.016 0.004 0.115 
1150 0.079 0.006 0.182 
950 0.006 0.002 0.091 
1000 0.015 0.004 0.129 
5 2175 14.7 1050 0.044 0.007 0.166 
1100 0.084 0.019 0.198 
1150 0.155 0.024 0.258 
950 0.006 0.0062 0.088 
1000 0.007 0.002 6.113 
6 2175 18.0 1050 0.020 0.004 0.131 
1100 0.042 0.030 0.151 
1150 0.115 0.011 0.215 
40 
a 
awd 
c Ww 


Fig. 


10—Impact Strength versus 


esooss ssoss sooo S999 


Hardness for the 18-4-2-8 Type. 
itized at 2300 and 2350 °F. 


305 

for 

Str., Str., 
psi psi 


285,000 12,000 
435,000 6,000 
410,000 14,000 
320,000 14,000 
260,000 14,000 


285,000 10,000 
435,000 12,000 
445,000 10,000 


350,000 9,000 
275,000 . 9,000 
300,000 10,000 
425,000 11,000 
370,000 16,000 
340,000 19,000 
245,000 6,000 
285,000 9,000 
435,000 10,000 
400,000 11,000 
330,000 10,000 
250,000 9,000 





3e5 Hard- 

for ness, 

Bend Bend Rock- 
Str., Str., well 
psi psi ae 


380,000 29,000 66. 
575,000 32,000 65. 
630,000 28,000 64. 
605,000 17,000 61. 
570,000 11,000 56. 


360,000 20,000 66. 
520,000 28,000 66. 
600,000 17,000 65. 
$70,000 23,000 62 
575,000 7,000 57. 


450,000 22 
620,000 25 
680,000 11,000 62. 
645,000 34 
570,000 11 


mm ODW WPA NNHAWS 


a 
N 
= 
— 
SS) 
a 
w 
MOARO 





Rockwell “C” 


Steel No. 12 austen- 


permit sensitiveness to changes in tempering conditions, the samples 
were hardened from the low side of the commercial range. The 
resulting grain sizes are finer than would normally be encountered 
but the low impact strength level shown in Table VII and Figs. 9, 
10 and 11 indicates the upper limit of what might be commercially 
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Fig. 11—Impact Strength versus Rockwell “C’”’ 
Hardness for the 20-4-2-12 Type. Steel No. 13 austen- 
itized at 2300 and 2350 °F. 
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Fig. 12—Yield Strength and Plastic Deflection from the 


Bend Test Plotted against Hardness for the 6-5-4-2 Type. 
Steels No. 5 and 6 austenitized at 2175 and 2225 °F. 
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expected. The values are all reasonably insensitive to hardness and 
to changes in austenitizing temperature. 

Comparison of Bend Strength and Impact Strength for Tungsten- 
Molybdenum High Speed Steels—The relative constancy of the 
impact strength, despite wide variations in hardness, led to the 
desire to determine the extent and direction of the component 
property changes during tempering. The individual values of strength 
and ductility were accordingly determined by the bend test for 
comparison with the data shown in Fig. 4 using two other steels 
of the 6-5-4-2 type. The four basic properties so obtained from the 
bend test are shown in Table VIII. The variation of yield strength 
and plastic deflection as a function of hardness for both steels is 
illustrated in Fig. 12. Comparing this with Fig. 4, it is apparent 
that although the impact strength is nearly constant at hardnesses 
below Rockwell C-64, there are important changes in the basic com- 
ponents of toughness. The yield strength is seen to drop regularly 
with hardness, while the plastic deflection undergoes a manifold 
increase. 

The impact strength is equivalent to the area under a stress- 
strain curve for the material. This area is likewise related to a 
combination of the yield strength and plastic deflection. It has been 
shown previously (1) that the yield strength is a direct function of 
hardness, provided the tempering cycle has exceeded that necessary 
to produce maximum secondary hardness. Therefore, the dependence 
of impact strength on hardness is governed by the rate at which 
the plastic deflection or ductility component changes with hardness. 
If this rate is high and overshadows the rate at which the yield 
strength is decreasing, the impact strength would be expected to 
increase. On the other hand, with lower rates of ductility increase, 
the impact strength may remain constant with lowering hardness 
or may even decrease. 


SUMMARY AND CONCLUSIONS 


1. To facilitate a comparison of the impact strengths of the 
various steels investigated, Figs. 13 and 14 have been prepared. 
Fig. 13 relates all values obtained from the normal or higher of 
the two austenitizing temperatures, while Fig. 14 indicates the 
values after hardening from the lower temperature. The following 
conclusions may be made from these data considering the normal 
hardness range of Rockwell C-60 to C-66: 


- 
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a. The highest average impact strength is obtained with 
the tungsten-molybdenum steel 6-5-4-2. 

b. Four steels appear to be grouped slightly below this 
level. These are the molybdenum steel 1.5-8-4-1, the molybde- 
num-vanadium steel 8-4-2, the tungsten steel 18-4-1 and the 
tungsten-molybdenum-vanadium steel 6-5-4-4. Considering 
these in relation to the grain size developed, the 8-4-2 was 














impact Strength - Ft-Lb 














Hardness - Rockwell 'C” 


Fig. 13—Impact Strength of All Steels for the High 
Austenitizing Temperature versus Hardness. 


coarsest and the 1.5-8-4-1 was next coarsest, while the 6-5-4-4 
was finer than the average. This would indicate an improve- 
ment in the impact strength of the first two and a decrease 
for the last steel if treated to the same grain size. 

c. Three cobalt steels are grouped in the range of 20 to 
30 foot-pounds. These are the tungsten-cobalt steels with 5.00 
and 8.00% cobalt respectively, 18-4-1-5 and 18-4-2-8, and the 
tungsten-vanadium-cobalt steel with 1.50% carbon, 13-5-5-5. 
The 8.00% cobalt steel is normally coarser than in these tests 
and its impact strength would be correspondingly lower. 

d. The lowest average impact strength is shown by the 
tungsten — 12.00%, cobalt steel, 20-4-2-12. 


2. The unnotched Izod impact test is shown to be relatively 
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insensitive to changes in hardness between Rockwell C-67 and C-57. 

3. The unnotched Izod impact test is more sensitive to austen- 
itizing temperature and grain size than to hardness. 

4. The bend test shows the yield strength to decrease and the 
plastic deflection to increase simultaneously with drop in hardness 
for the range where the impact test is insensitive to hardness. The 
rate of change of the bend test properties with hardness is shown to 
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Fig. 14—Impact Strength of All Steels for the Low 
Austenitizing Temperature versus Hardness. 


determine the course of the impact strength: hardness relationship. 

5. These data were obtained using small-sized samples proc- 
essed under conditions of strict laboratory controls. They cannot 
reflect the effect of size, shape, internal stresses or deleterious 
surface conditions to be found in the*commercial application of high 
speed steel to tools of all types. Moderate improvement in unnotched 
Izod impact strength obtained by altering heat treatment or compo- 
sition does not necessarily mean improved tool life or elimination 
of failures. 
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DISCUSSION 


Written Discussion: By H. S. Swenson, chief metallurgist, Morse 
Twist Drill & Machine Co., New Bedford, Mass. 

This paper is a comprehensive presentation of the impact strength of 
nine different kinds of high speed steel, including 18-4-1, the three types 
of molybdenum high speed steel, as well as cobalt and high carbon — high 
vanadium high speed steels. 

The following three aspects were of especial interest to the writer: 

1. The higher impact strength of the 6-5-4-2 type as compared to 
18-4-1 when the values of like grain sizes are compared. For instance, 
6-5-4-2 hardened at 2225°F (1220°C) with a 11-12 grain has average 
impact strengths of from 36.1 to 53.0 foot-pounds, while 18-4-1 hardened 
at 2350 °F (1290 °C) with an 11.4 grain size had average impact strengths 
of from 28.8 to 35.1. The hardness range of the two steels was practically 
the same for the drawing temperatures involved. 

2. The fact that, at approximately equal grain size, the 6-5-4-4 type 
has higher impact strength than the 18-4-2-8 type, and that the 13-5-5-5 
and 18-4-2-8 types have practically the same strengths. 

3. That while the, unnotched Izod impact test is not particularly 
sensitive to hardness changes between Rockwell C-57 and C-67, the bend 
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test is, as expressed in terms of plastic deformation and yield strength. 
In Fig. 12 the yield strength of 6-5-4-2 drops rapidly at Rockwell C-65 
and beyond. In this connection it has been our experience that high 
speed drills, made from any of the types discussed in this paper, having a 
Rockwell hardness greater than C-65, are apt to spall and chip in service 
when drilling steels with a tensile strength of 100,000 psi or more. 

Written Discussion: By Walter E. Peterson, metallurgist, Gorham 
Tool Co., Detroit. 

The authors, Drs. Roberts and Grobe, are to be congratulated on this 
paper, one in a series written by them, or others in their organization, 
which are proving of much value from a practical point of view to the 
users of high speed steel. For some time we have been desirous of 
information from one source, such as they are presenting, so that the 
results presented could be considered comparable. é 

We, in the cutting tool industry, have always had a need for more 
information dealing with the physical properties of the material we are 
working with. Times and temperatures and the resultant grain size, 
amount of retained austenite and its transformation, hardness values, etc., 
have received a great deal of attention, as well they should, but little has 
been done to develop means of interpreting and evaluating toughness as 
applied to tools. Tests in the field, usually long-drawn-out and often not 
accurate, have been our best means of obtaining the necessary facts. 

Any discussion of tool steel toughness or the relative toughness of any 
type of steel is cause for a great deal of debate. Although we can accept 
the figures presented by the authors as reliable, several factors should be 
taken into consideration when applying them. In general, high toughness 
and high hardness are diametrically opposite and high cutting efficiency 
usually goes with high hardness. Then, too, the type of load applied must 
be considered. The cutting loads applied to a simple lathe tool, a crank- 
shaft cheeking tool or a tap are all different. In the case of a simple 
lathe tool, the load is being applied transverse or parallel to the machine 
bed, tangential which produces a torque load and thrust which tends to 
push the tool away from the work. In the case of a cheeking tool, to the 
above three must be added impact load due to intermittent cut. For a tap, 
resistance to torsional impact is of utmost importance, coupled of course 
with good cutting efficiency. Third, a tool is rarely of uniform cross 
section such that when a load is applied the stresses are equally distrib- 
uted. And finally, as is usually done, test specimens are small in size, 
made from bar stock that has had sufficient reduction such that the type 
of carbides formed and their distribution through the matrix make it most 
suitable for obtaining maximum test results. 

I was particularly interested in comparing the impact figures for the 
6-5-4-2 (M-2) and 18-4-1 (T-1) types of steel. The results as presented 
are comparable with actual tool tests we have conducted. That the M-2 
type was toughest under all conditions investigated was not surprising. 
The founder of our company was for years active in promoting this 
type of high speed steel because he felt that it combined the best cutting 
efficiency coupled with high toughness. Here again care must be used 
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in interpreting results, for often high hardness and toughness do not 
combine to obtain the best cutting efficiency in all cases—often the type 
of material being cut precludes jumping to conclusions. 

In the lower hardness ranges, overtempering resulted, due to the 
speed of transformation when tempering from higher tempering tempera- 
tures. Impact values were not materially changed, due to the lower Rock- 
well hardnesses obtained when the austenitizing temperature remained 
the same. It would have been interesting to see if the same results would 
be obtained following bainitic tempering. 

Although the authors present valid reasons for not doing so, I| believe 
that the cobalt-bearing steels should have been austenitized from within 
the commercial hardening ranges. It is probably true that the impact 
values would have been lower but the results then listed would have been 
more comparable with the results listed for other steels investigated. 

In their conclusions the authors state that the impact strength of the 
8-4-2 (M-10) and 1.5-8-4-1 (M-1) would have improved while the impact 
strength of the 6-5-4-4 (M-4) would have decreased if they had been 
treated to the same grain size. This again is probably true, but they are 
neglecting an important factor. They are discussing tool steels, and while 
grain size and toughness are important, they are only important when 
considered with a third factor in mind—cutting efficiency. 

Written Discussion: By William L. Gibbons, chief metallurgist, The 
Lapointe Machine Tool Company, Hudson, Mass. 

The authors are to be congratulated on their splendid and timely 
contribution to the methods of testing the toughness of hardened high 
speed steels. Their work is especially valuable because heretofore the 
impact method used for measuring the toughness of hardened high speed 
steels is noted for its inconsistent and erratic results, as so ably pointed 
out by the authors in their paper. 

The writer is perfectly in accord with the authors’ conception of 
toughness being allied with the ability to deform plastically and the 
ability to resist permanent deformation. These data are particularly 
interesting to all toolmakers heat treating high speed steels. The bend 
test technique is a most welcome one in evaluating the effect on toughness 
of various heat treatments and tempering cycles because it reduces the 
wide variance customarily encountered in unnotched impact testing. 
Many of the tool failures experienced in industry today can be reduced 
appreciably by an additional tempering operation and/or by increasing the 
preheating cycle with little loss in hardness. The impact strength will 
not necessarily be increased by the additional tempering or prolonged 
preheating, but the yield strength and the plastic deflection obtained by 
the bend test will change—decreasing the former and increasing the 
latter. 

There are many instances where a multiple tempering cycle has elim- 
inated serious chipping of cutting edges. By this simple means premature 
failures can, in many instances, be eliminated with little or no sacrifice in 
hardness. It is safe,to state that 80% of the premature tool failures 
in industry today are the result of undertempcring, underhardening, 
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and/or underpreheating. If tools for certain specific applications cannot 
be improved sufficiently through merely an additional tempering, they 
should have been heat treated from a lower temperature in the first place 
in order to obtain a high impact strength at the same hardness. This 
higher impact strength at the same hardness is achieved without sacrifice 
of yield strength and is therefore merely a reflection of the increased 
ductility which would have shown up as an increased plastic deflection 
capacity in the bend test. 

The writer seriously questions whether there actually exists a mini- 
mum impact strength or ductility requirement for each type of tool and 
service. I have seen numerous applications in which tools have been 
successfully used and yet which, in accordance with the impact data in 
the paper, could have had little or no strength. For instance, if a tool 
can work satisfactorily with an impact strength of 10 foot-pounds there 
would be little or no advantage gained in using a heat treatment or a 
steel which would give an impact strength of 20 foot-pounds. In fact, 
because of other considerations such as hot hardness or wear resistance, 
the tool with the higher impact strength might fail sooner. This problem 
is of importance even in reference to the comparison of 18-4-1 and 
6-5-4-2 high speed steels. The high impact strength shown in the paper 
for the tungsten-molybdenum type may be of no advantage. at all in 
90 or 95% of the applications for high speed steels. Impact tests are not 
a measure of cutting efficiency. Carbide tools, cast alloys of the stellite 
type and cobalt high speed steels would all be discarded as tool materials 
if this were the case. 

High hot hardness and high Rockwell hardness values must prevail 
at a sacrifice in impact strength in certain applications where steels of 
high alloy content and nonuniform microstructures are to be successfully 
machined. It is well known by all those familiar with high speed steels 
that high cobalt steels have better cutting efficiency than the 18-4-1 type, 
yet possess very much less impact strength. It is also a well-established 
fact among well-informed toolmakers and metallurgists that in many 
instances an overheated microstructure will normally outperform a normal 
or underheated one or a tool of lower hardness with its accompanying 
higher impact strength. 

Coarse-grained or slightly overheated structures must sometimes be 
purposely produced for certain applications where normally heated struc- 
tures of higher impact values will fail. These structures, of course, must be 
applied only through a background of experience and judgment. 

The authors’ paper points up the relative insensitivity of the Izod 
impact test to changes in hardness between Rockwell C-67 and C-57. 
It is more sensitive to austenitizing temperatures and grain size than 
hardness values. The bend test shows that yield decreases and plastic 
deflection increases simultaneously with a drop in hardness for the range 
where the impact test is insensitive to hardness. 

Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division, Niles-Bement-Pond Co., West Hartford, Conn. 

Having done a bit of impact testing of hardened high speed steels in 
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our own laboratory, I wish to congratulate the authors on their temerity 
in even attempting to investigate a subject so fraught with possible diffi- 
culties, inconsistencies, and complexities. However, evidently realizing all 
this, they have taken extreme pains in preparation of specimens, in testing 
large quantities of specimens, and in control of heat treating conditions 
so as to develop impact strength values which may be accepted as truly 
representative for the various lots of steel tested. 

In comparing results which we have obtained in impact testing steels 
of similar analysis and heat treatment, I find that we confirm the trend 
of the authors’ results in many important respects. For example, we have 
consistently found that lower quenching temperatures will yield higher 
impact strength at equivalent hardnesses, as shown in Fig. 3. Also, we 
have found that within the range of Rockwell C-60 to C-65, overtempering 
does not improve shock resistance appreciably. We have not tested any 
specimens overdrawn to a hardness as low as Rockwell C-56 to C-58, but 
note that the authors found only two steels (Nos. 7 and 8) wherein the 
impact strength was significantly increased by lowering the hardness to 
this extent by overtempering. This failure of overtempering to improve 
yield strength is rather surprising in view of the very conclusive evidence 
from field performance records that overtempering does make tools act 
less brittle. The authors explain the constancy of impact strength over a 
wide range of hardness as due to the balance between yield strength and 
ductility, as shown in Fig. 12. This is no doubt correct, but does it explain 
the fact that cutting tools are actually made tougher by overtempering? 
I think that more likely the answer lies in relief of stresses which are 
no doubt present in cutting tools having complicated shapes and which 
are not present in the simple shape of laboratory test specimens. 

In Figs. 13 and 14, the authors have plotted the curves of hardness 
versus impact strength for all of the steels tested, and imply that these 
composite graphs represent a quantitative comparison of impact strengths 
as a function of chemical analysis (with some reservations pertaining to 
grain size). Since all of these curves except one are derived from indi- 
vidual heats, I do not think they should be taken as last-word compari- 
sons of grades. In our work we have found that while the majority of 
heats of 18-4-1 steel, for example, will fall within a fairly narrow range, 
once in a while we get a heat which consistently gives results as much 
as 20% below that which we have come to expect as normal for that 
steel. It might be that one or more of the heats tested for this paper 
would have extremely high or extremely low impact strength for that 
particular grade and, therefore, the results should not be considered as 
average in comparison with other grades. In fact, we note that there is 
a considerable difference in impact strength between the two heats of 
18-4-1 high speed steel (Steels 1 and 2) as reported in this paper. If the 
values for impact strength of Steel No. 2 as shown in Fig. 1 and Table II 
had been plotted as a function of hardness, a fairly flat curve would result, 
running fairly close to 35 foot-pounds within the hardness range of Rock- 
well C-60 to C-65. This is about 14% higher than the values shown for 
the specimens of Steel No. 1, quenched from 2350°F (1290°C) and 
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plotted in Fig. 3. If the authors had happened to select the 18-4-1 Steel 
No. 2 instead of Steel No. 1 for inclusion in the composite graph of Fig. 
13, the position of 18-4-1 with respect to the other grades would be 
considerably improved. 

I would, therefore, suggest that Figs. 13 and 14 be considered as 
showing only the comparative impact strength of the individual heats 
tested in this paper and that considerable more testing of a goodly quan- 
tity of heats from each grade must be done before accurate comparisons 
on the basis of analysis can be portrayed. In spite of all this, it is only 
fair to state that what work we have done, which is also admittedly in- 
sufficient for quantitative comparisons, does confirm the general trend of 
Figs. 13 and 14. We also have found that, in general, the molybdenum 
steels are as tough or tougher than 18-4-1 and that increasing the vana- 
dium content or adding cobalt to tungsten-base high speed steels seems to 
lower the impact strength quite significantly, so it may be that the general 
trend of the comparisons shown in Figs. 13 and 14 is approximately 
correct. 

Written Discussion: By J. V. Emmons, R. G. Kennedy, Jr., G. H. 
Seaver and T. G. Scott, Research Laboratory, Cleveland Twist Drill Co., 
Cleveland. 

The authors are to be congratulated on their extensive investigation 
into the impact strength of high speed steels. We especially admire their 
method of data presentation wherein they show the accuracy of the 
results by listing the 30; values associated with the average impact 
strength. : 

Possibly the most important point brought out by the paper is the 
marked effect of austenitizing temperature and its resultant grain size on 
the impact strength. Inspection of Figs. 3 to 6 of the authors’ paper shows 
this marked effect which correlates an increase of austenitizing tempera- 
ture with a decrease in impact strength. The paper also contains data for 
the intercept grain size of the various steels which show that the finer 
grain sizes are associated with the lower austenitizing temperatures and 
thus with the higher impact strength. 

With this in mind, it is believed that the authors’ Figs. 13 and 14 
would have given a more accurate idea of the effect of composition if the 
data had been obtained from different types of steels austenitized to give 
equivalent grain sizes and microstructures. The two austenitizing~ tem- 
peratures, 2225 and 2175 °F (1220 and 1190 °C), which the authors selected 
for the 6-5-4-2, 8-4-2, and 1.5-8-4-1 steels, for example, did not give 
comparable grain sizes which represent normal commercial practice. In 
fact, the 7.6 grain size quoted for the 8-4-2-type steel in Table V indicates 
rather severe overheating for this steel. In our own work on the evalua- 
tion of toughness by means of static torsion, bend, and impact tests, we 
have gathered considerable data which agree with the findings in the 
present paper with respect to the marked effect which grain size has on 
toughness as revealed by all three types of tests. We thought it might 
add to the value of the present paper to show a comparison of the impact 
strength of the 6-5-4-2 and 1.5-8-4-1 types austenitized to equivalent grain 
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sizes. In our tests, the specimens were prepared exactly as were the 
authors’ specimens with regard to the grinding procedure, but the 
austenitizing was performed in salt baths and tempering in forced con- 
vection furnaces. Also our specimens were finish ground to 0.375 inch 
square instead of 0.394 inch as were the authors’ specimens. 

Table IX shows the compositions of two 6-5-4-2 steels and two 
1.5-8-4-1 steels obtained from several different manufacturers. 


Table 1X 
Composition of Steels 





Cr W Mo V 


No. Type Manufacturer . 
1 1.5-8-4-1 A 0.82 3.86 1.53 8.57 1.12 
2 1.5-8-4-1 B 0.79 3.61 1.67 8.56 1.11 
3 6-5-4-2 Cc 0.82 4.22 6.64 5.05 1.93 
+ 6-5-4-2 B 0.84 4.14 6.11 5.34 2.02 








The Izod test specimens made from the above four steels were broken 
in an Olsen “Change-O-Matic” impact testing machine of 60 foot-pound 
capacity. Ten specimens at each heat treatment were broken for each 
steel. Rockwell hardness and intercept grain size readings were made and 
recorded in Table X, along with the average impact strength values, the 
3ex limits of these averages, and the austenitizing and tempering tempera- 
tures for each steel. 


Table X 


Impact Test Results for Two 6-5-4-2 
and Two 1.5-8-4-1 Steels 


Average 
: Impact Hardness, 
Austenitizing Intercept Tempering Strength, 30x Rockwell 

Steel Type Temp.,°F Grain Size Temp.,°F ft-lbs. ft-lbs. ae 
1 1.5-8-4-2 2220 10.7 950 29.6 8.7 65.2 
1000 30.6 4.7 67.1 

1050 31.0 7.6 65.9 

1100 31.6 6.7 63.7 

1150 38.8 6.1 60.8 

2 1.5-8-4-2 2220 10.8 950 36.1 7.8 66.1 
1000 38.7 8.7 66.6 

1050 40.8 7 65.0 

1100 42.5 12.3 62.8 

1150 48.0 5.7 59.4 

3 6-5-4-2 2250 11.0 950 29.2 9.0 65.9 
1000 34.5 9.0 66.8 

1050 41.0 6.8 65.3 

1100 33.2 12.7 63.1 

1150 34.3 8.3 60.3 

4 6-5-4-2 2250 11.0 950 40.4 4.3 66.5 
1000 30.6 10.0 66.9 

1050 35.0 9.6 65.2 

1100 37.2 2.4 63.1 

1150 38.1 2.0 60.1 








It will be noted that our 3¢z values are somewhat higher than those 
in the present paper. The authors are to be complimented on holding 
their 80z values to such a small range, especially in view of the difficulties 
encountered in maintaining the face of the hammer in good condition 
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Austenitizing Intercept 

Temperature Grain Size 
1.5-8-4- | 2220°F 10.8 
6-5-4-2 2250°F 11.0 


Impact Strength, Ft-Lb 





59 60 6 62 63 64 65 66 67 68 
Hardness, Rockwell "C“ 


Fig. 15—Impact Strength Versus Rockwell ‘‘C’’ Hardness. 


while striking hundreds of specimens which are Rockwell C-65 or higher. 

The data for average impact strength and Rockwell hardness shown 
in Table X have also been plotted in Fig. 15 to give a true comparison 
between the impact strength of the 6-5-4-2 and 1.5-8-4-2 types of steel. 
We believe our Fig. 15 gives a more logical basis for a study of compo- 
sition than do the authors’ Figs. 13 and 14, since in our Fig. 15 the two 
types of steels have been austenitized to equivalent grain size. 

Finally, we would like to compliment the authors on showing both 
bend test and impact results on the same steels. Such data are very 
valuable to all those interested in high speed steel cutting tools, and it 
is to be hoped that more such data will be forthcoming from their 
laboratory. 

Written Discussion: By Stewart G. Fletcher, chief metallurgist, 
Latrobe Electric Steel Company, Latrobe, Pa. 

The authors should receive the sincere thanks of all tool steel metal- 
lurgists for their continuing series of papers on the mechanical properties 
of the high speed steels. It is indeed difficult to predict actual tool per- 
formance on the basis of formal tests such as impact strength, bend 
strength, and strength in torsion. Regardless of this, however, intelligent 
use of the knowledge of these properties often enables the tool metal- 
lurgist to suggest modifications in tool heat treatment which would lead 
to improved tool life. 

For example, consider cases in which initial failure takes place by 
chipping or cracking under shock loading such as, perhaps, heading die 
inserts. A wide-awake metallurgist could take such information as is 
presented here, and work out a heat treatment designed to develop the 
best shock resistance concomitant with hardness requirements. Or he 
may suggest a change to a more shock-resistant high speed steel, now 
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that he would know the ratings in that respect. At least data like these 
tell the practical tool man which way to go—even though they may not 
give him a quantitative idea of how far to go. 

These data also prove a thought that has been in the back of the 
minds of many of those concerned with the application of high speed steel 
to tools and dies, that the way to get additional shock resistance at lower 
than maximum hardness level is not to overtemper to the lower hardness, 





_ Fig. 16—Longitudinal Structure at Center of ¥%2-Inch Square, Hardened 18-4-1 
High Speed Steel, Showing Degree of Segregation in Lots A and C. Heavy 4% 


/O 


Nital etch. > 100. 


Fig. 17—-Longitudinal Structure at Center of %-Inch Square, Hardened 18-4-1 
High Speed Steel, Showing Degree of Segregation in Lots B and D. Heavy 4% 
Nital etch. >X 100. 


but to reach it by use of a lower austenitizing temperature. Such treat- 
ment has been practiced for years by manufacturers of pipe taps and 
similar tools. It is interesting to note that impact tests confirm this 
relationship, in that the impact strength of high speed steels is here 
proved to be relatively insensitive to hardness and tempering temperature, 
but considerably more closely tied in with austenitizing temperature. 

We are gratified at the results reported in this paper for the un- 
notched Izod impact strengths for various high speed steels, because they 
line up the different grades in the same order that we obtained in similar 
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Fig. 18—Cross Section of Hardened, Tempered, Polished and Etched 
(4% Nital) Bar of 6-5-4-2 High Speed Steel, Showing Little or No 
Visible Carbide Segregation (Lot E). Actual size. 


Fig. 19—Cross Section of Hardened, Tempered, Polished and Etched 
(4% Nital) Bar of 6-5-4-2 High Speed Steel, Showing Definite Center 
Segregation (Lot F). Actual size. 


Table XI 
Influence of Carbide Segregation on Impact Strength 
of 18-4-1 High Speed Steels 





Material: 18-4-1 High Speed Steel, %-inch square bar stock. 
Heat Treatment: Hardened from 2350°F, 3 minutes at temperature in electric muffle 
furnace, oil-quenched. Tempered 2 + 2 hours at indicated temperatures. 


Unnotched Izod Impact Strength 


Lot A Lot B 

Little or No Some Segregation Hardness, 

Tempered Segregation Present Rockwell 
at °F ft-lbs. ft-lbs. = kg 
950 28 17 64.0 
1000 24 18 65.0 
1050 27 17 65.0 
1100 26 17 64.0 
1150 28 19 61.5 


Intercept Grain Size: 10.8. 


Test: Unnotched Izod, using 110 ft-lbs. striking energy at 12.75 ft./: 
5 to 10 specimens. 


tests two or three years ago. From our data it was also evident that, so 
far as heat treating variables were concerned, austenitizing temperature 
was the most powerful influence: on impact strength for any grade of 
high speed steel. Within the range .of normal tempering temperatures 
(950 to 1150 °F) little influence of hardness or tempering was found. 
Our investigation, however, revealed the effect of a far more potent 
force than austenitizing temperature. This was the degree of macro- 
structural homogeneity of the material itself. In a series of closely 
controlled tests, it was possible to show clearly the effect of segregation 


on the impact strengths of 18-4-1 and 6-5-4-2 high speed steel. These 
data are presented in Tables XI* and XII.* 


*Analyses of the steels used are given in Table XIV. 
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Table XII 


Influence of Carbide Segregation on Impact Strength 
of 6-5-42 High Speed Steel 





Material: 6-5-4-2 High Speed Steel, 7/16-inch square bar stock. 
Heat Treatment: Hardened from 2250°F, 3 minutes at temperature in electric muffle 
furnace, oil-quenched. Tempered 2 + 2 hours at indicated temperatures. 


Unnotched Izod Impact Strength 


_ Lot C Lot D 
Little or No Some Segregation Hardness, 
Tempered Segregation Present Rockwell 
at °F ft-lbs. ft-lbs. — 
1000 41 23 65.5 
1050 39 27 65.0 
1100 32 28 63.5 
1150 41 28 59.0 
Intercept Grain Size: 11.2. 
Test: Unnotched Izod, using 110 ft-lbs. striking energy at 12.75 ft./sec. Average of 
5 to 10 specimens. 
Table XIII 


Influence of Carbide Segregation in Flat Bar Stock 
on Impact Strength of 6-5-4-2 High Speed Steel 


Material: 6-5-4-2 High Speed Steel, “-inch by 3-inch flat bars, sectioned into impact 
test samples. 
Heat Treatment: Hardened from 2250°F, 3. minutes at temperature in electric muffle 
furnace, oil-quenched. Tempered 2 + 2 hours at 1050°F (Rc 65). 


Unnotched Izod Impact Strength 


Lot E Lot F 
Little or No Definite Cente: 
Segregation Segregation 
ft-lbs. ft-lbs. 
Longitudinal, near edge 29 30 
Longitudinal, center 30 25 
Transverse, break at center 21 16 


Intercept Grain Size: Lot E—10.4, Lot F—10.2. 
Test: Unnotched Izod, using 110 ft-lbs. striking energy at 12. 
8 to 20 specimens. 


~ 
/ 


5 ft./sec. Average of 


Table XIV 
Analyses of Steels 


Mo 


Lot W Cr \ Si Mn 
A 0.75 18.05 0.24 4.22 1.21 .23 0.27 
B 0.76 18.16 0.51 4.02 1.03 0.21 0.25 
tr 0.83 6.35 5.06 4.11 1.88 0.26 0.24 
D 0.84 6.39 4.93 4.10 1.91 0.24 0.25 
E 0.83 6.41 4.86 4.07 1.30 0.23 0.27 
F 0.85 6.27 4.95 4.17 1.77 0.17 0.27 


| 
| 
| 
| 
| 
| 
| 
| 
| 
| 
| 


Photomicrographs of the degree of carbide segregation involved in 
each of these tests are presented in Figs. 16 and 17. 

From these results it is evident that internal macrostructure, as differ- 
entiated from microstructure, has a profound influence on the shock resist- 
ance of the steel. In order further to confirm this effect, two flat bars % 
inch thick by 3 inches wide were made, showing different degrees of 
segregation as illustrated in Figs. 18 and 19, Izod impact samples were cut 
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from these bars in both longitudinal and transverse directions. After heat 
treating to Rockwell C-66, the impact strengths were found to be as shown 
in Table XIII.* These data further confirm the deleterious effect of 
carbide segregation on impact strength of high speed steels. 

Our best results were, on the average, slightly lower than those 
reported in the paper for the same grades of steel. This was probably 
brought about partially by our longer austenitizing periods, and partially 
by the fact that we took no special pains to smooth up the tension faces 
of the samples or to round their edges. 

Again let me extend congratulations to the authors for a splendid 
piece of work, which has added materially to the public knowledge of the 
characteristics of high speed steels. 


Authors’ Reply 


The comments of the many discussers to this paper are greatly 
appreciated. One of the most pertinent points revealed was the conclusion 
from practical experience that overtempering or multiple tempering to 
produce lower hardnesses does improve the performance of those tools 
which are known to fail by chipping or spalling at high hardnesses. This 
point was made particularly by Messrs. Swenson, Peterson, Gibbons and 
Bancroft. Mr. Bancroft has questioned whether this effect can be properly 
ascribed to the improvement in plastic deformation capacity, despite the 
relative consistency of impact strength. We feel that this is the most 
important factor. Naturally, the relief of internal stresses in larger, more 
complicated parts than represented by our simple impact specimen would 
play an important role in improving performance. Internal stresses have 
not been thoroughly investigated in actual tools, or even in simple parts 
made from high speed steel, so that it is impossible to know the extent of 
their relief by additional tempering treatments. However, one cannot 
minimize the importance of internal stresses, since they can effectively 
change the properties of high speed steel tools in a manner that cannot be 
predicted from the data presented in this series of papers. 

Mr. Bancroft also comments on the possible variation in impact test 
results from heat to heat and quotes certain figures from the paper to 
indicate a variation of 14% between two different heats of 18-4-1. A 
close study of the actual data in the paper, including a review of the 3ez 
values will show that the actual discrepancy between these two heats is 
hardly significant. Also, the results on the two different heats of the 
6-5-4-2 steel in the paper are almost identical. We do not imply that all 
heats would be identical but we suspect that the variation would be quite 
small if the heats are compared, not after the same nominal heat treat- 
ment, but at the same austenite grain size. 

We appreciate receiving the data from Messrs. Emmons, Kennedy, 
Seaver and Scott, confirming our supposition that the 1.5-8-4-1 steel would 
have higher impact strengths and would be more comparable to the 
6-5-4-2 steel if compared at the same grain size. The presentation of the 
results of these discussers in the form used in the paper, including the 3ez 
values, is most welcome and we feel it should be standard practice in 
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reporting all metallurgical test data, especially those involving materials 
that are relatively hard and brittle. It is regretted that so much of the 
data presented in the literature omit this. 

We feel that the inferences and the data presented by Dr. Fletcher 
are misleading. The statement that there is a “far more potent force than 
austenitizing temperature” is not supported by his data. The variations 
supposedly caused by center inhomogeneity are not greater than those 
brought about by changes in austenitizing temperature or grain size for 
the standard types of high speed steel. There can be no question that the 
inherent impact strength of high speed steel decreases as the bar size 
increases, nor can there be any doubt that impact specimens from large 
pieces of high speed steel could be cut to produce low values. Even in 
these instances, however, the effect of austenitizing temperature and grain 
size would be profound. 

With respect to finish, we wish to point out that no special pains 
were taken to smooth up or round the edges of the tension surface on 
these samples. Care was taken to insure that these surfaces would not 
become scratched after grinding, and the slight burr resulting from grind- 
ing was removed with emery paper. The edges were, however, sharp with 
no measurable radius, and the tension surface itself was tested with the 
finish resulting from the grinding operation. 

We have not been able to confirm the effect of inhomogeneities in 
the center of a high speed steel bar upon the impact strength when the 
samples are cut longitudinally from small size bar stock. In the impact 
test the major factors affecting the results are the finish, chemistry and 
structure of the tension surface. 

Changes in surface chemistry can also markedly lower impact values. 
The impact strength of normally treated high speed steel is reduced from 
a level of 40 foot-pounds to a level of from 5 to 10 foot-pounds by the 
presence of a nitrided layer less than 0.001 inch thick. Similar effects 
from carburization or decarburization are known. 

Differences between the values obtained in our tests and those shown 
by the discusser range from 5 to 15 foot-pounds, other conditions being 
equal. These are attributed by the discusser to the difference in surface 
preparation. Differences: even smaller than this in his data, however, 
are attributed to center inhomogeneity. We could claim less inhomo- 
geneity at the center of our test specimens as contributing to our higher 
values, but although little or no inhomogeneity existed we think this 
unimportant in determining the impact values. In our experience, the 
distribution of carbides at the test specimen surface would be the impor- 
tant factor in determining the impact strength, other surface conditions 
being equal. Since the great majority of cutting tools made from high 
speed steel have their cutting edges and, consequently, their highest 
stresses at or near the surface of the bar, it is more important to control 
carbide distribution and size at the surface than at the center of the bar. 
The differences between the results shown in the paper and those of the 
discusser could, therefore, be attributed to a more favorable carbide 
distribution at the surface on those steels tested by the authors if we 
are to accept this view. 








ON THE EXTRAPOLATION OF SHORT-TIME 
STRESS-RUPTURE DATA 


By NicHotas J. GRANT AND ALBERT G. BUCKLIN 


Abstract 


A large number of stress-rupture tests were made on 
alloy S-590 at test temperatures of 1200 to 1900 °F (650 
to 1040 °C) and on S-816 at test temperatures of 1200 to 
1500 °F (650 to 815°C). These tests had rupture times 
of from 0.001 hour (3 seconds) to 26,000 hours. The 
validity of straight lines in the log-log and semi-log plots 
of stress versus rupture time and of stress versus the mini- 
mum creep rate is examined on the basis of these ex- 
tremely extensive tests. A method 1s suggested and illus- 
trated for predicting long-time performance or perform- 
ance at other temperatures based on the extrapolation of 
instability points which are clearly shown in log-log plots 
of rupture data. Efforts are made to analyze the data on 
the basis of the chemical rate process theory. Finally, 
a value of “true elongation” is determined, which 1s read- 
ily obtained from stress-rupture tests. This “true elonga- 
tion” appears to establish the ductility changes as a func- 
tion of increasing time or of decreasing strain rate at a 
given temperature. 


VER since the introduction of the stress-rupture test to fill the 

gap between the short-time tensile test and the creep test at high 
temperatures, there has been the desire to extrapolate the short-time 
test data to predict long-time performance. The stress-rupture test, 
which takes into consideration time, temperature, and strain rate, 
seemed suitable for such extrapolation. 

In general, rupture tests are performed at stresses (based on 
constant load) which will give failure in times ranging from about 
10 hours to a maximum of about 2000 hours. Tests beyond 500 
hours are extremely time-consuming and costly; hence the desire to 
restrict test times to less than 1000 hours wherever possible. It was 
assumed during the period when rupture tests first became popular, 


This work was sponsored by the Navy Department, Bureau of Ships. The opinions 
expressed here are strictly those of the authors. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Nicholas J. 
Grant is associate professor of metallurgy, and Albert G. Bucklin is research 
assistant in metallurgy, Massachusetts Institute of Technology, Cambridge, 
Mass. Manuscript received May 11, 1949. 
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Table I 
Composition of Heats 


Heat Alloy c Mn cr Ni Co Mo Ww Cb Fe 
42004 S-816 0.40* 1.01 20.58 19.60 43.86 3.98 3.70 3.85 2.54 
42092 S-816 0.32 1.16 19.80 20.34 44.00 4.30 3.92 3.28 2.53 
38943 S-590 0.39 1.37 20.84 19.62 19,24 3.79 3.95 4.17 bal. 
41572 S-590 0.47 1.35 19.40 19.07 19.26 4.03 4.00 3.87 bal. 





*Check analysis shows 0.35. 


that the log-log method of plotting stress against rupture time or 
stress against the minimum creep rate would yield a straight line 
which might be extrapolated to indicate long-time performance (1, 
2).' This was shown to be incorrect by numerous investigators. 

At about the same time, based on theories of the viscous flow 
of metals at elevated temperatures, several investigators tried to 
show that the semi-log method of plotting the stress against the log 
of the rupture time would give a straight line through the test data, 
and could be extrapolated. This reasoning has been advanced more 
recently by followers of the Eyring theories of rate processes as 
applied to the flow of metals (3, 4). 

The hope still persists in certain groups that the short-time con- 
stant load stress-rupture tests can be shown to follow the log-log 
or semi-log straight-line plots. In almost all instances where proof 
has been offered that a straight line does exist which can be extra- 
polated into long-time periods, test data for a restricted stress-rupture 
time range have been used and have frequently led to faulty interpre- 
tations of the results. The most recent of these “proofs’’ to substan- 
tiate the semi-logarithmic method of plotting rupture data to permit 
extrapolation into longer times or to higher temperatures appeared 
to show some merit on preliminary examination (4). Because it was 
felt that reliable test data would serve as the only basis for settling 
the problem, the following work was undertaken. 


EXPERIMENTAL PROCEDURE 


Rupture tests on forged S-590 were made at temperatures from 
1200 to 1900 °F (650 to 1040°C). Alloy S-816 was tested from 
1200 to 1500 °F (650 to 815°C). The rupture times fell in the 
range of 0.001 hour (3 seconds) to 26,000 hours. 

The test bars were 0.250 inch in diameter by 1.25 inches in gage 
length. The material'in all instances was received from The Alle- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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gheny Ludlum Steel Corporation as hot-rolled bar stock, % to ¥% 
inch in diameter. The composition of these alloys is shown in Table I. 
Because The Allegheny Ludlum Steel Corporation had already 
completed some tests at 1200 to 1500 °F (650 to 815 °C) in the time 
range of 10 to 26,000 hours on these two alloys, it seemed advisable 
to utilize these data, particularly the test data beyond 1000 hours, to 
save time. This necessitated close adherence to the solution treat- 
ments and aging treatments used by Allegheny Ludlum. In all 
instances the alloys were first solution-treated and water-quenched 
and then aged according to the data shown in Table II. The general 
heat treating schedule for these alloys was the following: 
a. For S-590. Solution treat 2275 °F (1245°C) for 1 hour, 
water quench. For all tests at 1200 through 1400 °F (650 
through 760 °C), age 16 to 24 hours at 1400 °F. 


For tests at 1500°F (815°C), age 16 to 24 hours at 
1500 °F. 
For tests at 1600 through 1900 °F (870 eangh 1040 °C), 
age 16 to 24 hours at 1350 °F (730°C). 

b. For S-816. Solution treat 2350°F (1290°C) for 1 hour, 


water quench. 


For all tests at 1200 through 1400 °F (650 through 760 °C), 
age 16 to 24 hours at 1400 °F. 


For all tests at 1500°F (815°C), age 16 to 24 hours at 
1500 °F. 

For test temperatures of 1200 to 1500°F (650 to 815 °C) the 
treatments above were selected by Allegheny Ludlum to give opti- 
mum performance. Previous work had indicated that, at test tem- 
peratures of 1500 °F (815 °C) and higher, an aging temperature of 
1350 °F (730 °C) would yield optimum results. 

Test data were obtained for rupture times of 3 seconds to over 
6000 hours. These data were then combined with the Allegheny 
Ludlum data of longer rupture times on similarly treated alloys. On 
a logarithmic scale these data cover 7 cycles of time in stress-rupture 
and 8 cycles of creep rate for the minimum creep rate graphs. This 
is far more than is normally available to permit interpretation of 
alloy behavior as a function of time, temperature, and strain rate. 
This extended time scale also permits a ready evaluation of the 
linearity or lack of linearity of curves drawn through the points on 
both log-log and semi-log plots. It also permits experimentally 
determined curves to be compared with curves extrapolated from 
test data obtained in the time range from 10 to 2000 hours. 

Rupture tests of 1 hour or longer were loaded conventionally, 
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Table Il 
Stress-Rupture Test Results 


(a) S-590 
Solution Aging Test Rupture Min. Creep 

Heat Temp. Temp. Temp. Stress, Rupture Elong. R. of A. Rate 

No. °F °F °F psi Time-Hrs. % % % /Hr. 
38943 2275 1400 1200 100,000 0.0003-0.001* 7.7 28.1 <8,000 .0 
38943 2275 1400 1200 90,000 0.043 25.8 30.4 380.0 
38943 2275 1400 1200 85,000 0.088 53.2 24.8 86.0 
38943 2275 1400 1200 80,000 0.67 28.2 28.3 21.0 
38943 2275 1400 1200 70,000 6.81* 8.8 13.5 1.0 
38943 2275 1400 1200 60,000 29.9 16.9 19.5 0.39 
38943 2275 1400 1200 45,000 510.5 12.7 19.0 0.023 
38943 2275 1400 1200 43,000 485.0 14.6 20.5 0.014 
38943 2275 1400 1200 39,000 4019.0 9.6 23.3 0.001 
38943 2275 1400 1350 80,000 0.0014 16.1 19.4 5,000.0 
38943 2275 1400 1350 75,000 0.016 15.2 20.2 <950.0 
38943 2275 1400 1350 70,000 0.02 16.7 30.7 <835.0 
38943 2275 1400 1350 60,000 0.22 16.9 ates 35.0 
38943 2275 1400 1350 50,000 1.88* a 18.3 9.0 
38943 2275 1400 1350 43,000 6.75 17.2 19.5 <2.6 
38943 2275 1400 1350 40,000 9.90 26.4 26.5 1.0 
38943 2275 1400 1350 30,000 127.5 28.8 44.6 0.07 
38943 2275 1400 1350 25,000 1128.0 30.4 52.7 0.003 
38943 2275 1400 1350 23,000 6323 .Of Piece eee 0.0005 
38943 2275 1500 1500 70,000 0.0008 17.9 meee <18,000.0 
38943 2275 1500 1500 65,000 0.0014 22.8 26.0 <16,000 .0 
38943 2275 1500 1500 60,000 0 .0033* 10.4 32.8 <4,000 .0 
38943 2275 1500 1500 50,000 0.029 18.4 28.5 260.0 
38943 2275 1500 1500 40,000 0.19 16.0 29.0 20.0 
38943 2275 1500 1500 30.000 3.3 17.3 36.1 2.0 
38943 2275 1500 1500 17,000 1112.0 13.8 43.3 0.0014 
38943 2275 1350 1600 55,000 0.0028 25.3 24.5 <9,000 .0 
38943 2275 1350 1600 50,000 0.008 24.2 24.0 2,000 .0 
38943 2275 1350 1600 35,000 0.202* 24.2 19.6 53.0 
38943 2275 1350 1600 30,000 1.0 21.9 23.8 <12.0 
38943 2275 1350 1600 20,000 22.1 40.3 52.2 <2.3 
38943 2275 1350 1600 15,000 42.3* abe MME Gs ae 
38943 2275 1350 1600 15,000 100.5 42.0 49.0 0.027 
38943 2275 1350 1600 13,000 223 .0* 11.2 24.5 0.009 
38943 2275 1350 1700 45,000 0.0025* 16.7 27.2 <6,600 .0 
38943 2275 1350 1700 40,000 0.007 36.6 28.1 <2,200.0 
38943 2275 1350 1700 30,000 0.086 29.3 29.4 170.0 
38943 2275 1350 1700 20,000 1.33 ar. 40.0 5.3 
38943 2275 1350 1700 15,000 7.90 25.3 39.6 <2.0 
38943 2275 1350 1700 10,000 132.6 25.0 26.9 0.028 
38943 2275 1350 1700 7,000 550.0 25.5 28.5 0.0032 
38943 2275 1350 1700 6,000 In Test (300 Hrs.) 
38943 2275 1350 1900 30,000 0.0015 28.8 28.1 <20,000 .0 
38943 2275 1350 1900 30,000 0.0013 29.0 eave <22,000.0 
38943 2275 1350 1900 25,000 0.006 27.4 31.0 2,000 .0 
38943 2275 1350 1900 20,000 0.033 36.8 35.9 <1,100.0 
38943 2275 1350 1900 12,500 0.33 36.5 32.4 22.0 
38943 2275 1350 1900 10,000 1.40 36.6 42.6 <26.0 
38943 2275 1350 1900 9,900 1.24 48.4 46.5 6.4 
38943 2275 1350 1900 4,600 35.5 31.4 28.1 0.15 
38943 2275 1350 1900 3,750 81.3 22.5 21.2 0.073 
38943 2275 1350 1900 2,500 228.7* 14.5 21.8 0.014 


*Broke at or out of gage marks. 
+Test discontinued. 


(Table II continued on page 724) 


the total time to achieve full load being less than 1 minute. For 
tests which were anticipated to run for less than 1 hour, a special 
hydraulic loading device was improvised which could rapidly lower 
the total load on thé beam without appreciable impact. The total 
time to apply full load in such circumstances was about 2 seconds. 
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Table 11—( Continued) 
Stress-Rupture Test Results 





(b) S-816 
Solution Aging Test Rupture Min. Creep 
Heat Temp. Temp. Temp. Stress, Rupture Elong. R. of A. Rate 
No. °F °F °F psi Time—Hrs. % % % /Hr. 
42092 2320 1400 1200 120,000 0.001 19.7 26.4 10,000 .0 
42092 2320 1400 1200 100,000 2.1 8.7 15.3 1.5 
42092 2320 1400 1200 90,000 3.0 13.4 12.0 0.55 
42092 2320 1400 1200 80,000 20.9 3.8 8.1 0.10 
42092 2320 1400 1200 56,000 652.0 3.0 5.6 0.002 
42092 2350 1400 1350 90,000 0.092 14.2 16.2 120.0 
42004 2350 1400 1350 90,000 0.01 15.8 17.5 <1,600.0 
42092 2350 1400 1350 80,000 0.12 6.4 13.1 33.0 
42004 2350 1400 1350 75,000 0.43 4.0 11.6 7.2 
42004 2350 1400 1350 70,000 1.0 12.0 eRe aaa eee 
42004 2350 1400 1350 60,000 5.9 vas 9.0 1.6 
42004 2350 1400 1350 50,000 13.0 10.0 11.3 0.50 
42092 2350 1400 1350 50,000 9.3 4.8 oe) oe eR eee 
42092 2350 1400 1350 40,000 249.0 4.1 ae ee. ane 
42004 2350 1490 1350 40,000 140.0 8.5 10.5 0.032 
42004 2350 1400 1350 35,000 363.0 8.1 9.5 0.009 
42004 2350 1400 1350 30,000 2019.0 7.1 10.5 0.00076 
42092 2350 1500 1500 85,000 0.0016 18.0 19.2 ~10,000.0 
42092 2350 1500 1500 80,000 0.0055 18.3 21.8 -~3,000 .0 
42092 2350 1500 1500 75,000 0.0061 13.8 17.5 ~1,760.0 
42092 2350 1500 1500 70,000 0.02 11.3 19.6 580.0 
42004 2350 1500 1500 60,000 0.061 10.4 14.8 125.0 
42004 2350 1500 1500 45,000 0.37 8.8 11.3 15.0 
42092 2350 1500 1500 40,000 awa 5.5 9.4 1.7 
42004 2350 1500 1500 34,000 7.9 6.4 Rear aaae  . 2 
42004 2350 1500 1500 30,000 24.8 5.0 7.5 0.15 
25,000 112.0 4.0 9.6 0.01 


42004 2350 1500 1500 








All the failures at the very short times were normal and similar in 
behavior to the longer-time tests, in our best judgment. The great- 
est difficulty occurred when the ductility of the alloy was extremely 
high, since, in these instances, it was difficult to lower the load 
support at a rate faster than the extension of the specimen. 

The individual tests are listed in Table II, along with the solu- 
tion treatment and aging treatment. 


Test RESULTS 


Fig. 1 shows the plot of log stress versus log rupture time at 
temperatures from 1200 to 1900 °F (650 to 1040 °C) for alloy S-590. 

Fig. 2 shows the same data replotted according to the semi-log 
method of linear stress and the log of.the rupture time. 

Figs. 3 and 4 show similar graphs for alloy S-816 at test 
temperatures of 1200 to 1500 °F (650 to 815 °C). 

Figs. 5 and 6 are log-log and semi-log plots for alloy S-590 of 
stress against minimum creep rate, where the minimum creep rate 
is the average minimum rate during the second-stage portion of the 
stress-rupture curve of elongation versus time. Points at low stresses 
in creep tests are also included to extend the stress-rupture data. 
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Fig. 2—Stress Versus Log Rupture Time Plot for Alloy S-590, 
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Figs. 7 and 8 are the log-log and semi-log plots for alloy S-816 
of stress versus minimum creep rate. 

The reader is cautioned at this point that whole-hearted agree- 
ment with the shape of curves selected is not anticipated. Un- 
doubtedly, there are other choices which may be quite as suitable; 
however, these are the curves which appeared most suitable after 
due consideration, not only on the basis of the points shown here, 
but on the basis of other data which are being obtained on the cobalt- 
base “J” alloy and Monel metal. These latter data are not com- 
plete but do strengthen the conviction that these curves are as good 
as can be selected. 

It is also to be noted that, whereas distinct breaks in the log-log 
plots are shown, these are not necessarily to be interpreted to indi- 
cate a physical or chemical change which is sharply discontinuous. 
Instead, the break is shown partly as a convention and partly to 
emphasize a time-temperature combination at which a change of 
physical or chemical nature has reached its maximum rate of change. 
Actually, a smooth curve could be drawn where the break is shown, 
but this curve would not emphasize a change as well. 

Equally, a series of straight lines might be drawn through the 
points of the semi-log plot. This is not done, because the curves, 
drawn concave down as shown in the figures, show a gradually 
decreasing slope which approaches the zero stress axis asymptotically. 
A change in slope, if straight-line segments were used, would not be 
noticeable, in spite of the fact that microscopic evidence reveals that 
a change is occurring. Accordingly, a smooth curve is drawn 
throughout. 


DISCUSSION OF RESULTS 
Rupture Life 


In examining Figs. 1 through 4, it is quite evident that the data 
from the constant-load stress-rupture test do not permit drawing 
unlimited straight lines on either the log-log or semi-log basis. 

On the log-log basis, Figs. 1 and 3, extensive straight-line por- 
tions do appear to be applicable, but the total curve may be composed 
of two, three, or more straight-line portions. For example, in Fig. 1, 
at 1350° F (730°C), two straight-line portions best fit the points, 
while at 1500 °F (815°C), from an analysis of the data, definitely 
two and very probably three portions are required. At the other 
temperatures two or three straight-line portions also seem to fit the 
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points. Some of these straight-line portions cover a time range of 5 
or 6 time cycles, and cannot be drawn other than as straight lines. 

It is interesting to examine these breaks in the curves for time- 
temperature relationships, and to try to determine the nature of the 
instability which causes the break in the curve. In general, these 
instabilities may be any one or more of the following, and some have 
been definitely established in individual cases by other investigators 
(5, 6): 

a. Change from typical low-temperature-type deformation to 
high-temperature-type deformation. This is evidenced by the change 
from slip flow, strain hardening, and transcrystalline failure to es- 
sentially slipless flow, annealing, and intercrystalline fracture. 

b. Oxidation and corrosion. 

c. Overaging, agglomeration and resolution of a precipitate. 

d. Other structural changes such as recrystallization, with or 
without grain growth. 

e. Phase changes, the formation of the sigma phase, etc. 

The various breaks in the curves do fit a time-temperature 
behavior pattern as can be seen (from Fig. 1) in Figs. 11, 13 and 14. 

Microscopic examination of the fractured specimens shows that 
the series of breaks ABC is due to the change from strictly plastic 
deformation (slip), accompanied by transcrystalline failure, to the 
high-temperature-type deformation, or quasi-viscous flow with in- 
creasing amounts of deformation in the grain boundary region, 
accompanied by intercrystalline failures. This transition in the type 
of fracture is not sudden, but the change is readily noted by examin- 
ing and comparing fractured tests to the left and to the right of ABC 
in Fig. 1. Such fractures are shown in Fig. 9. At a rupture time 
immediately to the right of point ABC, a failure which begins at a 
grain boundary diminishes the cross section of the test bar, increases 
the stress (and strain rate) and thereby causes the bar to fail the rest 
of the way by transcrystalline means. This might make it appear that 
the failure was transcrystalline; however, the mere presence of fre- 
quent grain boundary cracks at the surface of the specimen in these 
instances indicates the transition to high-temperature-type deforma- 
tion and failure. Fig. 10 shows both grain and grain-boundary 
cracks. 3 


The second series of breaks in the curves, points MNOP, is 
attributed to the start of overaging, with a resultant loss of strength 
through growth of the precipitate to a size greater than the optimum. 


- 
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Fig. 9a—S-590, Ruptured after 0.016 Hour at 75,000 Psi and 1350°F. Transcrystal- 
line failure. Electrolytic ammonium hydroxide etch. X 100. 

Fig. 9>—S-590, Ruptured after 29.9 Hours at 60,000 Psi and 1200°F. Intercrystal- 
line fracture. Electrolytic ammonium hydroxide etch. XX 250. 


It is quite definite that damage from oxidation has not yet become 
important for the time-temperature combinations denoted by the 
points MNOP. As in the case of the breaks ABC, the breaks 
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Fig. 10—Alloy S-590, Ruptured in 1.9 Hours at 50,000 Psi at 1350°F. Fractures 
start intercrystalliné and change to transcrystalline as cross section is diminished. Elec- 
trolytic NHsOH. XX 250. 


MNOP are shifted to shorter times with increasing temperature, 
as is seen in Fig. 11. 

A third set of breaks is indicated by point Y, at 1900 °F 
(1040 °C). The tests have not been run long enough at 1700 °F 
(925°C) to note this break, but the instability would be detected 
at 1800 or 2000 °F (985 or 1095 °C) at rupture times of less than 
100 hours. This type of instability, from an examination of the 
microstructure of failed bars, is probably due to one or more of 
several co-existing instabilities. Oxidation is becoming an important 
factor. ‘Decarburization can be noted at the intercrystalline cracks. 
Agglomeration and resolution of the precipitate is taking place at a 
finite rate. An X-ray diffraction sufvey of the intermetallics sep- 
arated electrolytically from the 1900 °F (1040 °C) test, which had a 
rupture time of 81.3 hours, shows about equal amounts of the 
carbide CbC and M,C (where M is Mo or W combined with Cr). 
The carbide-type M,C was not detected at shorter times or lower 
temperatures. In the solution-treated and in the solution-treated 
and aged conditions CbC only can be detected. Thus, beyond 


a 
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point Y at 1900 °F (1040 °C), and at lower temperatures for longer 
times than shown in Fig. 1, it is evident that any one of several 
instabilities of unknown relative magnitude can affect the course of 
the rupture curve. The rates of chemical and physical change are 
so great that it is difficult to determine the most serious one. One 
might expect that shorter and shorter straight-line portions would 
thus be applicable to fit the test points at 1900°F (1040°C) and 
higher at progressively longer times. 

Since temperature is the most powerful force, a series of rupture 
tests at short times, from 0.001 to about 100 hours, over a wide 
temperature range, yields data on the time-temperature instabilities 
which might be extrapolated to longer times at lower temperatures, 
as is done in Figs. 11, 13 and 14. By being able to extrapolate the 
instability points, such as ABC or MNOP, one gains confidence 
regarding such extrapolations if the points (3 or more) fit a straight 
line or a reasonably smooth curve. By limiting tests to a maximum 
of about 100 hours, but starting at 0.01 or 0.001 hour, it is possible 
to cover 4 to 5 log cycles of time in which to detect the instabilities. 
These instabilities are as similar and real at 1700°F (925°C) at 

2 hour, for example, as they are at 1400°F (730°C) at 30,000 
hours (see curve MNOP, Fig. 11), and can be detected or predicted, 
provided a sufficiently wide range of test times and temperatures 
is examined. 

To examine the usefulness of the premise that rupture tests from 
about 0.001 to about 100 hours at 5 or 6 temperatures can be used 
to predict curves on the log-stress versus log-rupture time plots at 
other temperatures, and to predict extrapolated rupture performance 
at the lower temperatures, the following steps were followed: 

1. The instability points ABC and MNOP of Fig. 1 were 
plotted in Fig. 11 and the resultant curves were extrapolated to 
1000 and 1900 °F (540 and 1040°C). There are still insufficient | 
points to determine an absolute curve, but close predictions are 
nevertheless possible. 

2. The slopes of the various straight-line portions of each 
curve in Fig. 1 were plotted against the test temperature in Fig. 13. 
The extrapolation of these curves gave values of the slope for each 
straight-line portion at 1000 and 1900 °F (540 and 1040 °C). 

3. The 10,000-hour rupture life intercept of these same straight- 
line portions of each.eurve were plotted against the test temperature 
in Fig. 14, and values were extrapolated to 1000 and 1900 °F. 
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Fig. 11—Plot Showing Extrapolation of Instability 
Points from Fig. 1. 
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From these data it is possible to construct the predicted curves 
at both 1000 and 1900°F (540 and 1040°C). These are shown 
in Fig. 1 as dotted lines. At 1900 °F (1040 °C) the curve based on 
experimental points lies parallel to the predicted curve with but a 
slight offset. The instability point at 1900°F (1040°C) was pre- 
dicted from the values obtained only in Figs. 13 and 14, because the 
MNOP curve in Fig. 11 was expected to swing away from a straight 
line toward the melting point of alloy S-590. Thus, since only two 
of the three figures, 11, 13 and 14, are necessary to predict the curve 
at another temperature, the third figure acts as a check on the 
accepted values. 

At 1000 °F (540 °C) the only check on the predicted curve is a 
short-time tensile value. Since the tensile strength is not seriously 
affected by the time of test when the metal fails in the transcrystalline 
fashion, this value is a good check on the curve to the left of point A’. 
Six minutes (0.1 hour) was taken as the test time. The tensile 
strength, which is 130,000 psi, falls slightly above the predicted curve 
which shows 125,000 psi. 

Point A’, which is the estimated time at 1000 °F (540 °C) where 
transition to intercrystalline failure occurs, is probably a conserva- 
tive value, since it is based on a straight-line extrapolation of curve 
ABC in Fig. 11. This curve is probably more parabolic in shape. 

Also, from Fig. 11, it is possible to predict that overaging 
(based on the extrapolation of curve MNOP) will not occur 
at 1200°F (650°C) in song about 1,000,000 hours, and 
will not occur at 1350 °F (730 in less than about 100,000 hours. 
This signifies that the 1350 °F oe °C) curve in Fig. 1 can be 
extrapolated as a straight line out to 100,000 hours with reasonable 
safety. With decreasing temperature the curves of Fig. 11 should 
become asymptotic to some temperature at which these various 
‘ instability reactions would not occu. in finite time. 

Overaging at 1500 °F (815 °C) is shown to occur at less than 
1000 hours (point M). This is the result of aging at 1500 °F 
(815 °C) both during and prior to testing. If alloy S-590 had been 
aged at 1350 °F (730 °C) instead. it is felt that the overaging insta- 
bility would not have occurred so soon. It is unfortunate that the 
Allegheny Ludlum work wa: done on test bars aged at 1500°F 
(815 °C) instead of at 1350 or 1400 °F (730 or 760 °C). 
| Point Y at 1900°F presents only one point by means of which 
a similar instability can be vrecic: ° at lower temperatures. At 
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Fig. 12a—S-590 after a Rupture Life of 228 Hours at 2500 Psi at 1900°F, Showing 
Outside Rim of Specimen Just above Fracture. Note oxide skin and decarburized zone. 
X< 250. 


Fig. 12b—S-590, Same Test Bar but Removed from Fracture. Note distinctly 
overaged structure showing agglomeration.  X 500. 
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1700 °F (925°C) the instability is not indicated after 500 hours. 
Even this one value, however, yields a measure of assurance in esti- 
mating the minimum time at which one might expect deviations from 
straight-line extrapolations at the lower, useful temperatures. An 
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—— Curvell-Slopes between ABC a MNOP 
Curve Il -Slopes between MNOP @& XY 





Slope - Degrees From Horizontal 





800 i000 1200 1l400 i600 1800 2000 2200 
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Fig. 13—Plot of Slopes of Straight-Line Portions from Fig. 1. 


estimated line “XY” (Fig. 11) is shown, and it is expected to have a 
slope parallel or less steep than line MNOP, but similar in shape. 

This is admittedly an empirical approach to the problem of uti- 
lizing short-time test data to predict long-time performance, but it is 
based on the well-known fact that metals do exhibit time-temperature 
stability or instability relationships, which, in the absence of sharp 
phase transformations, follow a smooth behavior pattern, as does 
grain growth, oxidation, or aging. 
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Fig. 3 shows the same general curve shapes and instabilities up 
to 1500°F (815°C) for alloy S-816. In order to determine the 
long-time behavior characteristics of alloy S-816 at 1200, 1350 and 
1500 °F (650, 730 and 815 °C), instead of running additional long- 
time tests at these temperatures, a series of tests to give rupture times 


Curve! - Slopes to Left of ABC 
15010 Curve I-Slopes between ABC & MNOP 
Curve II -Slopes between MNOP a XY 
x A o-Rupture Data 
100 ©-Short Time Tensile Data ——— 


N 
oO 


wo fA 
o Oo OO 


nm 
Oo 


° 











Stress For |OOOO Hr. Rupture Life - |\OOOpsi 
N 








600 800 1000 «61I200-)~=«61400-~=«61600-~—Ssos18000 2000 
Temperature °F 


Fig. 14—Plot of Stress for 10,000 Hours Rupture of Extrapolated Straight- 
Line Curves Versus Temperature. 


of 0.001 to about 100 hours at 1600 to 1900 °F (870 to 1040 °C) 
will give that same information and a great deal more at a much 
smaller expenditure of time, money and effort. As a matter of fact, 
10 tests at each temperature can be run at 1600, 1700, 1800 and 
1900 °F (870, 925, 980 and 1040 °C), if the longest rupture times 
are not over 100 to 200 hours, in much less time than it takes to run 
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one 5000-hour test at 1200 to 1500 °F (650 to 815 °C) utilizing the 
services of only one rupture test stand in either case. 

Unpublished work presently under way at M.I.T. on Monel 
metal is bearing out these results, but the complete data are not yet 
available for publication. 

An examination of Figs. 2 and 4, which are the semi-log plots 
of stress versus rupture time for alloys S-590 and S-816, indicates 
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Fig. 15—Best Straight-Line Plot of Stress Versus Log Rupture Life for Rupture 
Times of 1 to 1000 Hours to Check Rate Process Stress-Rupture Equation. Dotted 
curves are calculated. 


that a straight line of significant length cannot be fitted readily to 
the points. Straight-line portions of short length can be drawn, but 
it is fairly obvious that continuous curves are more applicable beyond 
the point where grain boundary, high-temperature-type failure occurs. 

Based on inadequate data on alloys S-816 and N-155 (plotted 
on a semi-log basis), Machlin and Nowick (4), using Eyring’s chem- 
ical rate theory, suggested that stress-rupture is a rate process, and 
that the rate process stress-rupture equations obtained should be 
used to interpolate and extrapolate data. 
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Following the method of Machlin and Nowick, the best straight 
line was drawn through all the points in Fig. 1 for rupture times 
of 1 to 1000 hours (the normal rupture time range in American 
practice) at temperatures, first of 1200 through 1700°F (650 
through 925 °C) [to permit interpolation of the 1900 °F (1040 °C) 


-—-— 1200 to |700°F Values 
—— 1350 to I900°F Values 
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Fig. 16—Plot of ‘‘D Versus Temperature” for Rate Process 


Stress-Rupture Equation. 
curve], and then at temperatures of 1350 to 1900°F (to permit 
interpolation of the 1200 °F curve). In each case this gave 5 points 
(compared to 4 by Machlin and Nowick). The points and the best 
straight lines are shown in Fig. 15. From these curves values of 
‘“__T)” and “T log t;” were obtained to satisfy the equation 
_A+BT—De 
T 


log tr 


-_ 
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tr — time to rupture 
where @ is the stress to rupture 
T is the absolute temperature ie 
A and B are constants of structure and composition 
ti is time to rupture at zero stress 
The scatter of points for the graphs of D versus T and T log 
t; versus T is very great, and the selected curves through the points 


were influenced by knowledge of which way the curves go. The 
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Fig. 17—Plot of ‘“‘T Log ti Versus Temperature”’ for Rate 
Process Stress-Rupture Equation. 


results are shown in Figs. 16 and 17. The calculated 1200 and 1900 
°F (650 and 1040 °C) curves are shown as dotted lines in Fig. 15. 
It is quite obvious that the above equation does not permit interpola- 
tion or extrapolation of data if single straight lines are fitted to the 
experimental points. 

To try to improve the calculations, two straight lines were 
drawn through the points of Fig. 2 and the calculation was repeated. 
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A somewhat better curve was calculated, but still it was not satisfac- 
tory. Calculated curves based on the above analysis can be obtained 
which do seem acceptable, but this must be done by deliberately draw- 
ing straight-line segments which have decreasing slopes with 
increasing temperature. This becomes more difficult to do with an 
increase in range of rupture times, since the deviation from a straight 
line becomes apparent. As a matter of fact, two straight lines were 
used by Machlin and Nowick for some of their rupture data. 

This brief check on the rate process theory shows that the rate 
process equations are not applicable for the conditions of test pre- 
sented here. It is evident that the values A and B are not true 
constants and that changes are occurring which invalidate their use, 
except over very short ranges of rupture life. An examination of 
Figs. 2 and 4 shows that at very long rupture times, beyond 1000 
hours and at the higher temperatures (very low strain rates), the 
curves assume slopes approaching straight lines. It is possible that 
under these conditions, which are indicative of almost purely viscous 
behavior, the rate process equation might find application. 

From a practical viewpoint, one of the major inadequacies of 
the semi-log method of plotting rupture data for extrapolation is 
that whereas visual and microscopic examination reveal structural 
and chemical changes to be occurring, the slope of the curve is con- 
stantly decreasing at a uniform rate. This obscures evidence of 
changes which even straight-line portions do not help to reveal. 
The double-log method, on the other hand, does emphasize the exist- 
ence of such changes, and therefore shows the stability or insta- 
bility of a material as a function of time, temperature, and stress. 

Comparing the S-590 and S-816 curves shown in Figs. 1 and 3, 
it is interesting to note that the curves are almost exact duplicates 
and can be made to match by shifting the S-590 curves upward. 
The discontinuities occur at about the same times but at lower 
stresses for S-590. 

Minimum Creep Rate 


Figs. 5 through 8 show the log-log and semi-log plots of stress 
versus minimum creep rate for alloys S-590 and S-816. Of great 
interest is the general similarity of the shapes of the curves obtained 
on the rupture life graphs and on the minimum creep rate graphs 
for each alloy. The semi-log plots show approximately the same stress 
at a given temperature for the transition to intercrystalline fracture. 
This is real evidence that the time, temperature, and stress combina- 
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Fig. 18—Plot of ‘“‘True Elongation’’ Vetsus Rupture Time. Note inconsistency 
of total elongation values (crosses above). 
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tion controls not only the transition from transcrystalline to inter- 
crystalline fracture but also the mode of deformation, from plastic 
to plastico-viscous flow. The log-log curves also show this change 
in that the stresses at the instability points ABC are the same in 
the rupture life and minimum creep rate curves. 

The transition MNOP does not show up as well in the plot of 
stress versus minimum creep rate. The reason for this is that the 
minimum creep rate can be determined in the constant load tests 
to a great extent before the full effects of oxidation and overaging 
exert their force. These instabilities thus affect the rupture 
life to a much greater extent than they do the measured minimum 
creep rate. Figs. 5 and 7 indicate that very extensive straight-line 
portions fit the experimental points of the log-log plots after the 
ABC-type transition. In Figs. 6 and 8 the semi-log values again 
appear to suit a gradual curve better, although several shorter 
straight lines might be used. 

The use of minimum creep rates determined on short-time creep 
tests (up to about 2000 hours) in conjunction with minimum creep 
rates measured from rupture tests show good agreement, the agree- 
ment being better for S-590 than for S-816. S-816 shows a change 
of slope, but this is caused less by a material instability than by 


a. The inability to measure creep rates accurately with stress- 
rupture equipment. 


b. Insufficient test time in creep at the low stresses to attain 
a true minimum creep rate. 


An effort was made to apply the equations developed by Dush- 
man, Dunbar and Huthsteiner (7) based again on the Eyring theory. 
No particular success can be reported and accordingly the analysis 
is not presented here, but will be discussed in a later paper when 
more data are available on a simpler alloy. 


Ductility 


The utilization of ductility—particularly the elongation—from 
stress-rupture tests has been considered as being of great importance 
but has been too incompletely understood to be of significant value. 
All too frequently the shape of the curve obtained by plotting elonga- 
tion versus rupture time has been a puzzling sight. Accordingly, it 
seemed necessary to find some value of elongation which might be 
more significant and more useful. After various attempts, the curves 
in Fig. 18 were obtained by plotting the first plus second-stage elon- 
gation versus rupture time. This value of ductility is called the 


- 
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Fig. 19a—S-590 Ruptured after 229 Hours at 2500 Psi at 1900°F. Note oxidized, 
decarburized zones where grain boundary separation has occurred. X 10. 


Fig. 19b>—Same Specimen Showing Extensive Intercrystalline Fractures. Electro- 
lytic NHsOH. X50. 


“true creep elongation”. After examining many of the ruptured test 
bars, it became evident that the third-stage elongation was a highly 
variable quantity when fracture was of the grain-boundary type. 
This is due to a great extent to the grain-boundary separation which 
occurs in the third stage of creep. Chance determines whether the 
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cracks will all occur across one cross section or will occur through- 
out a greater length of the specimen and thereby produce high total 
elongation in the latter case. The intensity of crack formation is 
readily seen in Fig. 19. 

This third-stage crack formation need not have a great effect 
on the total rupture life nor on the minimum creep rate, since the 
third stage of creep is of relatively short duration. 

From Fig. 18 it is obvious that the “true elongation” decreases 
with increasing rupture time or decreasing strain rate, whereas the 
total elongation may or may not. The “true ductility” does,-in fact, 
behave as would be expected from experience. The true ductility, 
furthermore, is the ductility which is useful to designers, since, 
beyond the “true elongation”, failure may occur in an unpredictably 
short time. 


CONCLUSIONS 


Through the use of constant-load stress-rupture data covering a 
range of test times from 0.001 hour (3 seconds) to 26,000 hours at 
six test temperatures from 1200 to 1900°F (650 to 1040 °C), it 
has been possible to make the following conclusions : 

1. Neither the log-log nor semi-log plots of stress versus rup- 
ture time or stress versus minimum creep rate yield unlimited 
straight lines which can be extrapolated. 

2. The log-log plots of the points yield extensive straight-line 
portions, the intersection between straight lines denoting instabilities 
of various types, depending on the time, temperature, and strain rate. 
These instabilities may be identified in most instances and can be 
plotted to predict instabilities at other temperatures. | 

3. It is possible not only to predict the rupture time versus 
stress curves at other temperatures but also to extrapolate rupture 
data into the long-time rupture ranges at lower temperatures by 
obtaining test data over 5 or 6 temperatures for test times of from 
0.001 to about 100 hours. : 

4. Rupture data, plotted on the semi-log basis through which 
straight lines are drawn, cannot be interpolated or extrapolated 
through the use of reaction rate equations developed for stress- 
rupture. 

5. Minimum creep rate data from both rupture and creep tests 
permit having more extensive straight-line curves on the log stress 
versus log minimum creep rate plots than on the rupture life plots. 
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On the semi-log plots, a smooth curve which approaches a straight 
line fits the points best. 


6. A value of “true elongation’, which is the elongation during 
first and second-stage creep, shows a logical and uniform relationship 
to the rupture time for each particular temperature. The scatter of 
data is very much less severe than when plotting total elongation or 
reduction of area against rupture time. 


ACKNOWLEDGMENTS 


The authors express their gratitude to the Bureau of Ships, Gas 
Turbine Section, for support of this program and for permission 
to publish the results. Thanks are also extended to Mr. Ralph 
Kimble and Mr. E. LaRocca for their assistance in preparing test 
bars and rupture tests. We are grateful to Doctor Gunther Mohling 
of The Allegheny Ludlum Steel Corporation for supplying us with 
unlimited amounts of the alloys and for permission to use long-time 
tests obtained at his laboratory. 


References 


1. A. E. White and C. L. Clark, “Influence of Grain-Size on the High Tem- 
perature Characteristics of Ferrous and Nonferrous Alloys,” 

ACTIONS, American Society for Metals, Vol. 22, 1934, p. 1069. 

2. A. E. White, C. L. Clark and R. L. Wilson, “The Rupture Strength of 
Steels at Elevated Temperatures,” TrRANSAcTIONS, American Society 
for Metals, Vol. 26, 1938, p. 52. 

3. Samuel Glasstone, K. J. Laidler and Henry Eyring, “The Theory of Rate 
Processes,” McGraw-Hill Book Co., Inc., New York, 1941. 

4. E. S. Machlin and A. S. Nowick, “Stress Rupture of Heat Resisting 
Alloys as a Rate Process,” Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 172, 1947, p. 386. 

5. C. L. Clark, A. E. White and G. J. Guarnieri, “A New Application for 
the Short-Time High Temperature Tensile Test,” TRANSACTIONS, 
American Society for Metals, Vol. 26. 1938, p. 1035. 

6. R. H. Thielemann and E. R. Parker, “Fracture of Steels at Elevated 
Temperatures After Prolonged Loading,” Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 135, 1939, p. 559. 

Saul Dushman, L. W. Dunbar and H. Huthsteiner, “Creep of Metals,” 
Journal of Applied Physics, Vol. 15, 1944, p. 108. 


TRANS- 


“J 


DISCUSSION 


Written Discussion: By G. B. Wilkes, Jr.., 
General Electric Co., Lynn, Mass. 

Messrs. Grant and Bucklin should be commended for doing an excel- 
lent job on what obviously was a long and tedious task. Their work 
brings out three points that can stand further emphasis. First, it would 
appear that they settle the question of how to plot stress-rupture data 
in favor of the log-log plot, since it gives straight lines rather than curves. 
Second, they demonstrate experimentally that short-time high-tempera- 
ture tests may be used in estimating, with better accuracy, long-time low- 


metallurgical engineer, 
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temperature data. There appears no reason why this method should not 
apply also to minimum creep rate data. For some time, theory has pre- 
dicted that this should be possible; the experimental proof now opens the 
way to obtaining better high-temperature data in less time for the use of 
design engineers. 

The third point is the introduction of the term “true elongation” 
which achieves two useful ends. It minimizes the extremely large scatter 
in total elongation values obtained after failure in stress-rupture tests. 
This scatter has made extrapolation of ductility data impossible. In addi- 
tion to evaluating ductility in what appears to be a much more consistent 
manner, the “true elongation” is a figure that can be used directly by 
design engineers. It would seem better to define it, however, as the total 
plastic strain to the inflection point rather than total primary plus 
secondary creep, the reason for this being the fact that more and more 
experimental as well as theoretical evidence points toward the existence 
of secondary creep only as a measuring error. Without necking, cracking, 
or metallurgical change, the slope of a creep curve should asymptotically 
approach zero. The onset of necking or cracking should reverse this, 
giving a creep curve of steadily increasing slope. Metallurgical change 
during test could affect the curve either way, depending on whether it 
was strengthening or weakening. In any case, the existence of a truly 
straight portion of a creep curve seems quite doubtful. 

Written Discussion: By Howard S. Avery, research metallurgist, 
Metallurgical Department, American Brake Shoe Co., Mahwah, N. J. 

This able presentation is a very useful contribution that clarifies con- 
siderably the dangers of extrapolating hot-strength data into the long- 
term range that is pertinent to the service life of most industrial heat- 
resistant alloys. 

Our experience in the American Brake Shoe Company laboratory sug- 
gests that the status shown here, a group of straight lines on a log-log 
plot, is probably the best approximation of the truth. The breaks in the 
straight-line relationship are well known and, since they correspond to 
recognizable changes in structure or surface conditions, they logically fit 
into a broad hypothesis of behavior. They also explain why data some- 
times seem to fit a semi-log plot better; the presence of the break may 
produce two straight lines on log-log coordinates that approximate a 
curve corresponding to a straight line on semi-log paper. 

These breaks sometimes present a serious practical and experimental 
problem. Unless they have been identified and the occurrence of another 
behavior change in the extrapolation period is minimized, the full use of 
the hot strength of an alloy as indicated by conventional tests is difficult, 
and design must include rather large safety factors. This accentuates the 
need for good judgment on the part of engineers designing heat-resistant 
alloy structures and parts. 

It is noteworthy that experimental errors, attributed largely to 
heterogeneity and structural variations in the alloy, may mask both the 
log-log straight-line relationship and the complicating transition points. 
Such variables are quite common in cast alloys, which nevertheless are 
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preferred in many cases because of their superior hot strength. 

The breaks in the log-log plot that are the result of overaging are 
probably time-dependent transitions. Though they may appear in con- 
venient plots as an abrupt change in slope between two straight lines, I 
believe Dr. Grant will agree that a smooth curve connecting the lines is 
reasonable. This will again explain why sometimes semi-log straight lines 
will fit a few data points so well. 

It should be noted that this paper and the data refer to steady tem- 
perature conditions. In the chromium-nickel-iron alloys used for indus- 
trial applications, there is an important change in behavior somewhere 
around 1500 °F (815°C). At 1400°F (760°C) the test data from a steady 
temperature test may be also essentially valid if fluctuating temperatures 
are involved. At 1600°F (870°C) and at 1800°F (980°C) this is no 
longer true. Cyclic temperatures will produce a many-fold higher creep 
rate for a given stress. For some of the common industrial alloys®* a 
safety factor of 10 seems appropriate for 1800°F (980°C) design! 

Fluctuating temperatures have a tendency to agglomerate particles of 
a dispersed phase. Since so many of the heat-resistant alloys depend on 
such precipitates, it seems possible that a relationship between overaging, 
certain transitions that break the log-log straight lines, and the acceler- 
ated creep that is associated with cyclic heating may be developed. Pos- 
sibly cyclic heating pushes the transitions to shorter times. This is com- 
patible with observations that the cyclic effect may be obscured if loads 
are high and test periods short. 

We have also observed that higher temperatures produce prominent 
log-log plot breaks at creep rates considered to be in the stable range at 
lower temperatures. For a commercial cast 26% Cr:20% Ni alloy, mini- 
mum creep rates of about 0.0001% per hour at 1800°F (980°C) (steady 
temperature conditions) seem to be associated with fine precipitated car- 
bides that are stable up to at least 1000 hours. At 2000°F (1095 °C), 
breaks in the log-log plot lines have been observed at rates between 
0.001 and 0.01% per hour, and at 2200°F (1205°C), with rates above 
0.01% per hour. At these higher temperatures, carbide solution, carbide 
agglomeration, oxidation and decarburization are all operating, presum- 
ably at different rates. In this area there is a temptation to conclude 
that straight-line plots are fortuitous and that extrapolation is too uncer- 
tain for practicability. Fortunately, practical utilization of the gas turbine 
alloys generally has been at temperatures low enough to avoid most of 
these complications. As service temperatures are raised, we suspect that 
the problems of structural stability will become more acute and that 
accelerated creep, particularly from cyclic heating, will be troublesome. 
Thus it should be worthwhile to watch for evidence of a relationship with 
the transition points in creep rate that are so well indicated by this paper. 


2Howard S. Avery, Earnshaw Cook and J. A. Fellows, ‘“‘Engineering Properties of 


coun Resistant Alloys,”” AIME Technical Publication No. 1480, Metals Technology, August 
42. 


SHoward S. Avery and Norman A. Matthews, “Cast Heat Resistant Alloys of the 


ot oa 97 Nickel Type,’”’ Transactions, American Society for Metals, Vol. 38, 
o Pe 957. 
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Written Discussion: By B. M. Rosenbaum, National Advisory Com- 
mittee for Aeronautics, Cleveland. 

The experimental data presented in this paper throw additional light 
on the stress and temperature dependence of rupture time and minimum 
creep rate. The conclusion that Eyring’s theory, as applied by Machlin 
and Nowick (Ref. 4), does not accurately predict this dependence in the 
regions examined for the alloys S-590 and S-816 appears to be justified. 

The authors’ method for extrapolating and interpolating is an excel- 
lent technique for predicting the variation in a function of two variables 
possessing abrupt changes in slope. However, the accuracy of the method 
for extrapolating and interpolating stress-rupture data on a log-log plot 
is influenced by the way in which the straight-line segments are chosen. 
Also, extrapolation of the various instability points, the slopes involved, 
and the stresses for 10,000-hour rupture life is apt to lead to appreciable 
error. Interpolation, on the other hand, should yield fairly accurate 
predictions. 

Although the semi-log plot for the two alloys bes not yield a straight 
line throughout the whole regions of interest as was claimed in Ref. 4, 
the theoretical results of this work are not in serious disagreement with 
the data presented here. In order to compare the experimental and 
theoretical results in question, it is necessary to review the work of 
Machlin and Nowick. In another reference* an expression was derived 
which predicted that a plot of the log of minimum creep rate against 
stress for a given temperature would be linear for pure annealed metals, 
provided no changes in phase occurred. In Ref. 4, based on limited 
stress-rupture data which indicated approximate linearity for the case of 
alloys, Eyring’s theory was applied to stress rupture for several high- 
temperature alloys and was found to be in fairly good agreement with 
such data. Because application of the same theory resulted in similar 
predictions for both creep and stress-rupture phenomena, that is, the 
linearity of the semi-log plot, one would naturally expect that if the 
theory agrees with experiment in any region for one of the phenomena, 
then it should agree in the same region for the other phenomena. In 
other words, if a semi-log plot of minimum creep rate data yields a 
straight line in a certain region, a straight line should also be obtained 
throughout this region when plotting stress-rupture data semi-logarith- 
mically and vice versa. Figs. 2, 4, 6 and 8 show this to be true. 

In addition, it was stated in Ref. 4 that the derived equation relating 
rupture time, stress, and temperature no longer holds when the material 
undergoes any structural change, for such a change would produce cor- 
responding changes in the values of the equation’s parameters A, B, and 
D. It was apparently assumed that the aging, oxidation, and other struc- 
tural changes that take place during a test would either be small in effect 
or occur at such a rate that approximate linearity of the semi-log plot 
would be maintained in the region from 1 to 1000 hours’ rupture time. 
However, as shown by the graphs in this paper, this assumption proves to 


*A. S. Nowick and E. S. Machlin, ‘‘Quantitative Treatment of the Creep of Metals by 
Dislocation and Rate-Process Theories,” NACA Report No. 845, 1946. 
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be in error and the theory holds true only over those rupture times during 
which no appreciable structutal change presumably occurs. It would also 
be expected, from this line of reasoning, that if equilibrium of the alloy 
structure is reached before rupture, that is, for very long stress-rupture 
times, the semi-log plot would again become linear. These expectations 
are verified by the present paper. 

Because the authors state that the breaks in the semi-log curves cor- 
respond approximately to the transition from transcrystalline to inter- 
crystalline fracture, this transition may be taken as the first indication 
that the alloy structure has appreciably changed during test. Eyring’s 
theory therefore appears to hold, as far as the linearity condition is con- 
cerned, in the region for which the fractures are transcrystalline in char- 
acter. An attempt was made without great success to predict by means 
of this theory the straight-line portion of the 1200°F (650°C) stress- 
rupture curve for the alloy S-590 from the data for 1350 and 1500°F 
(730 and 815°C), but it must be agreed that the discrepancy found can 
be due to the obvious inadequacy of the data in these regions. 

The paper very clearly shows a need for further experimental and 
theoretical work on stress-rupture and creep phenomena, and the results 
presented should prove a valuable guide to future development of the 
theory. 

Written Discussion: By D. J. Blickwede and Paul Shahinian, Naval 
Research Laboratory, Washington, D. C. 

Dr. Grant and Mr. Bucklin have presented a very interesting and 
thought-provoking analysis of the stress-rupture test. We too have 
found that graphs of the logarithm of the rupture time versus the log- 
arithm of the initial applied stress provide the most satisfactory method 
for summarizing stress-rupture data. _However, the authors carry the 
applicability of such graphs beyond a mere summary of data to a method 
for predicting long-time rupture performance based on the graphical 
location of the intersections of straight lines drawn through short-time 
high-temperature data. We concur that breaks in log-log plots of stress- 
rupture curves do occur and that they are probably due to one or more 
of the instabilities listed on page 734. However, we would like to inquire 
in more detail about the experimental basis for some of the correlations 
of these instability points. For example: 

1. Considerable emphasis is placed on very short-time test results 
(less than 5 seconds). However, it is mentioned that about 2 seconds 
was required for the full load to be applied to the specimen. Was the 
loading time subtracted from the total time to rupture to obtain the 
values reported in Table Il? If not, this uncertainty could change the 
slopes of the initial portions of the curves to smaller values. This factor 
and the general scatter in the data for S-590 at 1200 and 1350°F (650 
and 730°C) might make it difficult to draw two straight lines through 
the points in Fig. 1 at these temperatures. Thus the breaks A and B 
could possibly be shifted to longer or shorter times. Indeed, by replotting 
the data in Table IL on expanded coordinates, we locate points A and B 
at 79,000 psi—1 hour, and 70,000 psi—0.035 hour, respectively. 
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2. The data for tests on S-590 at 1500°F (815°C) may be plotted 
as a straight line up to 1000 hours very ficely. In other words, the 
break “C” might not exist. This in turn would make the reality of point 
D very doubtful. 

3. Since points C and D might not exist and the actual coordinates 
of points A and B are uncertain, there is little justification for the straight 
line ABCD drawn in Fig. 11. Perhaps the authors have checked by now 
their predicted point, A’, at 1000°F (540°C) or have conducted additional 
tests at 1100°F (595°C), which would help make the correlations more 
convincing. 

4. The break at point “M” in the stress-rupture curve for S-590 at 
1500 °F (815°C) is based in part on results obtained from two different 
heats. Have the authors made tests with the M.I.T. heat to check the 
slope of this curve in the range 1000 to 10,000 hours? The data for 
5-816 at 50,000 psi and 1350°F (730°C) in Fig. 3 indicate that variations 
in rupture time from heat to heat can be quite significant. 

5. I believe the authors will acknowledge the fact that prior heat 
treatment has a marked effect on stress-rupture properties. Would this 
not affect the first break in the low-temperature curves, which is attrib- 
uted to a change in the mechanism of flow? If so, the fact that S-590 
tested at 1200 and 1350°F (650 and 730°C) had a prior treatment differ- 
ent from the material tested at 1500 or 1600°F (815 or 870°C) would 
prohibit drawing a continuous line ABCD in Fig. 11. Likewise point M 
in Fig. 11 might not belong on a curve through N and O. 

The correlations made by Dr. Grant and Mr. Bucklin show promise 
as a method for predicting long-time performance of materials from 
relatively few short-time tests. It is hoped that they will more firmly 
establish the method by additional testing in the future. In this regard 
we look forward to seeing their data on monel metal which they mention 
in this paper. 

Written Discussion: By G. V. Smith, Research Laboratory, Uriited 
States Steel Corporation of Delaware, Kearny, N. J. 

It has been experimentally observed by many investigators, but not 
all, that log-log plotting of stress versus time to rupture in constant-load 
creep tests yields one or two straight lines. The first (shorter-time) 
slope of such a plot has generally been associated with transgranular 
fracture, while the second slope has been associated with intergranular 
fracture. So far as I am aware, a third slope has heretofore not been 
reported, even though tests lasting thousands of hours have been made. 
Thus, the engineer has gained confidence in the extrapolation of such 
plots, providing the second slope has been established. 

The authors of this paper suggest that the stress versus rupture- 
time curve “may be composed of two, three or more straight-line por- 
tions”, and offer data interpreted as supporting their viewpoint. They 
associate the changes in slope with certain structural or surface phe- 
nomena such as microstructural changes and scaling as well as with 
change in mode of deformation and fracture. Although the authors 
recognize that others may not agree with their interpretation, it seems 
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desirable, especially in view of the far-reaching engineering significance 
of their concepts, to examine critically their data to determine whether 
the interpretation is fully justified; further, to consider the literature 
data, which the authors seem to have ignored, and which, it would appear, 
show that the extrapolation proposed by the authors cannot be generally 
valid. 

In Fig. 1 the authors show three slopes for the data obtained at 1500, 
1600 and 1900 °F (815, 870 and 1040°C), but the slope to point D of the 
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Fig. 20—Variation with Temperature of Time at Change of Slope of the Stress 
Versus Rupture Time Plot.* 


1600 °F (870°C) data does not represent experimental data, as the auth- 
ors indicate by a dotted line. In regard to the 1500°F (815°C) data, 
point C represents an “instability” point for data obtained at M.I.T. on 
one specific heat, while point M represents an instability point obtained 
in another test laboratory on another heat. It has been our experience 
that breaks in the stress versus rupture-time plot may occur at different 
times in different heats of the same nominal composition, and for this 
reason, and possibly also others, may be different in different laboratories. 
It may be significant that one of the circled points for the M.I.T. data 
lies on the extension of the second slope beyond point M, but this may 
possibly be scatter. It is also true that with only slightly more scatter, 
all of the M.I.T. data can be represented by a single straight line, thus 
eliminating point C. The 1900°F (1040°C) data were all obtained at 
M.I.T. on one heat and may possibly be best represented by three dis- 


*Ref. a—A. E. White, C. L. Clark and R. L. Wilson, ‘‘Fracture of Carbon Steels at 
Elevated Temperatures,’”’ Transactions, American Society for Metals, Vol. 25, 1937, p. 863. 
_ Ref. b—R. H. Thielemann, “Some Effects of Composition and Heat Treatment on the 
High Temperature Rupture Properties of Ferrous Alloys,” Proceedings, American Society 
for Testing Materials, Vol. 40, 1940, p. 788-804. 
Ref. c—‘Digest of Steels for High Temperature Service,’’ The Timken Roller Bearing 
Co., Steel and Tube Division, Canton, Ohio, 1946. 
Ref. d—G. V. Smith; E. J. Dulis and E. G. Houston, “‘Creep and Rupture of Several 


Chromium-Nickel Austenitic Stainless Steels,” Transactions, American Society for Metals, 
Vol. 42, 1950, p. 935. 
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tinct slopes, as drawn, although it is also true again that two straight 
lines could be drawn through the data with little change in the scatter. 

In respect to the S-816 data in Fig. 3, the curve at 1500°F (815 °C) 
shows a third slope, but this is based on one point only, which is not out 
of line with the scatter of the second slope; the authors are uncertain 
of this slope as indicated by the dotted line. 

If the foregoing comment appears hypercritical, it is only for the 
purpose of directing attention to the meagerness of the data and to 
emphasize the need for more extensive testing to prove or disprove the 
authors’ interpretation. 

The apparently well-defined relations of the authors’ Fig. 11,° derived 
from Fig. 1, are held to support their interpretation of Fig. 1 and form 
the basis for a proposed means of extrapolation to obtain long-time rup- 
ture strength. However, extensive examination of our own unpublished 
data as well as other data available in the literature has indicated that 
such a well-defined relation must be exceptional.® Fig, 20 of this discus- 
sion shows plots similar to the authors’ Fig. 11 of data from several 
sources. Although some of the curves approximate the form of Fig. 11 
over part of their range, it is clear that on the whole the variation is quite 
erratic. 

In conclusion, I have attempted in this discussion to show that: 

1. Further tests must be made before it can be accepted that more 
than two straight lines are required to represent the plot of log stress 
versus log rupture time, when such plotting does yield straight lines. 

2. The means of extrapolation proposed by the authors whereby the 
long-time creep-rupture characteristics may be determined from shorter 
tests at higher temperatures cannot be generally valid. 

Written Discussion: By Leonard W. Kates, senior engineer, Sylvania 
Electric Products, Inc., Bayside, L. I, N. Y. 

It is interesting to note that if horizontal lines with stresses of 20,000, 
30,000 and 60,000 psi are drawn on the plots of log stress versus log 
rupture time and log minimum creep rate versus log rupture time for 
alloy S-590 (Figs. 1 and 5), and the points of intersection with the creep 
and rupture curves are plotted against the reciprocal of the absolute 
temperature, a straight-line relationship exists. This is shown in the 
included graphs, Figs. 21 and 22. This seems to be the case, in spite of 
the fact that some of the points of intersection fall to the left of breaks 
A, B, C, D, some to the right, and some to the right of breaks M, N, O 
and P (Fig. 1). How do you account for this, particularly in view of the 
fact that breaks A, B, C and D supposedly represent the transition from 
low temperature to high temperature type of failure? 

There are several interesting conclusions that may be arrived at by 
plotting the data as shown in Figs. 21 and 22. For instance, it would 
seem that equations of the form, Creep Rate = Ae", and Rupture Time 

5The curve ABCD possibly should be dotted rather than solid between C and D, since 
D is not an experimental “instability” point. 


®The nicety of the relation is all the more surprising when it is considered that the 
same initial heat treatment was not employed at the different temperatures for the tests 
of Fig. 1. 
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Fig. 21 (Left)—-Log Rupture Life Versus 1/T for Two Different Stresses. Data from Fig. 1. 
Fig. 22—-Log Minimum Creep Rate Versus 1/T for Three Difterent Stresses. Data trom Fig. 5. 


= A’e*’/", are valid for constant stress over the range of temperature and 
stress covered by the data. Inasmuch as this range is rather wide, much 
wider than that usually encountered in stress-rupture testing, use of this 
type of plot leads to the possibility of extrapolation or interpolation with 
a consequent reduction of the number of rupture tests necessary for 
obtaining information over a somewhat more limited range. As an exam- 
ple, if one were to establish rupture curves at two different temperatures 
over a wide range of rupture times, and from such data plot the curves 
of log rupture time versus 1/T for, say, five different stresses, it would 
then be possible by suitable extrapolation or interpolation to draw stress- 
rupture curves over a wide range of temperatures. Such a method would 
have to be applied carefully, however, because a departure from linearity 
would be expected at high temperatures approaching the melting point 
and at lower temperatures considerably below the recrystallization range. 

It is hoped the authors, with the wealth of excellent data that they 
have available, will evaluate this suggested method more thoroughly, and 
compare it to the system of extrapolation that they have outlined in their 
paper. 

Authors’ Closure 


The authors are grateful for the interest shown in their results, and 
for the comments, suggestions and corrections of the discussers. We 
hope that additional data will be forthcoming from other sources, as well 
as from our laboratory, to gain additional knowledge of the general 
applicability of the suggested method for gaging high temperature, long- 
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time metallurgical creep and stress-rupture behavior. It will be particu- 
larly interesting to see how less complex alloys behave under similar test 
conditions. 

We thank Mr. Wilkes for his comments. We hardly feel that the 
final answer to elongation has been shown in our paper. Thus far, it is 
the best measure of elongation we could find from the type of data 
available to us. We need more precise elongation measurement to check 
the usefulness of other deformation limits. 

Dr. Avery’s comments are deeply appreciated. Based on his ex- 
tremely wide experience with heat-resistant alloys at high temperatures, 
it is reassuring to have his general agreement of the noted transitions 
and instabilities. We certainly agree that sharp breaks in the log-log 
plots are more convenient than real, and should continue to be used. It 
is hoped that the same general treatment will be applied to data on creep 
rates to study more closely the existence of transition points. Unfortu- 
nately, our creep rate data were not precise enough to warrant closer 
examination, aside from noting the prominent ABC-type transition in the 
log stress versus log minimum creep rate curves. 

The large effect of fluctuating stress or temperature at certain levels 
definitely calls for additional work, particularly in those alloys where 
structural instability such as carbide precipitation, spheroidization, graph- 
itization, etc., are known to exist. 

Mr. Rosenbaum’s comments are very interesting. Our main objection 
to mathematical analyses which depend on the perfect stability of a 
metal or alloy at high temperatures and high stresses is that such sta- 
bility is nonexistent except for brief periods of time, making such analyses 
of little use. An equation of state concept is therefore only a brief, fleet- 
ing episode in the life of a metal at high temperature. 

We agree with Mr. Rosenbaum, and stated so in the text, that the 
Eyring concept of creep may apply for very low creep rates at the 
extreme end of our long-time test data and beyond our test data. Unfor- 
tunately, these data must be obtained from very long-time ae tests, 
a tedious, thankless task at best. 

We must admit again that the choice of many of the curves as drawn 
is open to some question. Surely we spent much time and thought in 
drawing the selected curves. This is better done when the individual 
test data are available for examination than from an examination of the 
points shown on the various plots. Certainly we hope to recheck this 
technique on other metals, and are doing so presently on monel. Accord- 
ingly, we appreciate the concern of Blickwede and Shahinian and of 
Rosenbaum on this point, but are sure they would have treated the data 
similarly under other circumstances. It was not an easy first attempt 
at a new analytical method of evaluating the stress-rupture test. 

The short-time tests of less than about 10 seconds’ duration are an 
average time from two measurements which included the total test time 
from the first evidence of elongation, and the time at full load. Accord- 
ingly, these times are longer on the average than if only “time at load” 
were used and would actually give a sharper break at the transition ABC 
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than is shown in the curves. We feel safe in this particular factor that 
the data are conservative. 

Dr. Smith suggests the need for more extensive stress-rupture test- 
ing. We thought the data presented in our paper were vastly more exten- 
sive than any previously presented. As a matter of fact, Dr. Smith’s 
Fig. 20 certainly is not based on extensive data; yet he seems satisfied 
to use it to refute the results shown above. 

In his Fig. 20, curves 1, 2, 3, and 8 are quite similar in form to our 
Fig. 11; the others are not, but we hardly believe that this constitutes 
either proof or lack of proof of the validity of our results. We personally 
do not know how significant Fig. 20 might be. For example, this figure 
pretends to tell us that SAE 1015 steel (curve 1) has a higher transition 
temperature (transcrystalline to intercrystalline failure) than 18-8 tita- 
nium and 18-8 columbium (curves 7 and 8). This is hardly to be expected. 
It really appears that the data used to make up Fig. 20 ought to be re- 
examined more critically to be sure that the transitions are actually the 
ABCD type shown in our paper. In low carbon, low alloy steels, oxida- 
tion and other instabilities begin to become effective in the same time- 
temperature zone that the transcrystalline to intercrystalline transition 
occurs. 

Furthermore, nowhere in the test of the paper was the suggestion 
made that this analysis is “generally valid” for all metals or for all metals 
in various states of heat treatment or preparation, as Dr. Smith infers. 
This work, we hold, is valid for alloy S-590 in the solution-treated and 
aged condition. How it holds for a 1015 steel, or other low alloy steels, 
is not known. We hope someone will determine this; surely Fig. 20 is 
not the answer. 

The curves shown by Mr. Kates are difficult to explain in a few brief 
sentences. The 20,000-psi curve in Fig. 21 should show some discontinuity 
between 100 and 1000 hours, and the 60,000-psi curve between 0.01 and 
1.0 hours. Neither one does, and we must presume that the changes in 
slope in Fig. 1, at each transition, are sufficiently small to prevent detec- 
tion of such breaks by the 5 points shown at 20,000 psi or by the 4 points 
at 60,000 psi in Fig. 21. 

The 30,000-psi curve should be a straight line free of discontinuity, 
since all the points are within a similar time-temperature-strain stability 
field for each temperature. The scatter of points for this line, which is 
expected to be straight, is as bad as the scatter for the other curves where 
breaks in the curves are expected. This gage of sensitivity would indicate 
that the data are just not precise enough for detecting break in the curves 
for alloy S-590, which is a relatively stable alloy under the circumstances. 

We might add that in drawing similar curves for monel metal, we 
have found distinct breaks, since the changes in slope for the log stress 
versus log rupture time curves are much greater at the discontinuities 
than for alloy S-590. 





THE CRYSTAL STRUCTURES OF METALLIC URANIUM 
By CuHar_Les W. TUCKER, JR. 


Abstract 


Uranium metal exhibits three crystalline forms before 
melting at 1133 °C (2071°F). The alpha phase is stable 
up to 660 °C (1220 °F). It crystallizes in the orthorhom- 
bic system with space group Dik and a, = 2.852A, bo = 
5.865A, co = 4.945A. Its structure may be regarded as 
being formed by the stacking of corrugated sheets of 
atoms. The binding within the corrugated sheets appears 
to be largely covalent, thus forming a layer structure 
analogous to that found in the structures of arsenic, anti- 
mony, and bismuth. 

The beta phase is stable between 660 and 760°C 
(1220 and 1400 °F) and its crystal structure is not yet 
known. The structure is complex and appears to involve 
a unit cell much larger and of lower symmetry than the 
alpha phase. 

The gamma phase is stable from 760°C (1400 °F) 
up to the melting point. It crystallizes in the body- 
centered cubic structure with a, = 3.474A at room tem- 
perature. 

Some of the physical properties of the three phases 
are readily understood in terms of their crystal structures. 


RANIUM, the heaviest of the naturally occurring and signifi- 

cantly abundant elements, undergoes, in the metallic state, 
two polymorphic transformations (1)* before melting at 1133 °C 
(2071 °F) (2). The lowest temperature form, the alpha phase, is 
stable up to the first transformation temperature, 660 °C (1220 °F). 
At this temperature it transforms to the beta phase which is stable 
up to the second transformation temperature, 760°C (1400 °F). 
From this temperature up to the melting point the stable form is the 
gamma phase. Since the physical properties of the alpha, beta, and 


1The figures appearing in parentheses pertain to the references appended to this paper. 





The Knolls Atomic, Power Laboratory is operated by the General Electric Research 
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under contract No. W-31-109 Eng-52. 


The author, Charles W. Tucker, Jr., is associated with the Knolls Atomic 
Power Laboratory, General Electric Co., Schenectady, N. Y. Manuscript 
received October 10, 1949. 
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gamma phases are quite different, an elucidation of their crystal 
structures is quite important in understanding these properties. 


THE ALPHA PHASE (STABLE UP TO 660 °C) 


The accepted crystal structure of the alpha phase was determined 
by C. W. Jacobs and B. E. Warren (3) from X-ray powder patterns. 
They found the structure to be orthorhombic with the lattice con- 
stants a, = 2.852A, b, = 5.865A, c, = 4.945A. This unit cell gives 
a calculated density of 19.12 gms/cc, assuming four atoms in the cell. 
From a study of the extinguished reflections and from intensity con- 
siderations, the space group was found to be Di{ with four atoms in 


oh 


the positions (000; 1/21/20) + (Oy 1/4; Oy 3/4) with the param- 





Fig. 1—Orthorhombic Unit Cell of Alpha-Uranium. 


eter y = 0.105 + 0.005. The location of the atoms in the unit cell 
is shown in Fig. 1. The structure has recently been confirmed by 
J. S. Lukesh of this laboratory, using single crystals. 

Examination of the interatomic distances in the structure shows 
that there are two groups of these distances, namely, approximately 
2.8A and 3.3A, as shown in Table I. Due to the rapid increase in 
interatomic forces with decreasing atomic separations, it becomes 
clear that the alpha phase structure may be regarded as being com- 
posed of corrugated sheets of atoms parallel to the a,c, plane in which 
the atoms within the sheets are tightly bound (2.8A separations) 
whereas the forces between atoms in adjacent sheets (3.3A separa- 
tion) are relatively much weaker. The arrangement of the atoms 
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Table I 





Interatomic Distances in Alpha-Uranium Crystal Structure 
Interatomic No. of Times Occurring 
Atoms* Distance in Unit Cell 

1-4, 1’-4’, 2-3, 2’-3’ 2.762A 2 
1-1’, 2-2’, 3-3’, 4-4’ 2.852 2 
1-5, 1’-5, 3-5, 3’-5 

2-5’, 2’-5’, 4-5’, 4’-5"4 3.261 4 
2-5, 2’-5, 1-5’, 1’-5’ 3.322 4 





*The numbers correspond to the atoms as numbered in Fig. 1. 


in one of the sheets is shown in Fig. 2. The orientation of the four 
nearest neighbors surrounding any given atom in these sheets is 
shown in Fig. 3a. It is seen that the angle formed by the central 
atom and two of its neighbors is 180 degrees, while the angle formed 
with the two remaining neighbors is 127 degrees. 


\27° ie joe. 





Fig. 2—Arrangement of Atoms in Corrugated 
Sheet Typical of Alpha-Uranium Crystal Structure. 


The anisotropic nature of the atomic arrangement shown in Fig. 
3a suggests that there may be important vestiges of covalent binding 
here, similar in nature to that found in the crystal structures of 
arsenic, antimony, and bismuth. The binding in these latter elements 
gives rise to layer structures. The interatomic distances within the 
layers (actually puckered sheets) are considerably smaller than the 
distances between the sheets, just as in the case of alpha-uranium. 
Each atom in the puckered sheets has three nearest neighbors so 
arranged that the interbond angles are all close to 90 degrees. Now 
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the electronic structure of these elements is such that the five valence 
electrons consist of two s and three p electrons. Since the three p 
orbitals are known (4) to form covalent bonds at angles of 90 de- 
grees, the puckered layers involving approximately 90-degree bond 
angles are interpreted as being due to important vestiges of covalent 
binding involving the three p orbitals. The two s electrons in these 
metals apparently do not contribute to the directional nature of the 


binding. 


\27° 180° 





(a) (b) 
Fig. 3—Comparison of the Configuration of Atoms in 
the Corrugated Sheets of the Alpha-Uranium Structure (a), 


with the Configuration of Atoms at the Corners of a Trigonal 
Bipyramid (b). 


The occurrence of the anisotropic arrangement of atoms in the 
corrugated sheets of alpha-uranium, depicted in Fig. 3a, cannot be 
explained in terms of covalent binding utilizing the simple atomic 
orbitals directly as in the case of arsenic, antimony, and bismuth. 
However, by -hybridization of the atomic orbitals to form a set of 
equivalent covalent bond orbitals, it is possible to see some connec- 
tion between the arrangement shown in Fig. 3a and a possible con- 
figuration of covalent bonds. Pauling (5) and others have pointed 
out the similarity between the arrangement of Fig. 3a and the con- 
figuration formed when bonds are directed from a central atom to the 
corners of a trigonal bipyramid as shown in Fig. 3b. The essential 
difference between the two is the absence of an atom in the alpha- 
uranium structure at one of the corners of the equatorial triangle. 
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This position, Pauling and others have pointed out, is to be regarded 
as occupied by a pair of electrons analogous to the “inert pair’ of s 
electrons used to explain certain features in the chemistry and 
stereochemistry of the heavier B subgroup elements. Thus of the 
ten electrons involved in such a structure, six would be provided by 
the central uranium atom, while four would be obtained by forming 
shared electron pairs with the four neighboring uranium atoms. 

The credibility of this explanation for the arrangement of atoms 
in the corrugated sheets rests largely on the possibility of forming the 
trigonal bipyramid configuration by hybridization of the orbitals 
actually close together in energy in uranium. While the electron 
configurations proposed for the valence electrons of uranium vary 
from the older configuration of 7s?6d* to the more recent 7s*6d'5f* 
(6), it is possible to understand the properties of the metal more 
readily in terms of the configuration 7s*6d?5f? (in so far as one can 
think of the solid in terms of a single electron configuration). It 
appears, then, that as regards orbital hybridization there are available 
s, d, and f orbitals with the further possibility that the 7p shell is 
relatively close in energy, since some of the low configurations of 
uranium involve a single 7p electron (7). Kimball (8) has deter- 
mined by group theory which combinations of s, p, and d orbitals 
can lead to the trigonal bipyramid arrangement of bonds. This 
has been extended to include the f orbitals. The inclusion of the f 
orbitals greatly increases the possibilities. For example, for con- 
figurations involving an s orbital the number increases from two 
for s, p, d hybridization to twelve for s, p, d, f hybridization. How- 
ever, using the orbitals one expects to be available in the case of 
uranium, there are only three configurations which are relevant, 
namely, spd*, sd*f, and spd*f. Thus it is seen that the trigonal 
bipyramid configuration of equivalent hybridized covalent bonds for 
alpha-uranium is entirely reasonable. However, the occupation of 
one of the five corners of the bipyramid by an electron pair rather 
than by an atom is perhaps less easy to understand in the case of 
equivalent hybridized orbitals than in the case of nonequivalent 
unhybridized orbitals. 

The corrugated sheet arrangement of the atoms in the alpha 
phase structure and the apparent covalent binding found within the 
sheets are reflected in the physical properties of the phase. Thus the 
alpha phase is characterized by a hardness of roughly twice that of 
iron on the Rockwell B scale. The high electrical resistivity of the 
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metal (ca. 30 X 10-* ohm cm at 25 °C) indicates that there are rela- 
tively few free electrons and that the metal may be characterized by a 
nearly full Brillouin zone. Furthermore, the extreme reluctance of 
the alpha phase to form extended terminal solid solutions may be 
regarded as due, at least in part, to the directed covalent nature of 
the binding in the alpha phase. 


THe Beta PHase (STABLE BETWEEN 660 AND 760 °C) 


In spite of a fair amount of attention, the crystal structure of the 
beta phase has not yet been worked out. The reason for this is that 
the structure is more complex than that of the alpha phase and 
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Fig. 4—Schematic Drawing of a High Temperature, High Vacuum 
X-Ray Diffraction Camera for the Study of Uranium at Elevated 
Temperatures. 


appears to involve a larger unit cell of even lower symmetry. Work 
on the beta phase has been devoted to two lines of attack, namely, 
an examination of the X-ray diffraction patterns from the pure metal 
at temperature, and patterns from the metal containing small amounts 
of alloying elements, viz., chromium (9), and quenched from tem- 
peratures in the beta field. 

Work with the pure metal at temperature requires a vacuum 
camera achieving pressures as low as 3X 10°° mm of mercury and 
preferably lower. The need for such high vacua arises because of 
the great chemical reactivity of the metal at elevated temperatures. 
A drawing of a camera capable of achieving temperatures of the order 
of 750 °C (1382 °F) and the desired vacua is shown in Fig. 4. An 
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essential feature of the camera is a 10-mil beryllium sheet surround- 
ing the vacuum chamber. The great fundamental difficulty in work- 
ing with the metal at high temperatures is the very large grain size 
of the beta phase as compared with the alpha phase. As a result 
of this it is difficult to obtain complete diffraction patterns of the 
phase from a single exposure. Enough information has been obtained, 
however, to demonstrate that the high temperature diffraction pat- 
tern of the beta phase and the room temperature patterns of the 
phase retained on quenching low chromium alloys from the beta field 
are essentially the same. This point, however, still contains a certain 
amount of assumption. 

Alloys containing 2 to 4 atomic per cent chromium when 
quenched from 720°C (1328°F) show the retained phase, now 
identified as the stabilized beta phase. While perfectly satisfactory 
diffraction patterns of this phase can be obtained, they have not yet 
been analyzed. The fundamental difficulty is that the patterns exhibit 
such an initially high density of reflections that even a triclinic lattice 
of the usual dimensions is prohibited. Quantitative calculations of 
the absorption factor using the theory of A. Claassen (10) show that 
the absorption is increasing rapidly in the region of the early reflec- 
tions. This leads to the conclusion that the observed beta phase pat- 
tern is truncated by the absorption effect and thus the pattern is 
rendered more difficult to interpret because the low index reflections, 
so important in the analysis of the pattern, are removed by the 
absorption effect. However, from a study of the distribution of 
reflections in the beta phase pattern certain classes of unit cells can be 
removed from consideration and others classified as quite promising 
fields for study. In this manner it was shown that orthorhombic and 
monoclinic unit cells of moderate dimensions but of low symmetry 
were useful fields to investigate. However, the possibility of large 
unit cells of low symmetry in the simpler crystal systems exists, as 
does the possibility of large unit cells in the orthorhombic and mono- 
clinic systems, provided unusually large numbers of reflections pos- 
sess very low intensity but are not actually structurally extinguished. 

A more recent advance was made when A. N. Holden of this 
laboratory succeeded in growing a fairly large crystal of the beta 
phase in an alloy containing of the order of 2 atomic per cent chro- 
mium. J.'S. Lukesh then obtained rotation patterns and a O-level 
Weissenberg pattern from this crystal. These data indicate an ortho- 
rhombic unit cell of the dimensions a, = 7.51A, b, = 15.00A, c, = 


- 


~ 
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5.59A containing 30 atoms. These data are incomplete and are men- 
tioned only to indicate the type of unit cell suggested by the single- 
crystal work. From the 0-level pattern it is clear that there are rela- 
tively few space group extinctions, thus indicating a low symmetry 
structure. 

The X-ray work therefore shows that the beta phase has a large 
unit cell (probably orthorhombic) of a lower symmetry than that of 
the alpha phase. This conclusion is in agreement with the observed 
physical properties of the beta phase which is much harder and more 
brittle than the alpha phase. The problem of the beta phase crystal 
structure does not appear to be insuperable but rather one expects 
that it will yield to analysis by means of the powder and single- 
crystal techniques in the near future. 


THE GAMMA PHASE (STABLE FROM 760 °C To THE MELTING PoINT) 


The gamma phase has the simple body-centered cubic crystal 
structure with an ay = 3.474A (1) at room temperature. This value 
was obtained by linear extrapolation to pure uranium of alloys con- 
taining 17 to 31 atomic per cent molybdenum. This element forms 
extensive solid solutions with the gamma phase and stabilizes the 
phase at room temperature. The lattice parameter given above cor- 
responds to a density of 18.86 gms/cc, thus showing a small density 
increase in going from the gamma to the alpha phase. The physical 
properties of the gamma phase are more nearly like those of the 


common metals, it being considerably softer and more malleable than 
the alpha phase. 


SUMMARY 


Of the three phases exhibited by metallic uranium, the highest 
temperature form or gamma phase (body-centered cubic) is most 
nearly like the common metals, being relatively soft and malleable. 
The lowest temperature form or alpha phase (orthorhombic) shows 
a layer structure of corrugated sheets of atoms. The binding within 
these sheets is stronger than that between sheets and is in this sense 
similar in nature to the structures found in arsenic, antimony, and 
bismuth. The analogy with these metals carries still further in that 
the binding within the sheets is highly anisotropic. The anisotropic 
nature of the binding in the layer structures of arsenic, antimony, and 
bismuth can be traced rather directly to the electronic structure of 
these elements and arises from the directional properties of the p 
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orbitals in covalent bond formation. In the case of alpha-uranium 
the directional properties of the binding appear to arise from 
hybridization of appropriate atomic orbitals to a trigonal bipyramid 
arrangement of covalent bonds in which one of the corners is occu- 
pied by an electron pair rather than an atom. 

The structure of the intermediate or beta phase has not yet been 
worked out, but appears to involve a rather large unit cell of low 
symmetry, probably orthorhombic. 


Several of the physical properties of the various phases are read- 
tly understood in terms of their crystal structures. 
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THE ELASTIC CONSTANTS OF URANIUM 


By Henry L. Laguer, WiLL1aAm E. MCGEE AND 
Myra F. KILPATRICK 


Abstract 


The elastic constants of five specimens of polycrystal- 
line uranium metal of known history have been determined 
by a dynamic method. Young's modulus is 20.5 < 101 
dynes/cm*® (29.7 & 10% psi) with an uncertainty of 1% 
The shear modulus is 8.34 * 1014 dynes/cm?® (12.1 109 
pst) with an uncertainty of 0.5%. The accuracy of these 
measurements 1s limited brinerde by the anisotropy and 
relatively large grain size of the available specimens. 


HE importance of uranium as a nuclear fuel and its present 

availability in pure form made it appear desirable to determine 
its elastic constants by a precision method. This work is a part of 
the fundamental research program on the physical properties of the 
heavy metals now in progress at this laboratory. 


THEORETICAL 


An isotropic material is fully described by two independent 
elastic constants (1). The constants usually chosen are Young’s 
modulus 


F/A _ Stress 








(=— ———— (in elongation or compression ) Equation I 
AL/L ~ Strain 
and the shear modulus 
ae /A _ Stress (in torsion or shear ) Equation I] 
9 Strain 
where F = force applied to specimen, 
A = area over which F acts, 


AL/L = fractional change in length of specimen, and 
= angular distortion of specimen. 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Society, 
held in Cleveland, October 15 to 21, 1949. The authors, Henry L. Laquer, 
William E. McGee and Myra F. Kilpatrick, are associated with Los Alamos 
Scientific Laboratory, Los Alamos, N. M. Manuscript received August 2, 1949. 
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Other often used quantities are Poisson’s ratio 


o — ~._ 1 — Fractional Lateral Contraction 
2u Fractional Longitudinal Elongation 


(of a specimen under terminal tension ) Equation III 


and the bulk modulus or “incompressibility” (Bridgman) 


B— P Pe Stress 
AV/V _ Strain 


where P = pressure, and 
AV/V = fractional change in volume of specimen. 





(in triaxial compression ) Equation IV 


The bulk modulus is the reciprocal of the compressibility, and is 
related to the other quantities in the following manner: 


E 


) : Fe Sree E ti V 
31 —2e) quation 


If the density, p, of the material under investigation is known, 
the velocity of a longitudinal soundwave in an infinitesimally thin 
rod is given by (2) 


n= 2 Equation VI 
p 


the velocity of a longitudinal wave in an infinite (unbounded) 
medium by 


Vi,o— Vi 


|_ les ae aan 
V (1+¢) (1—2¢) 


and the shear or transverse wave velocity by 


Equation VII 


ve= J = Equation VIII 
p 
Since elastic materials propagate periodic disturbances at these 
definite velocities, it is possible to set up standing waves. As usual, 
wavelength, A, frequency, v, and velocity, v, are related by the 
expression 


v=vr Equation IX 


The boundary conditions for a specimen of length L, free at both 
ends, permit a spectrum of wavelengths and, hence, frequencies for 
which there can be resonance whenever 
= 2b 
n 
with n being any integer. For cylindrical specimens of finite radius, 


Equation X 


3. 1 
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r, and length, L, Equation VI does not hold rigorously, but there 
is a gradual decrease in the longitudinal sound velocity with increas- 
ing harmonic number, n. This velocity dispersion is a function of 
Poisson’s ratio, o, as well as of the ratio of diameter to wavelength. 
Rayleigh (3) has given an approximate expression for it: 





Vi,a= J z= (1 —¢") Equation XI 
p 
where 
= Equation XII 


A more rigorous solution of this problem has been undertaken by 
Bancroft (4) who also reports numerical solutions for the normal- 
ized sound velocity, v/vo, as a function of 2r/A = nr/L for a number 
of possible o’s. The shear wave velocity does not exhibit any such 
dispersion, and hence all torsional resonances should occur at exact 
multiples of the fundamental torsional resonance frequency. 


EXPERIMENTAL METHOD 


The stress-strain diagram of uranium exhibits considerable 
curvature even at low stresses, and the linear region is so limited 
that values for the elastic moduli obtained by static methods are 
apt to be low. All dynamic methods for the determination of the 
elastic moduli are based on the measurement of sound velocities 
(Equations VI, VII, and VIII). In this work, the sound velocities 
were obtained by determining the natural resonance frequencies of 
cylindrical specimens of known length L (Equations IX and X).? 
If the natural resonances are quite sharp, there will be no significant 
difference between the frequency of free and of forced oscillations. 
Nor will it be difficult to set the applied frequency to the natural 
frequencies of the specimen once an electronic oscillator of sufficient 
stability and band-spread is available. Fig. 1 is a block diagram of 
the equipment employed. The oscillator, a U. S. Navy test set TS 
535/U, covers the frequency range of 7 to 175 Ke with a precision 
of about one part in 10,000. To make this also the accuracy of the 
measurements, check points are determined near each resonance 





2There has been much recent work in which sound velocities are obtained directly by 
determining the transit time of a supersonic pulse through a specimen of known length. 
Although considerably simpler in its application than the resonance technique, the pulse 
technique is not as adaptable to precision work, since it is much easier to measure frequen- 
cies to one part in 10,000 than it is to measure times of the order of 50 to 500 micro- 
seconds with a similar accuracy. 
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during each run. These check points are obtainable with the aid 
of Lissajous patterns from a Hewlett-Packard Model 100B crystal- 
controlled frequency standard, which in turn has been set to within 
one part in a million against the National Bureau of Standards 
radio station WWY. Since the maximum output from the variable 
frequency oscillator is only 1 volt, it is followed by a Hewlett- 
Packard Model 450A amplifier. This amplifier has a voltage gain 
of 10 or 100, but its maximum undistorted output is 20 volts. The 
transformation of electrical into mechanical vibrations so as to set 






Drive Toe 


Amplifier 






Oscillator 
7-175 Ke 






Voltmeter 


Fig. 1—Block Diagram of Equipment Used. 


the specimen into resonance can be achieved in a number of ways. 
The simplest method is based on the piezoelectric effect exhibited 
by some crystalline substances, such as Rochelle salt, quartz, or 
tourmaline. Rochelle salt has a greater piezoelectric efficiency than 
most of the others. Both expander bars, to set up longitudinal 
vibrations, and torque bimorphs for torsional vibrations are avail- 
able commercially from the Brush Development Company. The 
crystals are furnished with the necessary electrodes attached, and are 
protected against atmospheric moisture by a coating of chlorinated 
rubber. Since the piezoelectric effect operates in either direction, 
the crystals can also be used to produce an electrical indication of 
the mechanical resonance, 1.e., they can serve as pick-up devices. 
The main advantage of Rochelle salt crystals lies in their relatively 
large output; thus at a resonance with an alternating voltage of 
10 volts applied to the driving crystai, the output from the pick-up 
crystal is at least 1 millivolt and sometimes as much as 1 volt. The 
disadvantages of using crystals are that they must be cemented to 
the specimens and that they load the specimens and thus reduce the 
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observed resonance frequencies, v, below the natural frequencies, vo. 
For longitudinal vibrations Rayleigh (5) has given an approximate 
relation 

¥%,=v(1+m/M) Equation XIII 
where m is the mass of a load at one end of the vibrating specimen 
of mass M. With a crystal at each end, m will be the sum of their 
masses. A similar relation can be derived (6) for torsional vibra- 
tions. 

v =v (1+i/1) Equation XIV 
where i and I are the corresponding moments of inertia. A more 
rigorous solution has been worked out by one of the writers (M. F. 
Kilpatrick) considering the actual dimensions and the density of the 


B+ 






To 
SK Amplifier 


Fig. 2—-Simplified Schematic Diagram of Electrostatic Method. 


crystals. The corrections calculated on the basis of this more com- 
plete theory fully justify the simpler approximations. Unfortunately, 
all these corrections depend on the mass of the crystals which is 
uncertain because it is impossible to determine the effective mass of 
the foils, the coating, and the cement. Thus it is desirable to use 
the smallest possible crystals, so as to keep the absolute value of 
the correction small, or to eliminate them entirely. This has been 
possible for longitudinal vibrations through the use of an electro- 
static method. Fig. 2 is a simplified schematic diagram of this 
method as developed by Bancroft and Jacobs (7). The metallic 
specimen forms one plate of a small condenser (3upf) across which 
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there is applied a large D.C. polarizing voltage (300v) and a smaller 
alternating driving voltage (10v). The D.C. voltage has the two- 
fold purpose of preserving the frequency and of increasing the driving 
force. The pick-up device is a similar polarized condenser operating 
into what amounts to a cathode follower. The output voltage avail- 
able under these conditions is only 0.5 millivolt at best and decreases 
gradually with increasing frequency to as little as 20 microvolts, 
at which point it becomes difficult to detect resonances. In both 
methods, it is necessary to amplify the output from the pick-up 
device before displaying it on an oscilloscope or voltmeter. With 
crystals, another Hewlett-Packard Model 450A amplifier with a 
maximum voltage gain of 100 suffices, whereas with the electrostatic 
method, gains of 2000 to 5000 are desirable. These can be obtained 
with a modified pulse amplifier. 

Since the oscillator frequency is applied to the horizontal deflec- 
tion plates of the oscilloscope, and the picked-up frequency to the 
vertical deflection plates, one can recognize resonances excited by an 
harmonic of the driving frequency through the resulting Lissajous 
patterns. This “synchronization” of the two deflections also permits 
observation of weak resonances whose intensity is near that of the 
noise level, and it serves to display the relative phase shift as the 
specimen goes through resonance. In all measurements, the speci- 
mens have to be supported by some means. The authors have used 
knife edges, wire cradles and a rigid center clamp. Only the latter 
affected the observed resonance frequencies of the even longitudinal 
and torsional harmonics to an extent of more than two parts in 


10,000. 
PREPARATION OF SPECIMENS 


Five different specimens were employed in this work. Bar 1 
was machined from extruded and cold-swaged material. It was 
subsequently annealed in a helium atmosphere at about 600 °C 
(1110°F) for 4 hours and cooled in the furnace. Bars 3 and 4 
were made from 0.5-inch rods which had been extruded in the 
y-phase. Bars 7 and 8 were cast from’purified material into a 1-inch 
alundum-lined mold, cooled in the mold and then machined to size. 
Table I lists the weights im vacuo, the dimensions, the densities, and 
surface roughness of the various specimens. The densities were 
obtained by immersion weighing in bromobenzene. All specimens 
showed enough surface oxidation to appear dark purple by the time 
they were used. 
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Table | 





Surface 

Weight Roughness 

in Vacuo Length Diameter Density microinches 

Specimen (gms) (inches) (inches) gms/cc RMS 

No. 1, Swaged, Annealed 61.119 3.996 0.2505 18.977 20 — 30 
No. 3, y-Extruded 188.330 5.500 0.3756 18.935 7- 8 
No. 4, y-Extruded 60.880 4.000 0.2505 18.93, 9-10 
No. 7, Cast 61.127 4.000 0.2506 18.982 10-12 


No. 8, Cast 304.017 5.000 0.4995 18.98; 60 — 80 


ANALYSIS AND MICROSTRUCTURE 


The compositions of all specimens were practically identical 
except for the carbon content. Bars 1, 3 and 4 contained about 
0.04% carbon and Bars 7 and 8, 0.02%. Spectroscopic analysis 
showed that other elements were present in insignificant amounts. 





Fig. 3—-Microstructure Under a Bright Field and Under Polarized Light of a 
Longitudinal Section of the Extruded, Swaged and Annealed Bar 1. 


All the specimens were tested radiographically for macroscopic cracks 
and inhomogeneities and found sound. Nor did microscopic exami- 
nation reveal any spectacular irregularities. Longitudinal and trans- 
verse sections of all five specimens were polished electrolytically for 
30 to 60 seconds in a mixture of 1 volume of phosphoric acid 
(85%), 1 volume of diethylene gly¢ol and 2 volumes of water. 
They were etched electrolytically for about 1 minute in 5% nital 
using a potential difference of 12 volts. Fig. 3 shows the micro- 
structure under a bright field and under polarized light of a longi- 
tudinal section of the extruded, swaged, machined, and annealed 
bar, No. 1. The grains are between 0.2 and 0.5 millimeter, they 








778 TRANSACTIONS OF THE A. S. M. Vol. 42 


are randomly oriented and show considerable tendency to twin. The 
carbides are quite apparent, possibly somewhat exaggerated by the 
electropolishing. Fig. 4 gives bright-field views of the longitudinal 
and transverse sections of the extruded bar, No. 3. The grains 
are of an average size of 0.3 millimeter. The longitudinal section 





Fig. 4—Bright-Field Views of the Longitudinal (Left) and Transverse (Right) 
Sections of Extruded Bar 3. 





Fig. 5—Bright-Field and Polarized-Light Views of a Longitudinal Section ot 
Cast Bar 7. 


indicates that the impurities are aligned in the direction of extrusion. 
The bright-field and polarized-light views of a longitudinal section 
of the cast bar, No. 7 (Fig. 5), indicate long and narrow grains 
and possibly a columnar structure which formed when the casting 
cooled in the mold. The grain sizes reported here may be somewhat 
misleading because the oxide patterns which developed on the polished 
specimens indicated much larger regions (2 to 7 millimeters) of 


a 
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similarly oriented grains. The Rockwell B hardness ranged from 
75 to 90 in each of the five specimens. 


RESULTS 


The actual measurements merely consist of recording and assign- 
ing all observable resonance frequencies. Since the longitudinal 
resonances are obtained by the electrostatic method, they can be 
used as observed. On the other hand, since the torsional resonances 
are obtained with torque-bimorph crystals, a correction for the 
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Fig. 6—Reduced Frequencies for Bar 3. 


moments of inertia of the crystals according to Equation XIV has 
to be applied. Depending on the size of the crystals and the bars, 
this correction was found to vary between one and twenty parts in 
10,000. To compare all the independent frequency measurements, 
the reduced frequencies (1.e., each frequency divided by the cor- 
responding harmonic number) are plotted against the harmonic 
number. 

Figs. 6, 7 and 8 show these plots for Bars 3, 4, and 8, respec- 
tively. The previously discussed velocity dispersion is quite apparent 
with the reduced longitudinal frequencies. Through this graphic 
presentation, the fundamental longitudinal and torsional frequencies 
are obtained not from any one single measurement, but rather as an 
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average of a number of entirely independent frequency measurements. 
An additional check on the internal consistency of the data is obtained 
by calculating Poisson’s ratio from the fundamental longitudinal and 
torsional frequencies, and using this to compute the theoretical dis- 
persion curve according to Bancroft (4). The reproducibility of any 
frequency measurement at a given temperature is about one or two 
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Fig. 7—Reduced Frequencies for Bar 4. 


parts in 10,000, and the systematic discrepancies which appear be- 
tween successive runs on the same specimen can in all cases be 
correlated with changes in room temperature. Since most of the 
work was done during the summer months, the temperature varied 
by as much as + 5 °C from the average of 23 °C. The corresponding 
frequency changes were sufficiently reproducible to give an approxi- 
mate value of —5 x 10°* per °C for the temperature coefficient 
(1/E)(dE/dT) of Young’s modulus of uranium. In contrast to this 
excellent reproducibility, the scattering of values for different har- 
monics from a smooth curve (for the longitudinal ones) or a 
straight line (for the torsional ones) is of an entirely different order 
of magnitude. For the worst specimen, No. 4, it is about 1% in 
frequency, whereas with the better ones, it is at least 0.2%. The 
scattering is less for the torsional frequencies. It appears that this 
scattering is caused by the relatively large grain size and, hence, 
would be more pronounced with the smaller diameter bars. 


- 
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Table Il 
Summary of Results 
ve CL). get Vo (T) vl vt 
Specimen (ke) (kc) (cm/sec * 10-5)———— 
No. 1, Swaged, 
Annealed 16.01 + 0.03 10.23, + 0.01 ao 2.078 
No. 3, y-Extruded 11.68 + 0.02 7.48 + 0.01 3.26 2.096 
No. 4, y-Extruded 16.36 + 0.04 10.33 + 0.03 3.32 2.095 
No. 7, Cast 16.12 + 0.05 10.32 + 0.04 3.28 2.097 
No. 8, Cast 13.00 + 0.01 8.255 + 0.01 3.30 2.097 
Pe ae Pads sae dea oi OS aan 3.29 + 0.02 2.095 + 0.005 
. . . 
Specimen -—— (dynes/cm? 10-14), 
No. 1, Swaged, Annealed 20.05 + 0.08 8.197 + 0.02 0.223 
No. 3, y-Extruded 20.17 + 0.07 8.272 + 0.02 0.219 
No. 4, y-Extruded 20.92 + 0.10 8.344 + 0.05 0.25, 
No. 7, Cast 20.36 + 0.12 8.34, + 0.06 0.225 
No. 8, Cast 20.70 + 0.06 8.347 + 0.02 0.245 
Average 20.5 +0.2 8.34 + 0.04 0.23 + 0.02 


In Table II all the extrapolated reduced frequencies are listed 
with their estimated probable errors and the corresponding sound 
velocities and elastic constants calculated from Equations VI, VIII, 
and IX. It is quite apparent that there is as much difference between 
different specimens of presumably similar metallurgical history as 
there is between specimens of known different history. Again one 
notes that there is less variation in the torsional constants than there 
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is in the longitudinal ones. The figures in this table seem to indicate 
that one might well report values for a-phase polycrystalline uranium 
as such, rather than for cast, extruded, or swaged material. 

The average values are 20.5 & 10% dynes/cm? (or 29.7 x 10° 
psi) for Young’s modulus and 8.34 & 10" dynes/cm? (or 12.1, * 
10° psi) for the shear modulus. The former value should be accurate 
to + 1%, while the latter should be accurate to + 0.5%. These 











Table Lil 
Comparison with Literature Values 


vl, © 
E Mh B o (1/E) (dE/dT) (cm/sec) 
Source Specifications —(dynes/cm*?) X 10-4, (1/°C) KX 10 =x 10-5 
Laquer, McGee, 
and Kilpatrick Average 20.5 8.34 12.6 0.23 5.0 3.54 
Birch 
(Los Alamos, 1944) Average 20.0 8.4 10.8 0.19 
Koehler 
(Carnegie Tech) Swaged 16.22 
Cast 17.09 
a-Extruded 19.40 
a-Rolled 19.57 
+-Extruded 19.89 eee ee a ants 
Késter Sintered 13.12 nah a ie 4.6 
Firestone 
(Univ. of Michigan, 
1943) y-Extruded (7?) ..... th ey hha es 3.43 
Bridgman Rolled Strip weer ees 10.1 








average values are compared in Table III with those reported by 
other observers. Some of these data have been obtained through 
personal communications. Birch (8) used a technique very similar 
to that of the present work, whereas Koehler(9) used the composite 
oscillator technique of Quimby (10) which is based on a single 
frequency measurement. Koster’s (11) value was obtained by 
measuring the frequency of the lowest bending vibration; however, 
his sintered material had a density of only 16.9 gms/cc, as calcu- 
lated from his given weights and dimensions. An entirely different 
dynamic method was employed by Firestone (12), who used his 
Reflectoscope at a frequency of 1 Mc, and observed a longitudinal 
infinite medium velocity of 11,240 ft/sec with an accuracy of + 5%. 
This corresponds to 3.43 10° cm/sec, whereas one calculates from 
v; = 3.29 & 10° cm/sec and o = 0.23, according to Equation VII 
Vi, » = 3.54 & 10° cm/sec. The agreement is well within the stated 
experimental errors. 

A final comparison can be made with Bridgman’s (13) com- 
pressibility measurements. His work was done under isothermal 








1950 ELASTIC CONSTANTS OF URANIUM 783 


conditions, whereas Table II lists adiabatic values. In order to obtain 
a value for the isothermal Young’s modulus, the adiabatic one should 
be decreased by 0.3% (14). There is no difference between iso- 
thermally and adiabatically obtained shear moduli. The bulk modulus 
is then calculated according to Equation V. The rather large un- 
certainty in Poisson’s ratio leaves the calculated bulk modulus in 
doubt by about + 10%. Even so, the agreement is only fair, but 
one should consider the fact that entirely different techniques were 
used and that Bridgman’s work was done before uranium was a 
readily available material. 
CONCLUSIONS 


It appears justified to take average values for the elastic moduli 
of polycrystalline uranium metal from the measurements summarized 
in Table II. The chief limitations of the accuracy of the present 
work are the anisotropy of the uranium crystallites in conjunction 
with the relatively large grain size of the available specimens. It is 
probable that more self-consistent results could be obtained with 
more finely-grained material. 
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THE METALLURGY OF BERYLLIUM 


3y ALBERT R. KAUFMANN, PAUL GoRDON AND D. W. LILLIE 


Abstract 


An extensive study of beryllium metallurgy has been 
carried out in an effort to find out whether or not beryl- 
lium can be made ductile. In the course of this work, 
methods for producing pure beryllium have been studied 
and techniques for melting and fabricating the material on 
a commercial scale have been developed. The recrystal- 
lization temperature was determined and the preferred 
orientation of extruded beryllium was established. 

The effect of various impurities on physical proper- 
ties, microstructure, lattice parameter and electrical re- 
sistivity has been examined, but no explanation of the 
brittleness was found. It has been shown that out of 35 
alloying elements investigated, only copper, palladium, 
cobalt, nickel and silver have appreciable solid solubility 
in beryllium. 

It has been found that extruded beryllium can exhibit 
an elongation in tension of 5 to 10% in the direction of 
extrusion, but in a perpendicular direction the elongation 
is substantially zero. The observed ductility appears to 
be a result of preferred orientation and fine grain size. 
The ductility of beryllium increases rapidly above room 
temperature, apparently because slip or some other defor- 
mation mechanism replaces the twinning which predom- 
inates at room temperature. Data are presented on the 
creep and stress rupture properties of beryllium between 
500 and 1100 °C, on the effect of strain rate on elongation 
at elevated temperatures, and the effect of alloying ele- 
ments on tensile properties at room temperature. 


The work herein described is part of an extensive study of beryllium which has been 
carried on since 1944 at M.I.T. under contract W-7405-eng-175, first with the U. S. Army 
Corps of Engineers (Manhattan Project) and at present with the U. S. Atomic Energy 
Commission. A large number of people have been engaged in this activity and it is 
impossible to describe in a paper of this length the work which has been done. Part I 
of this article covers the results of a survey conducted during the first year, while Part II 
is a more detailed discussion of a particular phase of the work extending up to the present 


time. It is expected that further detailed papers covering the more recent work will be 
published later by the appropriate authors. 


Of the authors, A. R. Kaufmann is associate professor of metallurgy and 
director of the M.I.T. Metallurgical Project; Paul Gordon is assistant professor 
of physical metallurgy at Illinois Institute of Technology, and D. W. Lillie is 
assistant to the chief, Metallurgy and Materials Branch, Research Division, 


U. S. Atomic Energy Commission, Washington, D. C. Manuscript received 
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PART I 


GENERAL SURVEY OF BERYLLIUM METALLURGY 


A. pure beryllium is a little-known material with 
almost no industrial use, it has been the subject of a surpris- 
ingly large number of metallurgical investigations over the last 50 
years. Presumably this interest arose from the fact that while 
beryllium is as light as magnesium, it has relatively high strength, 
good corrosion resistance to water and air, and a melting point of 
about 1280 °C (2335°F). It has not come into engineering use, 
however, because no one has yet succeeded in producing it in ductile 
form and because it is scarce and expensive ($50 to $100 per pound). 

For atomic energy purposes beryllium has a great potential value 
because it is one of the most effective of all materials for slowing 
down neutrons and, in addition, it has little tendency to absorb them. 
For this application the high cost of beryllium is not a principal 
deterrent to its use, but unfortunately the desire for good engineering 
properties to a large extent remains. One of the principal activities 
of the M.I.T. Metallurgical Project has been to pursue the quest of 
ductile beryllium, and the present paper describes part of this work. 

It seems appropriate to mention that recent experience with 
beryllium, beryllium compounds and beryllium alloys has shown that 
under certain conditions, which are not yet understood, some of these 
materials are extremely toxic. Anyone interested in working with 
beryllium should first familiarize himself with the safety precautions 
which are presently believed to be necessary when handling it. 


REVIEW OF THE LITERATURE 


Before beginning the work, an extensive survey of the literature 
was carried out both to become familiar with the problem of handling 
beryllium and in the hope of finding a clue to its brittleness. The 
detailed information so uncovered will not be presented at this point, 
since much of it has already been summarized in review articles and 
since reference to specific papers is made in the text. The chemical 
and metallurgical work up to 1932 was presented in a book entitled 
“Beryllium” (1),' while a comprehensive review of the reduction 
metallurgy and of the physical properties of beryllium was given by 
W. Kroll in 1939 (2). More recently G. V. Raynor (3) has given 


a similar review, followed by an excellent theoretical consideration 


1The figures appearing in parentheses pertain to the references appended to this paper. 
a 
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of beryllium alloys, and W. Kroll has summarized all the work on 
extractive metallurgy of beryllium (4). 

An attempt to explain the brittleness of “pure’’ beryllium was 
first given by H. Sloman (5), who attributed it to the presence of 
an oxide grain boundary network which he claimed to have found. 
W. Kroll in a series of papers (6, 7, 8) was unable to find such a 
grain boundary network in beryllium alleged to be 99.97% pure 
(oxygen unknown), and he concluded that beryllium is probably no 
more ductile than pure bismuth. The possibility that dissolved 
oxygen could cause the brittleness was discussed by Kroll at a later 
time (2), but no experimental evidence was given. 

The work of Sloman (5), Kroll (7), and Losano (9), each of 
whom claimed to have made beryllium of at least 99.95% purity 
(exclusive of oxygen), indicated fairly definitely that the brittleness 
probably was not associated with the ordinary metallic impurities. 
The possibility that minute amounts of dissolved oxygen could be 
the source of the trouble seemed like the best possibility. The fact 
that Neuburger (10) reported a lattice parameter for “spectroscopi- 
cally pure” beryllium which was about 0.5% different from the value 
of other investigators (11, 12), further suggested the solid solubility 
of an unknown impurity in ostensibly pure beryllium. Additional 
evidence along this line was supplied by the large discrepancies in 
electrical conductivity, with Losano (9) reporting a value 13% of 
that of copper, while Sawyer and Kjellgren (13) found 40% to be 
correct. 

Several other observations in the literature may well be men- 
tioned. With regard to ductility, Sawyer and Kjellgren (13) found 
an elongation in tension of 0.0% and a Brinell hardness of 114 on 
a specimen which had been forged, while Sloman (5) reported 
Brinell hardness as low as 60. The possibility of an allotropic 
transformation in beryllium was reported by several workers on the 
basis of electrical resistivity (14) and X-ray diffraction (15) obser- 
vations. A substantial increase in the ductility of beryllium as the 
result of small additions of either zirconium or titanium was claimed 


by Claussen and Skehan (16). 


PLAN OF WorRK 


It was decided to investigate again the role of impurities in 
beryllium and in particular to try deoxidizing treatments of the 
liquid metal. For this purpose it was necessary to develop melting 
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and casting techniques and later an apparatus for distilling the metal. 
Since the cast metal was extremely coarse-grained and brittle, it was 
necessary to learn how to fabricate it in order to obtain satisfactory 
specimens for tensile testing, resistivity measurements and lattice 
parameter determinations. After this was accomplished, studies on 
“pure” beryllium from different sources and determination of the 
effect of alloying elements, fabrication processes, and thermal treat- 
ments on it were carried out. 


PRODUCTION TECHNIQUES 


Source of Metal—The bulk of the experimental work was 
carried out with the crude beryllium sold by the Brush Beryllium 
Company (hereafter called lump beryllium). This material was 
made by reducing beryllium fluoride with magnesium in a graphite 
pot. At the end of the operation the temperature was raised above 
the melting point of beryllium in order to allow the metal to agglom- 
erate and float on the flux. The product of this operation contained 
from 0.5 to 2% magnesium and from 4 to 10% slag. The metallic 
impurities were present in only minor amounts, as will be described 
below. 

A second form of beryllium was manufactured by Clifton 
Products, Inc. The process consisted of an electrolysis of molten 
beryllium chloride mixed with sodium chloride in a stainless steel 
pot. The beryllium deposited on the walls of the pot in the form 
of paper-thin flakes (hereafter called flake beryllium) which was 
somewhat lower in metallic impurities than the Brush product but 
often contained as much as 5% BeO in invisible form. 

The M.I.T. Metallurgical Project produced a small amount of 
beryllium by other methods. The first of these consisted of reducing 
beryllium chloride with calcium in a sealed bomb.* A yield of solid 
metal as high as 90% was obtained on a small scale. The process 
was not developed further, since it did not seem attractive for large- 
scale production. The resulting material was relatively impure, since 
the starting materials contained impurities and it showed no appre- 
ciable amount of ductility. A second method consisted of reducing 
beryllium oxide with zirconium in high vacuum at about 1500 °C 
(2730 °F).° The liberated beryllium distilled off and was collected 
as a solid deposit on a tantalum plate. This metal was quite pure 


(Al, 150; Ca, 30; Fe, 200; Mg, 30; Mn, 20; Si, < 100 ppm; BeO, 


“Present Brush production contains much less magnesium and slag. 
8This work was done by T. T. Magel, N. Dallas, and others. 
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0.35% ) but was not obviously ductile as made. A sufficient quantity 
to allow for tensile testing has not as yet been produced. A con- 
siderable amount of effort was also expended trying to produce 
beryllium by the iodide decomposition method. All of the difficulties 
mentioned by Sloman (5) were encountered and these have not yet 














To Water Drain 
Water Supply 






ae tidied 


Quartz Tube 


ee 
WABABae 








Beryllia 


0 
Y Crucible 
VY , 4=—Molybdenum 
Bus Bars Wy Inductor 
To €« 7 
Condenser € 4 
Bank a Power Lines 
NC ZZZZ ZR To 
Generator 


Zircon—+ D Beryllia 
Brick Support 
Lining 


Scale 
o" 2" 4" 6" 
be a es 


Fig. 1—Distillation Apparatus for Beryllium 
with Water-Cooled Condenser (Vacuum System 
Not Shown). 
been overcome. Consequently, no good metal has yet been produced 
by this means. 

Distillation of Beryllitm—The work of Sloman (5) and of 
Kroll (7) had shown that certain impurities may be removed by 
distillation and this offered the hope of making oxygen-free metal. 
A number of distillations were carried out on a 6-inch diameter 
crucible scale using beryllia to contain the molten metal and collect- 
ing the distillate on a water-cooled copper shell.t| The experimental 


‘This work was carried out by E. Vivian, S. Siegel and J. Lyons. 
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arrangement is shown in Fig. 1. The operation was carried out at 
about 1500 °C (2730°F) in a vacuum not better than about 10+ 
mm of mercury. The condensate generally consisted of a dense 
collection of individual crystals which required a further operation 
in order to be converted into test specimens. Chemical analyses 
indicated ‘that the aluminum, silicon and oxygen content of the 
distillate was no lower than was found in ordinary metal but that 
there was considerable purification with respect to iron, carbon and 
boron. Microhardness tests on the individual crystals indicated no 
great softening as compared with ordinary beryllium, and other tests 
showed no unusual ductility. Attempts to distill beryllium in a much 
higher vacuum are currently in progress. 

Melting and Casting Techniques—The methods for melting and 
casting beryllium which were developed at M.I.T. have already been 
described (17) and hence only a brief discussion will be given here. 
Because of the relatively high melting point and_ volatility of 
beryllium and its extreme chemical reactivity, particularly with 
respect to oxygen, the problem of a satisfactory crucible material 
for vacuum melting is very difficult. The materials which were 
tested on a l-inch crucible scale include Al,O,, BeO, CaO, MgO, 
ThO,, ZrO., Be.C, B,C, TaC, WC, ZrC, TiN, ZrN, CeS, ThS,, 
graphite and tantalum. [Extensive reaction or at least serious 
impurity pick-up occurred with all of these except beryllium oxide. 
Presumably beryllium melted in beryllium oxide will be saturated 
with oxygen but as yet no better method has been found. Beryllium 
so melted appears to contain about 0.2% BeO. 

The use of vacuum in melting beryllium not only serves to 
reduce oxidation losses but also leads to the removal of certain 
volatile impurities. It is believed that substantially all of the fluorides 
or chlorides present are removed in this way and any magnesium 
or sodium will be reduced to 200 ppm or less. Calcium is not 
removed effectively and the other common impurities such as alumi- 
num, silicon, iron, nickel and manganese are not greatly altered. 
In fact, there may be an increase of aluminum or silicon content 
if the beryllium oxide crucible contains impurities. Typical impurity 
contents (from spectrographic analyses) for the vacuum-melted 
beryllium used in this work are aluminum, 800; calcium, 90; chro- 
mium, 130; copper, 50; iron, 850; magnesium, 50; manganese, 240; 
nickel, 140; silicon, 750 ppm. It is important to mention that the 
techniques required to make these analyses went through a long 
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period of development and are only now reaching a satisfactory state. 

Most of the large-scale melting of beryllium is carried out in 
beryllium oxide crucibles in a vacuum of about 100 to 500 microns 
using induction heating. A large quartz tube sealed at the ends 
with metal plates provides the vacuum container. The induction 
coil is outside the quartz. The metal is poured through a hole in 
the bottom of the crucible, by removing a beryllium oxide stopper 
rod, and flows into a graphite mold containing an insulated hot top. 
This operation is being carried out at present on a scale which leads 
to an 8-inch diameter billet. 

The melting and pouring aspects of the large-scale melting are 
in a fairly satisfactory state of development, particularly if the 
charge does not contain more than 2 to 4% of volatile matter. How- 
ever, the problem of a crack-free casting, especially in the &-inch 
size, still gives difficulty. If the metal is cooled too rapidly the 
cracks become very abundant, while slow cooling leads to enormous 
grain size and also reaction with the mold material. It appears that 
certain impurities aggravate the difficulty, but basically the trouble 
stems from the inherent brittleness of the metal being cast. 

Fabrication of Beryllium—The forging and rolling of cast beryl- 
lium either hot or cold leads to almost immediate cracking when 
using ordinary metallurgical techniques. Forging of a simple nature, 
such as single-stroke upsetting, can be carried out if the billet is 
completely encased within a ¥%-inch thickness of 1020 steel.* Tem- 
peratures between 760 and 1095 °C (1400 and 2000 °F) are satis- 
factory for this purpose. Die forging has also been used with some 
success for producing shapes which can be made without subjecting 
the metal to large tensile stresses. 

The rolling of beryllium is possible at any temperature between 
370 and 1095 °C (700 and 2000 °F) if the beryllium is encased in 
some other suitable metal such as 1020 steel. A process of this kind 
was used on beryllium by F. C. Kelley to make X-ray tube windows 
(18). A 7g-inch thick “jacket” on a '%-inch plate of beryllium is 
satisfactory, but it may be necessary to rejacket several times in 
carrying out large reductions. The best results are obtained if the 
beryllium has been previously forged or extruded. 

The extrusion of beryllium, which is possible using special 
techniques, is the best way to produce bar stock or tubing. The 
billet is enclosed in a 1020 steel jacket® (,';-inch steel on a 4-inch 


*This technique was first used by E. C. Creutz and D. Gurinsky of the Chicago Metal- 
lurgical Project. “The use of a jacket (graphite) was first tried by these same men. 
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Extrusion Dies 
Die For Die For 
2" Billet 45" Billet 






Sharp 
Edge- No 
Land 
Permissable 





Fig. 2—-Extrusion Dies. 


Moterial 
Use Vaned Steel a Heat Treat 
To 42-46 Rockwell "C" 13 


Fig. 3—1%-Inch Radius Bell Mouth Die for Revere Press. 


diameter billet) and is extruded at temperatures between 815 and 
1095 °C (1500 and 2000°F) through a conical die as shown in 
Fig. 2 or a bell-mouthed die shown in Fig. 3.7. In the latter case 
it is desirable to machine the leading end of the billet into the shape 
of a truncated cone and then to fill the space so produced with a 
~ 4Commercial-scale extrusions were carried out at Wolverine Tube Division of Calumet 


and Heela at Detroit and to a greater extent at the Detroit plant of the Revere Copper and 
Brass Company. 


4 
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soft iron cone, as shown in Fig. 4. This procedure facilitates the 
unbroken flow of the iron jacket to produce a continuous coating 
on the bar. If the beryllium comes into contact with the die, seizure 
of the metal on the die and die failure soon follow. If the extrusion 
is not properly carried out, the bar will be severely “rattlesnaked”, 
that is, the surface will be covered with circumferential cracks. 


Note: — All billets are 4.330" diam. Leading end 
and sides ore jacketed with 7" SAE 1020 
Steel. Cone is also SAE !1020 Steel. 


Extrusion 


—=- —_——_—_-——— 


Direction 







Be Billet 


iron Cone 


Billet Assembly(Z of Jacket Removed) 


Fig. 4—Billet Assembly Showing Soft Iron Cone at Front End. 


Flake and powder beryllium may be converted to solid metal 
by cold compacting inside an iron can, welding on an end plate and 
then extruding as with cast metal. The extrusion has usually been 
carried out at about 980 to 1040 °C (1800 to 1900 °F) with reduc- 
tions of 8 to 20 times. If the extrusion reduction is too small (less 
than 4 times), the resulting bar will be unsatisfactory. 


EXPERIMENTAL WorRK 


Metallography of Beryllium and Beryllium Alloys—In order to 
check on the possible existence of an oxide eutectic and to look for 
still other structural clues as to the brittleness of beryllium, a care- 
ful metallographic study of inclusions was carried out. This involyed 
making a number of dilute alloys to establish the identity of various 
phases. Other alloys were prepared to study possible deoxidation 
effects and still others to look for solid solutions which might be 
ductile. Metallographic studies on these will be described in the 
following section and various observations on physical properties will 
be presented subsequently. 
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Fig. 5—Comparison of Microstructures of Flake Beryllium and Lump Beryllium 
after Vacuum Melting. Etch, 2% HF. a—Flake beryllium, x 100. b—Flake beryllium, 
x 400. c—Lump beryllium, x 100. d—Lump beryllium, x 400. 


Polishing Methods—lIt has been our practice to examine the 
grain structure of beryllium with polarized light, since a satisfactory 
etch for revealing the crystals has not been found. The successful 
use of polarized light requires a long final polishing, presumably in 
order to remove the deformed metal produced by the cutting and 
initial polishing steps. The usual procedure is to cut the specimen 
on an abrasive wheel and then polish on paper through grits 320, 
2/0, 3/0, and 4/0, using very light pressure on the final paper. The 
sample is then polished with a No. 1 alumina in water on a botany 
cloth wheel taking 1 hour for each % square inch of sample surface 
area. Final polishing is for only 1 minute on a long nap cloth wheel, 
using Gamal commercial abrasive. 


a 
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Fig. 6—Microstructures of Aluminum-Beryllium Alloys. Etch, 2% HF. a—1% 
uluminum, <X 100. b—2.5% aluminum, « 100. c—5% aluminum, * 100. d—5% aluminum, 


x 400, 


For the purpose of observing inclusions in beryllium, the sample 
is polished through the 4/0 paper and then on cloth wheels using 
No. 1 alumina for about 3 minutes, No. 2 alumina for 2 minutes 
and “C-RO” polishing compound for 1 minute. Metallographic 
examination is with bright field, and usually a brief etch with 2% 
HF in water is used to increase the contrast between the metal and 
the inclusion. 

Inclusions—Typical bright-light photomicrographs of melted 
lump beryllium and melted flake beryllium are shown in Fig. 5. 
Most of the inclusions were identified as being due to aluminum, 
silicon or carbon. These conclusions were based on the micro- 
structural appearance of dilute alloys of these elements shown in 
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Fig. 7—Microstructures of Silicon-Beryllium Alloys. Etch. 2% HF. a—1% silicon, 
x 100. b—1% silicon, K 400. c—5% silicon, K 100. d—5% silicon, x 400. 


Figs. 6, 7, and 8. No conclusive metallographic evidence of iron 
was found in the beryllium or in a 1% iron alloy (Fig. 9a). There 
was no indication of an oxide network as claimed by Sloman (5) 
and indeed no clear-cut evidence of any oxide inclusion. Molten 
metal to which large amounts of oxygen were added still showed no 
definite oxide phase, although some peculiarities in the microstruc- 
ture did seem to occur (Fig. 9c). ‘This is not taken as evidence that 
oxygen is soluble in beryllium, but rather that the oxide does not 
remain dispersed in the metal. Beryllium to which nitrogen was 
added in the molten state showed characteristic needle-like inclusions 
(Fig. 9b), but these were never observed in the original beryllium. 
The characteristic colors and shapes of these inclusions are listed in 


Table I. 
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Fig. 8—Microstructures of Carbon-Beryllium Alloy. Photomicrographs taken on 
segregated sections. Etch, 2% HF. a—1% carbon, 100. b—1% carbon, x 400. 
c—1% carbon, X 100. 


Table | 
Microstructural Appearance of Inclusions in Beryllium 


Resulting from Addition of Foreign Elements 
(Etchant—2% Hydrofiuoric Acid in Water) 


Added : 
Element Color of Inclusions Shape of Inclusions 
Al Bright. white; has speckled ap- Network or stringers and more-or-less 
pearance, probably due to Be-Al rounded particles. 
eutectic. 
Si Blue-gray. Network or stringers. 
c Gray. Stars, dendritic shapes, and clusters of 
rounded particles. 
O2 Uncertain. Uncertain, 
Ne Dark gray. Long, thin needles, often at 120-degree 
angles to each other. 
Fe Uncertain. Fine particles, sometimes in form of 


network. 
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c 


Fig. 9—Microstructures of Iron-Beryllium, Nitrogen-Beryllium, and Oxygen- 
Beryllium Alloys. Etch, 2% HF. a—1% iron, 100. b—1% nitrogen, X 100. 
c—oxygen, X 1000. 


- The chief conclusion from this work was that there was no 
evidence in the microstructure of the “pure” metal to indicate that 
a precipitated impurity was causing the brittleness. 

“Deoxidized” Alloys—The heat of formation of beryllium oxide 
is among the highest of all the elements as shown in Table II (19). 
There is little hope, therefore, of reducing the oxygen content of 
deryllium below 0.1% by small additions of a deoxidizer. Never- 
theless, this possibility was investigated because of claims in the 
literature (16) that titanium and zirconium additions improved the 
ductility of beryllium. Alloys intended to contain 1% of titanium, 
zirconium, magnesium, calcium, aluminum, cerium, sulphur, and 
selenium were made on a 2-inch diameter billet scale, extruded, and 
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Fig. 10—Microstructures of Titanium-Beryllium and Zirconium-Beryllium Alloys. 
Etch, 2% HF. a—0.73% titanium, xX 100. b—0.65% zirconium, xX 100. 


tensile tested. The compositions which were achieved are shown 
in Table III. It is apparent that no appreciable amounts of sulphur, 
selenium, or magnesium remained in the beryllium even though the 
melt was carried out in an argon atmosphere and no evidence of 
these elements was observed with the microscope. The titanium 
and zirconium appeared as a second phase in a eutectic structure 
as shown in Figs. 10a and 10b. The calcium was observed as a 


Table Il 
Heat of Formation of Metallic Oxides 





(Kilo., cal. per mol) (Kilo., cal. per mol) 
4 ThOs—165 44 VOze —128 
CaO —152 lg AlxO;—123 
lg La2xOs—152 lg CeO2 —117 
MgO —146 i TiOe —109 
BeO —141 % SiOe 101 
SrO —141 Na2xO0— 99 
BaO —133 4 MoOe— 66 
44 ZrO2 —132 lg WO; — 63 
Table Ill 
“Deoxidized” Alloys 
Melt No. Wt. % Alloy 
L61 0.62 Al 
LA2 3.0 Al 
L64 0.73 Ti 
L65 0.65 Zr 
L69 0.05 Mg 
L70 0.60 Ce 
L71 1.45 Ca 
LA3 0.0558 
L72 0. 
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Fig. 11—Microstructure of 5% Aluminum-Beryllium Alloy. Photomicrograph 
taken with polarized light. Etch, 2% HF. X 50. 


second phase of cubic shape, evidently an intermetallic compound 
which occurred as a primary constituent. The mode of occurrence 
of aluminum has already been described (Fig. 6). Observation of 
this alloy with polarized light revealed the interesting fact that the 
aluminum network extended throughout the interior of individual 
crystals and was not concentrated at the true grain boundaries 
(Fig. 11). The alloy containing 0.6% cerium exhibited a second 
phase. 

Tensile results on these alloys are presented in Part II, Table 
XIV. It may be stated briefly that none of them showed a greater 
ductility than pure beryllium and hence it is inferred that either none 
of them deoxidized the beryllium or that whatever deoxidation did 
occur was ineffectual. 

“Solid Solution” Alloys—Since the alloys mentioned above 
showed no enhanced ductility, it was decided to look for elements 
having an extensive solid solubility .n beryllium in the hope that 
such solid solutions would have better physical properties than the 
pure metal. The alloying elements already mentioned—namely, 
aluminum, silicon, carbon, oxygen, nitrogen, titanium, zirconium, 
magnesium, cerium, calcium, sulphur and selenium—appear to have 
a negligible solid solubility in beryllium. This is demonstrated by 
the photomicrographs which were shown and by the lattice parameter 
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Table IV 
Microstructure of Binary Bervilium Alloys As Melted 
Element wt. % Microstructure 

Boron 10 Two-phase—50% primary Be dendrites, 50% eutectic of Be in 
compound. : 

Cerium 1 Two-phase—fine precipitate. 

Cobalt 5 Largely one-phase—some compound at grain boundaries. 

Cobalt 10 Largely one-phase—compound at grain boundaries. 

Cobalt 15 Two-phase alloy—eutectic in form of stringers. 

Columbium 10 Two-phase—compound at grain boundaries. 

Copper 15 One-phase. 

Germanium 10 Two-phase—light-colored compound at grain boundaries and within 
grains. 

Iron 6 Two-phase—partial network. 

Molybdenum 1 Two-phase—eutectic network. 

Nickel 10 One-phase. 

Palladium 5 One-phase. 

Palladium 10 Largely one-phase—very small amount of compound showing. 

Silicon 1 Two-phase—inclusions in form of stringers. 

Aluminum 1 Two-phase—inclusions in form of stringers. 

Tantalum 1 Two-phase eutectic network. 

Thorium 10 Two-phase—5 to 10% angular compound in long stringers. 

Titanium 1 Two-phase—eutectic network. 

Tungsten 1 Two-phase—eutectic network. 

Zirconium 1 a of spheroids strung in lines at 120-degree 
angles. 

Zirconium 5 Two-phase—30 to 40% angular compound. 

Calcium 1 Two-phase—angular compound. 

Uranium 5 Two-phase—compound in cubic shapes. 

Manganese 10 Two-phase—10 to 15% compound. 

Platinum 20 Two-phase—20% compound as a eutectic network. 

Ruthenium 10 Two-phase—about 20% eutectic, fine precipitate in primary Be. 

Osmium 10 Two-phase—20 to 30% eutectic. 

Rhodium 10 Two-phase—eutectic network. 

Chromium 10 Two-phase—30 to 40% eutectic network. 

Silver 10 Largely one-phase—small amount of white compound in form of 
globules. 

Bismuth 10 Immiscible in liquid state—only about 0.5% Bi in the Be. 

Tin 10 Immiscible in liquid state. 

Zinc 10 


results on quenched alloys mentioned in the next section. It 


Zinc distilled off—only 0.6% Zn in the Be. 


is 


possible that iron may have a solubility of the order of % atomic 


per cent and this would account for the difficulty in identifying a 


second phase due to iron in the 1 wt. % alloy. None of these alloy 


systems were extensively studied, but a few observations on them 
are worthy of mention. For example, it was fairly well established 
that the second phases in the aluminum and silicon alloys were 
simply metallic aluminum and silicon and this is in agreement with 
the published phase diagrams (20). X-ray diffraction studies on 
carbon alloys demonstrated that the second phase corresponded to 
the Be.C listed in the literature (21). A comprehensive study of 
the beryllium-iron system was carried out by Teitel and Cohen and 
has recently been reported (22). No specific observations on the 
other alloys were made. 

In searching for solid solutions, the elements listed in Table IV 
were added to beryllium.* If a microexamination of the alloy as- 





8This work was largely carried out by Emanuel Gordon. 
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Table V 
Solid Solubility Limits in Beryllium 
————— Solubility of Alloying Element —— 
Temperature Cu Pd Ni Co 

(°C) at. % wt. % at. % wt. % wt. % wt. % 
600 4.6 25.4 0.7 vin 

800 §.2 27.9 0.9 9.7 

1000 6.3 32.3 1.4 14.4 

1050 Ree Sag 8 to 10 10 to 15 
1100 7.8 35.8 hae 

1200 eae a2 28.0 











cooled from the melt revealed a large amount of second phase in the 
form of a eutectic or primary constituent, the solid solubility was 
taken to be small. The observations are listed in Table IV. In 
this way it was concluded that only copper, nickel, cobalt, silver and 
palladium showed appreciable solid solubility. A rough determina- 
tion of the limits of solubility was made in the case of copper, nickel, 
cobalt and palladium, using microexamination and lattice parameter 
measurements on a series of quenched alloys. The solubility limits 
as a function of temperature are listed in Table V. It is apparent 
that copper displayed the largest solid solubility, but even this was 
only about 7 atomic per cent (35 wt. %) at 1100°C (2010 °F). 

It is interesting to note that the limited solid solubilities reported 
here agree fairly well with those predicted as being most probable 
by Raynor (3) by applying the Hume-Rothery rule that atoms whose 
diameters differ by more than 15% will not form solid solutions. 
There are exceptions, however. For example, silver and palladium 
lie well beyond the 15% limit and there are many other elements 
closer to the limit which form no solid solution. The. behavior of 
silicon does not agree with the Hume-Rothery ideas on alloy for- 
mation, since it has almost the same diameter as beryllium but forms 
no solid solution and is a strongly electronegative element but forms 
no compound with beryllium. 

In order to study the tensile properties of the solid solution 
alloys, a number of 2-inch diameter billets were cast. The 10% 
cobalt alloy was cracked as cast but the 10% nickel and the 15 and 
32% copper alloys (wt. %) were fairly satisfactory and were 
extruded. The tensile results are presented in Table XV, Part II. 
It may be stated here that these alloys were without exception more 
brittle than pure beryllium. 

Precision Lattice Parameter Measurements—In view of the 
discrepancies in the published lattice parameter values for beryllium, 


- 
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a number of careful determinations of this constant were made on 
beryllium prepared in various ways. A technique was developed 
which, it is believed, is accurate to + 0.01% for the a parameter 
and 0.02% for the c parameter. The chief difficulty encountered was 
in the preparation of specimens, hecause much of the solid beryllium 
available was very coarse-grained, leading to spotty films, and 
because with a normal powder specimen it was not possible to place 
enough of the very light beryllium (atomic number = 4) in the path 
of the X-ray beam to obtain good diffraction lines in a reasonable 
exposure time. Satisfactory specimens were obtained as follows: 
Powder for the specimens was prepared by drilling and sifting the 
drillings through a 225-mesh screen. The powder was pressed into 
a small metal ring (Cu-Ni alloy, dimensions of ring: 3¢-inch outside 
diameter, 0.005-inch wall, and 0.025-inch length) under a pressure 
of 45,000 to 55,000 psi. The metal ring served to lend the pellet 
additional strength and made it unnecessary to use a binder for the 
powder. The density of the pellet was estimated to be about 60% 
of the normal density of beryllium. Relief of the stresses incurred 
in drilling and pressing the powder was accomplished by annealing 
for 1 hour at 400°C (750°F). 

The X-ray photograms were produced in a camera of the back- 
reflection symmetrical focusing type, having a diameter of 104.60 
millimeters. Cohen’s analytical method of extrapolation for elim- 
ination of systematic errors was employed, thus avoiding the neces- 
sity of using a calibrating substance. Iron-K radiation was found 
to be suitable for the measurements. Six lines appeared on the 
photograms, their indices and approximate angles being given in 
Table VI. Parameter measurements were made on specimens of 
beryllium from several different sources and also on some dilute 
alloys. The histories of the samples investigated and some chemical 
analyses are given in Table VII. The lattice constants, corrected to 
25 °C, obtained for these specimens are listed in Table VIII. 

The best values of the beryllium lattice constants, based on the 
data in Table VIII for the unalloyed specimens, are a, = 2.2854 A, 
Co = 3.5829 A, co/a,o = 1.5677. The effect on the parameters of 
the addition of titanium, silicon, aluminum, zirconium or oxygen is 
very small, being noticeable only in the fourth decimal, and then only 
after a solution heat treatment at 1000°C (1830°F). These 
parameters agree closely with those obtained by Owen and Pickup 
(11) (a= 2.2856 A, c = 3.5843 A) and no explanation was found 











TRANSACTIONS OF THE A. S. M. 





Designation 
Be Lump 
Be 19 


Be Distilled 


Be Flake 


0.73% Ti 
1% Si 

0.62% Al 
0.65% Zr 


1% Ox (approx.) 























Table VI 
Fe-K Diffraction Lines on Beryllium Photograms 
Fe Ka; = 1.93597 A 
FeKa = 1.93991 A 
FeKS = 1.75654A 
Line Indices Approximate Angle, 4 
1128 65.6° 
2018 66.9° 
103 a, 7a 
103 ae 71.4° 
200 a; 77.9° 
200 ae 78.5° 
Table VII 





History 
As received (Brush) 


Lump remelted in vacuum 
in BeO crucible. 


Lump Be distilled in vacu- 
um of 10°? mm Hg and 
condensed on cold copper 
surface. 


As received. 


Be lump, remelted 
with addition of 
indicated element. 


Previous History and Composition of Samples Used for X-ray Analysis 








om 


Na Fe 


0.010 0.100 0.4 


<0.006 0.035 0.2 


0.07 0.01 
0.15 0.06 


Approximately same as Be 
Approximately same as Be 
Approximately same as Be 
Approximately same as Be 
Approximately same as Be 


Table VIII 


Lattice Constants of Beryllium and 


Designation 


Be Distilled 
Be Flake 


0.73% Ti. 
0.73% Ti quenched from 1000°C 


1% Si 
1% Si quenched from 1000°C 


0.62% Al 
0.62% Al quenched from 1000°C 


0.65% Zr 


1% Ox (approximately) 


a 
2.2856 3.5831 1 
2.2854 3.5829 i 
2.2853 3.5829 1 
2.2852 3.5830 1 
2.2852 3.5823 1 
2.2855 3.5833 1 
2.2853 3.5829 1 
2.2856 3.5833 1 
2.2852 3.5822 1 
2.2853 3.5824 1 
2.2853 3.5832 1 
2.2851 3 1 





0.2 
0.15 





—Composition, Per Cent by We 
Si 


Mn 


0.05 


<0 .006 


0.015 
0.01 


Beryllium Alloys, 25 °C 


(In Angstrom Units) 
c 


.5825 


0.6 


0.2 


<0.02 0.1 


ight-———_. 
Mg Al 


0.05 0.1 
0.08 0.15 


c/a 

.5677 
.5677 
.5678 
.5678 
.5676 
.5677 
.5678 
.5678 
.5676 
.5676 
.5679 
.5678 


19 plus 0.73% Ti. 
19 plus 1% Si. 
19 plus 0.62% Al. 
19 plus 0.65% Zr. 
19 plus 1% Os (app.). 


for the values reported by Neuburger (10) (a = 2.2726 A, c = 3.6015 
A). Since all of our samples, including the distilled metal, gave 
substantially the same value, it was concluded that either the amount 


of dissolved impurities was insufficient to change the lattice param- 


- 
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eter within the precision of measurement or else, through some 
remarkable circumstance, the dissolved impurities (oxygen is the 
best possibility) caused the same change in parameter in all the 
samples. 

A few observations on the change of lattice parameter with 
temperature were carried out. This work has been repeated and 
ereatly extended by one of the authors (23) and therefore the older 
values will not be presented here. 

Electrical Resistivity—Because of the large variation of electrical 
resistivity with dissolved impurity content in metals and in view 
of the large discrepancies in the reported resistivity values mentioned 
above, it was decided to measure this quantity on a number of 
samples of beryllium. Measurements were made on extruded and 
machined bars of about 44-inch diameter by passing a known current 
through the specimen and measuring the voltage drop over a given 
length with a high precision potentiometer. The temperature was 
accurately controlled by immersing the specimen in an oil bath. It 
is believed that the probable error of resistivity measurement was 
about + 0.5%. Table IX lists the values of resistivity as extruded, 
after annealing at 1000°C (1830°F), and after quenching from 
1000 °C (1830°F). Chemical analyses for the major impurities 
aluminum, iron, magnesium and silicon are included. The specimens 
marked Chicago were melted and cast by the Brush Company and 
extruded by the University of Chicago Group; those marked M.1.T. 
were vacuum-melted at Massachusetts Institute of Technology and 
extruded at Detroit. The annealing and heating for quenching were 
carried out in vacuum. 

In general, the Chicago specimens had lower resistivities than 
the M.I.T. specimens. The only persistent difference in composition 
was in the magnesium content, the Chicago specimens containing 
considerably more. It may be noted that the quenched resistivities 
of the Chicago specimens were higher than the corresponding 
annealed values. This indicates some solution of the impurities at 
high temperatures. However, there does not seem to be any obvious 
correlation between the amount of various impurities and the absolute 
resistivities. The values reported here agree in magnitude with the 
figure reported by Sawyer and Kjellgren (13). The high value 
given by Losano (9) is unexplained. 

In view of the fact that extruded beryllium has a preferred 
crystal orientation'and that the degree of orientation varies with 
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Table 1X 
Electrical Resistivities and Composition of Some Beryllium Specimens 
(Resistivities in Ohm-Centimeters) 
Annealed Quenched 
at rom 7~Per Cent Major Impurity 
Specimen As Extruded 1000 °C 1000 °C Al Fe Mg Si 

Chicago No. 1 3.93 K 10°-* 3.90 « 10% 4.07 K 10° 0.14 0.056 0.69 0.083 
Chicago No, 2 4.11 K 10-4 3.97 K 10-6 4.04 < 10-8 0.16 0.042 0.58 0.20 
Chicago No. 4 4.06 < 10-4 3.91 X 10-4 4.08 « 10-* 0.15 0.028 0.81 0.12 
Chicago No. 6 4.00310 402x110 4.19 x 10 0.23 0.042 0.81 0.14 
Chicago No. 7 4.0110 3.99x10* 4.11 x 104 0.12 0.27 0.39 0.17 
Chicago No. 8 4.09 10% 3.96 10-% 4.01 x 10% 0.17 0.055 1.00 0.45 
Chicago No. 9 3.88 & 10-* 3.93 K 10-4 4.07 « 10-* 0.14 0.055 0.89 0.19 
Chicago, average 4.02 « 10-* 3.95 & 10 4.08 & 10-6 , 
M.I.T. No. 2 4.31 K 10-4 0.18 0.15 0.056 0.12 
M.1.T. No. 4 4.28 x 10-* 0.18 0.15 0.056 0.12 
M.I.T., average 4.30 





subsequent heat treatment (see next section), it was felt that the 
small differences in resistivity shown in Table IX might be due 
to orientation differences. This is based on the assumption that the 
resistivity of beryllium varies with crystallographic direction. It 
was therefore decided to defer further resistivity measurements until 
the degree of anisotropy in single crystals had been determined. 

A few observations of the temperature coefficient of resistivity 
were made by varying the temperature of the oil bath up to 100 °C 
(210°F). The results are listed in Table X. The designation 
“AE” after the specimen number indicates measurements made on 
the specimens in the as-extruded condition. The designation “AQ” 
refers to measurements made after the additional treatment of heat- 
ing for 1 hour at 800 °C (1470 °F) and water quenching. 

Allotropy of Beryllium—There have been statements both in 
the open literature (14, 15) and in the Manhattan Project reports 
(24) indicating that a phase transformation may occur in beryllium 
in the neighborhood of 750°C (1380°F). Several independent 
sets of observations made at Massachusetts Institute of Technology 





Table X 


Temperature Coefficients of Resistivity. of Two Beryllium Specimens 
Calculated Between 25 and 100 °C 





_ de a: Rk 
oer Pp dt > an 
Specimen and Condition a, X 10° ade (Ohm-cm/°C) X 10° 
1—AE 6.61 26.7 
1—AQ 6.52 26.5 
2—AE 5.83 26.4 
2—AQ 6.35 26.4 
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indicate that no transformation occurs. The most positive of these 
are the X-ray diffraction studies made at temperatures up to 1000 °C 
(1830 °F) which have recently been carried out by P. Gordon (23). 
The hexagonal close-packed lattice was found to persist with no 
anomalous behavior up to 1000 °C (1830 °F). 

A second observation consisted of very accurate cooling curves 
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Fig. 12—Cooling Curves, Temperature versus Temperature 
Difference between Beryllium ard Copper as Shown by Differ- 
ential Thermocouple. 


between 800 and 680°C (1470 and 1255 °F). A differential tem- 
perature measurement between beryllium and copper was carried out 
using small rates of temperature change (3° per minute and 1° per 
minute) and a high sensitivity galvanometer and precision poten- 
tiometer to give the readings. The results are plotted in Fig. 12 
from which it is apparent that no significant heat effect occurred. 

The third evidence against a transformation lies in numerous 
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microexaminations of metal cooled from various temperatures up to 
the melting point, none of which reveal a change in microstructure 
other than grain growth. It should be said also that single crystals 
may be obtained from the melt, a result which would. be highly 
improbable if a transformation occurred in the solid state. 

Recrystallization of Beryllium—Because of the brittleness of 
beryllium it is difficult to achieve much deformation at room tem- 
perature by rolling. It was decided, therefore, to introduce cold 
work by making Brinell impressions and then study recrystallization 
in the neighborhood of the impression. For this purpose cylindrical 
specimens '% inch long were cut from a ™%-inch diameter extruded 
beryllium rod. The two transverse faces of the specimens were then 
ground flat and parallel. Because of the high temperature of 
extrusion (1100 to 1150°C), the beryllium rod had an equiaxed, 
unstressed grain structure as extruded (see Fig. 13a) and probably 
some preferred orientation. A Brinell impression with a 1000-kg 
load was made on one of the transverse faces of each specimen. The 
specimens were then cut longitudinally through the Brinell impres- 
sions, and the exposed longitudinal faces polished for metallographic 
observation. Heat treatment was carried out in vacuum for varying 
lengths of time at 700, 750, 800, 850, 1000, and 1200°C (1290, 
1380, 1470, 1560, 1830 and 2190 °F). It was found that after heat 
treating, the prepared surface needed only to be repolished on a 
kitten’s ear cloth wheel with No. 2 levigated alumina to remove the 
thin oxide film produced during the anneal. Thus the possibility of 
mechanical twinning due to grinding after the heat treatment was 
eliminated. 

An example of the appearance of the microstructure of the 
specimens after deformation and before recrystallization is given in 
Fig. 13b. The deformation effect of the Brinell impression extended 
into the specimens for more than ;*; inch below the impression. The 
recrystallization time at any temperature for the more severely de- 
formed metal nearest the impression was taken as that which pro- 
duced a microstructure similar to Figs 13c (specimen heated 1 hour 
at 750°C), and for the lightly deformed metal farthest from the 
impression, a microstructure similar to Fig. 13d (specimen heated 
1 hour at 800 °C). 

The results of the recrystallization studies are represented in 
the curves of Fig. 14 and illustrated in the photomicrographs of 
Fig. 13. It was found that recrystallization of the more severely 
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Fig. 13—Microstructures Depicting Recrystallization and Growth of Beryllium 
Crystals. Unetched. Polarized light. * 35. a—As extruded. b—Deformed and annealed 
1 hour at 700°C. c—Deformed and annealed 1 hour at 750°C. d—Deformed and 
annealed 1 hour at 800 °C. e—Deformed and annealed 1 hour at 1000 °C. f—Deformed 
and annealed 1 hour at 1200 °C. 


deformed metal, which took place in 1 hour at 750°C (1380 °F), 
required as much as 75 to 100 hours at 700 °C (1290 °F), but only 
about 15 minutes at 800°C (1470°F), and 1 minute at 850°C 
(1560°F). Recrystallization of the lightly deformed metal occurred 
after 30 minutes at 800 °C (1470°F) and after 3 minutes at 850 °C 
(1560°F). At 1000 to 1200°C (1830 to 2190 °F) the rate of 
recrystallization was too rapid to be measurable. Considerable grain 
growth was encountered at these temperatures, as illustrated in Figs. 
13e and 13¢. 

In order to check the validity of extrapolation upwards of the 
straight-line curves in Fig. 14, specimens were heated in molten lead 
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at 900 to 920°C (1650 to 1690 °F) for 0.5 second, 5 seconds and 
15 seconds. (These times are in addition to the 10 seconds meas- 
ured as the time necessary to come to temperature.) As predicted 
by Fig. 14, the 0.5-second specimen was not recrystallized; the 
5-second specimen revealed recrystallization of the severely deformed 
metal, and the 15-second specimen showed some, but not complete, 
recrystallization of the lightly deformed metal. 

Extensive experience with beryllium worked and reheated in 
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Fig. 14—Time-Temperature Relationships for Recrystallization of 
Beryllium. 


various ways at elevated temperatures has confirmed the conclusion 
that the lowest recrystallization temperature is about 700 °C (1290 
°F). A careful study of all the variables affecting the recrystal- 
lization temperature has not as yet been made. 

In discussing recrystallization it is necessary to mention certain 
peculiarities in the mode of deformation of polycrystalline beryllium. 
At reom temperature, deformation takes place largely by twinning. 
This is clearly shown by Fig. 13b. The fact that most of the twinned 
regions are shaded white is probably an indication that the original 
bar had a preferred orientation and that the twin orientations are 
derived from this. Immediately above room temperature another 
deformation process, presumably slip, becomes progressively more 
prevalent until at temperatures above about 300°C (570 °F) twin- 
ning is no longer observed. Photomicrographs illustrating this 
behavior are shown in Fig. 32 (Part II). Individual, deformed 
crystals which have not twinned often show a continuous variation 
in shading under polarized light, and this is taken to mean that the 
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orientation of the crystal is changing throughout its length. Typical 
examples of this effect are shown in Fig. 32. It is interesting to 
speculate whether this effect could be achieved by the conventional 
slip process or whether a new type of deformation, such as con- 
tinuous lattice distortion, is occurring. 

It has also been observed that certain crystals, instead of deform- 
ing continuously, will break up into several regions of slightly differ- 
ent orientation with each region apparently being distortion-free. 
The straight boundaries of such regions are sometimes roughly 
parallel and sometimes diverge in radial fashion. A photomicro- 
graph illustrating these structures is shown in Fig. 32d. This 
behavior may be related to the “kink bands’’ observed in single 
crystals of zinc and cadmium (25, 26). 

Crystals which exhibit the continuous orientation changes 
(“twisted” grains) apparently are not in a highly deformed state, 
since it has been observed that in general it is necessary to go well 
above 700 °C (1290 °F) before they will recrystallize. As a result 
of this, it is quite common to find large deformed grains in beryllium 
which has been extensively worked at 1000 °C (1830 °F) and then 
air-cooled. It may be necessary to hold for several hours at 900 to 
1000 °C (1650 to 1830°F) to achieve recrystallization. A few 
casual observations have indicated that the “twisted” grains may 
recrystallize not by a process of nucleation and growth, but perhaps 
by the crystal dividing into a few large regions, each of which grad- 
ually assumes an undistorted structure. 

It is expected that careful and extensive studies of the defor- 
mation and recrystallization behavior of beryllium will be carried 
out in the near future. 

Preferred Orientation—X-ray examination of extruded beryl- 
lium has shown that preferred orientation is induced by extrusion. 
Transmission photograms of the Laue type employing Cu-K radiation 
at 37.5 kv and 10 ma were used to study the orientation of extruded 
metal. 

A rod which had been extruded to a final diameter of ;%; inch 
with a reduction in area of about 500 times (extrusion temperatures 
1100 to 1150°C) was shown to have a fiber axis in the direction 
of the poles of the (100) planes (prism faces) and an angular 
spread, representing the perfection of preferred orientation, of 12 
to 15 degrees. No attempt was made to obtain a high degree of 
accuracy in these measurements, so the values of angular spread of 
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Fig. 15—Transmission X-Ray Photograms of Preferred Orientation in ;-Inch 
Extruded Beryllium Rod. Reduction in area of rod during extrusion about 500 times. 
a—X-ray beam parallel to rod axis. b—X-ray beam perpendicular to rod axis. c—X-ray 
beam 71 degrees to rod axis. 


the fiber axis may be in error by several degrees. Figs. 15a, 15b, 
and 15¢ are reproductions of the transmission photograms taken in 
three directions with respect to the rod axis. The outer Debye 
ring is a result of reflections from the (101) planes, the inner faint 
ring from the (100) planes. The (002) reflections appear between 
these two, except in Fig. 15a, in which case the (002) planes are 
oriented more-or-less parallel to the rod axis and the X-ray beam 
and thus cannot reflect. That the orientation is random about the 
rod axis is indicated by the completeness of the Debye rings in 
Fig. 15a, best seen in the case of the (101) ring. For Fig. 15b, 
the X-ray beam was perpendicular to the rod axis, and for Fig. 15c, 
the beam made an angle of 71 degrees with the rod axis. Preferred 


ae 





A 


EL 





1950 METALLURGY OF BERYLLIUM 813 


QQ SSSR 











b: Pole figure for (OO2) planes 
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c: Pole figure for (100) planes d: Position and angular spread 
of fiber axis on standard 
projection of Beryllium crystal. 
Fig. 16—Preferred Orientation in *-Inch Extruded Beryllium Rod. Reduc- 
tion in area of rod during extrusion about 500 times. a—Pole figure for (101) 
planes. b—Pole figure for (002) planes. c—Pole figure for (100) planes. 


d—Position and angular spread of fiber axis on standard projection of beryllium 
crystals. 


orientation is clearly shown in these photograms. The position of 
the various clusters of spots on the Debye rings may be readily 
understood by reference to the pole figures of Figs. 16a, 16b, and 
l6c. The projection plane of the pole figures is the plane of the 
specimen containing the rod axis. A study of these pole figures 
quickly shows that spots will appear on the photograms only where 
the reflection circle determined by the Bragg angle (two dashed 
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circles are drawn in on each pole figure, the concentric one repre- 
senting the reflection circle when the X-ray beam is perpendicular 
to the rod axis, the other the reflection circle when the X-ray beam 
is 71 degrees to the rod axis) intersects the shaded bands repre- 
senting the positions of the plane as restricted by the preferred 
orientation. 

Fig. 16d gives the position and angular range of the fiber axis 
on a standard projection of a beryllium crystal. 

The photograms of Fig. 17 were taken of two rod specimens 





Fig. 17—-Transmission X-Ray Photograms of Orientation in Two Extruded Beryl- 
lium Rods. X-ray beam perpendicular to rod axis. a—Extruded with 16 times reduc- 


tion in area. b—Extruded with 16 times reduction in area and vacuum-annealed at 
1000 °C. 


which had been extruded at 1100 to 1150 °C (2010 to 2100 °F) with 
a reduction in area of 16 times. The specimen of Fig. 17b had in 
addition been annealed in vacuum at 1000°C (1830°F). X-ray 
photograms (taken with the beam perpendicular to the rod axis in 
both cases) revealed that the unannealed specimen (Fig. 17a) had 
a marked preferred orientation similar to that of the rod (500 times 
reduction) described above, i.e., with a fiber axis parallel to the basal 
plane. After the 1000°C (1830°F) anneal, however, in addition 
to an increase in grain size, the orientation became considerably 
more random although there was still evidence of a small degree of 
preferred orientation. . 
Hardness of Beryllium—lIt has been observed in a number of 
ways that the hardness of beryllium is very anisotropic. It is a 
common observation to find the coarse crystals of a machined casting 
of beryllium standing in relief so that the grain structure is revealed. 
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Hardness measurements on single crystals have given Rockwell B-87 
in the OO1 direction and Rockwell B-35 perpendicular thereto. 
Hardness on a transverse cut on an extruded bar having preferred 
orientation was Rockwell B-64.0, while on a longitudinal cut it was 
Rockwell B-81.2. For these reasons hardness values have not been 
used extensively in studying beryllium. 


PART II 
BEHAVIOR OF BERYLLIUM UNDER TENSILE STRESS 


In the early part of the beryllium investigation, tensile tests 
were carried out at room temperature in order to evaluate the 
relative ductility of beryllium produced or alloyed in various ways. 
This work showed that alloying and thermal treatments led to little 
improvement in ductility but that a small amount of ductility could 
be achieved in extruded metal in the extrusion direction. Later, 
studies were directed toward learning how the ductility varied with 
temperature and strain rate. It was hoped that this information 
could be used in learning how to fabricate the metal and might shed 
some light on the problem of improving the room temperature ductil- 
ity. These investigations gradually led to a study of the stress 
rupture and creep behavior of beryllium at temperatures as high 
as 1095 °C (2000°F). All of this work is described in the follow- 
ing sections. 


EXPERIMENTAL TECHNIQUES 


Measurements made included tensile tests at temperatures up 
to 1000 °C (1830 °F), and stress rupture and creep tests at temper- 
atures in the range of 500 to 1094°C (930 to 2005°F). The 
degree of precision was, in general, confined only to that necessary 
to give good comparative data. For example, elongations were 
measured in such a way that the stretch taking place in the specimen 
fillet region was included in the strain measurements. Thus the 
absolute values of elongation might be in error by a relatively large 
amount, but the comparative values from specimen to specimen ‘were 
considerably more accurate. It is. considered that the errors may 
be as high as 15% on an absolute basis; the reproducibility of values 
is within 2 to 3%. 

A schematic drawing of the apparatus used for high temperature 
tensile testing is shown in Fig. 18. Measurement of strain was 
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made by means of dial gages actuated by feeler rods seated at the 
base of the threaded section of the specimen. In some cases dial gage 
measurements of the displacement of the pulling crosshead of the 
Tinius Olsen 20,000-pound standard tensile tester was considered 
sufficiently accurate for comparison purposes. Furnace temperature 
was controlled with variacs and was held within + 5° C, while the 
average differential from top to bottom of the specimen gage length 
was 3°C. At temperatures of 800°C (1470°F) and above, the 
specimens were tested under an atmosphere of preheated helium in 
order to eliminate the excessive air corrosion which beryllium under- 
goes in this temperature range. 

Stress rupture tests above 700 °C (1290 °F) were conducted in 
the apparatus schematically illustrated in Fig. 19. Vacuums of 10“ 
mm of mercury or better were maintained during testing. Strain 
measurements were made by a dial gage indicating the specimen 
elongation as transmitted through the weight pan. This apparatus 
was limited to creep rates above 10° in/in/hr and loads below about 
65 pounds. For slower rates of creep or heavier loads at relatively 
low temperatures, use was made of a standard-type creep apparatus 
available in the regular M.I.T. creep laboratories. In this case 
strain was measured by telescopic observation of the movement of 
reference marks attached directly to the specimen at the ends of 
the gage length. 


Room TEMPERATURE TENSILE PROPERTIES 


Investigation of the room temperature tensile properties of 
beryllium have been carried out largely on vacuum-cast extruded 
metal. The discussion, therefore, will be confined mainly to this 
type of beryllium although a brief comparison with the other types 
will be included. 

For vacuum-cast extruded beryllium, if the melting and casting 
conditions and the chemistry of the metal are kept reasonably con- 
stant, the room temperature tensile properties would be expected to 
be a function chiefly of the extrusion conditions and any subsequent 
annealing treatment. The effects of varying extrusion temperature 
and annealing conditions were, therefore, the first factors investi- 
gated. It was later found, however, that because beryllium is a 
relatively brittle metal, the damage done to the specimen surface as 
a result of even the most careful machining exerts a large influence 
on the tensile properties observed. Hence, a series of experiments 
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Table XI 


The Effect of Extrusion Temperature and Machining Stresses 
on the Tensile Properties of Beryllium 








As Extruded As Extruded, Machined As Extruded, Machined 
-———and Machined——. —and Annealed at 800 °C— and Etched 
Extrusion Bar Ultimate, Ultimate, Ultimate, 
Temp. No. psi Elong., % psi Elong., % psi Elong., % 

500°C 345 BROKE IN THREADS _ 51,600 3.30 73,200 0.31 

" 347 73,100 0.28 51,500 3.40 BROKE IN THREADS 
700°C 349 59,800 0.28 48,400 2.77 59,000 0.32 
350 60,500 0.33 46,700 2.71 60,500 0.30 
900°C 351 43,600 0.56 45,800 2.79 52,100 1.60 
352 45,400 0.34 44,300 2.15 50,200 1.29 

1060°C 354 35,400 0.32 52,800 3.68 BROKE IN THREADS 

49,600 2.81 

355 37,600 0.46 54.000 3 66 49,600 2.57 
a 52,700 S.ae 
1105°C 358 36,900 Rn ae aaa 55,900 4.32 
1208°C 359 = 34,800 0.44 50.200 3.80 50,500 3.70 


52,100 3.82 


was conducted to determine the extent of the surface effect on 
beryllium extruded at various temperatures. The results of these 
experiments will be described first, since some of the earlier results 
on the effect of varying annealing conditions may thus be better 
understood. 

A group of tensile specimens were prepared from bars extruded 
with an 11 to 1 reduction at temperatures in the range 500 to 
1208 °C (930 to 2210°F). For each extrusion temperature, tests 
were perfofmed in duplicate on specimens in the following con- 
ditions: (a) as-extruded and machined, (b) as-extruded, machined, 
and annealed at 800°C (1470 °F), and (c) as-extruded, machined 
and electrolytically etched to remove 0.010 inch of metal on the 
diameter of the specimen gage length. The results of these tests 
are listed in Table XI. Analysis of these data leads to several 
important conclusions. In the as-extruded and machined condition, 
the ultimate strength drops off rapidly as the extrusion temperature 
is raised and the per cent elongation is of the order of only a few 
tenths of 1% for all extrusion temperatures. If, however, the surface 
of the specimen gage is removed to a depth of 0.005 inch (on the 
radius) before testing, for extrusion temperatures of 900°C (1650 
°F) and above, the ultimate strength is raised appreciably and the 
elongation is markedly improved, particularly at the higher extrusion 
temperatures. For, extrusion temperatures of 500 and 700°C (930 
and 1290°F), the removal of the surface has little effect on the 
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Fig. 20—Transverse and Longitudinal Microstructure. of Vacuum-Cast Beryllium 
as Extruded at 500°C. Polarized light. 100. a—Transverse. b—Longitudinal. 





Fig. 21—Transverse and Longitudinal Microstructure of Vacuum-Cast Beryllium 
as Extruded at 700°C. Polarized light. 100. a—Transverse. b—Longitudinal. 


properties. Examination of the microstructures of the as-extruded 
material (Figs. 20 to 23) reveals that extrusion at 500 and 700 °C 
(930 and 1290° F) leaves the metal in a completely cold-worked 
condition. Extreme distortion of the grains is evident as well as 
a pronounced fibering in the longitudinal direction. Partial recrys- 
tallization is seen in the structure of the 900 °C (1650 °F) extruded 
material, and for higher extrusion temperatures the metal is com- 
pletely recrystallized. It seems apparent, then, that removal of the 
specimen surface has a large effect on the tensile properties, but 
only when the main body of the metal is in the recrystallized con- 
dition. In other words, the inherent properties of the recrystallized 
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Fig. 22—Transverse and Longitudinal Microstructures of Vacuum-Cast Beryllium 
as Extruded at 900°C. Polarized light. 100. a—Transverse. b—Longitudinal. 





Fig. 23—Transverse and Longitudinal Microstructures of Vacuum-Cast Beryllium 
as Extruded at 1060°C. Polarized light. x 100. a—vTransverse. b—Longitudinal 


material are intermediate strength and relatively high ductility,’ but 
the damaged sufface layer causes premature failure and does not 
allow these inherent properties to be realized. On the other hand, 
if the metal is in a severely cold-worked condition throughout, it is 
inherently strong and very brittle and the surface damage resulting 
from machining, if present, has no appreciable effect on its tensile 
properties. 

The data in Table XI for the specimens tested after annealing 
at 800 °C (1470 °F) indicate that such annealing also eliminates the 
effects of surface damage. In addition, the annealing recrystallizes 





*The ductility values are high for beryllium, but still low compared with most other 
metals. 
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Fig. 24—-Microstructures Showing the Effect of Annealing on 
Vacuum-Cast Beryllium Extruded at 650°C. Polarized light. 
xX 35. a—As extruded. b—Annealed 600 °C. c—Anneaied 750 °C. 
d—Annealed 900°C. T—Transverse. L—Longitudinal. 
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Fig. 25—Microstructures Showing the Effect of Annealing on 
Vacuum-Cast Beryllium Extruded at 815°C. Polarized light. 
x 35. a—As extruded. b—Annealed 600 °C. c—Annealed 750 °C. 
d—Annealed‘ 900 °C. T—Transverse. L—Longitudinal. 
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the cold-worked beryllium and thus raises the ductility and lowers 
the strength of the metal extruded at the lower temperature. This 
effect will be discussed more thoroughly in the section below. 

In order to investigate the effect of annealing on room temper- 
ature tensile properties, specimens were prepared from bars extruded 
with a 16 to 1 reduction at temperatures of 650, 730, 815 and 900 °C 
(1200, 1345, 1500 and 1650°F). Examination of the microstruc- 
tures of these specimens revealed that the transition temperature 
between cold working and hot working during extrusion occurred 
somewhat below 815°C (1500°F). Metal extruded at the two 
lower temperatures showed essentially completely cold-worked struc- 
tures, whereas metal extruded at 815 and 900°C (1500 and 1650 
°F) showed largely recrystallized structures. The slight discrepancy 
in the location of the transition temperature as indicated by this 
work and the work previously noted may be explained by the fact 
that the temperatures given are furnace heating temperatures and 
not necessarily actual working temperatures. Billet size, extrusion 
equipment, and speed of handling would all affect the differential 
between this nominal temperature and actual working temperature. 

For each extrusion temperature, specimens were tested in the 
as-extruded condition and after annealing at 600, 750 and 900°C 
(1110, 1380 and 1650°F) for 3 hours. These temperatures were 
chosen on the basis of previous work which indicated that the 
recrystallization temperature for severely cold-worked beryllium is 
about 725 °C (1335°F). It was found as expected that the 600 °C 
(1110°F) anneal produced no change in the microstructure of any 
of the specimens, the 750 °C (1380°F) anneal produced recrystal- 
lization in the cold-worked metal and the 900 °C (1650 °F) anneal 
resulted in appreciable grain growth in all specimens. These micro- 
structural changes are illustrated in Figs. 24 and 25 for the material 
extruded at 650 and 815°C (1200 and 1500°F). The strength 
and ductility properties of the annealed specimens are plotted as a 
function of annealing temperature in Fig. 26. 

In studying the curves of Fig. 26, it should be remembered that 
this work was done prior to that demonstrating the effect of surface 
damage on the tensile properties. None of the specimens for which 
values are given in Fig. 26 were etched to remove the damaged 
surface layer. Hence, all specimens tested in the as-extruded con- 
dition and even those given a 600 °C (1110 °F) anneal (this anneal- 
ing temperature has been shown to be insufficient to relieve surface 
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Fig. 26—Effect of Annealing on the Tensile Properties of 
Beryllium Extruded at Various Temperatures. 


effects) were subject to the effect of surface damage. With this in 
mind the data in Fig. 26 together with the evidence of Figs. 24 and 
25 may be appraised and found to justify the following conclusions: 
(a) annealing at 600°C (1110°F) and below causes no large 
change in the room temperature properties of beryllium, regardless 
of whether it has been cold-worked or hot-worked during extrusion ; 
(b) raising the annealing temperature to 750°C (1380°F) is 
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Fig. 27—Effect of Annealing at 1000°C on Various Types of Beryllium. X 50, 
using polarized light. a—Flake, as extruded. b—Flake, annealed 1000 °C. 
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as received. d—Powder product, annealed 1000°C. e—Vacuum-cast, as 


f—Vacuum-cast, annealed 1000 °C. 
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sufficient to accomplish essentially complete recrystallization of 
severely cold-worked material, accompanied by some decrease in 
strength and a marked improvement in ductility; (c) for metal 
extruded at temperatures high enough to produce recrystallized as- 
extruded material, annealing at 750 °C (1380 °F) effects no observ- 
able change in microstructure, but produces a noticeable improve- 
ment in strength and a large improvement in ductility, which changes 
may be attributed to the elimination of the effects of surface damage; 
(d) annealing at 900°C (1650 °F) stimulates grain growth accom- 
panied by lowering of the strength properties and improvement of 
the ductility compared with the values after annealing at 750°C 
(1380 °F). 

In the case of extruded flake beryllium and material fabricated 
by powder metallurgy, the effects of variables on the room temper- 
ature properties have not been studied extensively. However, it 
has been found that for these materials the problem of grain growth 
is not encountered. Fig. 27 indicates the grain size of cast and flake 
bars as extruded at 900 °C (1650 °F) and after annealing at 1000 °C 
(1830 °F). A similar comparison is shown for Brush process “QT” 
metal (a powder product) as-received and after annealing at 1000 °C 
1830 °F). It is evident that major grain growth has occurred only 
in the cast material. It is believed that the oxide film about the 
original flake or powder particles plus the presence of some porosity 
in the metals fabricated from the flake or powder products act to 
inhibit grain growth both during extrusion and annealing. The 
combination of relatively high strength and ductility obtainable with 
extruded and annealed flake metal as compared with similarly treated 
vacuum-cast metal is shown by the following ranges of values 
obtained over a number of tests in the annealed condition (annealing 
temperature 800 °C, extrusion temperature approximately 1060 °C). 


Proportional Limit Ultimate Strength Elongation 
(psi) (psi) (%) 
Cast and extruded: 17,000/23,000 36,000/55,000 1.5/4.0 
Flake: 20,000/30,000 59,000/78,000 4.0/7.0 


The improved properties of the flake material may be associated with 
its considerably smaller normal grain size. 

Before any comparative evaluation of the various types of metal 
can be made, the factor of directionality must be considered. In 
many cases a material cannot be usefully employed in such a way 
as to concentrate maximum stresses in the ideal direction. It has 
been observed that in extruded beryllium the directional differences 
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Table XII 
Room Temperature Directional Properties 


-——Longitudinal—. ——Transverse-—— 


Ultimate Elong. Ultimate Elong. 

Material Condition (psi) (%) (psi) (%) 
Cast and Extruded As Extruded 32,730 0.36 19,400 0.30 
Cast and Extruded Annealed 800°C 39,970 1.82 16,550 0.18 
Extruded Flake As Extruded 46,600 0.55 29,125 0.30 
Extruded Flake sae -* 63,650 5.0 25,500 0.30 

nnea “a, 0 be. 
plus 1000°C 1 hr. 68,450 6.6 26,700 0.30 
Brush QT Metal Annealed 800°C 1 hr. 34,400 2.2 33,800 1.6 


in tensile properties are very pronounced. Table XII shows results 
on 3 by %-inch flats of extruded flake and extruded cast beryllium. 
Tests taken transverse to the extrusion direction (i.e., across the 
flat) show strengths generally less than half those in the longitudinal 
direction. Ductilities are similarly poor. 

Extruded beryllium is characterized by two structural properties 
either or both of which could account for the directional differences 
in tensile properties. Fig. 21 shows the gross longitudinal grain 
fibering introduced by the extrusion. In addition, the X-ray analysis 
discussed in Part I has revealed that the extruded beryllium has a 
marked preferred orientation, the 0001 (basal) planes and a 1010 
direction being lined up almost parallel to the extrusion axis. It 
has been found that the gross fibering is virtually eliminated by 
annealing at temperatures above 750°C (1380°F), but that some 
preferred orientation remains, even up to 1000°C (1830°F). Inas- 
much as such annealing does not appreciably improve the transverse 
tensile properties, it seems apparent that the directional differences 
are associated largely with the preferred orientation and not with 
the gross fibering. 

C. S. Barrett has indicated that slip in beryllium crystals at 
room temperature takes place on the 0001 planes and in a 2110 
direction (27). Slip occurs when the resolved shear stress on this 
plane and in this direction attains a certain critical value. The 
resolved shear stress is given by the expression 


r= (F/A) cos$ cosa 


where Tt is the resolved shear stress, F the tensional load, A the cross 
sectional area of the specimen, ¢ the angle between the normal to the 
slip plane and the tension axis, and a the angle between the slip 
direction and the tension axis. It is seen that t is a maximum when 
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both @ and @ equal 45 degrees and is zero when either angle is 90 
degrees. On this basis, consideration of the crystal orientation existing 
in the extruded beryllium readily explains, at least qualitatively, the 
directional differences in tensile properties. In a longitudinal test the 
angle @ approaches 90 degrees, hence the resolved shear stress (tT) 
is small. Consequently, large loads are needed to initiate slip, and 
the proportional limit should be high. In a transverse test the 
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Fig. 28—Comparison of Longitudinal and Transverse Stress- 
Strain Curves for Beryllium. 


allowed rotation of the basal planes (possibly within certain limits ) 
around the extrusion axis locates a statistical number of slip planes 
in the optimum position for maximum resolved shear stress; thus 
the load required to produce slip is low, and relatively low propor- 
tional limits should be observed. Tests show, in fact, that whereas 
the longitudinal proportional limit is in the range of 16,000 to 30,000 
psi, the transverse proportional limit is so low that no elastic region 
is observed within the limits of accuracy obtained. Fig. 28 shows 
sample stress-strain curves in the longitudinal and transverse direc- 
tions for cast and flake materials. 

Similar considerations reveal that the relatively low ultimate 
strength in the transverse direction as compared to that in the 
longitudinal direction is consistent with the preferred orientation 
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known to exist in the extruded metal. It has not been determined 
whether the test specimen failures were of the brittle cleavage type 
or of the shearing fracture type. For the latter type, however, 
fracture has generally been found to occur at a critical value of the 
resolved shear stress on the slip plane. Hence, just as in the case 
of the proportional limit, high fracture strength would be expected 
in the longitudinal direction-and low strength in the transverse 
direction. In the case of brittle cleavage of zinc and the hexagonal 
metals (27) it has been observed that cleavage occurs when a certain 
critical normal stress acting on the cleavage plane is exceeded. The 
resolved normal stress N is given by 


N = (F/A) cos? 


where F and A are as before and ¢ is the angle between the tension 
axis and the normal to the cleavage plane. For beryllium it is 
reasonable to suppose that the 0001 plane has the lowest critical 
normal stress for cleavage, since a beryllium crystal given a sudden 
blow with a hammer cleaves along the 0001 plane. Because this 
plane is almost parallel to the extrusion axis, in a longitudinal test 
cos @ will be small and high fracture strength should again be 
expected; in a transverse test cos @ and therefore N will be large 
for a statistical number of crystals, and the fracture strength should 
be relatively low. 

Since the transverse weakness is thus indicated to be inherent 
in extruded beryllium, the powder process would seem at present 
to be the only practical one by which a nearly isotropic material may 
be produced. It is therefore of considerable interest to compare the 
directional properties of a block produced by -powder metallurgy 
with the properties of an extruded flat. Table XII includes values 
obtained from a 9% by 5 by 234-inch block of Brush process QT 
metal. Longitudinal samples were taken in the 9'%-inch direction 
and the transverse samples were taken in the 5-inch direction. It 
should be emphasized that these results do not necessarily indicate 
the limits of properties available in powder materials, since new 
and improved processes have been developed. Data are not yet 
available on the properties of these later materials, however. The 
significant point is that there is no large difference between longi- 
tudinal and transverse properties, and the strength values are con- 
siderably better than those obtained in the transverse direction on 
extruded metal. 
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HicH TEMPERATURE PROPERTIES 


Figs. 29, 30 and 31 show the effect of temperature variation 
on ultimate strength, elongation and reduction in area in high 
temperature tensile tests on extruded cast metal and flake metal, all 
measurements being taken in the longitudinal direction. Points 
plotted in Fig. 29 for ultimate strength are averages of all results 
to date on materials tested at elevated temperatures. They consist 
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Fig. 29—Variation of Ultimate Strength of Beryllium with Testing Temperature. 


of averages of from 3 to 11 tests at each temperature and include 
results on 8 different bars. Agreement of individual values was 
very good for ultimate strength data, but ductility values showed 
considerable variation between bars and were difficult to plot statis- 
tically. Figs. 30 and 31, therefore, give only schematically the plot 
of average elongation and reduction against temperature. Individual 
bars in some cases differed markedly from the values shown, but 
the trend of results is approximately as indicated. 

The variation in ductility of the cast and extruded beryllium 
with test temperature may be partially understood from a study of 
the photomicrographs shown in Fig. 32. It is apparent that twin- 
ning occurs at the lower temperatures and does not appear at 400 °C 
(750 °F) or above. The mode of deformation which leads to the 
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Fig. 30—Schematic Variation of Elongation of Beryllium with Testing Temperature. 
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Fig. 31—Schematic Variation of Reduction in Area of Beryllium with Testing i 
Temperature. 


“twisted” grains discussed in Part I appears to predominate at the 
higher temperatures. The rapid increase in ductility in going from 
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Fig. 32—Vacuum-Cast and Extruded Beryllium Pulled in Tension at the Tempera- 
tures Shown. Polarized light. xX 100. a—Room temperature, 0.44% elongation. Note 
small number of deformation twins and no twisted grains. b—200 °C, 17.0% elongation. 


Note mixture of twins and twisted grains. c—200°C. Same specimen and same field 
as in b but with different rotation of stage to further illustrate the twisted grains. 
d—400 °C, 25.5% elongation. Note twisted grains and absence of twins. e—600 °C, 
18.9% elongation. Twisted grains and no twins. f—800°C, 30.9% elongation. 


Grains 
relatively undeformed. ‘Metal coming apart at grain boundaries. 
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room temperature to 400°C (750°F) is believed to be due to the 
increasing ease with which “twisting” can occur. The reason for 
the decrease in ductility above 500°C (930°F) is not readily 
apparent, but the increase which is observed above 600 °C (1110 °F) 
and becomes a maximum around 800°C (1470°F) apparently is 
due to grain boundary failure, as shown in Fig. 32f, which. leads to 
an apparent increase in the elongation. These explanations of the 
observed behavior need further corroboration. 

The effect of annealing on the room temperature properties of 
material extruded above the recrystallization temperature has been 
discussed in a previous section. The drop-off in strength in un- 
annealed material tested at room temperature compared with that 
tested at 200 °C (390 °F), noted in Fig. 29, is adequately explained 
by the surface effect of machining. On the other hand, the fact 
that the surface condition does not affect the strength at testing 
temperatures between 200 and 700°C (390 and 1290 °F) is indi- 
cated by the agreement of annealed and unannealed values. (In 
Fig. 29, the annealed and unannealed curves merge at 200°C and 
above.) This may be explained only by assuming that the inherently 
greater ductility of the material in this temperature range permits 
the dissipation of dangerously concentrated stresses due to surface 
damage and thus prevents premature failure. There is, however, 
some indication that the ductility dip in the vicinity of 600°C 
(1110°F) is partially eliminated by annealing, but the data are 
still insufficient to determine this point definitely. 

The ductility of flake metal at elevated temperatures in an 
ordinary tensile test varies in a similar fashion to that of cast and 
extruded material. Bar-to-bar variations make an exact comparison 
of ductilities impossible. A very definite difference in strength 
values exists, however,.as can be seen in Fig. 29. At low testing 
temperatures flake metal has higher strength than the cast and 
extruded metal, while at testing temperatures between 450 and 
800 °C (840 and 1470°F) the opposite is true. At low tempera- 
tures grain boundary material must have higher strength than the 
grains themselves, since fracture always occurs through the grains. 
At high temperatures (700 °C and above) the boundary material is 
weaker than the grains, since fracture occurs at the boundaries. It 
seems reasonable, therefore, that the fine grain flake metal with a 
larger area of boundary material should be the stronger of the two 
at low temperatures and the weaker at high temperatures. These 
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Table XIII 
Directional Effects on Beryllium Mechanical Properties 
— —— —— Flake—— —- --— Cast--—-—- — 
Ulti- Ulti- 
No. mate No mate 
Test Direction of Str. Elong., Red., of Str. Elong., Red., 
Temp. Condition of Test Tests (psi) % % Tests (psi) % % 
Longitudinal 4 46,600 0.55 3 32,730 0.36 
Asextruded = Tyansverse 2 291125 0.3 2 19,400 0.30 
auncaled —_ Longitudinal 2 63,650 5.0 6.1 3 39,970 1.82 
Room 1 tx. Transverse 1 25,500 0.3 ea 2 16,550 0.18 
—— Longitudinal 2 68,450 6.6 5.7 ) 
Sei C Transverse 1 26,700 0.3 0 
: Longitudinal 0 3 39,870 13.2 8.0 
200°C As extruded Transverse 0 2 16,600 chloe 
Annealed Longitudinal 0 3 37,870 13.4 8.6 
s00°C ihr. Transverse 0 ae 2 14,250 1.4 
on : Longitudinal 2 30,590 14.8 9.6 3 27,670 29.0 32.8 
400°C Asextruded Transverse 2 2290 1.9 ©0353 2 4500 30 .. 
of; Longitudinal 2 13,570 10.6 2 2 25,850 20.8 23.2 
600°C Asextruded Transverse 1 11,200 2.5 0.6 2 15.980 1.2 0.3 
on / Longitudinal 2 4,760 9.1 4.2 3 9,270 25.6 24.0 
800°C As extruded Transverse 1 0.3 ihe 2 6.900 9.6 8.9 








results appear to apply only to a tensile test of ordinary duration, 
since the stress rupture strength of flake beryllium seems to be 
much greater than that of vacuum-melted metal as is mentioned later. 

Transverse tests at elevated temperatures show little improve- 
ment in ductility over those at room temperature. Table XIII lists 
values obtained at testing temperatures up to 800°C (1470°F) in 
longitudinal and transverse tests from the same 3 by ™%-inch flats 
of cast and flake metal noted in Table XII. For cast metal there 
is little change in transverse strength or ductility below 800°C 
(1470 °F). Flake metal shows a gradual decrease in strength over 
this same range. The strengths of flake metal in transverse and 
longitudinal directions are nearly equalized by 600°C (1110°F), 
while in cast metal the transverse strength is still about 25% below 
the longitudinal at 800 °C (1470 °F). 

The effect of strain rate has been investigated at three different 
temperatures : 350, 600 and 800 °C (660, 1110 and 1470°F). Sum- 
mary curves for ultimate strength, elongation and reduction in area 
are shown in Figs. 33, 34 and 35 for cast and extruded beryllium. 
Plotted points are averages of 3 to 4 tests at each strain rate. A 
marked effect of rate is noted on all three properties. The reason 
for the reversed trend in reduction values at 350°C (660°F) as 
compared with those at 600 and 800°C (1110 and 1470°F) is 
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j Fig. 33—Effect of Strain Rate on Ultimate Strength of Beryllium at Various 
lemperatures. } 
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Fig. 34—Effect of -Strain Rate on Elongation of Beryllium at Various 
Temperatures. 
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Fig. 35—Effect of Strain Rate on Reduction in Area of Beryllium at Various 
Temperatures. 
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Fig. 36—Stress Rupture and Creep Results. 
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related to the mechanism of fracture. It has been found in previous 
work (28) that under conditions producing transcrystalline fracture, 
ductilities increase with decreasing strain rate, while under conditions 
producing intercrystalline fracture, ductilities decrease with decreas- 
ing strain rate. Fractures on nearly all specimens tested between 
300 and 500°C (570 and 930°F) showed a small, dark, centrally 


Load in psi 
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Fig. 37—Beryllium Stress versus Temperature 
Curves for Arbitrary Rupture Times. 


located area in an otherwise bright fracture. Closer examination 
showed the dark area to be an intercrystalline fracture. At 600 °C 
(1110°F) the fracture is completely intercrystalline. We may, 
therefore, assume that the change in mechanism of fracture occurs 
over the range of 300 to 600°C (570 to 1110°F) and that in this 
range both mechanisms are involved. This fits in well with previous 
indications from the strength relationships of flake and cast metal 
that the so-called “equicohesive” temperature at normal strain rates 
is in the vicinity of 450°C (840°F). Increasing temperature and 
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decreasing strain rate both tend to produce intergranular rather than 
intragranular fractures. 

Stress rupture tests so far have been limited to extruded cast 
metal at high temperatures, particularly 1094 °C (2002°F). Data 
on similar material have been obtained by Battelle Memorial Institute 
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Fig. 38—Beryllium Stress versus Tem- 
perature Curves for Arbitrary Creep Rates. 


at 927 and 700°C (1700 and 1290°F) in standard creep units. 
M.I.T. data on creep at 500°C (930°F) are the low limit of 
investigated temperatures. All these data have been assembled in 
Fig. 36, showing a log-log plot of creep rate versus load and rupture 
time versus load. Reasonably good straight-line plots are obtained 
for all temperatures. By replotting the intersections of these curves 
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Table XIV 


The Effect of Alloying Elements on the Tensile Properties of Beryllium 
Specimen Per Cent Added Extrusion Breaking Per Cent 
Number Element Temp., °C Anneal Stress, psi Elongation 
L64-1 0.73 Ti 760 As extruded 43,200 0.42 
L64-1 0.73 Ti 760 725°C 20 hrs. 53,700 1.6 
L64-2 0.73 Ti 760 725°C 20 hrs. 53,600 1.1 
L64-A 0.73 Ti 760 725°C 20 hrs. 32,900 0.15 
L64-B 0.73 Ti 760 750°C 5 hrs. 51,400 1.2 
L65-1 0.65 Zr 755 As extruded 37,200 0.2 
L65-1 0.65 Zr 755 725°C 20 hrs. 40,400 1.4 
L65-2 0.65 Zr 755 725°C 20 hrs. 48,400 ae 
L65-B 0.65 Zr 755 700°C 50 hrs. 47,100 2.6 
L69-1 0.05 Mg 730 As extruded 40,400 0.19 
L69-A 0.05 Mg 730 725°C 20 hrs. 42,700 ee 
L69-B 0.05 Mg 730 725°C 20 hrs. 42,300 2.4 
L70-1 0.60 Ce 750 As extrudéd 38,100 0.1 
L70-1 0.60 Ce 750 725°C 20 hrs. 40,400 0.18 
L70-2 0.60 Ce 750 725°C 20 hrs. 42,500 0.15 
L70-A 0.60 Ce 750 750°C 5 hrs. 44,500 1.5 
L70-B 0.60 Ce 750 800°C 5 hrs. 37,600 1.0 
L71-1 1.45 Ca 760 As extruded 40,000 0.29 
L71-1 1.45 Ca 760 725°C 20 hrs. 49,400 1.4 
L71-2 1.45 Ca 760 725°C 20 hrs. 52,900 ‘2 
L71-A 1.45 Ca 760 725°C 20 hrs. 37,600 0.68 
L71-B 1.45 Ca 760 750°C 5 hrs. 52,800 2.3 
LA3-1 0.05S 765 As extruded 53,100 0.17 
LA3-1 0.05S 765 725°C 20 hrs. 49,100 1.2 
LA3-2 0.05S 765 725°C 20 hrs. 38,600 0.45 
LA3-A 0.05S 765 750°C 20 brs. 47,400 3.0 
L72-1 0.05-0.5 Se 740 As extruded 46,700 0.44 
1.72-1 0.05-0.5 Se 740 725°C 20 hrs. 42,000 0.44 
L72-2 0.05-0.5 Se 740 725°C 20 hrs. 46,900 0.26 
L72-A 0.05-0.5 Se 740 750°C 5 hrs. 33,400 0.86 
L72-B 0.05-0.5 Se 740 800°C 5 hrs. 47,100 2.7 
Lot-1 0.62 Al 685 As extruded 50,800 0.18 
L6l-1 0.62 Al 685 725°C 20 hrs. 47,700 1.9 
L61-2 0.62 Al 685 725°C 20 hrs. 45,500 2.4 
L61-A 0.62 Al 685 725°C 20 hrs. 50,000 3.0 
LA2-1 3.00 Al 675 As extruded 56,600 0.57 
LA2-1 3.00 Al 675 725°C 20 hrs. 51,500 ou 
L.A2-2 3.00 Al 675 725°C 20 hrs. 47,200 ZF 








with a series of arbitrary rupture times and creep rates, the family 
of curves in Figs. 37 and 38 is developed. From these an approxi- 
mation of loads to produce a given creep rate or rupture time at 
any temperature between 500 and 1100 °C (930 and 2010°F) may 
be obtained. 

Preliminary tests indicate that equivalent results are obtained 
in creep in either longitudinal or transverse tests at 927 °C (1700 
°F). There is also a small amount of data to indicate very much 
higher creep strength in flake metal at 1094°C (2002°F) than in 
cast and extruded metal tested at the same temperature. 

As has been indicated previously in connection with grain 
growth, there is believed to be an oxide film surrounding the flake 
particles. It is possible that this oxide is responsible for the 
improved stress rupture properties of flake material. Work is 
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Table XV 
Tensile Results on Binary Beryllium Alloys 

Compo- Ultimate 

sition Tensile % 

Weight Strength Elon- 

% Treatment in psi gation* Microstructure 
15 Cu As extruded. 49,400 0.19 One-phase alloy, completely _re- 
crystallized. 
15 Cu As extruded. 53,700 0.19 Fine-grained, same as above. 
15 Cu As extruded +5 hrs. at 
800°C (slow cool). 51,900 0.19 One-phase alloy, completely re- 


crystallized, fine-grained. 
i5 Cu As extruded +5 hrs. at 


800°C (slow cool). 54,800 0.22 
15 Cu As extruded +3 hrs. at 

750°C (slow cool) +15 min. 

at 1050°C (quenched). 6,100 SE One-phase alloy, recrystallized, 


large-grained. 
15 Cu As extruded +3 hrs. at 
750°C (slow cool) +15 min. 


at 1050°C (quenched). 7,700 Pee Same as above. 
32 Cu As extruded +15 min. at 
1050°C (quenched). 5,100 eats One-phase alloy, few globules of 


white compound, completely re- 
crystallized, fine-grained. 


10 Ni As extruded. 57,300 0.25 One-phase alloy, completely re- 
crystallized, fine-grained. 
10 Ni As extruded +5 hrs. at 
800°C (slow cooled). 60,600¢ 0.23 One-phase alloy, completely recrys- 


tallized, fine-grained. Crack in 


center containing iron. 
10 Ni As extruded +5 hrs at 


800°C (slow cooled) +15 


min. at 1050°C (quenched). 33,100 0.14 One-phase alloy, recrystallized, 
large-grained. Few cracks near 
outer edge. 


10 Ni As extruded +15 min. at 
1050 °C, 23,800 0.11 One-phase alloy, recrystallized, 
large-grained. 
*Elastic elongation. None of the samples underwent plastic deformation. 
+Broke in grips. 





underway at present to test out this thesis by the production of 
extruded powder compacts containing varying amounts of beryllium 
oxide up to 25 weight per cent. The stress rupture properties will 
be studied as a function of beryllium oxide content in the hope that 


the role of oxide in high temperature strength may be further 
clarified. 


Tue Errect or ALLoy ADDITIONS 


As stated in Part I, alloys of beryllium were first made up 
with the possibility in mind of deoxidizing and thus improving the 
ductility of the metal. These alloys were cast in the form of 2-inch 
diameter billets and were then extruded into %-inch bars at about 
760°C (1400°F). Table XIV reveals the results of the tensile 
tests on these alloys. No appreciable improvement in either the 
strength or ductility of beryllium is indicated for any of the additions. 
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The effect of annealing is similar to that discussed in preceding 
sections for unalloyed beryllium, maximum elongations of 2 to 3% 
being obtained after annealing just above the recrystallization 
temperature. 

Solid solution alloys were prepared for reasons described in 
Part I. The only compositions which showed sufficient promise to 
warrant casting and extrusion are listed in Table XV along with 
the tensile results. It was concluded that none of the solid solutions 
led to an improvement in ductility at room temperature. 


SUMMARY 


The work reported here has uncovered no explanation of the 
brittleness of beryllium and has left little hope that extensive ductility 
may be achieved by further removal of impurities. Metal to which 
various possible deoxidizing elements have been added, and also 
beryllium solid solution alloys with copper, nickel and cobalt, show 
no improvement in ductility. 

The vacuum melting and casting and the extrusion or rolling 
of beryllium on a commercial scale is possible within certain limits 
using special techniques. Fabrication of cast beryllium leads to 
grain refinement and preferred orientation with an appreciable duc- 
tility in certain directions. Some ductility is also obtained in fine- 
grained beryllium made by powder metallurgical methods and with- 
out the anisotropy found in extruded metal. Further refinement 
of the grain size may lead to still greater ductility. 

The tensile strength and ductility of beryllium above room 
temperature is a complicated function of temperature and rate of 
deformation. Above about 800°C (1470°F) the creep strength is 
very low but there is evidence that alloy additions such as BeO will 
improve the properties at high temperatures. 
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STATISTICAL METHODS FOR EVALUATING THE 
QUALITY OF CERTAIN WROUGHT 
STEEL PRODUCTS 


By Epwin G. OLps AND CyrIL WELLs 


Abstract 


Statistical methods used for evaluating (a) the quality 
of certain wrought steel products and (b) the influence 
of numerous factors on that quality have been described. 
The tmportance of the frequency distribution for sum- 
marizing data has been discussed, and the utilization of 
certain parameters to characterize the central tendency 
and dispersion of frequency distribution has been indi- 
cated. Examples are given to illustrate the meaning of 
some “tests of significance’ developed by statisticians. 
Operating characteristics of a number of specifications are 
given to show how statistical knowledge may be used 
advantageously in the development of a more effective 
means of discriminating between acceptable and unaccept- 
able material. Also the use of control charts for accept- 
ance sampling has been described, and an effort has been 
made to show how added economy and increased assur- 


ance can be gained by transferring consideration to a 
larger unit. 


ECENTLY it was stated (1)* that as a result of research work 
on gun tubes, carried out at the Carnegie Institute of Tech- 
nology, three series of papers were to be written on the subjects of 
(a) transverse mechanical properties in heat treated wrought steel 
products, (b) factors affecting steel ingot quality, and (c) causes of 
and remedies for quench cracking in heat treated wrought steel 
products. One paper (1) in the first, all (2 to 8, inclusive) in the 
second, and three papers (9, 10, 11) in the third series have already 
been published. 





1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is based on work done for the Office of Scientific Research and Development 
under Contracts NDCre-120, OEMsr-143, and OEMsr-771 with the Carnegie Institute of 
Technology in Pittsburgh. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Edwin G. Olds 
is associate professor of mathematics, Carnegie Institute of Technology, and 
Cyril Wells is associated with the Metals Research Laboratory, Carnegie Insti- 
tute of Technology. Mdnuscript received April 13, 1949. 
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It was realized from the beginning that much of the important 
information reported in these papers would have remained hidden 
if accumulated data had not been subjected to statistical analysis. 
Space restrictions, however, made it seem unwise to include in each 
paper a detailed description of the statistical methods used in 
arriving at the conclusions presented. Therefore it seemed prefer- 
able to discuss in a separate paper the principal statistical techniques 
used in the Carnegie Institute of Technology investigation. 

Many metallurgists who are continually striving to estimate 
product quality are unfamiliar with the value of statistics in disclosing 
information contained in data. It is hoped that they will be helped 
by this account of the treatment of the quantitative information 
accumulated in investigating the steel quality of wrought gun tubes. 
The importance of statistics to those having the responsibility of 
estimating and improving the quality of a product is related to the 
degree of variability of the quality characteristic used as a means 
of describing quality. When the inherent variability of the quality 
characteristic within a given unit of product is large, as for example 
transverse reduction of area in a wrought gun tube forging, statistics 
assume a position of considerable importance. The large inherent 
variability of transverse reduction of area such as observed in 
wrought gun tubes is not confined to such material but is probably 
characteristic of most, if not all, wrought steel products. In fact, 
most manufactured products vary significantly in quality with respect 
to one or more quality characteristics and as a result it has been 
found quite profitable to use statistical methods for solving problems 
in practically every field of engineering. 


Definition of Quality 


Before describing and discussing statistical methods for deter- 
mining the quality of a sample and estimating the quality of a 
product from which the sample was drawn, it is thought advisable 
to define quality. Quality, as considered in this paper, is defined 
in. terms of characteristics which are assumed to be related to 
performance in service. Sometimes the determined values of a 
property accepted as a measure of quality may not be the same in 
material of specimens before and after they are cut from the product. 
Therefore, in some instances, it is necessary to state whether the 
quality as defined refers to a unit thought of as a single piece of 
product or as consisting entirely of specimens. A definition of 
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“true” and “determined” quality of a unit of product in terms of a 
selected quality characteristic is given below. This definition has 
already been presented and discussed in an earlier publication (1). 

“The ‘true’ quality of a unit of product with respect to a 
property such as transverse yield strength (measured at some 
selected ‘offset’ value), transverse reduction of area, or transverse 
impact is arbitrarily defined as the distribution of values of the 
property for all transverse specimens of standard size which can 
be taken from the unit at specified positions. The ‘determined’ 
quality of a unit with respect to the property is considered to be 
the distribution of values of the property for all specimens of a 
given size taken from the unit at specified positions. If only one 
transverse reduction of area value is available, then that value is the 
‘determined’ quality of the unit with respect to transverse reduction 
of area. Obviously, as the number of values increases, the probability 
that the ‘determined’ quality will better represent the ‘true’ quality 
increases also.” 

Value of Statistics 


Statistical knowledge, when properly used, results in the making 
of better estimates of quality than would otherwise be possible and 
restricts to a minimum the number of erroneous conclusions. Support 
of this contention is given by the data presented in Fig. 1 and by 
comments which follow. Forging 34 from Heat 6 was first judged 
to be much more uniform in transverse reduction of area quality 
than most of the forgings referred to in the figure, simply because 
the maximum difference among the values for the first four specimens 
from Forging 34 was in general very much less than that among 
the values for similar sets of four specimens taken from the other 
forgings. A statistical analysis of the data presented in the figure 
indicated this conclusion to be probably quite erroneous. Actually 
when more values for specimens taken from Forging 34 became 
available, it was observed that the maximum difference among the 
values was about as large as would be expected on the average if 
the variation of transverse reduction of area quality in any one 
forging was the same as in any other. 

The smallest difference observed between the maximum and 
minimum transverse reduction of area values for specimens taken 
from any one of fifty-six forgings and reported in the figure is 0.7%. 
The value for each of three of the first four specimens cut from 
Forging 34 is 56.2%; the value for the fourth specimen is 55.5%. 
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Fig. 1—Transverse Reduction of Area Values for Standard 0.505—Inch Diameter Tensile 
Test Specimens Taken from 75—-mm Howitzer Tubes Made by Company 7. 


When twenty-eight transverse reduction of area values for specimens 
taken from a disk cut from the breech end of this forging became 
available, the maximum was observed to be 61.6% and the minimum, 
45.0% (difference 16.6%). The maximum and minimum among 
the 224 values (4 per forging) plotted in Fig. 1 are 63.3% and 
45.0%, respectively (difference 18.3%). 

Studies of more than one hundred thousand transverse reduction 
of area data have revealed that the variation of transverse reduction 
of area quality within a heat treated wrought steel forging is many 
times the variation of longitudinal reduction of area quality and 
very much larger than was generally believed (1). Before the data 
were analyzed statistically, the people who supplied these values 
were in general of the opinion that the maximum difference among 
values for, say, two hundred and fifty specimens or more taken 
from a high quality forging of constant yield strength would probably 
not be more than about 5%, say 47.5% minimum and 52.5% 
maximum. After statistical analyses had been made it became 
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apparent that a difference of only 5% among two hundred and fifty 
values would be quite improbable—a difference of 20% or more 
would be much more likely. 

These are only two of the many available examples of the value 


of statistics in avoiding faulty conclusions and making possible better 
estimates of quality. 


Statistical Methods Discussed in This Paper 


Procedures for evaluating the quality of wrought steel products 
in terms of a property such as yield strength, transverse reduction 
of area, or transverse impact involve (a) the selection of specimens, 
(b) the determination of values for these specimens, (c) the pres- 
entation of data, and (d) the interpretation of data. 

Each of these steps contains problems of a statistical nature. 
This paper will not provide a comprehensive treatment of all of the 
statistical methods which might be used to advantage in investigations 
of this type. Instead, it will confine itself to an outline of a few of 
the most elementary methods for the presentation and interpretation 
of quantitative information, using for illustration data on yield 
strength and transverse reduction of area for specimens from heat 
treated wrought gun tubes. 

Large masses of undigested data usually convey little nourishing 
information. Some orderly rearrangement is necessary. The data 
must be divided into classes on some rational basis, such as size, 
source, or time. One method of treatment commonly used is the 
frequency tabulation. An example of such a tabulation is given in 
the next section and there are numerous other examples in other 
papers of these series. The data may be further summarized by 
calculating an average and a measure of spread. One type of average, 
the arithmetic mean, and two measures of spread, the range and the 
standard deviation, are discussed below. 

With large amounts of data on hand it is often convenient to 
represent them graphically by means of a continuous curve. The 
curve most generally useful is the normal or Gaussian curve. This 
curve is by no means suitable for all situations but, when it can be used, 
it possesses certain important properties which will be described. 

In many instances when sufficient data are available, control 
charts should be plotted to show whether or not small units con- 
stituting a large unit of product are essentially alike. Knowledge 
that several small units making up a large unit are alike justifies 
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the use of values from specimens from the several units for evaluating 
steel quality of a single small unit. By increasing the number of 
values utilized in evaluating the quality of a single unit with respect 
to some given quality characteristic, a greater precision is obtained 
than would otherwise be possible. 

Often it is necessary to decide regarding the relative merits 
of two methods of treatment or of product from two different sources. 
If the data available are meager, statistical methods are needed to 
gage the importance of the differences observed. Sometimes two 
or more quality characteristics seem to be varying together. Corre- 
lation and regression methods provide a satisfactory representation 
for such relationships. 

One of the most significant facts revealed by the experimental 
work done in connection with the Carnegie Institute of Technology 
investigations described in the first paper of Series 1 (1) is the 
unexpectedly large variability of transverse reduction of area. In 
locating the sources of such variability, the analysis of variance is 
a useful tool. Unfortunately only the briefest indication of its nature 
can be included. 

Most products are bought and sold on the basis of specifications. 
Specifications must be set with reference to what is needed, what 
can be manufactured, and what the purchaser can afford to buy. 
In order for a specification to be operative, there must be some 
provision for deciding whether or not a unit of product meets the 
specification. In case the test of quality characteristic is destructive, 
the decision on any unit which is to be sold must be made by proxy. 
There is no alternate to the use of test results on a sample as a 
basis for decision on the units not tested. In the latter part of this 
paper certain statistical methods of sampling for quality assurance 
are presented. To many metallurgists this section of the paper will 
be of the greatest significance. 


Frequency Tabulation of Data 


In the course of the investigation of proper specifications for 
reduction in area of wrought steel gun tubes, it was early recognized 
that accurate information was needed regarding the variation of 
transverse reduction in area in satisfactory material. For this reason 
a large number of specimens, actually 277, were cut from the single 
tube. Test data are given in Table I. Here the 277 test results have 
been summarized in a form which aids in comprehending their 
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Table I 


Frequency Tabulation of Transverse Reduction of Area Values in Per Cent 
for Specimens from a Wrought Steel Gun Tube 


, Midpoint Value 
Endpoints 





per 
per Class Interval Frequency 
Class Interval (Xi) (£1) Xifi 
29 —31 30 2 60 
31 — 33 32 3 96 
33 — 35 34 6 204 
35 — 37 36 4 144 
37 — 39 38 10 380 
39 — 41 40 21 840 
41 — 43 42 27 1,134 
43 — 45 44 46 2,024 
45 — 47 46 61 2,806 
47 — 49 48 62 2,976 
49-51 50 32 1,600 
51-53 52 2 104 
53-55 54 1 54 
k —_— k 
Total 24 = 277 = Xifi = 12,422 
i=1 i=l 
X (arithmetic mean) = ae = 44.84% 


nature. Instead of listing the data in the order in which they were 
accumulated or reported, a tabulation was made of the frequency 
with which the test results fell in the several class intervals. Thus 


two results were between 29 and 31%, three results between 31 
and 33%, etc. 


Arithmetic Mean 


The tests pile up in the middle. One convenient measure of 
the central tendency of a set of data is the arithmetic mean. The 
arithmetic mean of a set of data is the average obtained by dividing 
the sum of the observations by the number. If X represents the 
variable under consideration (in this case, transverse reduction in 
area), the average is usually denoted by X. When the data are 
tabulated in k class intervals, with f; representing frequency, and 
X, the midpoint value for the i-th class interval, the mean is obtained 
from the formula 


For the 277 data, X = 44.84%. 

Interest in the average of the 277 values would be quite 
academic if it were not for the importance of using this result as a 
guide for inference regarding other values in other tubes from other 
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heats produced by other practices. The result of these 277 data 
should in some way provide information about the result which 
would be obtained if we could afford to cut up and test all of the 
steel produced. It is in making proper inference from results such 
as this that statistical methods play a leading part. In the work 
which follows it must be kept in mind that the calculations described 
were performed for the express purpose of providing the information 
needed in order to form scientific judgments regarding tests not 
made. 


Range and Standard Deviation 


The arithmetic mean is not sufficient to characterize the data. 
Some measure of the extent of “piling up” is necessary. Two differ- 
ent statistics were used to measure the dispersion of the data. An 
obvious measure, the range, is the difference between the largest and 
smallest value. Thus the range for the 277 data is given by R= 
54.8 — 29.2 = 25.6. But the range gives no information regarding 
the 275 values between the extremes beyond indicating that they 
exist. Another measure (borrowed, perhaps, from mechanics), 
which uses all of the observations, is the standard deviation. If a 
distance of three standard deviations is measured on each side of 
the mean, then more than 88.88% of the observations will be 
included. Under certain circumstances, to be discussed later, the 
interval described will contain 99.73% of the observations (or 
practically all of them). In case of ungrouped data, the standard 
deviation is given by the following formula 


n os 
2 (X,—X)* 


c= iss} 





\ 


For computational purposes, the formula is conveniently written as 


n 
eae 
= ni? 
n 


In case the data are grouped in k class intervals, the proper formula is 


n 





k 
2 Gx 
r= | 1 _& 


= fs 


i=1 
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Table Il 
The Probability, P, That a Normally Distributed Statistic Will Deviate from Its Mean 
by More Than u Times Its Standard Deviation. If the Probability of a Deviation 
in Only One Direction Is Wanted, the Tabular Value of P Should Be Halved. 








u P 
0.0 1.00 
0.50 0.62 
0.67 0.50 
1.00 0.32 
1.50 0.13 
1.64 0.10 
1.96 0.05 
2.00 0.04 
2.50 0.012 
2.58 0.010 
3.00 0.0027 
3.09 0.0020 
3.29 0.0010 

Note =2 





Normal Curve 


It seems common engineering practice to get a graphical repre- 
sentation of data by drawing a smooth curve through or near the 
plotted points. Usually the form of the curve is dictated by the 
type of relationship which the engineer has theory to support. When 
the amount of data is small, the deviations from the theoretical curve 
are discounted on the basis of experimental error, or the theoretical 
curve is said to represent average conditions. For a series of 
measurements of the same property, such as the length of a steel 
bar, the theoretical curve representing the expected results is the 
“normal” curve, also called the Gaussian curve or error curve. If m 
represents the true length, the equation is 


(X — m)? 
Y= 1 o>: Ve: 
oV/2n 

The area bounded by the curve, the X-axis, and vertical lines 
through any two values of X gives the theoretical relative frequency 
of values of X between the two chosen values. The curve of Table II 
represents a normal curve; the area between this curve and the 
X-axis is unity. The area bounded by X=m, X=m-+o, the 
curve and the X-axis is 0.34. This number is interpreted as mean- 
ing that 34% of the observed values of X fall between m and m-+ o. 
Tables giving the area for various values of (X — m)/o are included 
in most handhooks, «(A small number of useful values are given in 


Table IT.) 
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For the 277 values the mean is 44.84 and the standard deviation 
is 4.21. The normal curve to fit the data is given by 


(KX — 44.84)? 


d e 2(4.21)? 


4.21/24 


Statistically speaking, the normal curve fits these data poorly. 
A much better fit can be obtained by using either an Edgeworth 
Series* or a Pearson Type I Curve.* Practically, however, the loss 
in accuracy has seemed to be more than counterbalanced by the 
gain in convenience. 


Standard Error of Estimate 


It should not be overlooked that the 277 values constitute a 
sample of all of the values which might have been obtained by cut- 
ting the specified portion of the tube into test pieces in all possible 
ways. The sample does not satisfy the strict specifications for 
random sampling since, when each piece was drawn, all pieces did 
not have an equal opportunity of being chosen. On the other hand, 
the pieces were selected without any conscious bias and it seems 
satisfactory to assume that the principles applicable to random sam- 
pling can be used satisfactorily. 

It is usual practice to refer to the aggregate of values from 
which the sample was abstracted as a population or universe. Such 
a universe is described by a frequency curve and has a mean and 
standard deviation. The mean of the sample provides an unbiased 
estimate of the mean of the universe. This estimate, however, is 
open to an error, called the standard error of estimate. The general 
formula is 6g —o/\/n where o is the standard deviation of the 
universe and n is the sample size. An unbiased estimate of the 
variance (square of the standard deviation) of the universe is 
obtained by multiplying the sample variance by n/(n—1). When 
the sample size is large, this factor is close to unity. Thus, in this 
case o* (est.) =s*= 17.7241 and o(est.) =s=—4.21 are used, 
where o refers to the universe and s to the sample. Thus the 
standard error of estimate is taken as 


o-(est.) =s>= 421 = 0.253 
V277 


2H. Cramer, Mathematical Methods of Statistics, Princeton University Press, Princeton, 
N. J. (1946), p. 227 to 231. : : 

sw. P. Elderton, “Frequency Curves and Correlation,’ Charles and Edwin Layton, 
London, England, 2nd Edition, 1927. 
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The standard error of estimate may be used in either one of 
two ways. If the distribution is normal it may be stated that (a) 
on the average, the mean of the sample will differ from the universe 
mean by more than three times the standard error less than three 
times in one thousand cases or (b) the assertion that the true 
mean lies within three standard deviations of the sample mean will 
be wrong on the average of three times in one thousand. The latter 
statement is sometimes replaced by the alternate statement that the 
confidence is 99.73% (practically certain) that the true mean lies 
in the six-sigma interval with the sample-mean as center. For the 
problem under consideration it might be said with 99.73% confidence 
that the true mean of the universe is between 44.08 and 45.60%. 
Less recent publications sometimes refer to probable error. The 
probable error of the mean, measured from the sample mean in 
either direction, locates 50% confidence limits for the true mean. 
If, each time a sample mean is observed, it is stated that the true 
mean lies within one probable error of the sample mean, then, in 
the long run, 50% of the statements will be correct. 

The statements regarding the unbiased estimates of mean and 
variance are exact, regardless of the form of the distribution in the 
universe sampled. The odds quoted for variation of sample mean 
from true mean are dependent on the form of the distribution of 
the universe but are not greatly in error unless the universe is 
quite unusual and the sample size is small. Almost regardless of 
the form of the parent universe, the distribution of the sample mean 
approaches normality as the sample size increases and, in particular, 
one seldom finds a situation where the assumption of normality of 
the distribution of sample means causes any serious error in case 
the sample consists of four or more units. 


Tests of Significance 


A central problem of inference which is constantly plaguing 
the metallurgist is the following : 

A certain average value for a physical property has been 
assumed ; a test is made and the test value differs from the expected 
value. Is the test value significantly different from the expected 
value? 

The answer depends partly on the definition of significance. 
When a pair of dice, which are expected to show a seven on the 
average of 314 times in 20 rolls, show 20 sevens, it is concluded 
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that either the dice are biased or the method of rolling them is 
unorthodox. This conclusion is reached because the chance of 
rolling 20 sevens in 20 trials when the game is honest is only 14° 
or approximately 3 & 10°**. How far below 20 to draw the line 
may be open to argument, but it is worth noting that the prob- 
ability of rolling 8 or more sevens in 20 fair trials is less than 
0.023. It is customary in significance testing to call a difference 
significant if the probability of all smaller differences is more than 
0.95 and to call a difference very significant if the probability of 
all smaller differences is more than 0.99. For example, if the mean 
of the transverse reduction of area (RAT) values from a tube is 
assumed to be 40 and the standard deviation 4, then (assuming a 
normal distribution) the probability of a single value less than 
[40 — (1.96) (4)]% or greater than [40+ (1.96) (4)]% is 0.05, 
so a reported value less than 32% or more than 48% would be 
called significantly different from expectation. | 

Using a 5% significance level results in a probability of 0.05 
of rejecting a correct null hypothesis. Some different value can be 
used if desired but it is important that the level be fixed in advance 
and be clearly stated. 

In order to assess the importance of the variation of a sample 
statistic from expectation, it is necessary to have some knowledge 
regarding the amount of variation which can well be attributed to 
chance. It has been noted that, in the case of a normally distributed 
statistic, the allowable variation corresponding to a 5% significance 
level is 1.96 standard deviations. Corresponding to a 1% significance 
level, the allowable variation (see Table II) is 2.58 standard 
deviations. 

By no means are all statistics normally distributed, even when 
they are calculated from samples from normal distributions. Fortu- 
nately, however, most of the sampling distributions are approximately 
normal when the sample size is large, and tables for the proper 
distribution are quite readily available for most cases to which the 
normal integral does not apply. 

Sometimes the metallurgist is forced to decide whether there is 
a significant departure from standard indicated by tests on a given 
lot of material. When this is the case it is known that statistics are 
frequently of considerable value. Normally, of course, the metallur- 
gist will have to make this decision only when some action depends 
on it. Obviously, even though a significant departure from standard 


- 


- 
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is indicated, the magnitude of the departure may be so unimportant 
to the metallurgist as to justify his ignoring it. Suppose in a specific 
instance one has to decide whether an average of eight yield strength 
values given as 100,300 psi is significantly different from an expected 
average of 100,000 psi, where 100,000 psi is assumed to be the 
yield strength average for the whole product made in a certain 
process. An estimate of the standard deviation (ox) for the popu- 
lation of yield strength values representing the true yield strength 
quality of the product is 600 psi. This value is calculated from a 
large sample of yield strength values. The standard deviation of 
the average (ox) is calculated from the formula oz = ox/\/n and 


is equal to 212 psi. Assuming X to be normally distributed, the 
quantity 


X — 100,000 an 100,300 — 100,000 _ 1 


w= 4 

After u was calculated, reference was then made to a table like 
Table II. This table indicated that a chance deviation of 1.4 
standard deviations or more in either direction could be expected 
16% of the time. Therefore, on the basis of the evidence at hand, 
it seemed unreasonable to conclude that the process level had 
changed. 

If it had been necessary to make the test without benefit of 
previous knowledge of the standard deviation, it would have been 
necessary to estimate that quantity from the standard deviation 
calculated from the sample. For the sample the variance was 170,000 


and the standard deviation 412. The population standard deviation 
is estimated as 








no [3 
x = ate om (170,000) 
\ V7 


n—1 





and the standard deviation of the mean as 


= = 4/7000 = 156 ps 
7 7 

The statistic given by the formula t= (X — m) /sx resembles the 

quantity u, used above, but it differs from it in two respects. In 

the first place, the standard deviation of the mean in the denom- 

inator is replaced by an estimate of this quantity based on the sample. 

In the second place, t is not normally distributed but only approaches 
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Table Ill 
Values of t Corresponding to Probability, P, of Deviations from the Mean 
of More Than t Times the Standard Deviation as Estimated 
from the Sample with n’ Degrees of Freedom 





4 
n’ 0.10 0.05 0.02 0.01 
1 6.314 12.706 31.821 63.657 
2 2.920 4.303 6.965 9.025 
3 2.353 3.182 4.541 5.841 
4 2.132 2.776 3.747 4.604 
5 2.015 2.571 3.365 4.032 
6 1.945 2.447 3.143 3.707 
7 1.895 2.365 2.998 3.499 
8 1.860 2.306 2.896 3.355 
9 1.833 2.262 2.821 3.250 
10 1.812 2.228 2.764 3.169 
15 1.753 2.131 2.602 2.947 
20 1.725 2.086 2.528 2.845 
25 1.708 2.060 2.485 2.787 
30 1.697 2.042 2.457 2.750 
es) 1.645 1.960 2.326 2.576 


normality as the sample size increases. Table III gives certain useful 
values for t. For the problem considered, 


_ — 100,300 — 100,000 __ o> 
156 


To use the table the proper value of n’ must be determined. The 
number, n’, represents the number of degrees of freedom which enter 
into the estimate of the standard deviation when the mean of the 
sample is fixed. The sample of n items starts with n degrees of free- 
dom but 1 degree of freedom is removed by fixing the mean. This 
leaves (n — 1) degrees of freedom for the standard deviation. There- 
fore in the present problem, n’ is equal to 7. From the table it is 
noted that the probability of a chance variation from m of more 
than 1.90 in either direction is about 10%. Conventionally, this 
value is large enough to prevent the discarding of the hypothesis that 
the population mean is 100,000 psi. 

It is useful to note that if the hypothesis under test had been that 
the population mean was 100,000 psi or Jess, the tabular value of P 
would have been divided in half, thus using only the right-hand tail 
of the frequency curve. The resulting value of P (just under 5%) 
would dictate rejection of the hypothesis on the basis of reasoning 
that either, by chance, an unusual sample had been drawn or else 
the population mean was above 100,000 psi. This is the type of 
reasoning which must be used in connection with setting specifica- 
tions and it is discussed in more detail in the section of this paper 
where that topic is developed. 


a 


a 
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Another problem for which a test of significance seemed appro- 
priate was the following: In order to investigate the effect of size 
of test bar on transverse reduction of area, sixteen 0.505-inch diam- 
eter specimens and sixteen 0.252-inch diameter specimens from the 
same tube were tested. The former lot had a mean, x: of 40.156% 
and a variance, 0,*, of 5.7850; the latter lot had a mean, , ae 
40.544% and a variance, o,”, of 3.2765. The hypothesis to be tested 
was that the two samples came from the same universe. Such a 
conclusion could be drawn if the difference of 0.39 between the two 
means could be attributed to chance. If the two samples came from 
the same universe, on the average, a difference of zero would be 
expected. The correct value for the variance of the difference in 
the case of unpaired items is given by the formula 


1 1 
Ge. c= —_ — |, 
x, -<, (3 + 1) 


where o? is the universe variance. With the universe variance 
known, u could be calculated from the formula 


uy — (X2— &) — 0 
"x, -x, 


and Table II used. In this case, since the variance was unknown, 


it had to be estimated from the variances observed in the two samples. 
The proper formula is 


— o;" + Neo2" 


n; + ne—2 


where n, + n,.—2 gives the number of degrees of freedom. For 
the given data 


Ss 


t — 16 (5.7850) + 16 (3.2765) _ 4.8328. 


16 + 16 —2 
Then 
x, _%,= 4.8328 (vs + rs) = 0.604 
". a. mas 0.78 
and 


t — 9:39 —9 _ 959 
0.78 


Entering Table III with n’ = 30 and t = 0.50, it can be noted that 
P>0.10 (actually P=0.62). Thus there seems little reason to 
consider the deviation as significant. 
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Table IV 
Effect of Specimen Size on Transverse Reduction of Area Values 


Specimen Diameter 





(inches) 
Transverse Reduction 
Slice of Area (%) 

No. Xi X, ‘= Xe — X, d? 
1 36.4 44.1 7.7 59.29 
2 42.0 41.0 —1.0 1.00 
3 42.6 41.8 —0.8 0.64 
4 41.4 39.7 —1.7 2.89 
5 43.7 41.3 —2.4 5.76 
6 40.8 36.8 —4.0 16.00 
7 38.9 40.2 ae 1.69 
8 41.4 39.7 —1.7 2.89 
4 36.1 38.2 2.1 4.41 
10 40.8 39.7 —1.1 1.21 
11 37.6 43.7 6.1 37.21 
12 37.6 41.6 4.0 16.00 
13 43.7 41.0 —2.7 7.29 
14 38.0 41.1 3.1 9.61 
15 39.2 39.1 —0.1 0.01 
16 42.3 39.7 —2.6 6.76 
6.2 172.66 

d= i 0.39; ent. (0.39)? = 10.64; 
16 16 
sa? = 416 (10.64) . s-2 — 16 (10.64) = 0.71; s- = 0.84. 
15 d (15) (16) d 
d—0 
t= = an bah oe’ as TS: 
Sd 0.84 


From Table III, to.og = 2.131 


.' Observed value of t is not significant 


The test, as described, is appropriate if the items in the two 
samples are not paired. If the items actually are paired but the test 
of significance as applied to unpaired data is used, a significant 
difference may be overlooked. While, for purposes of illustration, 
the data were treated as though unpaired, the actual experiment 
was designed to produce comparable pairs of tests, thus increasing 
its efficiency. Pairs of test bars were cut from 16 consecutive slices, 
the 0.505-inch diameter specimens from the 12 o’clock position and 
the 0.252-inch diameter specimens from the 6 o'clock position. 
Results and details of analysis used to take advantage of the fact 
that the data are paired are given in Table IV. In this case, the 
pairing of the data did not alter the conclusion. 


Regression and Correlation 


It would be interesting to inquire whether the knowledge of 
the value of the test on the 0.505-inch diameter bar would be of use 


- 4 
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in predicting what the test result would be for a 0.252-inch diameter 
bar from the same slice. In other words, if X represents the value 
for the 0.505-inch specimen and Y the corresponding value for the 
0.252-inch specimen, can an equation Y = a-+ bX be derived which 
will be useful ? 

The corresponding values of X and Y are plotted on a scatter 
diagram. The line of best fit will be defined as that for which the 
sum of the squares of the vertical deviations (indicated below) is 
a minimum. 

Let X; represent a particular value of X and Y, represent the 
corresponding value of Y (Fig. 2). Also let Y; represent the value 





Y 


Xj 






Fig. 2—Diagram to Illustrate Meaning of Linear 
Regression. 





of Y to be calculated by use of the linear equation. The quantities 
a and b are to be determined so as to minimize U, as given by 
the formula 
n 
U==2(Y, — %1)*= 2 (Y: —a— bX)’ 
i=l 


sazi 


|| Mp 


By elementary mathematics it can be shown that U will be a 
minimum when 
a= Y—bX 
and 
» — nEXY — 2X2Y 
n2X* — (2X)? 
Noting that 


iv 


4% 2% -¥ 


n n 
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=x? (=X)? — nox’, zyY? _ noy* 
n n 


and using 
n=XY — 2XZY 


r (the coefficient of correlation) = - 
Nn" ox dy 


it is possible to write 


b= Toy 
ox 


Substituting the values a and b in the linear equation, the line of 
best fit can be written as 





Y-—-Y=*(x—-X) 
ox 
This equation as called the regression. equation of Y on X. Note 
that it passes through the point (X, Y). 
Substituting in the expression for U the values calculated for 
a and b, the minimum value of U becomes 


Uain. =n oy" (1 — 5. 


Dividing both sides of the equation by n and denoting the left 
member by o*y.x 


oy .y =o (1 — rr?) = oy? — roy’ 


Oy.x is called the standard error of estimate. It measures the 
variation of the observed value of Y from the value of Y calculated 
from the regression equation and plays the role of a standard 
deviation. It might be noted that the variance of Y is divided into 
two parts, o’y.x and r? oy’. The apportionment depends on the 
value of r?. When r?=0, the regression line accounts for none 
of the variation in Y; when r?=—1, it accounts for all of it (all 
points lie on the line). 

In order to obtain the regression line for the data under 
discussion, the quantities =X, SY, =X’, SY? and SXY are to be 
calculated. (Each of the quantities can be obtained quickly and 
easily with the aid of a modern calculating machine.) Using these 
sums, the values for ox, oy, r, X, Y and, finally, a and b, follow 
directly. For these data 3X = 162.5, SY = 168.7, 3X? = 1744.17, 
SY? = 1829.89, SXY = 1700.70, ox = 2.40, oy = 1.81, r= 0.156, 
X = 40.16, Y = 40.54 and, finally, & = —0.12X + 45.36. It is 
noted that oy? = 3.2765, r? oy? = 0.024 (3.2765) and o*?y.x = 0.976 


y 











1950 QUALITY OF STEEL PRODUCTS . 863 





(3.2765). Therefore, as was to be expected, very little of the 
variation in Y is attributable to the relation of Y to X. 

The results may be interpreted as follows: If a regression 
line had not been calculated, but it had been learned that the X 
value for a certain slice was 36.5, the corresponding Y value would 
have been estimated as 40.54 (the mean of the Y values) and one 
would have at least 0.89 confidence (or 0.9973 confidence on 
assumption of normal distribution of deviations) that the Y value 
was between 40.54 — 3(1.81) and 40.54-+ 3(1.81), ie., between 
35.11 and 45.97. Having calculated the regression of Y on X, 
this information can be used effectively. For X = 36.5 the corre- 
sponding Y value would be estimated as Y = —0.12(36.5) + 45.36 
= 40.98, and, noting that oy.x is equal to 1.79, the confidence 
interval for Y would be obtained as [40.98 — 3(1.79), 40.98 + 
3(1.79)] or (35.61, 46.35). 

The above interpretations are strictly applicable only to the 
data under consideration. They become interesting only when they 
are made with reference to data not collected or measurements not 
made. If the regression line has been determined for a very large 
amount of data, the above interpretations can be extended to include 
uncollected data as long as X is restricted to the same range of 
values. 

If the regression line is determined on the basis of a small 
amount of data, predictions must be made with great caution. The 
sources of error can be best understood by considering the variation 
in random samples from a universe of pairs of values of Y and X 
in which the true regression line is Y=a+ BX. Let X’, Y’, 
ox”, o’y”, represent the means and variances in this universe. Now 
suppose a sample of n pairs of values of X and Y are drawn at 
random and the corresponding means, variances and regression line 
calculated for the sample. It is fairly obvious that the sample means 
and standard deviations will differ from the corresponding popu- 
lation values. Also the calculated regression line will not coincide 
with the population line. Therefore, the prediction of Y from X 
will be faulty because of variation in the regression line and 
variation in the standard deviation of Y. If the estimate of this 
error of prediction is denoted by sy, the appropriate formula is 


ov = [edn mie 4 (X—X)! x)? 
nox* 





ee 
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It is apparent that for a finite value of X, sy” tends to oy?(1 — r?) 
as n becomes large but that, for n small, the quantity will be larger 
than oy?(1 — r?) by virtue of the factor n/(n — 2) under the first 
radical and the last two terms under the second radical. 

It is instructive to calculate and interpret sy for the special 
problem under consideration. For X = 36.5, Y is predicted as 
40.98, noting that X — X = 36.5 — 40.16 = —3.66; ox? = 5.7850; 
Oy”? = 3.2765; n = 16; r? = 0.024 


6 (3.2 an 13. 
w= [2S 765) (1 — 0.024) Jita+ 3.40 


14 16 (5.7850) 
= V¥3.6547  V/1 + 0.0625 + 0.1448 
= 1.91 (1.10) 
= 2.10 


Since there are two constants in the regression equation, n’ = n —2 
= 14. Interpolation in Table III gives t=2.15 for n’=14 and 
P=0.01. For this case t= (Y’ — Y)/sy where Y’ is the actual 
value of Y when X= X’. Writing + 2.15 = (Y’ — Y)/2.10 and 
solving for Y’, one obtains 36.46 and 45.50 as the 99% confidence 
limits for Y’. It is interesting to note that the corresponding limits, 
if n were very large, would be 40.98 + 1.96 (1.79), or 37.47 and 
44.49. Likewise, the corresponding limits for Y’, if no relation with 
X is assumed, would be 40.54 + 1.96 (1.81) or 37.00 and 44.08. 

A practical question which the regression equation might be 
expected to answer is the following: “How much change, on the 
average, does a unit change in X produce in Y?” Unless there are 
theoretical grounds for believing that Y depends on X, this question 
cannot be answered. A somewhat different question might be 
considered: “How much change in Y can be expected to accompany 
a unit change in X?”’ If the sample gives a true picture, the answer 
is —0.12, the coefficient of X in the regression equation. To allow 
for sampling variation, one should know how to estimate the 
standard error in this coefficient. The estimate is 


s = —UX_=_17 __02 

oxVn—2 2.40714 
If B is the true regression coefficient, t = (b — B)/s, may be used 
to test the significance of a given value of b. To test the hypothesis 
that 8 =O (no relationship exists), t = (—0.12 — 0)/0.20 = —0.60 
might be calculated and Table III entered with t = 0.60 and n’ 


i 
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Table V 


Notation for Analysis of Variance 
—— Column Row Row 
Row Ci C, Cs os ne eg Cop Totals Means 
Ri Xun Xie Xis ee o- e° Xib Ti. Xi. 
Re Xo Xe Xos oe - eo Xob To. Xe. 
Rs Xa Xo Xess ee 2° :* Xgb Ts. Xz. 
: Reis Be ee oS hi oa Xap a Ka. 
Column 
Totals ae T.s T.s ee ee ee T.v z= 
Column we ail wa aa a 
Means Xu X.2 X.s 4 “ Br X.b x 


= 14. The fact that the probability of a chance occurrence of a 
value at least this large is much greater than 0.05 suggests that 
there is little reason to suppose that the true regression coefficient 
is different from zero. 

The foregoing discussion might serve to reveal two important 
facts: (a) sample size plays an important role in the precision of 
estimate and (b) the existence of a low correlation does not add 
precision to any great extent. Of course when a high correlation 
exists between two variables, X and Y, and is known, one may use 
this information to predict the value of Y for a given value of X 
with greater precision than would otherwise be possible. A demon- 
stration of this fact is not given here because of space restrictions ; 
however, interested readers may subject data of the type given in 
Fig. 12 of the second paper of Series 2 (10) to an analysis similar 
to the one already presented above and demonstrate for themselves 
that knowledge of a high correlation between X (carbon content) 
and Y (percentage of heats containing cracked tubes) enables a 
more precise estimate of Y to be made when the value of X is known. 


Analysis of Variance 


Another question which might be posed concerns the effect of 
position along the tube: “Is the variation between slices significantly 
greater than the variation between a number of tests in the same 
slice?” Such a question often is answered with the aid of a 
statistical technique called the analysis of variance. Any complete 
discussion of this useful tool is far beyond the scope of the present 
paper. Some of the simpler procedures, however, will be illustrated 
in connection with the data of Table IV. 

The sum of the squares of the deviations of all the 32 data from 
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the general mean can be separated into three independent parts, one 
part representing the effect of variation of the column means from 
the general mean, one part representing the effect of variation of 
the row means from the general mean, and one part representing 
the effect of variation of the individual observation from the value 
expected because of its position in a particular row and column. 

It is convenient to adopt the notation of Table V for analysis 
of variance problems. A single observation is represented by X 
with a double subscript where the first digit refers to the row and 
the second refers to the column. Thus X,, occurs in the third row 
and second column. The mean of the third row is X,.; the mean of 
the second column is X,,. The grand mean is X. The sum of the 
squared deviations from the mean is called “the sum of squares” 


and is denoted by S.S. For the entire table, 
a b 
b a b (2 ~ : X13)? 


— =1 i= 
Total S.S.= = (X1i—X)*= =F FJ Xi;*- : J 
i=1 j=1 i=1 j=1 ab 


The second term on the right is called the “correction term” and will 
be denoted by “C”. 


The total sum of squares can be broken up into three 
independent parts: 


I. Sum of squares between rows: 


II. Sum of squares between columns: 


III. Discrepance: 


Total sum of squares — (sum of squares between rows + sum of squares 
between columns). 


For the data of Table IV, which is reproduced in Table VI, 
the following results are obtained: 


Total sum of squares = [ (36.4)? + (42.0)* 4 ... + (39.7)*] — = 146.14 


Sum of squares between rows = 


(80.5)" + (83.0)" .. - + (82.0)" _ (1291.2)" _ sog 
2 32 


Sum of squares between columns = Cee ee — (1291.2)* = 1.20 
1 32 


Discrepance = 146.14 — (59.81 + 1.20) = 85.13. 


- 
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Table VI 
Application of Analysis of Variance to Data of Table IV 


Specimen Diameter 














(inches) 
Slice Transverse Reduction 

Jo. of Area (%) = > X? 
1 36.4 44.1 80.5 3,269.77 
2 42.0 41.0 83.0 3,445.00 
3 42.6 41.8 84.4 3,562.00 
4 41.4 39.7 81.1 3,290.05 
5 43.7 41.3 85.0 3,615.38 
6 40.8 36.8 77.6 3,018.88 
7 38.9 40.2 79.1 3,129.25 
8 41.4 39.7 81.1 3,290.05 
9 36.1 38.2 74.3 2,762.45 
10 40.8 39.7 80.5 3,240.73 
11 37.6 43.7 81.3 3,323.45 
12 37.6 41.6 79.2 3,144.32 
13 43.7 41.0 84.7 3,590.69 
14 38.0 41.1 79.1 3,133.21 
15 39.2 39.1 78.3 3,065.45 
16 42.3 39.7 82.0 3,365.38 

=X 642.5 648.7 1,291.2 
EX2 .25,894:17 26,351.89 52,246.06 
Analysis 
Source Sum Degrees 
of of of Mean 
Variation Squares Freedom Square 

Between rows 59.81 16—1=—15 3.99 
Between columns 1.20 2—1=1 1.20 
Discrepance 85.13 (16 —1) (2 —1) = 15 5.68 
Total 146.14 32 —1=31 4.71 


In case the 32 values are a random sample from a single 
universe, each of the last three quantities listed above can be used 
to obtain an independent estimate of the variance of the universe. 
The three estimates are indicated in the column of Table VI labeled 
“mean square’. Each is obtained by dividing the sum of squares 
by the proper number of degrees of freedom, as indicated. If the 
difference between rows is due to the variation of random sampling, 
the variance estimated from this difference should not be significantly 
greater than that estimated from the discrepance (in this case it is 
less). Likewise the variance between columns should not be signifi- 
cantly greater than the discrepance (again it is less). If the rows 
were not random samples from the same universe but were from 
universes with quite different means, one should expect the variance 
between rows to be greater than the discrepance variance (which, 
in this case, is used to estimate the sampling error). A _ similar 
remark holds true for columns. Since, as stated above, the variance 
between rows and the. variance between columns are not significantly 
greater than the error variance, we can conclude that there is no 
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Table VII 


Use of Analysis of Variance in Analyzing Transverse Reduction of Area Data 
from Upper and Lower Halves of Four Ingots 
(Coded by subtracting 50 from each value to simplify computation) 


c———Ingot Number——_—_,, 


Position 3 


Upper half 


=x =x? 


PPO an 
mmNN BRODOO 


Lower half 


CWS Hee 
NNONWS HH DONT 


Lakh cnok 
NWOwNM ANAW ™ 


ONNA WNWwNH 


Lu 
PPD - > 


Lite fot de 


=X —14.6 2.2 —2.9 
= X?2 96.94 59.70 48.51 
Calculations: 


Total sum of squares = 357.35 — = 356.77 


(4.3)? 
32 


(32.6)? + (—28.3)? _ (4.3)? 
16 32 


(—14.6)? + (2.2)? + (—2.9)? + (19.6)? (4.3)? 
8 32 


Sum of squares for sampling variance = 356.77 — (115.90 + 75.74) = 165.13 


Sum of squares between positions = == 135.90 


Sum of squares between ingots = 75.74 


Analysis 


Source of Variation Sum of Squares Degrees of Freedom Mean Square 


Between positions 115.90 1 115.90 
Between ingots 75.74 3 25.25 
Sampling error 165.13 27 6.12 


Total 356.77 31 
To test significance of variation between positions: 
F= ~~ = 18.9**; Degrees of freedom are 1 and 27; 
From Snedecor’s Table (41): Fo.o1 = 7.68 
..F = 18.9 is highly significant 
To test significance of variation between ingots: 


¥F= 35.25 _ 4.13*; Degrees of freedom are 3 and 27. 


6.12 
From Snedecor’s Table: Fo.o95 = 2.96, Fo.o1 = 4.60 
..F = 4.13 is significant 
Note: **Signifies very significant. ‘*Signifies significant. 


significant indication of difference between slices or between size of 
test samples. Such being the case, the 32 items may be considered 
as constituting a random sample from a single universe and, there- 
fore, the complete data would be used to estimate the variance as 
4.71, as indicated in the table. 

The above problem may seem rather disappointing because sig- 


» 
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Table VIII 


Yield Strength Data from Batch-Type Heat Treatment A 
(Coded by dividing by 1000 and subtracting 100) 


-—-Yield Strength Values——, 


Batch No. a b c d Average Range 
1 —0.2 —0.7 —0.2 —1.7 —0.7 1.5 
2 —0.6 —3.1 +0.9 —2.1 —1,225 4.0 
3 —2.7 —2.7 —2.2 —2.2 —2.45 0.5 
a —1.2 —1.2 —1,1 —0.7 —1.05 0.5 
5 —2.7 —0.7 —3.2 —0.2 —1.7 3.0 
6 —0.7 —3.2 —2.2 —0.2 —1.575 3.0 
7 —1.2 +1.3 —1.2 —0.2 —0.325 2.5 
8 —0.1 —1.1 —0.1 —2.1 —0.85 2.0 
u —0.7 —0.7 —0.2 +1.8 +0.05 2.5 
10 —2.3 —2.2 —2.2 —2.7 —2.35 0.5 
Totals —12.175 20.0 
. —12.175 ; ‘ 
Grand average (X) = a =—1.22 (Uncoded grand average = 98,780 psi) 


Average range (R) = =~ = 2.0 (Uncoded average range = 2000 psi) 


Control limits for averages: x + AR PF 
Upper control limit (UCL) = —1.22 + (0.729) (2.0) =+0.24 
Lower control limit (LCL) = —1.22 — (0.729) (2.0) = —2.68 
Control limits for ranges: DR, D,R 
Upper control limit (UCL) = (2.282) (2.0) = 4.56 
Lower control limit (LCL) = (0) (2.0) =0 


Note: Values of Aso, Ds and D, are obtained from the table on page 39 of “Control 


Chart Method of Controlling Quality During Production,’’ American Standards Association, 
New York, 1942. 


nificant differences are not discovered. Such will not be the case 
for the following problem: Four test pieces are taken from the 
bottom and top halves of four ingots and the transverse reduction 
in area is measured. Two questions are to be answered: (a) Is 
there any difference between ingots, and (b) Is there any difference 
between tops and bottoms? 

The data and analysis are given in Table VII. Snedecor’s table 
giving the significance points of the F distribution is too lengthy to 
be included in the paper. With its aid one concludes that both the 
variance between positions and the variance between ingots are too 
great to attribute to chance alone.‘ 

The tables of t and F have been calculated on the assumption 
that the universe sampled has a normal distribution. For many of 
the quality characteristics of interest to metallurgists, the assumption 
of a normal distribution probably is far from correct. However, in 
many cases it will be necessary (and in general not too dangerous) 

*For the benefit of those readers who are familiar with analysis of variance, it should 


be stated that a supplementary investigation of these data revealed no significant interaction 
between ingot and position. 
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Fig. 3—Control Charts for Averages and Ranges of 
Data Given in Table VIII. 


to use this assumption as a first approximation until more knowledge 
is obtained concerning the behavior of statistics derived from non- 
normal distributions. 


Control Charts 


Another statistical technique which has proven very useful both 
for routine analysis of experimental data and to provide the basis 
for acceptance of product is the Shewhart control chart. Some years 
ago Dr. Walter A. Shewhart pointed out that the manufacturing 
process is subject to two sources of variation: chance variation and 
variation due to assignable causes. The control chart provides an 
effective graphical method to detect the presence of assignable causes. 
When the presence of such causes is recognized, usually they can be 
found and, if necessary, eliminated. 

The control chart method and principles will be illustrated by 
use of the data obtained in studying the operation of a batch-type 
process for heat treatment. Table VIII gives the results on samples 
of four yield strength analyses on gun tubes from each of ten 


a 
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Table IX 


Yield Strength Data from Batch-Type Heat Treatment B 
(Coded by dividing by 1000 and subtracting 120) 


Batch r—— Yield Strength Values——_, 

No. a b c d e€ Average Range 
1 4 2 4 2 5 3.4 3 
2 11 10 7 5 7 8.0 6 
3 3 3 2 6 a 3.6 4 
4 11 7 15 12 12 11.4 8 
5 13 12 12 13 13 12.6 1 
6 8 6 10 8 10 8.4 4 
7 14 7 8 13 17 11.8 10 
8 7 2 2 4 10 5.0 8 
9 20 15 14 11 14 14.8 9 

10 13 9 12 9 7 10.0 6 

Totals 89.0 59 


Grand average (X) = 8.90 (Uncoded grand average = 128,900 psi) 
Average range (R) = 5.9 (Uncoded average range = 5900 psi) 
Control limits for averages: xX + AR 
Upper control limit (UCL) = 8.90 + (0.577) (5.9) = 12.30 
Lower control limit (LCL) = 8.90 — (0.577) (5.9) = 5.50 
Control limits for ranges (D;R, D,R) 
Upper control limit (UCL) = (2.114) (5.9) = 12.47 
Lower control limit (LCL) = (0) (5.9) = 0 








consecutive batches from a particular furnace. Each batch came 
from a single heat of steel. 
For each sample the average, X, and the range, R, is calculated. 
Then, as indicated, the grand average, the average range, and the 
control limits are calculated. A detailed and simple discussion of 
control chart methods is given by Shewhart (37). Fig. 3 shows the | 
control charts for averages and ranges. 
The fact that all of the points fall within the: control limits 
is taken as an indication that no assignable causes are present in the 
process, i.e., that the process is in statistical control. It is assumed 
that the variation is due to the operation of a constant system of 
chance causes. When such is the case, the probability of a point 
falling outside either control band is very small. 
On the basis of the given data, the general nature of the product 
can be estimated. The standard deviation o’ is estimated from the 
relation 


._ R — 2.0. = 0.97 (Uncoded o’ = 970 psi) 


de 2.059 


where the value of d, is read from the table cited above. Since, as 
has been mentioned, 99.73% of a normal universe falls within three 
standard deviations of the mean, it is to be expected, if the universe 
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Treatment B | 
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Batch Number 


Fig. 4—Control Charts for Averages and Ranges of 
Data Given in Table IX. 


of product is approximately normal, that practically all of the 
individual yield strengths will be between 


—1.22 — 3(0.97) = —4.13 (Uncoded: 95,870 psi) 
and —1.22 + 3(0.97) = +1.69 (Uncoded: 101,690 psi) 


The statement regarding the natural tolerance of the process 
applies not only to unmeasured yield strengths in the current batches 
but also to yield strengths in future batches in case statistical control 
is maintained.® 

Table IX gives the data and calculations for ten samples of five 
yield strengths from another batch-type heat treating process. Fig. 4 
shows the control charts for averages and ranges. This time half 
of the averages are outside the control limits. The ranges, however, 
are in control. Thus the variations within batches appear to be 
stable but there is excessive variation from batch to batch. Computing 
o one obtains the value 


5This statement should be qualified. The original analysis has been based on only 10 
groups of four. It is more satisfactory to use at least 25 groups of four before calculating 
control limits and estimating the natural tolerance of the process. 


- 
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= R—_59_ — 254 (Uncoded o’: 2540 psi) 
2.326 





This is more than twice the value of o’ estimated for treatment A. 
Furthermore, it requires a somewhat different interpretation; it is 
the value which the process can be expected to have if the assign- 
able causes now present can be found and eliminated. As long as 
these unknown causes persist, it is unsafe to make predictions regard- 
ing the character of future product. 

Control limits are not specification limits. The control limits 
are set by the process. Furthermore, they apply to averages and 
ranges, while specification limits are set for individual values. The 
fact that a process is in control does not mean that product is within 
specification limits. A process which is out of control, however, 
is not a satisfactory process. Product from such a process must be 
carefully scrutinized before acceptance. It cannot be assumed, as 
in the case of a controlled process, that practically all of the product 
will fall between X — 30’ and X+30’. Thus, the saving in 
inspection costs which is possible for a controlled process cannot 
be realized. 







Lot-by-Lot Quality Assurance 


In the previous sections several statistical procedures have been 
outlined which are useful in obtaining the information needed in 
order to construct scientific sampling plans for inspection to a given 
specification. The philosophy underlying quality assurance will now 
be discussed in some detail, since much of the difficulty in the use 
of sampling plans stems from a lack of understanding of the prin- 
ciples basic to their construction and operation. 

No sampling plan can accomplish the impossible—an absolute 
guarantee that all tests not made would, if made, fall within speci- 
fication limits. The consumer, however, should be willing to take 
some calculated risks for the sake of economy, and, in the case of 
destructive testing, he has no choice in the matter. Using a scien- 
tifically constructed sampling plan, the consumer can have definite 
information regarding his risk of making two different types of 
costly error: (a) the error of rejecting good product and (b) the 
error of accepting bad product. 

Suppose that a specification for yield strength states that no 
gun tube shall be accepted with a yield strength below 100,000 psi. 
Such a specification can be interpreted in at least three ways: (a) 
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Average Yield Strength, 1000 psi 
Fig. 5—Operating Characteristic Curve for the Sampling Plan: 
““Accept the tube if a single yield strength test exceeds 103,000 psi; 


otherwise, reject the tube."’ (The standard deviation in gach tube is 
assumed to be 1000 psi.) 


the average yield strength for all possible tests shall be at least 
100,000 psi, (b) the yield strength for all possible tests must exceed 
100,000 psi, and (c) a large proportion (say 93%) must be above 
100,000 psi. 
A Sampling Plan When the Minimum for a Single Test 
Is Specified 


If the first interpretation is chosen and an effort made to set 
up a sampling plan, it is obvious that, if it is specified that the result 
of a single test is to exceed 100,000 + 30, the risk of accepting a tube 





QUALITY OF STEEL PRODUCTS 


7=0125 ,-0+0,25 


° 
3 


o 
Oo 


@ 
oO 


N“N 
oO 


t 
oO 








% of Units Accepted 
on 
Oo 


Ol 
oO 


nm 
Oo 


+ 








O 


| 
| 
| 


oO 


100 102 104 106 108 iO 112 
Average Yield Strength, |OOO psi 


Fig. 6—Operating Characteristic Curves Corresponding to Several 
Values of o for the Sampling Plan: ‘Accept the tube if a single yield 
strength test exceeds (100,000 +30) psi; otherwise, reject the tube.’’ 


with an average below 100,000 will be negligible. (From Table II, 
the risk is seen to be 0.00135.) This risk of accepting product 
of a given quality is called consumer’s risk. In order to make this 
plan operative, the value of o needs to be known or, at least, a 
close estimate of it should be available. For a controlled process, 
such an estimate might be obtained from the average range for a 
long series of samples of four tests from each tube. The relation 
o’ = R/d, would be used as in the control chart problem, page 29. 
For one practice this method gave an estimate of 1000 psi. Assuming 
that this value will remain unchanged, the acceptance specification 
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becomes: “Take a single test; if the yield strength is below 103,000, 
reject the tube; if the yield strength is above 103,000, accept the 
tube.” 

If the consumer wants tubes, this seems like a silly plan because 
half of the tubes with an average of 103,000 can be expected to be 
rejected. It is easy to see that the producer must submit tubes 
with averages of at least 106,000 in order to reduce the risk of 
rejection to a negligible figure (0.00135). This risk of rejection 
for tubes of a given quality is called producer’s risk. 

Fig. 5 shows the operating characteristic curve for the suggested 
plan. Its operation is quite unsatisfactory. What is desired is a 
plan which rejects practically all tubes with true means below 
100,000 and accepts practically all tubes with true means above 
100,000. This ideal can be approached in three ways, either singly 
or in combination: (a) insist on tubes with a smaller standard 
deviation, (b) increase the required number of tests per tube, and 
(c) allow retests. These three ways will now be examined. ° 

In Fig. 6 the operating characteristic curves are shown for the 
plan of accepting on the basis of a single test above 100,000 + 36 
for cases when the tube standard deviation ranges from 2000 down 
to 125 psi. Study of these curves reveals that the smaller the value 
of o, the sharper and better the operation of the plan. In the case 
where the standard deviation is 125 psi, for example, practically no 
tubes with averages above 100,900 psi will be rejected. 

The effect of misjudging the value of the standard deviation 
can be perceived from Fig. 7. Suppose the limit for a single test 
is set at 103,000 psi under the assumption that o = 1000 psi; then 
for o = 2000 psi, tubes with averages of 99,000 will be accepted 
23 times out of 1000. On the other hand, when o = 125 psi, tubes 
with averages of 102,625 psi will almost always be rejected. 


A Sampling Plan When All Tests Are Required to Exceed 
a Specified Minimum 


The second way to approach the ideal is to increase the number 
of tests required per tube. It has been somewhat customary to 
specify in such a situation that all the tests exceed a certain minimum. 
It is more economical, however, to specify that the average of the 
tests exceed a certain minimum. 

To set the minimum L in the former case, the procedure is as 
follows: Fora specified average quality, m, and an estimated standard 


a 
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Fig. 7—Operating Characteristic Curves Corresponding to Several 
Values of ¢ for the Sampling Plan: ‘Accept the tube if a single yield 
strength test exceeds 103,000 psi; otherwise, reject the tube.” 





deviation o, let the probability for a single test to exceed m-+ Ko 
be denoted by p. Then the probability for four tests to exceed 
m-+ Ko is p*. If the consumer’s risk is set, as before, at 0.00135, 


p* = 0.00135, 
then p— 0.192 


From a table of the normal integral it is determined that, if the 
probability is 0.192 for a sample from a normal distribution to exceed 
m + Ko, then K is 0.87. It is a convenient notation to write 


Ko.199 — 0.87 
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For the present problem the mean is 100,000 and the standard 
deviation is 1000. On the basis of calculations it may be stated that 


Prob. {X > 100,000 + 0.87 (1000) } = 0.192 


Therefore, L, the specified minimum for each of the four tests, is 
100,870 psi. 

If four tests are drawn from a tube of mean m, the probability 
that the tube will be accepted is p* where 


K, — 100,870 ~ i 
1000 


This relation enables one to calculate the values needed for the 
construction of the operating characteristic curve for Plan A. For 
example, the probability of acceptance of a tube of 103,000 average 
quality is determined as follows: 


K, = 100,870 — 103,000 _ _ 13 


1000 


From a table of the normal integral, the probability of a value at 
least 2.13 standard deviations below the mean is 0.0166. Therefore 


p* = (1 — 0.0166)* = (0.9834)* — 0.935 


A Sampling Plan When the Average of Several Tests 
Is Required to Exceed a Specified Minimum 


Whenever a set of measured values is used only for comparison 
with a standard, a certain amount of valuable information is lost. 
It is more efficient to base the acceptance specification on the average 
of the measurements. In order to build such a specification, one 
recalls that the average of a sample of n measurements from a 
distribution of mean m and standard deviation o is approximately 
(exactly, if the parent population is normal) normally distributed 
with a mean of m and a standard deviation of o/\/n. Thus the risk 
that the mean of a sample n will exceed m+ 30/\/n is approxi- 
mately 0.00135. For this problem L is determined by the formula, 


L=m+ 32 = 100,000 + 20109) — 101,500 
Vn V4 


If four tests are drawn from a tube of mean m, the probability 
p that the tube will be accepted in this case is given by 
Cio 101,500 — m 
500 
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Fig. 8—Operating Characteristic Curves for Two 
Sampling Plans. Plan A: ‘‘Make four yield strength tests. 
Accept the tube if all four test values are above 100,870 
psi; otherwise, reject."" Plan B: ‘‘Make four yield strength 
tests. Accept the tube if the average of the four test values 
is above 101,500 psi; otherwise, reject.’’ (In both cases, 
the standard deviation is assumed to be 1000 psi.) 









This relation enables one to calculate the values needed for the 
construction of the operating characteristic curve for Plan B. For 
example, the probability of acceptance for a tube of 103,000 average 
quality is determined as follows: 


K, — 101,500 — 103,000 _ 

» = 101,500 — 103,000 _ 
500 

p.= (1 — 0.00135) = 0.99865 


Using Fig. 8, a comparison of the operating characteristic curves 


—3 
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for the two plans can be made. It is apparent that Plan B has a 
sharper characteristic. Therefore, it seems better to use the average 
of the four tests as a criterion for acceptance rather than the value 
which all four tests exceed. 

Comparison of the operating characteristic curve for a single 
test (see Fig. 5) with the operating characteristic curve for the mean 
of four tests (see Fig. 8, Plan B) indicates that the latter is sharper. 
It is correct to assume that the operating characteristic improves as 
the number of tests used for calculating the mean increases. For 
example, a plan based on the mean of 16 tests will accept practically 
all tubes with a mean of 101,500 as compared with 50% acceptance 
for the plan using the mean of four tests and 7% acceptance for the 
plan using a single test. 


Provision for Retests 


The third way in which the ideal of accepting practically all 
tubes with averages above 100,000 and rejecting all with averages 
below 100,000 can be approached is by providing for retests. The 
psychological advantage of allowing retesting is well known. What 
does not seem to be generally recognized is the fact that plans 
involving retesting can be constructed in such a way as to retain 
the same standards as the original plan. 

In the case of Plan A, acceptance might be allowed if just one 
of the original tests fell below the required level but a new sample 
of four retests all exceeded the required level. Retaining the accept- 
ance level of 100,870 and noting that the probability of a single test 
above 100,870 is 0.192 when the tube mean is 100,000, one calculates 
the probability that a sample of four will have three values above 
100,870 and one value below it. Obviously 


Pi(1)* = 4(0.192)* (0.808) = 0.023 
Since the probability of: four values above 100,870 is 0.00135, the 
combined probability that a sample will have one value below 100,870 
and a second sample will have four’values above 100,870 is given by 
P,(1)* + P2(0) = (0.023) (0.00135) = 0.00003 
Thus the allowance for the retest increases the consumer’s risk at 
100,000 to 0.00138. Calculations show that in order to reduce the 
risk to 0.00135 the acceptance level should be increased slightly but, 
when rounded off, the level remains at 100,870. With the retest 


*Not a reference in this instance. 
—_” 
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provision, the probability of acceptance of tubes averaging 103,000 
is increased from 0.935 to 0.998 and investigation for values between 
100,000 and 103,000 indicate improvements of lesser degree. It 
should be noted that, while the retest provision could be added with- 
out changing the acceptance level in this particular case, the adding 
of retest provisions should never be made without careful investi- 
gation of their effects on acceptance of substandard material. Some- 
times the addition of allowance for repeated retests radically changes 
the operation of the acceptance plan. 

If Plan B is extended by specifying that when the average of a 
first sample of four falls below 101,500 a second sample of four is 
allowed and the tube can be accepted if the average of the second 
sample is above 101,500, the consumer’s risk of accepting tubes with 
an average yield strength of 100,000 psi is practically doubled. The 
risk can be brought back to the value of 0.00135 by increasing the 
acceptance limit to 101,600. The retest procedure improves the 
operating characteristic. For example, the probability of accepting 
tubes with average yield strengths of 101,500 is increased from 0.50 
to 0.66. It should be noted that, when retests are allowed, the 
average number of tests per tube is somewhat greater than four 
tests unless the quality is very good or very bad. 

The question may be asked, “Why stop with a single set of 
retests?”” Some specifications in the past have been rather indefinite 
regarding the number of retests allowed and, as a result, more and 
more retests are made until the happy chance of a good test allows 
the acceptance of the material. It should be fairly clear that if the 
number of retests permitted is unlimited, material of very poor 
quality will eventually be accepted. 


Sequential Analysis 


The theory of sequential analysis, developed during the war by 
the Columbia Research Group of the Applied Mathematics Panel 
(45), provides a scientific approach to the construction of sampling 
plans which allow retesting. Sequential sampling provides for test- 
by-test inspection with rules for deciding between three courses of 
action at the end of each test: (a) accept the tube, (b) reject the 
tube, or (c) make another test. In general, the savings in testing 
as compared with single or double sampling plans are appreciable. 

In order to set up a sequential plan, four quantities must be 
agreed upon: an acceptable quality level m, and a producer’s risk, 
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a, of having material of this quality rejected; an unacceptable quality 
level m, and a consumer’s risk, 8, of accepting material of this 
quality when submitted. When these four quantities have been 
fixed, one determines two quantities, L, and L., which are linear 
functions of the number of tests taken. After each test, L, and L. 
are evaluated. In case the sum of the test values is greater than or 
equal to L,, the tube is accepted; if the sum of the test values is less 
than or equal to Ls, the tube is rejected; if the sum is between 
L, and Lz, another test is made. The formulas for L,; and Lz are 
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To illustrate the nature of the calculations, suppose a plan is 
to be built for the case m, — 101,000, a=0.001, m, = 100,000, 
8 = 0.001, o = 1000. 





a = log. 2:29? — 6.9068 
0.001 

b = log. 2:29? — 6.9068 
0.001 


h, = (6.9068) (1000)" _ 6906.8 


1000 
h, — (6-9068) (1000)* _ _ 6906.8 
—1000 
ati ——ere = 100,500 


L; = 100,500n + 6906.8 
2 = 100,500n — 6906.8 


a 
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The procedure can be performed graphically (see Fig. 9). As each 
test is performed, the number of the test and the sum of the test 
results locate a point which may fall on or above L,, on or below 
L., or between L, and L,. In the first case the lot is accepted, in 


the second case it is rejected, and in the last case, testing is 
continued. 


Sum of Test Results, |OOO psi 





Number of Tests 


Fig. 9—Sequential Sampling Plan: m; = 101,000 psi, mz = 100,000 psi, 
o = 1000 psi, a= 0.001, 8 = 0.001. 


The particular plan constructed will bring a termination of 
testing after an average of 14 tests if the true tube average is either 
100,000 or 101,000. For tubes averaging between these values, a 
somewhat larger number of tests will usually be required. For a 
comparable single sampling plan based on averages, a total of 38 
tests would be required. 





TRANSACTIONS OF THE A. S. M. 


Acceptance Specifications 


At the beginning of the discussion of acceptance sampling it 
was remarked that the specification, as written, could be interpreted 
in three ways (page 873). The first interpretation was chosen and 
the development of various plans to meet that interpretation was 
traced. If the second interpretation, “the yield strengths for all 
possible tests must exceed 100,000 psi”, had been chosen, the pro- 
cedure would have been similar to that used for the first interpre- 
tation but, instead of using 100,000 psi as an unacceptable level for 
the true average, a high enough level for the true average would be 
needed so that no test from such a tube would fall below 100,000. 
Since practically all tests fall within three standard deviations of 
the average, a useful procedure is to specify a minimum true average 
of 100,000 +- 36 (as compared with the minimum level of 100,000 
used previously). If the standard deviation is correctly estimated 
as 1000, then the level should be placed at 103,000 psi and all 
acceptance limits adjusted accordingly. 

In case the third interpretation is chosen, the distance above 
100,000 for the minimum level can be determined from the table of 
the normal integral. If 93% of all possible tests are to be above 
100,000, then (with o= 1000) one uses a minimum of 100,000 
+ (1.48) (1000) or 101,480, adding 1480 psi to the various accept- 
ance limits. 


Average Quality Assurance 


It is clear that none of the plans outlined for tube-by-tube 
acceptance use the knowledge which can be obtained regarding the 
level of the manufacturer’s process, although all depend on adequate 
information regarding the variation of the process. Failure to use 
all available information usually means loss of economy in sampling. 
If it is assumed that tubes from a satisfactory process will be satis- 
factory, the control chart can be used to advantage as an acceptance 
instrument, with acceptance based not only on the individual tube 
but also on the process of manufacture. 

Consider a process like the heat treatment A (Fig. 3) which 
was previously investigated. The process appears to be in control 
at a level of 98,780, with practically all individual tests falling in the 
interval 95,870 to 101,690. If the level of this process can be raised 
to 102,940, then one would expect practically all of the individual 


2 
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tests to fall in the interval 100,000 to 105,880 and therefore would 
be confident that practically all of the tests from any individual tube 
would be above 100,000 psi, provided enough tests had been drawn 
from the process to give satisfactory assurance of statistical control 
close to the required level. An accéptance specification could be 
written as follows: “Make a yield strength test on each of four tubes 
chosen at random from each of ten consecutive batches.” Determine 
the average and range for each sample of four and plot control 
charts for averages and ranges. If both averages and ranges are 
in statistical control and if the grand average exceeds the specification 
limit by 30’ + 30’/\/40 (where o’ equals R/d, and 40 is the total 
number of tests), accept the ten batches. Continue accepting batches 
on the basis of four tests per batch as long as points for average 
and range fall inside the control limits previously established. 

This specification indicates what to do if the conditions are 
satisfied. It does not prescribe the procedure to be followed if any 
or all of them are not met. The following things may happen either 
singly or in combination: (a) the grand average may be too low, 
(b) the averages may be out of control, (c) the ranges may be out 
of control. 

If the process is in control at too low a level, retests are useless ; 
the entire process must be revised either to raise the level or to 
reduce the variation or both. The disposition of the tubes could 
rest on the willingness to waive the specification of having prac- 
tically all tests above 100,000. 

If the averages are out of control, excessive variation from 
batch to batch usually is indicated, although a single average may 
fall outside the control limits because of excessive variation in the 
batch from which it came. The batches can no longer be treated 
as random samples from the same universe. Each batch must be 
considered as a separate universe and treated accordingly. This 
means that an increased number of tests must be taken from the 
batch in order to determine whether all of the tests from the batch 
are above 100,000 psi. The mean of the batch, as estimated from 
n tests, ought to exceed the specification minimum by 30’ + 30’ /\/n. 
Thus, if 16 tests were made on a batch, the batch average should 
exceed 100,000 + 2910 + 728 or 103,638. 

If the ranges are out of control, excessive variation in the 
responsible batches, is indicated. The offending batches, at least, 
should be investigated and the assignable cause tracked down. Tubes 
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from more than one heat may have been treated in the same batch 
and, if so, it may be a mistake to assume that the batch is a homo- 
geneous universe. Even though the average level of the batch may 
seem satisfactory, individual tubes may depart radically from this 
average. Four or more groups of four tests should be made on 
the batch in order to test it for homogeneity and in order to get 
data for estimating the batch average and batch standard deviation. 
If control is indicated, the batch can be accepted if the batch average 
exceeds the minimum by at least 30,’ + 36,’/ \/n where 06; indicates 
the standard deviation estimated from the batch and n is the number 
of tests made on the batch. If the batch is not in control, each tube 
should be thoroughly tested separately. 

Complete discussion of all the questions which arise in con- 
nection with the use of the control chart for acceptance is beyond 
the scope of the present paper. Such questions include provisions 
for reduced testing, for recalculating control limits, and for satisfy- 
ing the producer that he is receiving fair treatment. For further 
discussion of such questions and for description of plans of this type 
in operation, the reader is referred to other papers of these series 
and to items listed in the references at the end of the present paper. 
In closing this section, there is a point which, perhaps, has not been 
sufficiently emphasized; namely, that while small, isolated samples 
give poor discrimination between good and bad material, large 
samples per unit are costly, if not impractical. The control chart 
procedure makes large samples available for purposes of discrim- 
ination by combining the evidence from a number of small samples ; 
attention is transferred from acceptance or rejection of the small 
unit to acceptance or rejection of much larger units of which the 
small units are logical parts, thus increasing precision, and at the 
same time decreasing cost. 


A Few of the Statistical Methods Not Discussed in This Paper 


Lest the reader suspect that this paper includes a major fraction 
of the statistical techniques which he might find useful or that 
method of solution for all of the important statistical problems 
connected with quality evaluation has been presented here, it seems 
appropriate to list a few of the omissions: 

(a) Methods for testing the “goodness of fit” of the normal 
curve to the 277 transverse reduction of area values have not been 
given nor have other frequency curves such as the Pearson curves 


—_ 
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been discussed; (b) nothing has been said about median, mode, or 
geometric means as measures of central tendency or about mean 
deviation and semi-interquartile range as measures of dispersion; 
(c) in addition to linear correlation, correlation by ranking proves 
useful, multiple regression, both linear and curvilinear, finds place 
for application whenever more than two quality characteristics are 
under consideration ; (d) the central “t-test’’, for the hypothesis that 
the difference between the means is zero, has been explained but 
there has been no mention of the interpretation of this ratio when 
a real difference exists; (e) only the simplest applications of analysis 
of variance have been presented. Extension to cases of more than 
two criteria of classification and to analysis of interactions has not 
been made. Further, there has been no discussion of using the 
partitioned sum of squares to estimate variances other than the error 
variance; (f) the broad field of acceptance sampling by attributes 
has received no attention—how to extend the methods outlined to 
the case of bilateral specifications has not been indicated. The 
extent to which the principles based on the assumption of random 
sampling apply when each element does not have an equal chance 
of being included in a sample has been indicated rather by impli- 
cation than by precise statement; (g) finally, all of the proofs for 
the various theoretical principles have been omitted, thus leaving 
the reader without useful patterns for extending these principles to 
cover any situations which may not completely fit the assumptions 
under which the present theory has been derived. 


Summary 


In this paper, explanations and exemplifications have been given 
for some of the statistical principles and methods which have proven 
useful in connection with evaluating the quality of wrought steel gun 
tubes. At the beginning of the paper the necessity for recognizing 
the existence of variation of quality characteristics in manufactured 
product and for meeting the problem squarely was emphasized. The 
importance of the frequency distribution for summarizing data has 
been discussed and the utilization of certain parameters to charac- 
terize the central tendency and dispersion of the frequency distri- 
bution has been indicated. The properties of the normal distribution 
were explained because the distribution of means of samples from 
most distributions met in practice are so nearly normally distributed 
that the normal properties can be assumed to hold. 
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The philosophical basis of significance testing has been touched 
upon and its connection to error estimation has been traced. Examples 
of the application of the so-called “t-test” in assessing the significance 
of difference between two means have been presented, using metal- 
lurgical data. Snedecor’s F test has been applied to testing the 
significance of interclass variations in data which have been grouped 
on the basis of supplementary criteria. Bivariate correlation has 
been presented as a further method of partitioning variation, and 
the use of the regression equation for estimation is indicated. 

In connection with acceptance sampling it has been emphasized 
that perfect discrimination between acceptable and unacceptable 
material is, in the main, an unattainable ideal. The approach to 
this ideal has been portrayed by the approach of the operating 
characteristic curve to a vertical line. It has been noted that increase 
in sample size increases discrimination, but it has also been pointed 
out that not all sampling plans based on the same sample size are 
equally effective. Finally, the use of control charts for acceptance 
sampling has been described and an effort has been made to show 
how added economy and increased assurance can be gained by trans- 
ferring consideration to a larger unit. 

In conclusion, the suggestion is made that if the reader who 
endeavors to apply the methods of this paper in evaluating the 
quality of wrought steel products finds himself without adequate 
preparation, he should turn to the appended references for more 
detailed exposition. For help in locating fields of investigation 
where the techniques can be applied, he is referred to the other 
papers of these series. 
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DISCUSSION 


Written Discussion: By H. J. Hand, quality control—cost reduction 
engineer, Phoenix Glass Co., Monaca, Pa. 

I wish to congratulate the authors on the presentation of such a fine 
paper on statistical methods of quality control in metallurgical problems. 

Although at present I am in the glass industry, I have had about 
20 years’ experience applying statistical methods to quality problems 
in the steel industry, and I wish, first of all, to emphasize the variability 
angle mentioned by the authors on page 846. This characteristic makes 
the use of statistical methods as natural an approach to quality problems 
in industry as are the methods of the calculus to problems in electricity. 
In the production of a steel product, a chemical specification is given 
to the open-hearth, Bessemer or electric shop, and it is necessary to 
meet certain chemical and physical requirements on the finished product. 
In the manufacture of the material, first there is the heat-to-heat varia- 
tion in ladle chemistry, then the variation in chemistry throughout the 
ingot. This leads to variation in physical properties, and subsequent 
processing subjects the material to other factors affecting these proper- 
ties until a product considerably variant in these properties results. 
Product size usually complicates the thing further and is itself one of 
the major causes of variability. 

The extent of variation of properties within a material is not suff- 
ciently appreciated today by many. 

The method shown on page 854 for obtaining o of the universe 
for the RAT values is, of course, satisfactory if one knows that the 
values represent only one universe, and that assignable causes are not 
operating. It is also a good way to introduce the subject in an educa- 
tional paper such as this. In actual practice, however, the method 
discussed on page 871, of first dividing the data into small rational 
subgroups, then obtaining the ranges of the various groups, then calcu- 
lating the average range, and finally o, should, in my opinion, be used. 
The 277 group samples should be subdivided on the basis of position 
in the tube, if all came from one tube, or, at least, on a chronological 
basis, in the absence of any other rational method for subgrouping. Both 
methods will give identical values for o if one is dealing with a pure or 
controlled universe. If assignable causes are acting, however, o from 
the small subgroups will be less than o from the frequency distribution, 
and o from the small subgroups is a more accurate estimate of the 
universe o, 

On page 859, calculations are shown to compare the significance of 
differences of the means of two samples having means of 40.156 and 
40.544, and the difference was not significant. Variances were 5.7850 
and 3.2765, respectively, for the 0.505 and 0.252-inch diameter specimens, 
indicating the 0.252-inch specimens may be more. uniform. I am won- 
dering if the authors care to explain details of a method of test to 
determine the significance of the differences of the variances, which 
looks to me as if it is the more important problem in this instance. 
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In the discussion of correlation, pages 860-865, no examples illustrat- 
ing multiple correlation are presented, but it is believed that ‘these 
methods offer possibly the most powerful tool for analyzing data of 
any discussed. The steelmaker wants to know what factors are affect- 
ing quality; specifically, what he can do to improve quality. These 
methods, and those of analysis of variance, are a big help in the solution 
of this problem. When concerned only with the relation between one 
variable and another, possibly the much-used method of plotting one 
against the other is satisfactory. When it is desired to relate two 
variables against one, or even three against one, classification methods 
can be used with some success. Usually for handling three independent 
variables, and cetainly for more than three, however, one must go to 
methods of multiple correlation. Many applications could be cited, but 
one dealing with the relation between carbon, manganese and phosphorus 
and thickness of product to the yield strength of hot-rolled products 
is one that should have application, if developed, at almost any plant. 
Some of these relations, particularly those of manganese and thickness, 
may be curved and can also be satisfactorily handled by multiple correla- 
tion. In one plant, the use of such a relation to set up chemical specifica- 
tions to the open-hearth led to very appreciable savings in manganese 
and still enabled the desired physicals to be met. When using correlation 
methods for problems such as these, large samples are needed—some- 
where in the neighborhood of 2000—for a dependable predicting equation. 
The work involved can be done very rapidly with tabulating equipment. 

The tool, analysis of variance, discussed on pages 865-870, may be 
used to tell what factor or combinations of factors are significant from 
results of planned tests. The mere stating of results, that factors A 
and B are significant and C is not, is usually not good enough, however, 
if it is possible to show the quantitative relation between the factors and 
the dependent results. The current ASM Metats Hanpsook® article on 
quality control develops this point further. When dealing with factors 
that are variables, analysis of variance tells us what factors, or what 
combinations of them, are significant. A multiple regression equation 
should then be developed to express results quantitatively. This can 
easily be developed from the same squares and cross-products used in 
analysis of variance. 

Many laboratory and plant tests could efficiently be conducted, if 
analysis of variance principles were used; with the assurance of repro- 
ducible results with a minimum of testing. 

The remarks of the authors on pages 871 and 872 concerning char- 
acteristics of a process falling within control limits (a controlled process) 
should be carefully noted. If a Shewhart control chart study indicates 
control, in the future one must expect to get the complete spread 
observed. If this is not good enough, the process must be changed 
fundamentally. One will get nowhere trying to assign removable causes 


®H. J. Hand, W. O. Clinedinst and F. G. Norris, “Statistical Methods as a Guide in 
aor of Operations and of Quality of Product,” ASM Metats Hanpsoox, 1948 Edition, 
p. 187. 
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of extremes. The concept “natural tolerance of the process” is impor- 
tant. These should be determined for chemistry variations in a process 
such as the open-hearth, as well as for dimensional variations of mass- 
produced articles. Too frequently, limits used are “pulled from the air”, 
have no relation to natural limits, and are by far too tight or too loose. 
It does little good to specify 0.75 to 0.85% manganese limits to the 
open-hearth if the natural limits are 0.65 to 0.95%. 

The finding of lack of control in average, but control of range, is 
usual in physical properties. 


In the examples on the top of page 873 where lack of control in X 
has been observed, I would like to ask the authors if a new X should 
be calculated, based on only those points in control, and the calculations 
repeated? Other averages may be found out of control with respect 


to the new limits. 


(A) (B) 


libicteiiisc: dex 
ore 


Number of Tests Number of Tests 
Fig. 10 


Sum of Test Results 
Average Test Results 


The authors state that no sampling plan can absolutely guarantee 
that all the accepted product is 100% within specification. I should like 
to add that neither does 100% inspection, as carried out commercially. 
Sampling inspection may even be more accurate. At a glass plant which 
was experiencing considerable difficulty with customer complaints about 
quality of shipped products, a sampling inspection plan was put in to 
reinspect the product inspected 100% and approved. Rejections on the 
sampling basis were very high at first, but management stood fast, 
and, in a relatively short time, the regular inspectors were catching 
practically everything caught at first by only the sampling people. 
Customer complaints practically ceased. 

Finally, relative to the curve on sequential sampling shown on page 
883, I am wondering if a transformation of totals for both test values 
and limits into averages, and a plot of these averages against the 
number of tests, would be clearer and have more meaning to an inter- 
preter. Thus the curve would change from (A) to (B) (Fig. 10). An 
average would seem to have a more impressionable meaning here than 
a total. 

This seems to me,.to be a very noteworthy paper and I think that 
the section on acceptance sampling is especially good. 
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Written Discussion: By W. R. Pabst, Jr., Department of the Navy, 
Bureau of Ordnance, Washington, D. C. 

This is an important article. It is important for the engineer and 
metallurgist, for it provides a straightforward and not complicated hand- 
book on the methods of industrial statistics. It also helps to dispel the 
notion that statistics is primarily or largely concerned with such facts 
as the number of times our railroads, if laid end-to-end, would stretch 
around the world, or the numbers of hits, runs and errors of the Yankees 
last season. Instead, it provides assurance that this basic method of science 
is also applicable in the solution of metallurgical problems. 

The paper does not pretend to make additions to the methodology 
of statistics. Its importance and uniqueness lie in the translation of 
statistical methodology into metallurgical language and examples. For 
in the past, many of the books and articles on statistical methods confine 
their illustrations to the field of agriculture; for example, in comparing 
two litters of pigs or two strains of wheat. 

The reason why modern statistical methodology has been the mecca 
of the agriculturalist and the siberia of the engineer in part rests in 
historical development. Agriculture is an inexact science. One can 
grow few crops in the laboratory or under completely controlled condi- 
tions. In agriculture it is not possible to hold subsurface moisture 
constant and vary only the amount of fertilizer, or soil condition, or 
any of the other variables necessarily involved. Not being able to control 
the factors “one at a time”, it became necessary to take these various 
factors into account in each experiment. From this need emerged the 
modern statistical method with its recognition of unit-to-unit variation 
and with its aim to allocate the amount of variation to the factors 
associated with or responsible for it. 

Modern statisticians in the last two decades developed methods for 
treating these problems, methods of estimation and inference involving 
small samples, tests of significance, and experimental design. R. A. 
Fisher, Snedecor, and their followers initiated these new methods, at 
root a fundamental approach to scientific method; but their examples 
were primarily agricultural. 

During the war, widespread recognition was given to the fact that 
the methods of industry and laboratory were not as exact as they had 
been commonly believed to be. People came to recognize that the pieces 
cut on an automatic hacksaw vary in length, that the reduction in trans- 
verse area from pieces of the same melt are not exactly the same, and 
that laboratory work is subject to experimental error. But foremost, 
they recognized that the statistical methods developed in the inexact 
sciences not only could be applied in the more exacting disciplines, but 
were absolutely necessary for the adequate control of quality or product. 
Statistical quality control provided a simplified means of applying the 
basic principles of statistics to shop, factory and warehouse. The enthu- 
siastic support to these methods throughout industry attests their use- 
fulness and their novelty in application, although the basic principles 
underlying these have been known and applied in other fields for years. 
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It is the background and the implication of these methods, the under- 
standing of distribution, mean, standard deviation, correlation, analysis 
of variance, and tests of significance, that this article spells out and 
translates into the form of direct metallurgical application. 

Written Discussion: By R. E. Wagenhals, director of quality con- 
trol, The Timken Roller Bearing Co., Canton, Ohio. 

Statistical methods described in this paper are the techniques that 
were used in an outstanding contribution to the war effort. These 
techniques not only solved the problem of quality, but resulted in a 
greatly increased quantity of gun tubes when they were so desperately 
needed. 

This paper is only an indication of the help statistical analyses can 
be, not only to the metallurgical field, but to any field where they are 
intelligently applied. Statistical analysis is the mathematical diagnosis 
of data based upon the law of probability, which simply tells us whether 
two or more groups of data are different or likely to be similar, and 
what chances we are taking of being incorrect when we make one of 
those statements. 

This means that data can be accurately evaluated so that one of 
three decisions can be made with a chosen chance of error. These three 
decisions are: (a) that one group of products or characteristics is more 
desirable than others, (b) that one group of products or characteristics 
is less desirable than the others, or (c) that additional information must 
be obtained in order to determine the superiority of one or more char- 
acteristics over others. 

Most phases of statistical analysis are used in this paper. Three 
basic phases of statistical analysis are control charts, sampling, and 
the design and analysis of experiments. Of these three types of analysis, 
the design and analysis of experiments offers us almost unlimited possi- 
bilities in saving money and valuable time in research and development. 
A few practical examples in this type of analysis may be of interest 
to you. 

The answers and formulas obtained from multiple correlations were 
responsible for our effecting sizable savings in one of our operations. 
It told us what machine speeds and feeds to use so that some three 
thousand similar products could be made with better quality at much 
lower cost. Statistical techniques have told us, and can tell you, within 
what tolerances machines and processes can produce products—by these 
tools we know where we stand in our field. 

Then again, we have used tests of significance to tell us if new 
machines or processes are better or worse than those we now use. Here 
again a statistical tool is used to give us the assurance wé have. Unless 
we have 95% assurance that one product is better than another, we 
either consider them the same or obtain more data until we get more 
than the 95% decision assurance. 

The part of. statistical analysis that we have recently found very 
useful is the determination of the amount of product variability we have 
explained by the characteristics under study. This type of analysis 
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tells us the most important factors of those we thought were contribut- 
ing to the total variability and how much of the total variability we 
have explained. 

This last statement is a very valuable one, because it tells us 
whether we have found practically all or only a few of the causes of 
product variability. Tests just completed show that we have explained 
81% of all the causes of variability in one of our processes. This 81% 
represents only three things, and for the present we are satisfied to set 
up controls on them. 

In another case, statistical analysis helped us to get a fresh attack 
on a very old problem. Again an analysis of the data showed that the 
cause of life variability under consideration explained only 22% of the 
total. This now has become a challenge to evaluate enough causes by 
statistical methods to explain at least 75% of the variability in life. 
When this is attained and controls are set up, we can produce better 
products which generally go hand in hand with lower cost. It is by 
the intelligent use of statistical analysis that we can now realize, with 
less work, accurate guidance on what direction to take that will effect 
better quality products at lower cost. 

Written Discussion: By Wade R. Weaver, director of quality control, 
Republic Steel Corp., Cleveland. 

This paper contains the elements of three factors which are all of 
considerable importance to metallurgical engineers. First, and probably 
of primary interest to most, is the demonstration that statistical tech- 
niques make it possible to treat data in such a manner that information 
may be obtained and conclusions drawn which would otherwise be 
virtually impossible; certainly impossible short of a tremendous amount 
of research. Further, these techniques permit one to establish the limits 
within which certain factors will surely lie and the degree of assurance 
that they will do so. Second, and perhaps equally far-reaching in its 
effect, is the inference that statistically designed experiments make it 
possible to obtain a very large amount of information about many com- 
plex and varying situations from a minimum amount of experimental 
work, and furthermore that this experimental work need not be con- 
fined to the research laboratory or pilot-plant scale but may be done on 
a production scale. Third, and to my way of thinking the most impor- 
tant of all, is the clearly evident fact that in the rapidly moving times 
of today a good metallurgist will be well advised to provide himself with 
thoroughly grounded statistical support. 

I wonder if this paper does not contain something which seems to 
be common to many others of a similar nature? Many of these statis- 
tical techniques are extremely cumbersome and complex and are not 
too readily understood by even an individual with a pretty fair mathe- 
matical background; at least not without some careful training and 
experience. It seems to me the authors make a very careful and com- 
plete attempt to explain certain techniques with brevity, yet I feel sure 
there are all too few who could follow many of the derivations. To 
the vast majority they must seem confusing; to the statistically trained 
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they need no explanation. If a way could only be found to acquaint 
the reader with the simple fact that there is a certain problem existent, 
that there is a technique available and familiar to the trained individual 
which will help solve that problem, without trying to tell him how it 
is done and the mechanics thereof, it would seem that more extensive 
and beneficial results might accrue. Regardless of this criticism, the point 
that this paper should drive home to all of us is the fact that there are 
available to us, for daily use, techniques which will take the “guesstima- 
tion” out of our work, provide us with facts rather than opinions, and 
permit us to go farther than we have previously been enabled. It is 
up to us to avail ourselves of them. 

Written Discussion: By A. S. Marthens, Navy Inspection Service, 
Pittsburgh. 

We are greatly indebted to the authors and their sponsors for the 
large volume of data here made available and for their statistical sum- 
maries which make the data usable. A study based on 100,000 measure- 
ments is indeed a valuable paper, and such a body of information 
provides adequate basis for conclusions and judgments of the greatest 
importance. Any person engaged in drafting specifications will find 
real help in this paper. 

The authors discuss at some length the curve bounding -the fre- 
quency plot of measurements, and also the normal curve which can be 
constructed with the same’ average and standard deviation. While these 
graphical presentations are not necessary to the purpose of the paper, 
it would be desirable to have them included. 

Some comment on the material on pages 873 to 884 seems to be in 
order. We are making decisions on unknown material, except that 
from past observations we know the standard deviation is 1000 psi. If 
our specification requires that every possible test shall show 100,000 
psi Or more, we must set 106,000 psi minimum for any single test or 
104,500 psi minimum for the average of any four tests. It can be shown 
that a single test of 104,000 psi might be obtained from a forging having 
16% of its material below the specification requirement of 100,000 psi. 
Similar remarks apply to the minimum of 101,500 psi for averages of 
four tests: A set of four tests might average 102,500 psi, although 16% 
of the material in the forging had yield strength below 100,000 psi. 

The authors tell us that it is much better to base acceptance or 
rejection on an average of several tests than on a single test. This is 
particularly true when the material is of borderline quality. Assuming, 
as before, a standard deviation of 1000 psi, a single test result of 103,000 
psi does not give sufficient information to indicate whether every part 
of the forging is above the 100,000-psi specification, or part of it below. 
The additional information provided by a set of four tests will answer 
that question in many cases: If the average of four tests is not less 
than 104,500 psi we may confidently accept the forging. However, if 
the average of four tests is 103,000 psi, we are again in doubt, since the 
forging might be either’ entirely acceptable or partly unacceptable (below 
100,000 psi). 
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The graphical presentation of sequential sampling is an aid to under- 
standing, but it may be necessary to extend Fig. 9 to include fourteen 
or more tests in order to reach a decision in some cases. 


Authors’ Reply 


The authors are grateful to the discussers for their excellent com- 
ments. Unfortunately space does not permit adequate discussion of all 
the many good points they have raised. 

Mr. Hand has noted the complete omission or slight treatment of 
several statistical techniques which he has found useful in his metal- 
lurgical work. In order to keep the paper within reasonable bounds, the 
authors were forced to do a considerable amount of pruning. In case some 
of it was injudicious, it is hoped that adequate information about the 
branches lopped off can be obtained from some of the books and papers 
listed in the bibliography. Reasons for selecting the particular statistical 
techniques described and discussed in the present publication have already 
been given in the introduction. 

In reply to Mr. Hand’s specific question regarding the desirability of 
calculating new control limits based on only the data for the points in 
control for the second batch-type heat treating process, the answer would 
be in the negative. The control chart for averages indicates the presence of 
assignable causes and the most important task is to act on the evidence of 
the data and discover and eliminate these causes of nonrandom variation. 
When this has been accomplished, new data should be collected and 
analyzed. While it would be hoped that better control would be indicated, 
probably there would be indications of the need for further work. Achiev- 
ing perfect control usually is neither a rapid nor an easy operation. 

Mr. Hand’s suggestion for the sequential sampling graph has certain 
merits from the psychological point of view. His curves, however, require 
considerably more computation for their plotting than do the straight 
lines. Furthermore, one extra calculation on the test data is required 
at each step of the sequential process. 

The discussions of Dr. Pabst and Mr. Wagenhals emphasize the use- 
fulness of statistical methods in the solution of engineering problems. Dr. 
Pabst also has added comments regarding the dearth of illustrations out- 
side the field of agriculture. It was this seeming lack of applications in 
print which furnished one reason for the preparation of this paper. This 
discussion now provides an opportunity to underline the need for more 
examples. They are sadly needed, both in the field and in the classroom. 

Naturally the authors cannot entirely agree with Mr. Weaver’s impli- 
cation that more beneficial results would be obtained if a statement of 
problems which exist and can be solved were divorced from the mechanics 
of the solution. Otherwise the paper, in its present form, would not have 
been submitted for publication. 

The field of statistics is concerned with the collection, analysis, inter- 
pretation, and presentation of quantitative information. Statistical meth- 
ods are especially valuable when conclusions based on past data are te 
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serve as a guide for future action. Most of the problems of the metal- 
lurgist fall into the above category. 

The metallurgist with an appreciation of the statistical viewpoint and 
a working knowledge of statistical methods will recognize the statistical 
aspects in his problems and will act accordingly. The nonstatistically- 
minded metallurgist might, perhaps, be temporarily impressed by a listing 
of all the problems for which statistics could give better answers. It 
seemed probable, however, that more permanent good could be accom- 
plished by giving him some insight into the general philosophy basic to 
the solution of a few of them. In order to do so, some scant outline of 
methods seemed necessary. The other attack, however, is worth consider- 
ing, and it is hoped that some qualified metallurgist will try it. 

In the first paragraph of his discussion Mr. Weaver has remarked 
that this paper contains elements of three factors which are of con- 
siderable importance to metallurgical engineers. The third factor noted 
is the clearly evident fact that a good metallurgist will be well advised 
to provide himself with thoroughly grounded statistical support. The 
nature of this statistical support is not described but perhaps Mr. Weaver 
had in mind that the good metallurgist needs to acquire some first-hand 
acquammtance with statistical methods. Even if the metallurgist plans to 
enlist expert statistical help he will fail to realize the maximum benefit 
from it unless such is the case. In the authors’ opinion, the ideal com- 
bination for problem-solving is a metallurgist trained in applied statistics 
and a mathematical statistician who knows a little about metallurgy and 
is willing to learn more. Such combinations should prove to be quite 
fruitful. 

Mr. Marthens’ comments provide helpful amplifications of several 
points covered in the paper and do not suggest any lack of agreement 
with the conclusions reached therein. 








DETERMINATION OF OXYGEN IN METALS BY THE 
VACUUM-FUSION METHOD 


By R. K. McGeary, J. K. STANLEY AND T. D. YENSEN 
Abstract 


An improved type of vacuum-fusion apparatus for 
the determination of total oxygen in metals 1s described 
and its operation indicated. 

The apparatus is capable of analyzing samples weigh- 
ing from about 0.1 to 2 grams, and the operator can run 


samples in 15 to 20 minutes each with an accuracy of 
about +0.001%. 


HE determination of oxygen in ferrous and nonferrous metals 

has been the subject of many papers, and several methods 
and procedures for its estimation have been developed. One of the 
more popular of these is the vacuum-fusion method (1, 2, 5, 8, 10, 
12, 13).2 A difficulty, common to most of them and in particular the 
vacuum-fusion technique, has been the long time required to make 
a single determination. The method to be described enables a skilled 
operator to analyze about 25 samples per 8-hour day, i.e., 15 to 20 
minutes per sample. This appears to us to be an important 
improvement. 

On some apparatuses the elements, hydrogen and nitrogen, 
can also be determined but we have not concerned ourselves with 
them. Our primary interest has been in magnetic quality of materials 
and, while hydrogen and nitrogen do affect magnetic properties 
adversely, they can be readily eliminated by proper heat treatment. 
Our apparatus is therefore designed for the determination of 
oxygen alone, although it can be readily modified for the determina- 
tion of hydrogen and, with the addition of a Toepler pump, for the 
determination of nitrogen. 

The evolution of the apparatus which we are now using regu- 
larly, and which has had only minor alterations during the past 
six years, extends to the work of Ziegler (3), who built the first 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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apparatus in our laboratory in 1927; modifications of this apparatus 
have been described by Yensen (4). Our present equipment is 
designed to determine only total oxygen in either ferrous or non- 
ferrous materials ; there is no fractionation of the gases for individual 
oxides (5). The present paper describes the apparatus, its opera- 
tion, and the procedure for analysis. 


DESCRIPTION OF APPARATUS 


The principle of the vacuum-fusion method is to reduce the FeO 
or combined oxides in the metal samples by melting them in a 
graphite crucible in an evacuated system. The carbon monoxide gas 
evolved, due to the reaction of carbon and oxide, is passed over hot 
copper oxide which oxidizes it to carbon dioxide. It is then possible, 
by cooling a part of the system with liquid nitrogen, to collect all 
the carbon dioxide and then to remove other gases such as nitrogen 
by the vacuum pumps. Subsequently the carbon dioxide is expanded 
and measured volumetrically in a small calibrated volume.* The 
amount of oxygen given up by the sample can then readily be 
calculated. 
Fig. 1 is a photograph of the vacuum-fusion apparatus; Fig. 2 
is a schematic representation of it. The straight glass side arm (A) 
holds the samples which are placed in it through the l-inch I.D. 
ground glass joint at B. They can then be moved about by a magnet 
and dropped into the crucible (placed inside C) for analysis. With 
two small horseshoe magnets one soon becomes adept at separating 
samples that are touching, or at lifting a certain sample to the top of 
the tube with one magnet and moving it over the other samples 
which are held in place by the proper movement of the other magnet. 
In this way any of the 25 or more samples may be analyzed at any 
time, regardless of the order of loading. Nonmagnetic samples can 
be pushed around with a small magnetic rod. A straight tube 16 
inches long will hold a sufficient number of samples for a day’s run. 
The only ground glass joint (B) of the all-glass apparatus is 
equipped with a mercury seal. The seal consists simply of a heavy 
rubber ring slipped over the furnace tube and a short section of glass 
tubing squeezed onto the ring. No lubricant is necessary on the 
joint and no diffusion of mercury into the system has been detected ; 
this has also been the experience of another investigator (6). 
2Four calibrated volumes are used, depending on the oxygen content of the sample. 
For volume No. 1, 1 mm of Hg of carbon dioxide corresponds to 0.0001% oxygen on a 


l-gram sample; for volume No. 2, 1 mm corresponds to 0.0002%; for volume No. 3, it 
corresponds to 0.001%; and for volume No. 4, it corresponds to 0.002%. 
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Fig. 1—Photograph of the Vacuum-Fusion Apparatus. 


The furnace tube (C) is of thin-walled transparent quartz made 
by Thermal Syndicate Company. It is 21 inches long, a little over 
1 inch I.D. and the 6-inch expanded end a little under 2 inches in 
diameter. 
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Fig. 3 shows the crucible assembly. The graphite crucible 
assembly is placed in the quartz tube but only the top of the graphite 
guide tube which is at a comparatively low temperature touches it. 
Although the clearance between the split graphite shield and the 
quartz tube is only about 3 inch, it is not necessary to water cool 
the tube and the same tube has now been in operation for several 
years without a sign of devitrification. Although the metal condensa- 
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Fig. 2—Vacuum-Fusion Apparatus for Oxygen Analysis. 


tion on the large diameter of the quartz tube is small (due to absence 
of water cooling), the heavier deposit just above the graphite guide 
tube necessitates the cleaning of the quartz tube after each dis- 
assembly. This is effectively accomplished by a rinse in an aqueous 
solution of hydrofluoric acid. 

The graphite parts for the furnace assembly are shown in 
Fig. 4. The graphite shield has two fine slits milled diametrically 
opposite each other which serve to mitigate inductive heating in the 
shield. Graphite powder of sizes between 20 and 100 mesh is packed 
between the shield and crucible to act as an insulator. With this 
assembly when the crucible is at about 2200 °C (3990 °F) the shield 
is about 1000 °C (1830 °F), and at running temperature of 1650 °C 
(3000 °F) the shield is about 800 °C (1470 °F). 

A novel graphite*stopper, shown in Fig. 4, is used to prevent 
spattered metal (caused by rapid gas evolution) from escaping from 
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the crucible when analyzing a series of high oxygen samples. When 
the oxygen of the samples is mostly in the form of refractory oxides 
or is principally iron oxide, but less than roughly 0.02%, a guide 
tube without a stopper hole is used and the stopper arrangement is 
not installed, since the spattering in these cases is not great. The 
stopper is moved out of the mouth of the crucible by a slight move- 
ment of the permanent magnet shown in Fig. 3. The operation is 
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observable through the clear quartz tube and through the sight 
window at the top of the vertical furnace tube extension. The 
temperature of the top surface of the melt is read by sighting on a 
mirror placed above the window with an optical pyrometer. 

The induction coil is 2% inches I.D. and 5% inches long and 
consists of twenty turns of partially flattened water-cooled %4-inch 
copper tubing. Due to the closeness of the crucible to the coil the 
power required of the 10-K VA, 450-KC oscillator is low. 

A very fast all-glass mercury diffusion pump, backed by a 
glass down-jet diffusion pump (D), rapidly removes the gas given 
up by the samples from the furnace chamber (C). These pumps 
have been added only recently when occasicnal low results were 
obtained on some samples. It was believed that we were experiencing 
the universal trouble reported by most users of vacuum-fusion equip- 
ment, namely, “gettering” of gases by condensed films of the more 
volatile metals that are present in the samples, or reaction with their 
vapors. The rapid removal of the gases from the regions where the 
metal films have formed apparently reduces the amount of gas lost 
in this manner. Formerly only pumps (E), which are duplicates of 
(D), were used for the extraction of the gases from the system. 
Although we have made no study of the gas recovery with samples 
high in volatile elements, we feel that the increased speed of removal 
of gas from the furnace chamber is fundamentally important. 

Two traps (No. 1 and No. 2, Fig. 2) on either side of the 
furnace chamber pumps are placed in powdered dry ice to prevent 
the diffusion of mercury into the rest of the system. 

The gas pumped out of the furnace chamber is forced into the 
analyzing system where the carbon monoxide (which comprises most 
of the gas) and hydrogen are oxidized by the copper oxide catalyst 
to carbon dioxide and water. Liquid air (or liquid nitrogen), placed 
on the liquid air trap, freezes out all of the resultant carbon dioxide 
and water. By raising certain mercury cutoffs, placing liquid air on 
the calibrated volume and heating the carbon dioxide in the liquid 
air trap, the carbon dioxide can be transferred to the calibrated 
volume. Finally the pressure exerted by the expanded gas in the 
calibrated volume is read and the oxygen content calculated. 

It may be noted that there are no stopcocks in the high vacuum 
system; mercury cutoffs, which are more trouble-free, are used in 
their stead. Gaskets, wax seals and large metal surfaces are avoided. 

Two thermocouple vacuum gages are used to indicate (a) when 
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the gas extraction from the sample is complete (TC No. 1) and (b) 
when all of the carbon dioxide has been frozen out (TC No. 2). 

The catalyst tower is made by filling the space around the 
center tube with long strands of 0.02-inch bare copper wire and 
oxidizing it at 450 °C (840 °F) with a stream of air. The effective- 
ness of this catalyst was tested by evacuating the system, noting the 
thermocouple vacuum gage reading and then admitting a roughly 
estimated quantity of dry carbon monoxide® into the system and 
allowing it to pass through the catalyst and be frozen out as carbon 
dioxide in the liquid air trap. In all cases, even with quantities of 
gas much larger than would be expected for any sample, the vacuum 
gage returned to its original reading, indicating that all of the carbon 
monoxide had been oxidized. The catalyst temperature is maintained 
at about 300°C (570°F) by wrapping nichrome windings directly 
on the tube and covering them with asbestos pipe-lagging. After 
every few runs the catalyst is left at temperature overnight in air 
to oxidize any reduced metal. 

Samples with a large surface area such as millings or thin strip 
may be treated with pure hydrogen to remove the surface oxide. 
This is done by placing a furnace at 500°C (930°F) on the side 
arm (A) containing the samples and introducing pure hydrogen 
collected by diffusing tank hydrogen through a closed palladium tube 
held at 400°C (750°F). When the hydrogen pressure in the 
reservoir is about 1 inch as read on the mercury cutoff No. 2, 
hydrogen can be admitted to the system by raising the cutoffs Nos. 
1, 3 and 4 and lowering cutoff No. 2. Dry ice placed on trap No. 1 
will freeze out any water formed. As yet no effort has been made 
to determine the optimum conditions for this hydrogen treatment. 


METHOD OF OPERATION 


Samples—The apparatus described is capable of analyzing very 
small samples. Generally the samples are between 0.5 and 1.0 gram, 
although accurate analyses can be obtained on samples as small as 
0.1 gram if the oxygen content is greater than 0.01%; samples 
smaller than 0.1 gram can be used if the oxygen content is high. 
This introduces a versatility to the vacuum-fusion method heretofore 
unrealized by other investigators and is particularly useful in situa- 
tions where only a certain small portion of a material will yield the 





8The carbon monoxide was made by dropping formic acid into sulphuric acid in 
vacuum. 
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desired information. There is of course a serious disadvantage to 
small samples when dealing with heterogeneous material; in such 
cases one should use a greater number of larger (at least 2-gram) 
samples. 

It is sometimes possible to prepare spheroidal samples so that 
the surface area and hence the surface oxide film is close to a 
minimum, It has been found that by lightly etching samples in a 
solution of nitric acid, acetic acid and alcohol, surface defects can be 
detected and the defect or the sample can be eliminated. Imperfect 
samples in many cases are not discernible when merely ground or 
abraded. We have found no increase in oxygen results due to the 
etching. The surface area of the samples as normally prepared is so 
small in comparison to their weight that the small increase that might 
be expected in surface oxygen due to etching remains undetected. 
An effort, however, should always be made to introduce the samples 
into the apparatus and to evacuate it as soon as possible after etching 
as the etched surfaces of many iron alloys tend to rust readily. 

Outgassing—After the introduction of samples into the side 
arm, the system is evacuated by turning on all pumps with all of the 
cutoffs lowered. After the vacuum has reached a steady state (about 
10°° mm of Hg), Nos. 2 and 4 cutoffs are raised, the power turned 
on and the crucible heated to 2200°C (3990°F) or higher for 2 
hours. Since this operation generally takes place at the end of the 
day after the samples are loaded, the power is shut off and the system 
is isolated by raising cutoffs Nos. 1 and 5. The next morning the 
system is again outgassed 15 to 30 minutes before lowering the 
temperature to about 1650°C (3000°F). The samples are then 
analyzed. 

Procedure for Analysis—To make the sample analysis, cutoff 
No. 1 is closed and Nos. 5, 6, and 7 are open. When the system was 
first evacuated cutoffs Nos. 2 and 4 were closed and No. 3 was open; 
these three cutoffs are never changed again until all the samples 
have been analyzed. Fig. 2 shows the correct position of the cutoffs 
for the beginning of.a sample analysis. Liquid nitrogen (or liquid 
air) is placed on the liquid air trap and the power is then shut off 
and the crucible allowed to cool about 100 to 200°C, whereupon 
the sample from (A) is dropped into the crucible in (C). The 
gases from the melted sample are pumped out of the furnace chamber 
into the analyzing system by the pumps (D). After the first burst 
of gas the power is again turned on. The power is generally off less 


~~ 
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than 1%4 minutes and the resultant slower melting of the sample 
and slower evolution of gas at the reduced temperature greatly 
decreases the amount of spattering of molten metal. 

The diffusion pumps (E) then move the gases through the 
catalyst, oxidizing the CO to CO, and H, to H.O which are then 
frozen out in the liquid air trap. The nitrogen and possibly other 
gases are continuously pumped out of the system. When all the 
oxygen and hydrogen has been evolved and collected as indicated by 
the rise of the two vacuum gages (TC No. 1 and TC No. 2) to their 
original readings, cutoffs Nos. 5 and 6 are raised, thus isolating the 
liquid air trap and calibrated volume. Cutoff No. 1 is lowered, thus 
opening the furnace chamber to the pumps (D) and (E). The liquid 
air is removed from the trap and placed on the calibrated volume. 
The trap is warmed with a bunsen burner, causing the carbon 
dioxide to be evaporated and recondensed in the calibrated volume. 
When TC No. 2 indicates that this transfer is complete, cutoff No. 7 
is raised and the carbon dioxide is expanded by removing the liquid 
air and warming the glass with the hand to just below the temper- 
ature at which the frozen water is expanded, although for most 
samples the amount of water vapor is negligible. After the difference 
in height of the mercury levels is read, the gas is evacuated by 
raising cutoff No. 1 and lowering Nos. 6 and 7. Then No. 5 is 
lowered and the system is ready for the next sample. 

Time—An analysis can be made in a considerably shorter time 
than for any apparatus described to date (7, 8, 9, 10). Depending 
on the type of oxide and the oxygen content, the time to make an 
analysis is approximately as follows: 


Operation Time, Minutes 
Evacuation after previous sample ...................... Z2to 4 
Collection of COz being evolved ..................0005: 7 to 10 
Expansion, recollection, re-expansion, and measurement 
ie ee se og menaced ealelé eee 4to 7 
CE SA a Se ee ea ral 13 to 21 


Up to about 28 samples can be analyzed in one day in the same 
crucible. The crucible is never reheated the next day to analyze 
samples left from the previous day, since this has produced unsatis- 
factory results. 

Blanks—A certain amount of gas is given off continuously from 
the system so that a blank correction must be subtracted from the 
total gas collected from a sample. Only blanks after the first sample 
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is dropped are significant; blanks with metal in the crucible are 
slightly higher than empty crucible blanks. 

If one has a rough idea of the oxygen content of the samples, 
their weights can be chosen so that the variations in the blank produce 
negligible effects on the results. If this is not practical the gradual 
change of the blank can be closely followed by taking a blank every 
few samples. Blanks are made in exactly the same way as a sample 
analysis except for the dropping of a sample into the crucible. 

Under ideal conditions the blanks are low (0.01 to 0.02 cc per 
hour at N.T.P.) corresponding to about 0.0002% oxygen for a 
10-minute analysis of a 1-gram sample. Two factors which contribute 
to low blanks are (a) flaming of the apparatus with a bunsen burner 
without dry ice or liquid air on the traps [do not operate pumps 
(D)] and (b) high temperature, long-time, outgassing of the 
crucible. 

Calculation of Oxygen Content—The mercury level in the right- 
hand tube of cutoff No. 7 can be adjusted to any one of four marks 
on the tube, which correspond to four volumes calibrated, so that 
1 mm Hg pressure of CO, corresponds to 0.001, 0.002, 0.010 and 
0.02 mg respectively. Since half of this oxygen comes from the 
catalyst, each mm of Hg pressure read corresponds (for a 1l-gm 
sample) to 0.00005, 0.0001, 0.0005 and 0.001% oxygen. The sen- 


sitivity and range are adequate for most samples. 
DIscussION 


The most attractive feature of the apparatus described is the 
rapidity of making analyses. The equipment has enabled us to do 
considerable work on correlation of oxygen content of metals with 
their magnetic properties, particularly hysteresis loss, dnd also to 
study deoxidation procedures and the effectiveness of vacuum melt- 
ing. One operator has been trained for doing both the analysis of 
oxygen and the determination of small amounts of carbon (11). 

The accuracy of the results has not suffered at the expense of 
speed. With each batch of samples, two or three Bureau of Standards 
Cooperative Steel No. 1 samples (1) are always included, and the 
results of the samples are considered to be reliable, if the correct 
results are obtained for the standard samples. The 1-inch diameter 
bars of Standard Cooperative Steel No. 1 have been forged to 
3%-inch diameter and centerless ground to ;%;-inch diameter. Small 
cylinders are cut from this rod for samples. Results for some of the 


Ww 
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Table | 
Oxygen Content of Bureau of Standards Samples (Vacuum Fusion Method) 





Westinghouse Research—————~ 
Bureau of Standards Cooperative Study* No. of 


Steel Acceptable Range ““Best’”’ Value Tests Av. ot rf 
1 0.016-0.020 0.018 103 0.018 0.006 +0.004 
2 0.012-0.018 0.017 10 0.014 0.0045 +0.003 
3 Rhee 
4 0.001-0 .004 0.002 5 0.0035 0.0015 +0.001 
5 0.007-0.011 0.009 6 0.0088 0.002 +0.0013 
6 0.005-0 .008 0.007 4 0.0072 0.002 +0.0013 
7 0.100-0.110 0.106 6 0.110 0.015 +0.01 
8 0.015-0.019 0 


-017 30 0.0155 0.0035 +0.0023 


*See reference 1. 
fe standard deviation from probability plot. 
r is the probable error; r =0.6745¢. 








Table II 
Some Typical Results Obtained on Several Metals 
——_————————-Va rious Samples-———-_____. 
1 2 3 4 5 6 

Armco Iron 0.087 0.040 0.098 0.063 0.045 

0.089 0.048 0.094 0.062 0.043 

0.086 0.064 0.047 

0.067 

Rimming low carbon steel 0.017 

0.017 

0.013 

0.012 
Semi-killed low carbon steel 0.0091 

0.0071 

0.0068 
Killed low carbon steel 0.0025 

0.0022 

0.0022 

0.0021 
Molybdenum 0.038 0.033 0.06 0.13 0.20 0.0021 

0.031 0.033 0.06 0.11 0.16 0.0034 
Electrolytic copper 0.02 0.02 0.018 

0.024 0.02 0.018 
Tough pitch copper 0.028 0.036 0.028 0.036 

0.028 0.036 0.029 0.040 

0.029 0.038 
Iron-cobalt (35% Co) 0.020 0.0047 0.001 0.0024 

0.024 0.0057 0.000 0.0034 





Cooperative Steels are shown in Table I. These data have been 
plotted on probability paper ‘and the average value determined as 
well as the standard deviation, o. The probable error, r, of the 
determination then becomes 


r = 0.67456 


The apparatus can be used to obtain oxygen contents of non- 
ferrous metals but care must be exercised in the case of certain 


metals (12, 13). 


Table II gives some typical oxygen results obtained on several 
materials. 
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Some years ago we adapted our apparatus for the determination 
of hydrogen (14) but since then we have made only occasional 
analyses. 

The apparatus might also be modified to determine nitrogen 
by the introduction of a Toepler pump but no stringent need for 
nitrogen analyses has developed. 


SUMMARY 


1. An unusually rapid all-glass vacuum-fusion apparatus for 
the determination of the total oxygen of metal samples is described. 

2. The apparatus is capable of analyzing samples weighing from 
about 0.1 gram to 2 grams in from 15 to 20 minutes with an 
accuracy of about +0.001%. 
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DISCUSSION 


Written Discussion: By H. E. Cleaves and J. T. Sterling, National 
sureau of Standards, Washington, D. C. 

This development of an apparatus and procedure which makes pos- 
sible as many as 28 analyses per day instead of the usual 3 or 4 is a 
major improvement in the vacuum-fusion method. The authors are to 
be congratulated on their achievement. 

The provision for removing the surface oxygen of specimens by 
hydrogen treatment after loading into the apparatus, thus avoiding 
subsequent exposure to air, eliminates a source of error in the analysis 
of specimens with large surface area. However, it must be noted that 
this method of removing surface oxygen is not applicable to metal having 
relatively high oxygen content. Thompson and Holm‘ obtained 0.096% 
oxygen by vacuum fusion on a specimen of Armco iron (Cooperative 
Steel No. 7) previously hydrogen treated for 90 minutes at 300°C 
(570 °F), 0.088% oxygen after hydrogen treatment at 400°C (750 °F) 
and only 0.062% after hydrogen treatment at 500°C (930°F), as com- 
pared with the “best” value of 0.106%. No appreciable error resulted 
from treatment of the other cooperative steels having an oxygen content 
of 0.002 to 0.018%. 

An explanation of the method of determining when the calibrated 
volume is warmed to “just below the temperature at which the frozen 
water is expanded” (page 909) would be helpful. Presumably the pressure 
rises as the tube is warmed until all the carbon dioxide is vaporized and 
then remains practically constant until the water begins to vaporize, but 
this point might be brought out. 

It would be of interest to know what modification of the procedure 
is necessary to permit analysis of other metals, such as molybdenum, 
copper and iron-cobalt alloy, listed in Table II. 

While the capability of the apparatus to analyze small samples is an 
asset in promoting rapidity and conserving sample material, it is also, 
as stated on page 908, a serious disadvantage in analyzing heterogeneous 
materials. With material known to be heterogeneous, as most metals 
are, errors can be avoided by analyzing several 2-gram samples as sug- 
gested by the authors, but the danger in using small samples lies in the 
possibility of unsuspected heterogeneity. 

Written Discussion: By M. W. Mallett, assistant supervisor, Thermal 
Chemistry Group, Battelle Memorial Institute, Columbus, Ohio. 

Messrs. McGeary, Stanley and Yensen are to be congratulated for 
developing a vacuum-fusion apparatus capable of handling many samples 


*Thompson and Holm, Journal of Research, National Bureau of Standards, Vol. 21, 
1938, p. 79. RP1114. 
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in one day. Such equipment is particularly useful for analyzing unalloyed 
steels of homogeneous oxygen content. However, I believe the authors’ 
warning regarding the necessity of using larger samples where there 
is a heterogeneous distribution of oxygen should be emphasized. 

The preparation of spheroidal specimens is not as generally possible 
as the paper seems to indicate, nor is it practical except in rather special 
cases. 

The elimination of specimens containing cracks or laminations is 
generally desirable. What is the nature of the defects revealed by 
etching? Does such etching, at times, bring one to discard representa- 
tive samples which normally contain large inclusions? 

The stripping of the surface oxide from millings and other specimens 
with large surface area is necessary if one cannot avoid such sampling. 
Under certain cirmumstances, removal of surface oxygen by hydrogen 
reduction may cause the analytical results to be low. Thompson and 
Holm* observed that hydrogen reduction of materials high in FeO, at 
500°C (930°F), or even 300°C (570°F), reduces appreciable amounts 
of body oxygen. This indicates a possibility of introducing error by 
hydrogen treatment. Of course, killed steels behave satisfactorily at 
500°C (980°F), but higher temperatures, i.e., 700°C (1290°F), are to 
be avoided. 

The graphite crucible-stopper will throttle the pumping out of the 
evolved gases. This arrangement may promote errors due to “gettering” 
in analyzing alloy steels unless the temperature of the stopper-ball is 
approximately that of the melt. 

At first, one is startled to find that the evolved gases are given a 
single pass through the analytical train and exhausted to the atmosphere. 
However, when one considers how much greater the mean free path 
of the gas molecules is at low pressures than at atmospheric pressure, 
which is used in conventional Orsat analyses, it is seen that there must 
be an increased number of collisions at low pressures, between the gas 
molecules and the CuO oxidizing agent. Thus the low pressure promotes 
the reaction. This may be a partial explanation of the authors’ evident 
success with this technique. 

In the final measurement of the gas, the vapor pressure of water can 
hardly be ignored when analyzing low oxygen (0.002%) steels where the 
volume of hydrogen may be expected to about equal that of oxygen. The 
vapor pressure of ice is about 4 millimeters of mercury near the melting 
point. Unless the water is kept trapped by dry-ice it may entirely 
vaporize and be measured as COs At higher oxygen contents neglect of 
the water vapor appears justified. 

Proof of the effectiveness of all analytical techniques lies in the 
analyses. Considerable experience with Bureau of Standards Cooperative 
Steels leaves me in complete agreement with the author as to both the 
average values they obtained and the probable error of the results. The 
typical results with the exception of copper, with which my experience 
is limited, appear to be of the correct order of magnitude and show very 
satisfactory reproducibility. 
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Written Discussion: By G. Derge, associate professor of metallurgy, 
Carnegie Institute of Technology, Pittsburgh. 

Although the vacuum-fusion analysis of gases in metals has gradu- 
ally assumed the status of a widely used analytical procedure, it is still 
interesting and profitable to observe the variations in design and tech- 
nique which are adaptable to specific applications. 

In this particular model, mercury cutoffs are used and mercury 
replaces sealing wax at the quartz-Pyrex ground joint. The entire 
system is thus saturated with mercury vapor at room temperature, and 
I would like to ask the authors why they have found it necessary to 
use the dry-ice traps No. 1 and No. 2 on either side of the mercury 
diffusion pumps D. 

It is also noteworthy that the probable errors shown in Table I 
are about 10% of the average oxygen content of the high oxygen 
samples, but considerably greater for the low oxygen samples. These 
were the Cooperative Steels of the Bureau of Standards and may be 
regarded as representing ideal conditions with regard to uniformity and 
segregation. These results emphasize the need for caution in the inter- 
pretation of vacuum fusion data. Significance should not be attached 
to small differences in analysis unless the entire sampling procedure 
and reliability of the data have been carefully examined. 


Authors’ Reply 


It may be well to reiterate that our apparatus is designed especially 
for homogeneous samples of moderate or low oxygen content, and that 
if heterogeneous samples are to be analyzed, extra precautions, which 
were indicated, must be taken. Most of our analyses are on solid solu- 
tion alloys which have had long-time, high temperature anneals. The 
samples are etched to reveal surface defects before introduction into 
the apparatus, and with the homogeneous types of alloys just mentioned, 
large inclusions, porosity, and segregation are not often encountered. 
Seams, laminations, and cracks in rolled material are causes for rejection 
of samples. 

As pointed out by Messrs. H. E. Cleaves, J. T. Sterling and M. W. 
Mallett, the reduction of the surface oxide is not possible with samples 
in which the oxygen is present principally as iron oxide. The effect of 
surface oxygen is rarely important, however, since the usual oxygen 
contents are high enough and the surface area to volume of sample 
ratio low enough that the error due to surface oxygen is negligible. 
For these reasons the hydrogen reduction of the surface oxide is never 
practiced with routine samples. 

The dry-ice trap No. 1, Fig. 2, prevents the diffusion of mercury 
into the furnace chamber. Since there is no diffusion of mercury 
through the ground joint, the furnace chamber is isolated from a source 
of mercury and so trap No. 1 will reduce the vapor pressure of mercury 
in it below the saturation point. This is proven by the fact that a 
mercury glow discharge occurs when the trap is not cooled but does 
not occur when it is cooled. 








916 TRANSACTIONS OF THE A. S. M. Vol. 42 


It was suggested that the water vapor may be measured and affect 
the results of very low oxygen samples. It is experimentally quite simple 
to assure oneself that this separation of HexO and COs is complete in the 
following way: By constant adjustment of the manometer the sublima- 
tion of the COs is followed, which takes place rapidly and completely 
well below the temperature at which the vapor pressure of the ice 
becomes appreciable; the mercury level will then remain constant for 
a short time (since the expansion of the COz with temperature over this 
short range is small) before water begins to evaporate. However, most 
of the water can be prevented from even getting to the calibrated 
volume by heating the liquid air trap just enough to evaporate only COs. 

Modifications in procedure for the analysis of other metals are not 
great. In the case of molybdenum, it is only necessary to have at 
least an equal weight of iron in the crucible so as to have a molten 
melt at 1650°C (3000°F). In the case of copper, the crucible tempera- 
ture is about 1250°C (2280°F). Outgassing time is greatly reduced 
and the blank correction is practically negligible. This type of apparatus 
should be especially useful to those who make a great many oxygen 
analyses of copper, since the accuracy should prove greater than for 
the standard method and each sample analysis can be made in the 
astonishing time of about 10 minutes. 








STABILITY OF AISI ALLOY STEELS 
AT ELEVATED TEMPERATURES 


By A. B. WILDER anp J. O. LicuT 


Abstract 


The stability of over one hundred different types 
of steel at 900, 1050 and 1200 °F (480, 565 and 650 °C) 
1s being evaluated over a period of 10 years. Welded 
samples are included in the investigation. The results 
obtained in an examination of 16 of these steels for 
evidence of structural changes, oxidation characteristics 
and impact properties after exposure for 10,000 hours 
are presented. 

Typical AISI alloy steels which are extensively used 
in the automotive industry were imvestigated. The steels 
were either normalized or annealed before exposure and, 
in general, two carbon levels were investigated. Oxidation 
in air at 1200°F (650°C) was too severe to permit 
evaluation of the properties. Graphitization after exposure 
at 900 and 1050°F (480 and 565°C) was observed in 
the AISI nickel and nickel-molybdenum steels, but was 
not observed in the AISI steels containing chromium. 
The chromium-vanadium and chromium-molybdenum 
steels were the most stable. The Charpy impact properties 
at ordinary temperatures of all the AISI steels investi- 


gated were not adversely affected by exposure at the 
elevated temperatures. 


HE automobile industry many years ago developed through 

the Society of Automotive Engineers a number of SAE standard 
alloy steels (1).1. The list of steels grew with the automotive 
industry and was adopted by many other industries. After forma- 
tion of the American Iron and Steel Institute, a series of AISI 
standard alloy steels was also developed. The AISI steels were, 
in many respects, similar to the SAE steels. In 1941 the SAE 
and AISI agreed to use the same numbering system for specifying 
chemical composition of the steels. It is from this group of steels 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, A. B. Wilder 
is chief metallurgist, National Tube Company, U. S. Steel Corporation Sub- 
sidiary, Pittsburgh, and-J. O. Light is chief metallurgist, National Tube Com- 
pany, Lorain Works, Lorain, Ohio. Manuscript received May 5, 1949. 
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that several alloy compositions were selected for exposure at 900, 
1050 and 1200 °F (480, 565 and 650°C) for a period of 10 years 
to determine stability characteristics. 

AISI alloy steels are of the ferritic type and were developed 
primarily upon the basis of their response to heat treatment. They 
are widely used in the quenched and tempered condition and may 
contain manganese, chromium, molybdenum, nickel, silicon, vanadium 
or other alloying elements added to obtain a desired alloying effect. 
Molybdenum seldom exceeds 0.30% and chromium 1.75%. The 
AISI ferritic stainless steels containing up to 27% chromium and 
the AISI austenitic stainless steels are also under investigation (2) 
but are not included in this discussion. 

Ferritic alloy steels for high temperature service are generally 
used in the stress relieved, normalized and tempered, or anneaied con- 
ditions. They have been developed upon the basis of creep strength, 
oxidation resistance, and resistance to graphitization. When the 
chromium content is above 12%, these steels are considered ferritic 
stainless steels which usually correspond to standard AISI compo- 
sitions. Ferritic steels for high temperature applications generally 
contain % to 1% molybdenum for creep resistance. Approximately 
1% chromium is used where graphitization is a problem, while for 
oxidation resistance the chromium content may be as high as 27%. 
Other chemical elements may also be added to improve the properties. 
The effects of long exposure at elevated temperatures of ferritic 
alloy steels, other than standard AISI types, and certain ferritic 
and austenitic stainless steels have been previously reported (2, 3). 

The primary purpose of this paper is to discuss changes in 
microstructure observed in typical AISI alloy steels exposed in the 
welded and unwelded conditions at 900 and 1050 °F (480 and 565 °C) 
for a period of 10,000 hours. In addition, the impact and hardness 
properties and oxidation characteristics are discussed. Although all 
the steels were exposed at 1200 °F (650°C) for 10,000 hours, de- 
carburization and scaling at this temperature were too severe to 
permit evaluation of the properties. ‘The program as a whole will 
include a study of tensile and creep rupture characteristics of the 
steel before and after exposure. The investigation is a continuation 
of the work on stability at elevated temperatures of a large number 
of steels previously discussed (2, 3). 


MATERIAL INVESTIGATED 


The number of standard AISI steels was reduced prior to the 
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Table Il 
Heat Treatment, Austenitic Grain Size and Welding Electrodes 
AISI Heat Treatment Prior ——— Grain Size——_~ Welding Electrode 
Designation to Exposure Ferritic Austenitic Employed 

2320 1650 °F Air Cool 8 6-8 E-7020 
2517 1650°F Air Cool 7-8 4-6 E-7020 
3115 1650°F Air Cool 6-7 6-8 E-7020 
3130 1650 °F Furnace Cool 6-8 6-8 E-7020 
3316 1650 °F Air Cool 6-8 E-7020 
4115 1650 °F Air Cool 7 6-8 E-7010 
4140 1650 °F Furnace Cool 6-8 6-8 E-7010 
4317 1650°F Air Cool 7-8 6-8 E-7020 
4337 1650°F Furnace Cool 7-8 6-8 E-7020 
8624 1650°F Air Cool 7-8 6-8 E-7020 
8630 1650 °F Furnace Cool 6-7 6-8 E-7020 
4615 1650 °F Air Cool 7-8 6-8 E-7020 
4640 1650 °F Furnace Cool 7-8 6-8 E-7020 
4815 1650 °F Air Cool 6-8 E-7020 
6120 1650 °F Air Cool 7-8 6-8 E-7020 
6145 1650°F Furnace Cool 5-7 5-7 Type 502 


war, but there are still a large number of steels listed. In this in- 
vestigation, only a few of them were selected, since this class of 
material is not generally used for high temperature applications. 
The steels listed in Table I were exposed for 10,000 hours at 900, 
1050 and 1200 °F (480, 565 and 650°C). Two carbon levels were 
investigated in the 3100, 4100, 4300, 8600, 4600 and 6100 series 
and a single carbon level in the 2300, 2500, 3300 and 4800 series. 
For high temperature service, low carbon materials are normally 
employed because. low carbon steel lends itself to improved forma- 
bility and weldability. 

The steels were forged to a 1 by 1-inch bar heat treated and 
surface ground prior to exposure. Heat treatment of the material 
prior to exposure, austenitic grain size, and type of electrode used for 
bead welds are shown in Table II. All of the steels had a fine 
austenitic grain size after carburizing for 8 hours at 1700 °F (927 °C). 
The grain size before exposure was uniform. 


ExposuRE FURNACES AND GRAPHITIZATION CHART 


The electric furnaces employed for exposing the specimens, 
and the graphitization rating chart used in this investigation have 
been described (4). The graphitization chart contains designations 
A, B, C, etc. (A being the smallest size particle), which are used 
with a prefix. A rating of 10B, for example, indicates 10 particles 
of dispersed graphite with an average size B in a representative 
4 by 5-inch field at 500 magnification. 
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IMPACT AND OXIDATION TESTS 


Charpy impact tests were made in accordance with ASTM 
designation E-23-41T. A standard keyhole notch specimen was 
used. Results reported are the average of duplicate specimens tested 
at ordinary temperature. 

Oxidation resistance in air was determined by descaling un- 
welded 1 by 1 by 20-inch bars after exposure in the electric furnaces. 
The bars were racked to permit exposure on all four sides except 
where each end of the bar was supported on a heat resisting rack. 
The sodium hydride bath at Wood Works, Carnegie-Illinois Steel 
Corporation, was used for descaling. The bars were not dipped in 
the acid brightening tanks subsequent to descaling, in order to avoid 
metal loss. Results are reported as per cent loss in weight and 
also as the average depth of scaling calculated from dimensional 
losses during exposure. 


Wetp Beap TESTs 


Two 6-inch weld beads with different heat imputs were de- 
posited on opposite sides of each bar as previously described (3). 
The weld beads were deposited at the U. S. Steel Corporation 
Research Laboratory with automatic welding equipment. Structural 
changes are reported only for the small weld beads which were 
deposited with a %-inch diameter coated electrode using 100 amperes 
at 24 volts and an arc travel speed of 10 inches per minute. No pre- 
heating or postheating was employed. The electrodes used are shown 
in Table Il. The small weld bead is representative of the most 
severe welding condition that may be experienced in so far as the 
thermal gradient of the heat-affected zone is considered. The results 
with weld bead samples, however, are not always strictly comparable 
to commercial welding conditions, which may vary considerably, and 
they should, therefore, be interpreted with this reservation. 

A transverse section of the weld bead samples was examined 
microscopically as follows: Zone 1, in the coarsened grain structure 
immediately beneath the weld metal; Zone 2, in the relatively fine 
grain structure beneath Zone 1; Zone 3, near the boundary of the 
heat-affected zone where the grain size is similar to the parent metal ; 
and Zone 4, in the unaffected parent metal. 


OXIDATION CHARACTERISTICS 


The degree of oxidation of the steels exposed to air for 10,000 
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Table III 
Oxidation After 10,000 Hours’ Exposure 





Depth of Metal Loss 





AISI — Weight Loss, %——————. ————Due to Scale—Inches kK 100 -—-_—~ 
Designation 900 °F 1050 °F 1200 °F 900 °F 1050 °F 1200°F 
2320 1.1 1.6 16.4 0.08 0.15 3.85 
2517 0.9 1.6 15.8 0.05 0.10 4.18 
3115 1.0 1.9 13.8 0.05 0.25 3.90 
3130 0.9 1.5 16.6 0.05 0.20 4.55 
3316 1.0 1.6 9.4 0.03 0.15 2.30 
4115 0.8 .V 17.9 0.08 0.30 5.00 
4140 1.0 1.8 16.1 0.10 0.25 S72 
4317 0.9 1.9 15.1 0.13 0.23 4.15 
4337 0.8 57 15.2 0.05 0.28 4.15 
8624 1.0 1.9 29.5 0.08 0.28 9.23 
8630 0.8 1.8 23.2 0.05 0.28 6.65 
4615 0.9 1.8 13.8 0.05 0.25 3.65 
4640 1.0 1.8 42.4 0.05 0.15 13.50 
4815 0.8 1.6 12.7 0.08 0.20 3.15 
6120 0.9 1.8 16.3 0.05 0.25 4.53 
6145 1.0 7 14.5 0.10 0.30 3.58 








hours at 900 to 1200 °F (480 to 650°C) is shown in Table III. It 
will be observed that considerable oxidation was encountered at 
1200 °F (650°C), but little oxidation was observed at 900 °F 
(480 °C) and at 1050°F (565°C). Oxidation data of the type 
under discussion are limited in application and should be used only 
to compare relative oxidation characteristics of the various steels 
under the same exposure conditions. 

Oxidation at 1200 °F (650°C) as shown in Table III caused 
decarburization and grain growth in virtually all of the specimens. 
For this reason the metallographic structure and mechanical properties 
are not discussed for the exposure temperature of 1200 °F (650 °C). 
In an oxidizing atmosphere the steels are not suitable for long 
periods of exposure at this temperature, due to structural changes 
associated with decarburization. 


MICROSTRUCTURE 


Nickel Steels—The nickel steels 2320 and 2517 showed less 
stability with respect to microstructure than any of the other AISI 
alloy steels tested. Unexposed, the microstructure was similar to 
Fig. lc with slightly coarser grain size and less pearlite. After 
10,000 hours’ exposure at 900 °F (480°C) the pearlite lamellae 
had transformed to spheroidal carbides as shown in Fig. 2a, which 
is the 2517 steel and is similar to the 2320 steel. At 1050 °F (565 °C) 
complete carbide spheroidization had taken place in both steels, with 
none of the originally pearlitic areas identifiable. This structure for 
Grade 2517 is depicted in Fig. 2b. Grade 2320 was similar, except 
that it contained more massive carbides. 


a 
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Fig. 1—Unexposed Parent Metal Structures. Picral-Nital etch. 1000. (a) 
Grade 3316. (b) Grade 4337. (c) Grade 8624. (d) Grade 4615. 
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Fig. 2—Exposed Parent Metal Structures. 10,000-hour exposure. Picral etch. 
x 1000. (a) Grade 2517—900°F. (b) Grade 2517—1050°F. (c) Grade 4337— 
ro (d) Grade 4337—1050°F. (e) Grade 8630—900°F. (f) Grade 8630— 
1050 °F. 
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Both grades contained graphite in the parent metal at the 1050 °F 
(565 °C) exposure temperature as indicated by ratings of 0.5J and 
0.3J in Table IV. Only the 2320 steel contained graphite at the 
900 °F (480°C) temperature after 10,000 hours’ exposure. Grade 
2320 contained appreciable graphite in the weld heat-affected zones 
at both 900 and 1050 °F (480 and 565 °C) as shown in Table IV. 
The 2517 steel contained graphite in the weld heat-affected area at 
1050 °F (565°C) only, and then only in the zone adjacent to 
the parent metal. Microstructure of the weld heat-affected zones 
was similar to that depicted in Figs. 3a and 3d. 

Nickel-Chromium Steels—These steels were relatively stable, 
microstructurally, during 10,000 hours’ exposure. The unexposed 
structure of Grade 3316 is illustrated in Fig. la. Grade 3115 is 
similar to Fig. le with slightly larger grain size. Grade 3130 is also 
similar to Fig. lc but contains coarser pearlite and somewhat larger 
grain size. These steels after 10,000 hours’ exposure at 900 °F 
(480 °C) contained partially coalesced pearlite similar to Fig. 2e 
but fewer and smaller grain boundary carbides. After exposure at 
1050 °F (565°C) they were similar to Fig. 2f except that they 
contained smaller grain boundary carbides generally of a spheroidal 
shape. Grade 3130 had carbides nearer to the size illustrated in 
Fig. 2f than either the 3115 or 3316 steel. None of these steels 
contained graphite in either the parent metal or the weld heat- 
affected zones after any of the exposure conditions. Microstructural 
changes in the weld heat-affected zones were similar to those illus- 
trated as Figs. 3a, 3b and 3c. 

Chromium-Molybdenum Steels—The two chromium-molybde- 
num steels, Grade 4115 and Grade 4140, appeared to be more stable 
microstructurally than the nickel-chromium steels. The unexposed 
microstructures were similar to Fig. lc with slightly larger grain 
size. Grade 4140 also had coarser pearlite than illustrated. After 
10,000 hours’ exposure at 900°F (480°C) both steels contained 
less spheroidized pearlite and fewer and smaller carbides than the 
structure illustrated in Fig. 2e. This Fig. 2e is typical of these steels 
after the 1050°F (565°C) exposure temperature except that the 
pearlite in steel 4115 was more coalesced. 

Neither steel contained graphite in either the parent metal or 
weld heat-affected areas under any of the exposure conditions. Zones 
1 and 2 of the weld heat-affected area were similar to Figs. 3a, 3b 
and 3c, but Zone 3 had less spheroidization than illustrated. 
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Figs. 3a and 3b—Structural Changes in Weld Heat-Affected Zones. Picral-Nital 
etch. X 1000. The figures in the upper left-hand corners represent the zones. (a) 
Grade 8624—unexposed. (b) Grade 8624—10,000 hours at 900 °F. 
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Figs. 3c and 3d—Structural Changes in Weld Heat-Affected Zones. Picral-Nital 
etch. xX 1000. The figures in the upper left-hand corners represent the zones. (c) 
Grade 8624—10,000 hours at 1050°F. (d) Grade 4640—10,000 hours at 1050 °F. 
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Nickel-Chromium-Molybdenum Steels—The two AISI 4300 
series and AISI 8600 series steels included in the test program were 
relatively less stable microstructurally than either the nickel-chromi- 
um or the chromium-molybdenum steels, but were still substantially 
more stable than the straight nickel steels. Fig. 1b illustrates the 
unexposed microstructure of Grade 4337. The type of pearlite de- 
picted in Fig. ld is frequently called “molybdenum-type” pearlite. 
Grade 4317 was similar to Fig. 1d, but contained less distinctive 
“molybdenum-type” pearlite. Fig. lc illustrates the unexposed micro- 
structure of the 8624 steel. Grade 8630 is similar but with coarser 
grain size and coarser pearlite lamellae. The microstructure of the 
8630 steel after exposure for 10,000 hours at 900 and 1050 °F (480 
and 565 °C) is illustrated by Figs. 2e and 2f respectively. Steel 4317 
was similar but contained smaller carbides and more typically “molyb- 
denum-type” pearlite at 900 °F (480 °C) and more massive carbides 
at 1050 °F (565°C) than illustrated. Grade 8624 was similar to 
Grade 8630 except that the pearlite was more coalesced at both ex- 
posure temperatures. Steel 4337, due to its different unexposed 
microstructure, is illustrated after exposure in Figs. 2c and 2d re- 
spectively. 

None of these steels contained graphite in either the parent metal 
or the weld heat-affected zones under any of the exposure conditions. 
Microstructural changes in the three zones of the weld heat-affected 
area are illustrated in Figs. 3a, 3b and 3c. 

Nickel-Molybdenum Steel—All the steels in this group were 
relatively unstable with respect to microstructure. Only the nickel 
steels were less stable, whereas .all chromium-bearing steels were 
more stable. Unexposed, the microstructure of Grade 4615 is illus- 
trated as Fig. 1d. Grade 4640 was similar to Fig. lc with extreme 
banding of the pearlite. The 4815 steel was finer in grain size than 
Fig. le and contained many small unresolvable pearlite colonies at 
1000 diameters magnification. After exposure at 900°F (480°C) 
for 10,000 hours, the pearlite in all these steels was more persistent 
than illustrated in Fig. 2a, while the size and distribution of the 
carbides was similar. After the 1050 °F (565 °C) exposure the steels 
contained fewer pearlite remnants and more massive carbides than 
Fig. 2a, but were not as completely spheroidized as the nickel steel 
in Fig. 2b. 

Graphitization occurred after exposure at both 900 and 1050 °F 
(480 and 565 °C) in the 4640 steel but only at the higher temperature 
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Table IV 
Graphite Rating of Welds (10,000 Hours’ Exposure) 
AISI ——— 900 °F. ———1050°F 
Designation Type 1* 2* 3* 4* 1 2 3 4 
2320 Ni 0 30A 200A iF 0 1D 100C 0O.5J 
2517 Ni 0 0 0 0 0 0.04J 0.3] 
3115 ; Ni-Cr 0 0 0 0 0 0 0 0 
3130 Ni-Cr 0 0 0 0 0 0 0 0 
3316 Ni-Cr 0 0 0 0 0 0 0 0 
4115 Cr-Mo 0 0 0 0 0 0 0 0 
4140 Cr-Mo 0 0 0 0 0 0 0 0 
4317 Ni-Cr-Mo 0 0 0 0 0 0 0 0 
4337 Ni-Cr-Mo 0 0 0 0 0 0 0 0 
8624 Ni-Cr-Mo 0 0 0 0 0 0 0 0 
8630 Ni-Cr-Mo 0 0 0 0 0 0 0 0 
4615 Ni-Mo 0 0 0 0 8A 20A 50 A 35 B 
4640 Ni-Mo 0 4C 20C 2D 0 1E 20E O8K 
4815 Ni-Mo 0 0 0 0 0 0 8B 5B 
6120 Cr-V 0 0 0 0 0 0 0 0 
6145 Cr-V 0 0 0 0 0 0 0 0 


1. Coarse grain zone immediately beneath weld. 
2. Fine grain zone beneath Zone 1. 

3. Area near boundary of heat-affected zone. 

4. Parent metal. 


in Grades 4615 and 4815. The graphitization ratings for the parent 
metal and heat-affected zones are shown in Table IV. Fig. 3d illus- 
trates the extent of graphitization in the weld heat-affected zones of 
steel 4640 after exposure for 10,000 hours at 1050°F (565 °C). 

Chromium-V anadium Steels—These steels were the most stable 
of the AISI alloy steels included in the investigation. —The unexposed 
structure of Grade 6120 was similar to Fig. le but of coarser grain 
size. The 6145 steel contained only about 5% ferrite, and had an 
ASTM grain size of 5-7 with pearlite lamellae resolvable at 1000 
magnifications. The 10,000 hours’ exposure at 900 °F (480 °C) had 
little effect on the microstructure. The pearlite lamellae became less 
continuous, but very few areas had coalesced appreciably. Some 
small grain boundary carbides were visible. After exposure at 
1050 °F (565 °C) the microstructure was similar to Fig. 2e except 
that more pearlite lamellae persisted. 

No graphitization occurred at either 900 or 1050°F (480 or 
565 °C). under any exposure conditions. The microstructure of Zone 
1 was essentially as shown in Figs. 3a, 3b and 3c; Zone 2 was less 
spheroidized than illustrated; Zone 3 was less spheroidized after 
10,000 hours at 1050 °F (565 °C) than is illustrated for the 900 °F 
(480 °C) exposure in Fig. 3b. 


IMPACT AND HARDNESS PROPERTIES 


Impact properties of the various steels are shown in Table V. 
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Table V 
Room Temperature Impact Properties 


-—Charpy Full Size Keyhole Notch Specimen—Foot—Pounds—~ 


AISI Before ——Exposed 1000 Hrs.——. —Exposed 10,000 Hrs.—. 
Designation Type Exposure 900°F 1050°F 1200°F 900 °F 1050 °F 
2320 Ni 45 47 55 31 38 53 
2517 Ni 50 54 66 31 ass. 61 
3115 Ni-Cr 55 58 65 68 54 64 
3130 Ni-Cr 33 28 i. 39 25 36 
3316 Ni-Cr 34 33 79 81 35 50 
4115 Cr-Mo 45 46 42 31 51 40 
4140 Cr-Mo 23 24 21 22 20 23 
4317 Ni-Cr-Mo 54 57 63 31 53 34 
4337 Ni-Cr-Mo 28 26 28 30 23 27 
8624 Ni-Cr-Mo 47 49 45 41 47 36 
8630 Ni-Cr-Mo 32 38 31 28 31 30 
4615 Ni-Mo 55 57 65 49 52 42 
4640 Ni-Mo 18 18 18 19 25 
4815 Ni-Mo 44 51 56 36 49 33 
6120 Cr-V 53 39 36 48 29 40 
6145 Cr-V 13 11 13 19 11 15 


These properties after 1000 and 10,000 hours’ exposure at 900 °F 
(480 °C) were not appreciably changed. With respect to the other 
exposure conditions, each group of steels will be discussed separately. 
It is significant to point out that none of the steels were embrittled 
by any of the exposure conditions. 

The nickel steels included in this investigation were character- 
ized by an increase in impact properties after 1000 and 10,000 hours’ 
exposure at 1050 °F (565 °C). After 1000 hours at 1200 °F (650 °C) 
they had substantially lower impact values. 

The nickel-chromium steels had increased impact properties 
after 1050 and 1200°F (565 and 650°C) exposure intervals with 
the maximum properties at the higher temperature. 

Of the chromium-molybdenum steels, Grade 4140 showed vir- 
tually no change in impact value after any exposure condition. The 
lower carbon grade (4115) showed a decrease in impact properties 
after exposure for 1000 hours at 1200 °F (650 °C). 

The nickel-chromium-molybdenum steel 4317 showed a decided 
loss in impact properties after 10,000 hours at 1050°F (565 °C) 
and 1000 hours at 1200 °F (650°C). The mtermediate carbon steels 
8624 and 8630 indicated only a slight loss after the same exposure 
conditions. The highest carbon grade, 4337, showed virtually no 
change in impact properties, regardless of exposure conditions. 

The lower carbon nickel-molybdenum steels, 4615 and 4815, 
showed an increase in impact values after 1000 hours at 1050 °F 
(565°C). Longer exposure at this temperature and exposure for 
1000 hours at 1200°F (650°C) lowered the properties. No sub- 


- 
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Table VI 
Exposure Factor 
AISI Steel Grade Exposure Factor 
6120, 6145 0.80 
4115, 4140 0.90 
3115, 3130 0.95 
4317, 4337, 8624, 8630 1.00 
4615, 4640, 4815 1.05 
2320, 2517 1.10 


stantial change was observed in Grade 4640 after the various ex- 
posure conditions. 

The 6120 chromium-vanadium steel exhibited higher impact 
values after 1000 hours at 1200°F (650°C) than after other ex- 
posure conditions. The higher carbon 6145 steel did not change 
appreciably except that an increase was observed at 1200 °F (650 °C). 

The general relationship of impact strength to exposure con- 
ditions at elevated temperatures is illustrated in Fig. 4. The product 
of an empirical expression KT*logt was plotted horizontally. In 
this expression, K, the exposure factor shown in Table VI, is re- 
lated to the type of steel and varied between 0.80 and 1.10 for the 
steels investigated. T is the exposure temperature in degrees absolute, 
and t is the time in hours for exposure. The expression is divided 
by 10%° to provide a suitable scale for plotting. The impact strength 
is plotted vertically as per cent of the impact strength of unexposed 
material. Values exceeding 100% indicate a corresponding increase 
in impact properties. 

A characteristic pattern of changes in impact properties after 
exposure at elevated temperatures may be observed in Fig. 4 for the 
steels investigated. It should be recognized that a limited number of 
steels and conditions of exposure were involved and, therefore, the 
pattern of changes may not be similar for other steels. The pattern 
consists of virtually no change in impact properties to an abscissa of 
135, followed by an increase to a maximum between 170 and 190 
and a subsequent reduction to the limits of the data. The 6120 steel 
is substantially lower than the others, but follows the same trend. 
Grade 3316 steel, probably because of its different initial micro- 
structure, does not come within the limits shown, as the changes were 
of a greater magnitude but the pattern was similar. 

A slight decrease in hardness was observed after 1000 hours’ 
exposure at 1200°F (650°C). With the exception of the AISI 
2517 steel, the hardness after 10,000 hours’ exposure at 900 and 
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Table VIi 
Hardness Properties 





Rockwell “B" Hardn 


e@8$——— 
AISI Before ——Exposed 1000 Hrs.—— —Exposed 10,000 Hrs. 

Designation Type Exposure 900°F 1050°F 1200°F 900 °F 1050 °F 
2320 Ni 87 85 82 79 85 80 
2517 Ni 86 81 82 95 85 80 
3115 Ni-Cr 80 77 76 75 78 78 
3130 Ni-Cr 90 89 i 81 88 84 
3316 Ni-Cr 106 97 90 84 95 90 
4115 Cr-Mo 82 80 80 73 84 78 
4140 Cr-Mo 85. 86 85 81 88 85 
4317 Ni-Cr-Mo 85 85 81 75 84 79 
4337 Ni-Cr-Mo 95 04 91 85 94 91 
8624 Ni-Cr-Mo 84 84 81 75 84 78 
8630 Ni-Cr-Mo 86 84 82 78 86 82 
4615 Ni-Mo 86 87 77 77 87 81 
4640 Ni-Mo 87 86 86 s 87 80 
4815 Ni-Mo 95 95 91 83 96 89 
6120 Cr-V 85 83 83 77 85 81 
6145 Cr-V 92 92 90 86 92 89 


1050 °F (480 and 565 °C) was similar to that of the corresponding 
1000-hour exposure specimens and was either similar to or slightly 
less than the original hardness. In general, the exposure at elevated 
temperatures had a tendency to decrease the hardness slightly, as 
shown in Table VII. This may be associated with agglomeration of 
the carbide phase at these temperatures. 


CONCLUSIONS 


1. The steels investigated were appreciably oxidized and de- 
carburized after 10,000 hours’ exposure at 1200 °F (650 °C) in air. 

2. The AISI nickel and nickel-molybdenum steels graphitized 
at 1050°F (565°C) after 10,000 hours’ exposure. Graphite was 
also observed in the AISI 2320 and 4640 steels after exposure at 
900 °F (480 °C). 

3. The AISI steels containing chromium did not graphitize 
after 10,000 hours’ exposure at either 900 or 1050 °F (480 or 565 °C), 
even though an appreciable amount of aluminum was used in the 
deoxidation practice and in certain instances relatively large amounts 
of carbon were present. 

4. The AISI steels containing chromium were microstructurally 
more stable than those without chromium. The chromium-vanadium 
and chromium-molybdenum steels were the most stable. 

5. The Charpy impact test results at ambient temperature of 
the steels investigated were not adversely affected by exposure at 
the elevated temperatures. 
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6. The hardness of the steels investigated was, in general, 
slightly decreased after exposure. 
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DISCUSSION 


Written Discussion: By Howard C. Cross, Battelle Memorial Insti- 
tute, Columbus. 

It is indicated that a study of tensile and creep rupture characteristics 
of the steels before and after exposure is to be made. Are such tests to 
be made on specimens taken across the welds or is it intended to test 
only the weld heat-affected zones in these high temperature tests? 


Authors’ Reply 


Tensile and creep rupture properties of the steels included in this 
investigation will be made on unwelded specimens before and after 
exposure. Although over 100 different types of steel will be exposed for 
a period of 100,000 hours, not all of these steels will be tested in creep 
rupture. Material of commercial interest will be evaluated under the 
various conditions of exposure. 

The need for creep rupture properties of welds after exposure is 
recognized. In this investigation, the structural stability of welds will be 
evaluated with the microscope. The relationship of microstructure in the 
heat-affected zone of welds and microstructure of unwelded material 
will be the only means for evaluating the .properties discussed by Dr. 
Cross. It is suggested that other laboratories with creep rupture facilities 
consider the possibilities of evaluating these properties of welds after 
exposure at evaluated temperatures. 


a 











CREEP AND RUPTURE OF SEVERAL CHROMIUM- 
NICKEL AUSTENITIC STAINLESS STEELS 


By G. V. Smitu, E. J. Dutis anp E. G. Houston 


Abstract 


The creep and rupture of AISI types 304, 316, 321 
and 347 austenitic stainless steels have been investigated 
at 1100, 1300 and 1500°F. The nature of the micro- 
structural changes occurring during test, the effect of these 
on certain.mechanical properties, and the mode of fracture 
have also been studied in some detail. 


HE increasing use of metals at elevated temperature has created 

considerable interest in the properties of various heat resistant 
alloys. As is now widely recognized, a difference in behavior of 
metals at atmospheric and elevated temperatures necessitates a dif- 
ferent approach to the problem of design for elevated temperature 
service from that employed for service at atmospheric temperature. 
The occurrence of creep during such service, together with the need 
for limiting it to tolerable values and of precluding actual fracture, 
which is the end result of creep, requires knowledge of the depend- 
ency of creep and of time for rupture upon stress and temperature. 

The widespread use of the chromium-nickel austenitic stainless 
steels at elevated temperature is due to superior strength as well as 
to resistance to oxidation or other corrosive attack. In the investiga- 
tion reported herein, data were obtained on the creep and rupture 
of four of the more commonly used types. These comprise AISI types 
304 (18 Cr—8 Ni), 316 (18 Cr—8 Ni-Mo), 321 (18 Cr-—8 Ni-Ti) 
and 347 (18 Cr—8 Ni-Cb), which are designated respectively, S, M, 
T and C in accordance with usage in the ASME Boiler Code. One 
heat each of grades S and M and two of grades T and C were tested. 
All heats were examined in the annealed condition and, in addition, 
the effect of so-called stabilizing heat treatment was determined in 
grades T and C. 


MATERIALS AND PROCEDURE 


The steels studied in this investigation are identified in Table I; 
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Table I 
Identification and Chemical Composition of Steels 


Chemical Composition*——————————_ 

Nominal —_-N— 
Designa- AISI Acid Acid 

tion Type C Mn P Si Ni Cr Mo Ti Cb _ Sol. Insol. 
18-8 304 0.05 0.28 0.015 0. ee NM oo. awn 
18-8-Mo 316 . 1.63 0.017 0. . See. Baer e Bete 6 scd cece Ge 
18-8-Cb 347 . 1.61 0.016 0. i Sas Ee 62 as. 6900-0 0.034 0.034 
18-8-Cb 347 y 1.27 0.015 0. y 10.83 18.04 ... t 
18-8-Ti 321 i 0.53 0.017 0. ' 10.81 17.60 .... 
18-8-Ti 321 y 0.46 0.012 0. e SE SRO cin 


*Blank spaces mean that no determination made. 


all were hot-rolled bars of commercial manufacture. Steels S, M, Cl 
and T1 were tested in both creep and creep-rupture, whereas steels 
C2 and T2 were only spot tested in creep. 

The chemical analyses were made on samples from the bars 
tested. All steels are within commercial specifications, or nearly so. 
It will be noted that the Cb/C ratios are 13 and 8.6 for steels Cl 
and C2, respectively, and the Ti/C ratios 8.4 and 3.8 for steels T1 
and T2 respectively. Thus, the ratios for steels C2 and T2 are 
slightly below most specifications (10 and 5, respectively). 

The heat treatments employed and the grain size and hardness 
thereby developed are given in Table II. These heat treatments were 
of two general types: (a) annealing, which involved either quenching 
in a liquid bath or air cooling from the range 1900 to 2000 °F; 
and (b) stabilizing, which involved reheating annealed material to 
1600 °F for 2 hours followed by air cooling. Steels S and M were 
tested only in the annealed condition, whereas steels C and T were 


Table Il 
Heat Treatment, Grain Size and Hardness of Steels 


Heat Treatment ASTM DPH 
Heat Treatment* Designation Grain Size Hardnesst 
Ss Quenched after 0.5 hr. at 1900°F Q 3-5 142 
M Quenched after 0.5 hr. at 2000°F Q 4-6 145 
Ci Air-cooled after 0.5 hr. at 1900°F N 8 165 
C1 (A cos after 0.5 hr. at 1900°F; then NS 8 158 
Air-cooled after 2 hr. at 1600°F 
C1 Quenched after 0.5 hr. at 1950°F Q 7-8 165 
C2 ee oe a = at po - - Q 189 
uenc ter 0.5 hr. at ; then 
C2 {Puenched after 2 hr. at 1600°F Qs 6-8 , 187 
T1 Air-cooled after 0.5 hr. at 1900°F N 8 143 
T1 {Az-cooled after 0.5 hr. at 1900°F; then 8 141 
Air-cooled after 2 hr. at 1600°F 
Ti oe after 0.5 hr. at 1950°F Q 6-8 149 
72 (Qusnched after 0-3 hr, at 1980°F; th ~ on 
e ter 0. - at °F; then 
T2 eats after 2 hr. at 1600°F Qs +s 164 


*Section size—1 inch. 
tLoad—20 kg. 
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Table Ill 
Tensile Test Results at Atmospheric and Elevated Temperature 


(0.505-Inch Diameter X 2-Inch Specimens) 
(Average of Duplicate Tests) 














1000 Psi % 
Initial Yield Tensile Elong. in Red. of 
Steel Conditiont Temp., °F Strength Strength 2 Inches Area 
S* Q 75 33.0 88.0 63.0 78.0 
1100 13.0 51.0 35.0 64.0 
1300 11.5 36.0 36.0 50.0 
1500 10.0 22.0 38.0 42.0 
M* QO 75 40.0 85.0 65.0 78.0 
1100 22.0 63.0 43.0 58.0 
1300 19.0 46.0 38.0 50.0 
1500 17.0 28.0 38.0 43.0 
C2 Q 75 47.5 97.0 44.5 72.0 
1100 34.5 59.1 33.0 67.0 
1300 29.0 43.7 47.0 72.5 
1500 19.5 27.3 47.0 58.0 
T1 N 75 30.6 83.7 54.5 78.0 
1100 19.3 ) 39.0 73.0 
1300 17.3 35.0 64.0 78.5 
1500 11.6 20.8 80.0 97.0 


*The values reported for steels S and M were obtained on other steels of similar composition, 
because the supply had been exhausted in other tests. This is believed to be of little consequence, 


since the short-time properties of these steels are generally considered to be little influenced by 
minor changes in composition. 
+See Table II. 


tested in both conditions. The microstructures developed by the 
treatments were entirely austenitic except for the occurrence of undis- 
solved or precipitated carbides in steels C and T, and are illustrated 
by photomicrographs, Figs. 10 to 13. No “high temperature” ferrite 
(delta ferrite) was observed. Specimens were heat treated prior to 
machining. 

The short-time tensile properties of these steels at room tem- 
perature and at one or more elevated temperatures are summarized 
in Table ITI. 

The methods of creep and creep-rupture testing used in this 
investigation have been described in detail in an earlier publication 
(1).+ Hardness, tensile, and notch impact tests were made according 
to accepted techniques. In order to measure notch impact strength 
on creep specimens after test, it was necessary to employ % size 
specimens, and accordingly this size was used for all such tests. 
Charpy, keyhole-type specimens were employed, and tests were made 
in duplicate. Hardness, after creep, was measured on the broken 
notch impact specimens, at a location remote from the fracture. 
Certain of the creep specimens after test were tensile tested at room 
temperature. 

Magnetic measuréments at atmospheric and elevated tempera- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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tures were made in an apparatus previously described by Sosman 
and Austin (2). Measurements were made before and after creep 
test. Density measurements were made according to accepted pro- 
cedures involving weighing the sample in air and in carbon tetra- 
chloride and applying required temperature and pressure corrections. 

Microscopic examinations were made before and after creep 
and creep-rupture testing to investigate the mode of fracture in the 
latter tests and to determine the changes in microstructure which 
occur during elevated temperature service. Sigma phase was identi- 
fied and differentiated from carbide and ferrite by microscopic meth- 
ods supplemented by X-ray diffraction and magnetic permeability 
examination. The procedures developed for differentiating these 
phases will be detailed in a separate paper. 

Briefly summarized, the microscopic differentiation of sigma 
from carbide and ferrite in these steels was accomplished by the use 
of the following etchants: 

(a) Picric-hydrochloric acids in alcohol (Vilella’s reagent), 


which attacks all three phases to approximately the same 


degree, much less rapidly than it attacks the austenite 
matrix. 


(b) Ferricyanide (Murakami’s reagent) used cold, which 
stains carbides while not attacking ferrite and sigma. 
Carbides in grades C and T sometimes do not etch; these 
are always quite small in size, however, in our experience. 

(c) Chromic acid (10% solution used electrolytically), which 
attacks sigma and carbide quite readily and ferrite at a 
considerably lesser rate. 


These etchants are described in the ASM Metals Handbook, 1948 
Edition, pages 394 to 397. 

In every case, the microscopic identification of sigma was con- 
firmed by X-ray diffraction examination. For this purpose, the 
quantity of sigma at the surface of the test sample was concentrated 
by selective etching attack of the matrix, employing hydrochloric— 
picric acid etch (overnight) or ferric chloride electrolytic etch (16). 


RESULTS AND DISCUSSION 


The Creep-to-Rupture Curve and Engineering Design 


In the conventional tensile creep test, the relation between exten- 
sion and time at constant temperature and constant load is determined 
by experimental observation. In the creep-rupture test, the same 
observations are made but, in addition, the time for fracture of the 
specimen is determined. The characteristic form of the time-exten- 








1950 AUSTENITIC STAINLESS STEELS 939 


sion plot, for the general case, is shown schematically in Fig. 1, and 
may be described in terms of four parts, as follows: (a) the elastic 
and plastic extension which occurs immediately, or essentially so, on 
application of the load; (b) primary creep (sometimes termed the 
first stage of creep), characterized by a decreasing rate of creep; 
(c) secondary, or minimum rate, stage of creep, characterized by 






Fracture 







a 
~ Tertiary 
Creep 


Creep Extension % - Linear Scale 


Elastic + Plastic Extension Accompanying Loading 
Time - Linear Scale 


Fig. 1—Schematic Illustration of Creep Curve at Con- 
stant Temperature and Load. 


substantially constant rate; and (d) tertiary creep, characterized by 
an accelerating rate, ending in fracture. In certain cases, one stage 
of creep may be accentuated with respect to the others, depending 
upon the specific conditions ; at relatively high temperature and stress, 
for example, primary creep may be virtually absent. 

As pointed out in an earlier paper (1), two relations are needed 
for intelligent design of equipment for service under conditions in 
which creep is a factor: (a) the dependence of the amount of defor- 
mation upon time, stress, and temperature; and (b) the dependence 
of the time for rupture upon stress and temperature. These two 
quantities are not related in more than a very general way. 

Attempts to find a functional relation among these variables have 
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in general been unsuccessful, although recent efforts (3-6) indicate 
some promise of success within certain limitations. The direct engi- 
neering approach will be employed here. 

Engineering creep data have been generally reported in terms 
of the relation between stress and minimum or secondary creep rate 
and between stress and time for rupture, both at constant tempera- 
ture.?, From these relations, either by extrapolating or, preferably, 
by interpolation, the stress corresponding to some specific rate of 
creep or time for rupture may be selected. 

With respect to the total amount of creep, consideration of only 
the minimum rate of creep involves an error dependent upon the ini- 
tial extension on loading and the extent of primary creep, or C, in 
Fig. 1, if the elastic strain is included. By inspection of Fig. 1, the 
total creep at any time t prior to the beginning of tertiary creep may 
be considered to be the sum of the intercept of the minimum creep 
rate on the extension ordinate and the product of the minimum creep 


rate and time, or: 
Cues Binks (= a8 


where C; is the total creep at time t, C, is the intercept of mini- 


dC me 
mum creep rate on the creep ordinate, and a is the minimum 
m 


dt 


rate of creep. This is identical with an expression employed by 
McVetty (7, 8) except that the C; and C, used here include the 
elastic extension corresponding to the stress. If the purely plastic 
strain is wanted, it may be obtained by subtracting from either C; 
or C, the quotient of the stress by the elastic modulus.’ 

Accordingly, if data relating stress with: (a) minimum creep 
rate; (b) intercept on creep ordinate; (c) time for beginning of 
tertiary creep, which is the limit beyond which the procedure de- 
scribed above cannot be used; (d) total elongation at rupture; and 
(e) time for rupture, are obtained, all information required for intel- 
ligent engineering design is at hand. - The first three items permit a 
determination of the total creep prior to tertiary creep, whereas the 
latter two determine when failure may be expected and how much 
deformation may occur. Such information has been determined in 


2The stress in these cases is that based upon the original cross sectional area. Owing 
to diminution of cross section accompanying extension, it does not remain constant 
throughout the test, but this is of minor significance for the small strains of interest 
in most creep service. 


SAt the maximum stress and throughout the temperature range employed in the 
creep or rupture tests reported here, the elastic extension is approximately 0.3%. 


- 


~ 
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this investigation and is summarized in the figures and tables in such 
a form that, if necessary, extrapolation to long time may be made. 

Because of structural changes occurring during test, the creep 
curve is not always of the simple form shown schematically in Fig. 1. 
The effect of these changes on the creep curve, particularly in so far 
as they lead to what might be termed false minimum creep rate 
periods, either has not been generally appreciated or has been 
ignored ; in many cases, the effect is not readily recognized. Without 
doubt, some of the differences in creep strength reported in the litera- 
ture are attributable to such effects. The steels studied in the present 
investigation seemed to be particularly susceptible to the influence 
of structural changes, and accordingly several examples are presented 
(Fig. 2). 

As a basis for comparison, Fig. 2a shows the elongation-time 
curve for a specimen strained to rupture. This curve resembles that 
sketched schematically in Fig. 1 and, as the rate versus time curve 
reveals, shows first a diminishing creep rate, a period of substantially 
constant as well as minimum creep rate, and finally an accelerating 
rate leading to fracture of the specimen. Although microstructural 
changes occurred during the test, and undoubtedly influenced the 
character of the curves in Fig. 2a, these are not apparent in the 
curves themselves, except possibly to a very skilled observer. In a 
sense, the effects of these changes are averaged into the curves, and 
no difficulty arises in evaluating the results for design purposes. 

In contrast to Fig. 2a, the elongation-time curves of Figs. 2b 
and 2c (with expanded ordinate scales) are excellent examples of 
what might be termed false minimum creep rate periods, as clearly 
revealed by the accompanying curves of rate versus time. Thus to 
an unwary experimenter the minimum creep rate might be assumed 
to be that indicated in the range 200 to 500 hours, although since 
tertiary creep, that is, creep with an accelerating rate, does not set 
in, it seems much more probable that these initial periods do not 
represent the true minimum creep rate. Lacking the complete elon- 
gation-time curve in these two instances, it would seem preferable 
to consider the subsequent constant rate period for use in the previ- 
ously discussed analysis. This leads in some cases, as in Figs. 2b 
and 2c, to negative values of C,. It should be clear, however, that 
the longer the test period, the less likely will uncertainties such as 
those illustrated arise, and that the effect of such faults will be to 
increase the scatter of results. In the tests to be summarized in the 
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next sections, care was taken to avoid such effects, but we may not 
always have succeeded. 
The microstructural changes to which the effects apparent in 


Figs. 2b and 2c are attributed are discussed in detail in a later 
section. 


MECHANICAL TESTS 


The results of the creep and creep-to-rupture tests are given in 
graphical form in Figs. 3 to 6 and are summarized in Fig. 7 
and Table IV. Double logarithmic coordinates rather than semi- 
logarithmic scales, sometimes proposed, have been employed in Figs. 


3 to 6 because our experience, in general, has been that they suit the 
data better. 


Time for Rupture 


The variation of time for rupture with initially applied stress 
in B of Figs. 3 to 6 is represented by two intersecting lines of differ- 
ent slope, characteristic of this type of plot. We shall discuss this 
change in slope in some detail in the section on the nature of the 
fracture. However, it may be said here, that once the slope of the 
longer time portion has been established, there is no reason to expect 
another change on the basis of available experimental data. Accord- 
ingly, linear plots such as in B of Figs. 3 to 6 may be extrapolated 
to long-time with some confidence, Mathematically, they are repre- 
sented by a power function. 

The stress to produce rupture in 1000 hours has been read 
from Figs. 3 to 6 for each steel and each temperature and recorded 
in Table IV. These data have also been plotted semilogarithmically 
as a function of temperature* in Fig. 7. This relation is represented 
mathematically by an exponential function. 

Of the four grades of austenitic steel tested, C, containing 
columbium, was strongest at 1100 °F (36,000 psi) with M, T and S 
successively weaker. At 1300 and especially at 1500°F, grade M 
was strongest, however, and at 1500°F grade S had become very 
slightly stronger than grade T. 

Except for grade T, only one condition of heat treatment was 
tested, namely, quenched. The majority of tests of steel T1, how- 
ever, were in the air-cooled condition with a few spot tests in the 
quenched condition to determine whether heat treatment exerts an 





‘Plotting against tempetature directly suited the data somewhat better than against 
reciprocal temperature. 
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Fig. 3—Properties of Steel S, 18-8 (Type 304). 
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Fig. 4—Properties of Steel M, 18-8 Mo (Type 316). 
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effect on the elevated temperature strength. The results of those 
spot tests are recorded in Fig. 6B and appear to lie within the 
experimental scatter of the normalized tests. 

Only one heat of each steel was tested in creep-to-rupture tests, 
and no conclusions can be drawn regarding the possible influence 
of minor variations in chemical composition within one grade. How- 
ever, the superiority of the molybdenum-containing grade, especially 
at 1500 °F, is noteworthy and demonstrates the effectiveness of this 
element as a strengthening agent for high temperature service just 
as it is in low alloy steels. | 

It should be remarked that the two so-called stabilized grades 
C and T have a relatively fine grain size, resulting from the conven- 
tional heat treatments employed, and that since the creep strength 
increases with increasing grain size, particularly at the more elevated 
temperatures, the superiority of the M grade over these two cannot 
be attributed wholly to molybdenum content. A strengthening effect 
of columbium and titanium may be inferred from the fact that fine- 
grained grades C and T have approximately the same strength as 
coarse-grained grade S, without these added elements. 


Minimum Creep Rate 


The variation of minimum creep rate with initially applied stress 
may be represented by a power function and thus is linear when 
plotted on log-log coordinates as in A of Figs. 3 to 6. The variation 
of the creep strength (stress to produce a minimum creep rate of 
0.0001% per hour) with temperature, Fig. 7, is, like that of the 
rupture strength, exponential in nature. 

The plots of stress versus minimum creep rate represent both 
the creep-to-rupture tests, whose rupture times are shown in B of 
Figs. 3 to 6, and creep tests lasting an arbitrary 3000 hours. In 
general, the rates observed in these latter tests ranged from 0.00001 
to 0.001% per hour. 

In these 3000-hour creep tests, only one heat of grades S and 
M was tested and in only one condition of heat treatment, i.e., 
quenched from temperatures shown in Table II. Two heats of each 
of grades C and T were tested, however, and in several conditions 
of heat treatment, as described in Table II. These variations are 
indicated in Figs. 5 and 6 by different symbols. 

The creep strength of grade C showed no significant dependence 
on heat treatment*or on variation in composition within the limits 
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examined. The ratio of columbium to carbon in steels Cl and C2 
was 13 and 8.6, respectively, and the nonvariance of creep strength 
in this case would appear noteworthy, particularly in view of the 
results with grade T. The creep strength of grade T appeared to be 
essentially independent of heat treatment within the limits examined, 
although there appeared to be considerably more scatter in results 
for steel T1, which was more extensively studied, than for the other 
grades. No explanation for these deviations is apparent. Although 
apparently independent of heat treatment, the creep strength differed 
significantly in the two titanium steels in which the ratio of titanium 
to carbon was, respectively, 8.4 and 3.8. Whether this ratio is the 
important factor responsible for this difference, or whether it is the 
variation in other elements that is of consequence, cannot be deter- 
mined from these two heats. In any event, different creep strength 
is ascribed to the two heats as recorded in Table IV and Fig. 7. 

At 1100 °F, the order of creep strength was the same as for the 
rupture strength, i.e., grade C was strongest (27,000 psi) and grade 
S weakest (13,000 psi); grade M was only very slightly weaker 
(26,000 psi) than grade C, however. Of the two titanium steels T1 
and T2, the former was not only the weaker at 1100°F, but it 
decreased in strength more rapidly with increasing temperature, and 
at 1500 °F was the weakest of the whole group. At 1300 and 1500 °F, 
grade M was strongest, with T2 second strongest. An interesting 
feature to be noted in Fig. 7 is that the slope of the curves for steels 
S, M and T2 is approximately the same, whereas that of the curves 
for steels Tl and C1l-C2 is different (and steeper). No explanation 
is advanced for this behavior. 

In a previous publication (9), creep strength data were reported 
for grades S, C and T at 1100°F. The corresponding values in 
Table IV or Fig. 7 are somewhat greater for grades C and T but 
almost identical for grade S. The differences result from a change 
in method of analysis from the rate at the end of 3000 hours’ test 
for the former data to the minimum creep rate for the current data. 


Intercept Deformation C, 


The variation with stress of the intercept, C, of Fig. 1, of the 
minimum creep rate slope on the creep axis is shown for each steel 
and each test temperature in Fig. 8. Data both from 3000-hour 
creep tests and from creep-to-rupture tests are included. In the latter 
case, the plotted values were obtained by applying a correction to 
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the autographic curves, inasmuch as the elongation is obtained from 
the displacement of the loading lever, as described in a previous 
publication (1). With the application of load, the test stand itself 
undergoes a deflection, proportional to the load, and it is for this 
deflection that the correction is made. Once the load is applied, no 
further deflection occurs in the test stand. 

Fig. 8 shows some scatter, especially at the higher stresses, but 
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Fig. 7—Variation of Creep Rate and Creep Rupture Strengths 
with Temperature. 


a reasonably good approximation of C, can be had, suitable for cal- 
culating the total deformation according to the scheme described in 
an earlier section. Some of the scatter is no doubt a result of the 
influence of structural changes on the creep curve, as illustrated 
earlier in Fig. 2. Since only in exceptional cases was it certain what 
was the true minimum creep rate, all the C, values plotted in Fig. 8 
correspond to the observed minimum. 
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Beginning of Tertiary Creep 


The variation with stress of time for beginning of tertiary or 
accelerating creep rate is given in Fig. 9. The observed relation is 
similar to that between stress and time to rupture. The scatter, 
however, was somewhat greater, which may be attributed to the 
difficulty of determining from the time-elongation curve, Fig. 1, the 
point of deviation from essentially constant rate. The points plotted 
at 3000 hours in Fig. 9 represent creep tests discontinued at this 
time. The arrows on many of these points signify that the creep 
rate had not yet begun to accelerate when the test was discontinued ; 
points corresponding to 3000-hour tests at lower stresses than these 
are not plotted. 

For convenience in comparison, the variation with stress of the 
time for rupture, from Figs. 3 to 6, has been plotted in Fig. 9 as 
the dashed curves. 

It is interesting to note that, in several cases, tertiary creep 
begins in less than 10,000 hours at stresses corresponding to a mini- 
mum creep rate of 0.0001% per hour, Table IV, often termed 1% 
per 10,000 hours. An example of this is steel Cl at 1300 °F, which 
begins tertiary creep in about 3000 hours at a stress of 8000 psi, cor- 
responding to a minimum creep rate of 0.0001% per hour. Thus, 
it is clear that the expression 1% per 10,000 hours may be mislead- 
ing and should not be employed unless it is known that tertiary creep 
does not begin earlier than 10,000 hours. 

The time for beginning of tertiary creep at the stress causing a 
creep rate of 0.0001% per hour has been compiled in Table IV for 
the grades for which data are available. It should be pointed out 
that, in some cases, the extrapolation necessary to obtain this value 
is quite great. 


Elongation and Reduction of Area at Fracture 


The variation of elongation or reduction of area at rupture with 
time for rupture, Figs. 3 to 6, was quite irregular, with the exception 
of steel S, and not, suited to extrapolation to rupture times beyond 
those observed. However, a general tendency for the ductility to 
decrease with increasing time for rupture may be noted; this tend- 
ency is quite common, as attested by many data in the literature. 

Since the ductility generally decreases with increasing time for 
rupture—to very low values in some instances—a great need exists 
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for a means of extrapolation which would indicate the ductility which 
might be anticipated if rupture occurs in service after a relatively 
long time, longer than can be experimentally measured. Such an 
extrapolation would complement the extrapolations of stress for 
specific creep rate or rupture time, which we have already considered. 

We have discovered a means of extrapolation which permits reli- 
able estimation of elongation or reduction of area at rupture. So far 
as we are aware, the technique is new. It has been applied with 
equal success to data on both elongation and reduction of area 
obtained in this laboratory as well as to other data reported in the 
literature. 

The technique, which is quite simple, is based on the discovery 
that a straight line is obtained if the logarithm of the stress origi- 
nally applied is plotted against the logarithm of the ratio of the 
elongation (or reduction of area) at rupture to the time for rupture. 
This ratio is in effect an average creep rate. The E portions of 
Figs. 3 to 6 show the linear relation observed for the elongation 
data of the present investigation. Having such a linear relation, 
which can be extrapolated with confidence, it is a simple matter to 
obtain the elongation (or reduction of area) corresponding to any 
specific time for rupture. This is done by determining the stress 
corresponding to the rupture time (from a plot of stress versus 
rupture time, e.g., Fig. 3B), then finding the average creep rate 
corresponding to this stress, which when multiplied by the time 
yields the elongation at rupture. 

This technique has been employed for estimating the elongation 
and reduction of area for rupture in 10,000 hours of the four grades 
of steel studied here; results for elongation are reported in Table IV. 


Mechanical Properties After Test 


The 3000-hour creep samples, which were not extended more 
than 1 to 2% during test, were examined after test with respect to 
microstructure, hardness, tensile and notch impact characteristics at 
room temperature. Unfortunately, there were not sufficient speci- 
mens available to test each steel in all respects. The results of the 
mechanical studies are reported in this section, and listed in Table V, 
which also includes, for comparison, properties before creep test 
exposure. Specimens in the creep-to-rupture test could not be used 
for subsequent tensile or notch impact tests. 

The most marked change observed in room temperature prop- 
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Table V 


Hardness, Tensile Properties, and Notch Impact Strength at Room Temperature 
Before and After Creep Testt 


Initial Creep 0.2 Offset Elonga- % Size 
Heat Test DPH Yield Tensile tion Red. of Charpy Notch 
Treat- Temp., Hard- Strength Strength % in Area Impact 
Steel ment* °F ness (1000 psi) (1000 psi) 2 Inches (%) (ft-Ib.) 
Ss Q None 142 34.2 86.9 65.5 78.5 54.0 
S QO 1100 150 38.3 86.9 56.0 71.0 42.0 
Ss Q 1300 137 28.3 80.0 59.0 65.0 30.5 
Ss Q 1500 134 28.2 81.3 63.0 70.0 27.6 
M Q None 145 36.5 85.6 60.5 78.0 $3.5 
M QO 1100 173 49.5 92.2 46.0 64.0 29.0 
M QO 1300 190 41.8f 99 .0f 36.0T 47.0f 10.5 
M QO 1500 168 39.9 92.7 36.0 44.0 6.5 
Cl N None 165 are a see ae 2 42.5 
C1 N 1100 172 48.1 93.1 45.0 67.0 34.0 
Cl NS None 158 iat abe ere eres 42.5 
Cl NS 1100 176 38.3 90.6 45/0 67.0 33.0 
Cl Q None 165 oa. ie ou 7 Sanart 
Cl QO 1100 189 48.2 93.4 44.0 68 .0 33.0 
Cl QO 1300 173 37.4 93.3 41.0 57.0 7. 
Cl Q 1500 161 33.1 88.0 48.0 66.0 26.5 
C2 N None wa 53.3 99.6 41.5 70.2 cents 
C2 NS None bn 52.0 99.3 41.0 71.3 je ee 
C2 Q None 189 41.4 94.0 46.5 72.8 43.0 
C2 Q 1100 191 5 ae Fes rica acain 29.8 
C2 Q 1300 183 as he ai ; ane Pai 19.5 
C2 Q 1500 155 ‘ a hed be we 23.8 
C2 OS None 187 tes Bea yobh ad 42.4 
co OS 1100 224 . ee a ein ARE 28.0 
C2 OS 1300 179 Ae ry: ce 19.0 
co OS 1500 171 a rs nates salle 26.2 
T1 - N None 143 30.6 83.7 54.5 78.0 53.0 
T1 N 1100 144 29.3 84.2 53.0 76.5 41.0 
Til N 1300 136 | 39.1 86.0 48.0 71.0 33.7 
T1 N 1500 141 37.2 83.4 52.0 77.0 44. 3** 
Tl NS None 141 ae ed 4 ; cae en 43.5 
T1 NS 1100 147 32.0 86.0 50.5 76.0 50.0 
T1 QO None 149 aad nee sae eel 56.0 
Tl OQ 1100 169 pa a oot hast he 45.0 
T1 QO 1300 215 . os we cei eee 34.5 
Tl QO 1500 191 he ae: heard iu ds 46.5 
T2 QO None 143 36.6 83.1 62.0 74.0 51.0 
Ze QO 1100 188 44.8 92.1 47.5 60.5 33 .5tt 
T2 QO 1300 153 bins ae ial rege ane 
T2 QO 1500 174 30.9 85.3 53.5 70.0 41.0 
T2 OS None 145 38.8 82.4 53.0 71.0 44.0 
T2 OS 1100 180 a ats ies a abe 35.8 
T2 OS 1300 149 34.2 85.9 42.0 51.0 31.5 
T2 OS 1500 177 31.6 87.9 $2.5 67.5 40.0Tt 





*See Table II for heat treatment designation. 

Caos tests of 3000 hours’ duration except as noted. 
2000 hours’ test. 

**1000 hours’ test. 

+¢1700 hours’ test. 

tt1700 hours’ test. 


erties was in the notch impact strength of the 34 size specimens. This 
change was especially marked in grade M, for which the impact 
strength decreased from 52 ft-lb. to 6.5 ft-lb. in one case, and was 
progressively less pronounced in grades C, S and T. This loss of 
toughness is associated with two microstructural changes, carbide 
precipitation, and development of sigma phase, as discussed in a sub- 
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sequent section. It is difficult to evaluate the individual effects of 
these changes, since carbide precipitation occurred in all cases. It is 
noteworthy, however, that the lowest notch impact strength, as in 
grade M, is associated with the greatest amount of sigma phase. The 
superiority of the titanium grade T in freedom from embrittlement 
is slightly surprising. It is to be emphasized that some variation 
within an individual grade may be expected, owing to the range of 
composition to which the grade may be supplied. Accordingly, the 
data developed in these tests may not necessarily apply to all steels 
of the same grade; however, good agreement was observed between 
the two grade C and the two grade T steels. 

The elongation and reduction in area decreased somewhat in 
grade M, and to a lesser extent in other cases, in a somewhat erratic 
fashion. The yield and tensile strengths increased in several cases, 
presumably as a result of carbide or sigma precipitation, and 
decreased in others. In general, the increases occurred at 1100 or 
1300 °F, and the decreases at 1500 °F. 


STRUCTURE STUDIES 


In addition to the mechanical tests already described, the speci- 
mens were examined with the microscope to determine: (a) changes 
in microstructure occurring during test, and (b) mode of fracture 
of rupture test specimens. Supplementary magnetic susceptibility 
and density determinations were also made. 


Microstructural Changes 


The microstructure before and after 3000 hours’ creep at 1100, 
1300 and 1500 °F of each of the four grades of steel tested is given 
in Figs. 10, 11 and 12; observations concerning the formation of 
sigma are summarized in Table IX. In all cases the structure before 
test was entirely austenitic except for undissolved carbides in- grades 
C and T. The presence or absence of ferrite in any instance is con- 
firmed by the magnetic measurements reported in the next section. 

During 3000 hours’ test at 1100 °F. grade S developed a fine 
precipitate of largely irresolvable structure which is presumed to be 
mostly if not wholly carbide. This precipitate was general in nature 
but most heavy at the grain boundaries. After test at 1300 and 
1500 °F, only carbides were observed; these were at the grain 
boundaries and were larger at the higher temperature. 

The molybdenum-containing grade M developed. in addition to 
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Fig. 10—Microstructural Changes Occurring in Steel S During Creep Test of 3000 Hrs. 
Duration at 1100, 1300, and 1500°F. Figs. (a) and (e), prior to test, 1900°F quench; Figs. 
(b) and (f), after 3000 hr. creep test at 1100°F; Figs. (c) and (g), after 3000 hr. creep test at 
1300°F; Figs. (d) and (h), after 3000 hr. creep test at 1500°F. (a) to (d) 100; (e) to (h) 
<1000. ydrochloric-picric acid etch. 

See Opposite Page for Figs. 10 e, f, g, h. 
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Fig. 10—Microstructural Changes Occurring in Steel S During Creep Test of 3000 Hrs. 
Duration at 1100, 1300, and 1500°F. Figs. (a) and (e), prior to test, 1900°F quench; Figs. 
(b) and (f), after 3000 hr. creep test at 1100°F; Figs. (c) and (g), after 3000 hr. creep test at 
1300°F; Figs. (d) and (h), after 3000 hr. creep test at 1500°F. (a) to (d) 100; (e) to (h) 
1000. Hydrochloric-picric acid etch. 


See Opposite Page for Figs. 10 a, b, c, d. 
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Fig. 11—Microstructural Changes Occurring in Steel M During Creep Test of 3000 Hrs. 

at 1100, 1300, and 1500°F. Figs. (a) and (e), prior to test, 2000°F quench; Figs. (b) and (f), 

after 3000 Hr. creep test at 1100°F; Figs. (c) and (g), after 3000 hr. creep test at 1300°F; 

Figs. (d) and (h), after 3000 hr. creep test at 1500°F. (a) to (d) X100; (e) to (h) 1000. 
Hydrochloric-picric acid etch. 

See Opposite Page for Figs. 11 e, f, g, h. 
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Fig. 11—Microstructural Changes Occurring in Steel M During Creep Test of 3000 Hrs. 
at 1100, 1300, and 1500°F. Figs. (a) and (e), prior to test, 2000°F quench; Figs. (b) and (f), 


after 3000 Hr. creep test at 1100°F; Figs. (c) and (g), after 3000 hr. creep test at 1300°F; 
Figs. (d) and (h), after 3000 hr. creep test at 1500°F. (a) to (d) 100; (e) to (h) 1000. 
Hydrochloric-picric acid etch. 


See Opposite Page for Figs. 11 a, b, c, d. 
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Fig. 12—Microstructural Changes Occurring in Steels C1 and T1 Both Initially Quenched 
During 3000 Hr. Creep Test at 1100, 1300, and 1500°F. Steel Ci: (a) before test, (b) after 
test at 1100°F, (c) after test at 1300 °F, (d) after test at 1500°F. Steel T1: (e) before test, 
(f) after test at 1100°F, (g) after test at 1300°F, (h) after test at 1500°F. All specimens 
except upper halves of Figs. (c) and (g), which were etched in hydrochloric-picric acid, elec- 
trolytically etched in 10% chromic acid. 1000. 

See Opposite Page for Figs. 12 e, f, g, h. 
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Fig. 12—Microstructural Changes Occurring in Steels C1 and T1 Both Initially Quenched 


During 3000 Hr. Creep Test at 1100, 1300, and 1500°F. Steel C1: (a) before test, (b) after 
test at 1100°F, (c) after test at 1300°F, (d) after test at 1500°F. Steel Ti: (e) before test, 
(f) after test at 1100°F, (g) after test at 1300°F, (h) after test at 1500°F. All specimens 
except upper halves of Figs. (c) and (g), which were etched in hydrochloric-picric acid, elec- 
trolytically etched in 10% chromic acid. 1000. 


See Opposite Page for Figs. 12 a, b, c, d. 
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Fig, 13—Photomicrographs of Longitudinal Cross Sections of Creep Rupture Specimens 

of Steels S and M after Testing for 1150 Hrs. and 740 Hrs. Respectively at 1500°F. {3} 

and (c) show the structure at the outer surface of steel M at X100 and 1000, and (b) and (d 

show the structure at 100 and X<1000 found in steel S at the cracks which extended in 

from the outer surface. The edge Widmanstatten structure and inner ‘‘pearlite’’ structure 
are believed to result from the absorption of a. Hydrochloric-picric acid etch. 

See Opposite Page for Figs. 13 b and d. 
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Fig. 13—Photomicrographs of Longitudinal Cross Sections of Creep Rupture Specimens 

of Steels S and M after Testing for 1150 Hrs. and 740 Hrs. Respectively at 1500°F. (a) 

and (c) show the structure at the outer surface of steel M at X100 and 1000, and (b) and (d) 

show the structure at X100 and X1000 found in steel S at the cracks which extended in 

from the outer surface. The edgé Widmanstatten structure and inner “‘pearlite’’ structure 
are believed to result from the absorption of nitrogen. Hydrochloric-picric acid etch. 

See Opposite Page for Figs. 13 a and c. 
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carbide precipitation, a relatively large amount of the sigma phase 
which was identified by means described earlier. Carbides and sigma 
are not differentiated in the photomicrographs of Fig. 11, for it was 
desired to reveal all the phases. The amount and size of the carbide 
phase may be judged to a first approximation by comparison with 
Fig. 10 for plain 18-8 steel S of slightly lower carbon content, in 
which sigma did not form. The microscopic identification of the 
phases in austenitic stainless steels will be treated at greater length 
in a forthcoming paper. The sigma phase was quite massive after 
test at 1500 °F, and relatively fine after 1300 °F; the greater quan- 
tity occurred in the 1500 °F sample, and was estimated to be approxi- 
mately 5%. The fineness of the precipitate structure in the specimen 
tested at 1100 °F made it difficult to determine whether the precipi- 
tate is solely carbide or in part sigma. On the basis of the etching 
characteristics we judge that some sigma is present. 

Steels Cl and T1 behaved quite similarly as shown in Fig. 12. 
Undissolved carbides were initially present and remained substan- 
tially unaffected by creep exposure; no massive carbides developed, 
in contrast to grades S and M. Sigma developed in both steels, 
certainly at 1300 and 1500 °F and probably at 1100 °F, being most 
abundant for the 1300 °F exposure and less abundant for 1500 °F. 
The maximum amount is estimated to be 3% for Cl and 1.5% for 
Tl. Steel C2 developed essentially the same quantity of sigma as 
steel Cl, but steel T2 showed somewhat less than T1. The photo- 
micrographs of Fig: 12 with the exceptions indicated were etched 
electrolytically with chromic acid which readily attacks sigma, leav- 
ing the dark voids apparent in Fig. 12. The stabilization treatments 
at 1600 °F applied to these steels resulted in essentially no change 
in behavior under creep test exposure although, as discussed below, 
magnetic permeability measurements showed that the slight amount 
of ferrite which developed in air-cooled steel T1 (high ratio of 
titanium to carbon) during creep at 1100°F was prevented from 
forming by the stabilizing heat treatment. 

The microscopic examination of the creep-to-rupture test speci- 
mens, which were generally of shorter duration than 3000 hours, 
confirmed the character of the microstructural changes observed in 
the creep test specimens. The greater plastic deformation of these 
tests did not appear to exert more than a minor effect on the micro- 
structural changes. 

In addition to the carbide and sigma precipitation already 
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Table VI 
Nitrogen in Creep Rupture Test Specimens 
Test Test Portion of % Nitrogen —~ 
Steel Type Temp., °F Time—hrs. Specimen* Soluble Insolublet 

S 18-8 (304) Original Material SM 5. 2 ea ee 
Ss 18-8 (304) 1100 1450 Shoulder Ge oe 
S 18-8 (304) 1500 1150 Fracture i, hss hs Soe 
Ss 18-8 (304) 1500 1150 Shoulder De Pe 
M 18-8-Mo (316) Original Material oS a a 
M 18-8-Mo (316) 1100 590 Fracture es akon 
M 18-8-Mo (316) 1100 590 Shoulder ah 
M 18-8-Mo (316) 1500 740 Fracture 0.099 0.003 
M 18-8-Mo (316) 1500 740 Shoulder ee Pe tse 
oe | 18-8-Cb (347) Original Material 0.034 0.034 
Cl 18-8-Cb (347) 1100 1070 Shoulder i 088 S ew eels 
C1 18-8-Cb (347) 1500 360 Fracture 0.087 0.022 
Cl 18-8-Cb (347) 1500 360 Shoulder | a ee 
T1 18-8-Ti (321) Original Material 0.003 0.008 
Ti 18-8-Ti (321) 1100 830 Fracture EARS % thee 
Tl 18-8-Ti (321) 1100 830 Shoulder SR 8 ee 
Tl 18-8-Ti (321) 1500 520 Fracture 0.024 0.011 
T1 18-8-Ti (321) 1500 520 Shoulder 0.036 


*Shoulder: Creep rupture test specimen; section adjacent to threaded portion; original 
diameter !4@ inch. 


Fracture: Creep rupture test specimen sectioned approximately %inch from fracture; 
original diameter \%4 inch. 


tNot tested except where value reported. 





described and to the microstructural characteristics associated with 
rupture, which will be described in a later section, several surface 
phenomena were encountered in addition to the customary scaling. 
These are illustrated in Fig. 13. 

Figs. 13a and 13c show at low and high magnification a Wid- 
manstatten structure observed at the surface of a specimen of steel M 
which required 740 hours for rupture at 1500 °F. Figs. 13b and 13d 
show a pearlitic-like structure observed in a crack associated with 
the rupture of a specimen of steel S after 1150 hours at 1500 °F. 
Both structures appear to be a consequence of an absorption of nitro- 
gen from the atmosphere. This is indicated by chemical analysis. 

After a preliminary study had indicated an absorption of nitro- 
gen, it was thought desirable to determine how this pickup varied 
with composition, temperature, time, and deformation. These vari- 
ables could not be studied with any great precision inasmuch as: 
(a) a variable and nonuniform oxide scale had to be removed; (b) 
the nitrogen was greatest at the surface and decreased with distance 
inward; (c) specimens with a common fracture time were not avail- 
able. Moreover, the absorption is influenced by deformation and 
this differed both in degree and gradient from sample to sample. 

Nitrogen analyses: were made of the original material, of the 
fractured end, and of the shoulder of the creep-to-rupture test speci- 
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mens. For the latter two analyses, the scale was removed by grind- 
ing, and then a slice weighing approximately 1 gram, representing 
the complete cross section, was taken. Analysis of the shoulder 
section, which did not deform plastically during test, was made to 
determine what role the plastic deformation might play. The results 
of these studies are given in Table VI. All steels absorbed nitrogen 
in one or more instances. In general, more was absorbed in the 
region of fracture than in the shoulder, and more at 1500 °F than 
at 1100 °F. Exceptions are believed to be a reflection of the insensi- 
tivity of the method to steep, localized gradients. It is quite inter- 
esting to note that not only is nitrogen initially lowest in grade T, 
but that this steel shows apparently the least tendency to absorb 
nitrogen. 


Magnetic Permeability Studies 


As a supplement to the microscopic studies, magnetic permeabil- 
ity measurements were made. Since the austenite phase is paramag- 
netic, the permeability is quite sensitive to the presence of small 
amounts of ferromagnetic ferrite. Results are recorded in Table VII 
for many of the creep test specimens as well as for the original 
material. 

The permeability of a completely austenitic alloy is approxi- 
mately 1.003; a greater permeability indicates the presence of a 
ferromagnetic constituent. Of the various phases—austenite, ferrite, 





Table VII 
Magnetic Permeabilities of Steels Before and After Creep Test* 
Original Test Permea- Original Test Permea- 
Steel Treatmentt Temp.,°F bility Steel Treatmentt Temp., °F bility 
Ss Q None 1.0031 Tl N None 1.0032 
Ss Q 1100 1.137 Ti N 1100 1.0056 
S QO 1300 1.0037 Til NS 1100 1.0029 
Ss Q 1500 1.0033 Til N 1300 1.0051 
Ti N 1500f 1.015 

M Q None 1.0030 T1 Q None 1.0032 
M Q 1100 1.0033 Ti Q 1100 1.0032 
M Q 1300 1.0031 Til Q 1300 1.0076 
M Q 1500 1.0031 Tl Q 1500 1.0058 
Ci Q None 1.0030 T2 Q None 1.0030 
Cl Q 1100 1.0032 T2 Q 1100 1.0032 
Ci N 1100 1.0032 T2 8 1300 1.0031 
Cl 3 1300 1.0034 T2 1500 1.0031 
C1 1500 1.0029 T2 QS None 1.0030 
T2 QOS 1100 1.0033 

T2 Os 1300 1.0036 

T2 Qs 1500 1.0031 


*3000 hours except as noted. 
See Table II. 
Creep test lasted for only 1100 hours. 
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carbide, and sigma—which may exist in these steels, ferrite is the 
only one which is ferromagnetic. A possibility that the ferromagnetic 
iron carbide, Fe,C, might develop in certain cases instead of the 
paramagnetic chromium carbide, generally considered to be Cr,C, 
was investigated in a separate experiment discussed below; but no 
evidence of the presence of Fe,C was found. As a basis for estimat- 
ing qualitatively the amount of ferrite which developed, a sample 
of the 18-8 Mo type steel with 0.03% maximum carbon, and con- 
taining 0.5% of delta, or “high temperature”, ferrite, as estimated 
microscopically, was found to show a permeability of 1.0088, or of 
1.0749, depending upon whether the ferrite “stringers” were normal 
or parallel to the magnetic field. 

The permeability of steel S after creep at 1100 °F and that of 
T1 after test at several temperatures indicated the presence of a 
ferromagnetic constituent, but all other steels remained paramagnetic. 
Bain, Aborn and Rutherford (10) earlier observed an increase in 
permeability to occur on holding for 1000 hours in the range 1100 
to 1370 °F and attributed the change to an induced ferrite rejection 
associated locally with carbides, owing to the carbon and chromium 
depletion consequent to the precipitation of the chromium carbide, 
Cr,C. That our sample tested in creep at 1300 °F is paramagnetic 
in contrast to the observations of Bain et al may be attributed to the 
longer time of exposure and the opportunity thus afforded for replen- 
ishment of the local depletions by diffusion. The ferrite indicated 
by our permeability tests was not detected microscopically. For this 
reason, and because an alternative explanation is not impossible, 
namely, that the ferromagnetic carbide, Fe,C, might have precipitated 
instead of the chromium carbide, an experimental study was made 
of the variation of permeability with temperature, Fe,C having a 
Curie point at approximately 390 °F, ferrite at 1410°F (in iron- 
carbon alloys). This investigation proved that the permeability of 
steel S exposed at 1100 °F was a consequence of ferrite precipitation 
as postulated by Bain et al, and not of Fe,C precipitation, since the 
test sample was observed to remain ferromagnetic above the Curie 
temperature for Fe,C. Heating to 1600 °F restored the test speci- 
men to complete paramagnetism at room temperature. 

The slight changes in permeability of steel T1 are believed to be 
significant and to result from the formation of ferrite. It is inter- 
esting to note that thersample showing the greatest permeability was 
that tested for only 1100 hours, though at the highest temperature. 
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In contrast to steel T1, steel T2 with the lower ratio of titanium to 
carbon remained unchanged in permeability in all tests. 

Attention is directed to the fact that the samples containing 
sigma as determined by microscopic means are paramagnetic—see 
for example steel M tested at 1500°F. Except for some samples 
of steel T1, there is no indication that ferrite occurs as an interme- 
diate phase in the precipitation of sigma from austenite. It is not 
possible to judge whether the ferrite occurring in steel T1 is asso- 
ciated with the formation of sigma. 


Density Determinations 


The density of the four types of steel before and after 3000 
hours’ creep test was determined, with results given in Table VIII. 
The changes may be attributed in part to the structural changes, but 
also in part to plastic deformation. Further experiments with exposed 
but undeformed samples would be required to evaluate the specific 
effects of the structural changes. 

The density measurements were undertaken primarily to deter- 
mine the magnitude of the length changes resulting from structural 
changes and whether they might play a significant role in determin- 
ing the shape of the creep curves, Fig. 2. Apparently, such length 
changes, per se, are unimportant. 


Mode of Fracture 


That the path of fracture of metals deformed slowly at elevated 
temperature may be intergranular (i.e., in the grain boundaries) 
rather than transgranular (i.e., in the grains) has been recognized 
since the early investigations of Rosenhain (11, 12) and later of 
Jeffries (13, 14). These investigations showed that intergranular 
fracture is favored by higher temperature and a slower rate of 
deformation, while transgranular fracture is favored by lower tem- 
perature and a faster rate of deformation; thus, either type may be 
expected to occur at the same temperature, depending upon the strain 
rate. This behavior has been extensively corroborated by subsequent 
investigators, not only for ordinary tensile tests but for creep-to- 
rupture tests. 

Parker and Thielemann (15) have studied in some detail the 
type of fracture which occurs in creep-to-rupture tests, noting the 
effect of the time for rupture. In some cases a change in type of 
fracture was noted—from transgranular at relatively short time to 


—_ 
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intergranular at relatively long time. Presumably, this behavior 
would be observed in all metals under the appropriate conditions of 
temperature and strain rate. Parker and Thielemann noted, more- 
over, that in the usual air tests the change in slope in the plot of log 
stress versus log rupture-time is associated with the change in type 
of fracture; if no change in slope occurs there is no change in the 
fracture type. When a nonoxidizing atmosphere was employed for 
the creep-to-rupture tests, it was observed that no change in slope 
occurred in the log stress —log time plot, although the type of frac- 
ture did change as in the usual air tests. Parker and Thielemann 
therefore attributed the change in slope to a weakening at the grain 
boundaries resulting from oxidation. 

The creep-to-rupture test specimens of the present study were 
examined to determine the type of fracture. Although microscopic 
examination is required for positive identification of the fracture 
type, it is frequently possible, after some experience is gained, to 
recognize the fracture type from a macro-examination of the frac- 
tured specimen. The purely transgranular fracture is characterized 
by local necking, while the purely intergranular is characterized by 
the absence of local necking and the presence of surface cracking, 
especially near the fracture. These features may be observed in the 
series of Fig. 14. 

Microscopically, the type of fracture may generally be readily 
recognized when it is either clearly transgranular or intergranular. 
In the transgranular fracture, the path of fracture is across the grains 
which may be severely elongated. Intergranular fracture, on the 
other hand, is characterized by the intergranular path of the fracture, 
and by numerous grain boundary cracks or voids, transverse to the 
applied stress, near the fracture both at the surface and in the inte- 
rior; the grains even at the fracture are generally equiaxed. 

Our examination has in general confirmed the association of the 
change in fracture type with the change in slope of the log stress 
versus log rupture-time plot. It has become apparent, however, 
that the change in fracture type is not abrupt but gradual. Often, 
signs of intergranular cracking or voiding, as well as of- surface 
cracking, become apparent before the change in slope has occurred, 
and after the change in slope has occurred it is not uncommon to 
observe at least a portion of the fracture to be transgranular in 
nature. Such fractures might be classed as mixed. Representative 
photomicrographs illustrating the characteristics of transgranular and 
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Fig. 14—Series of Fractured Creep-to—Rupture Test Specimens. The figures under 
each specimen indicate number of hours to rupture. Steel S tested at 1100°F, Magnifica- 
tion approximately X1.5. 


~ 


intergranular fracture are given in Fig. 15. The effect of tempera- 
ture oh fracture type is shown in Fig. 16. 

It is not difficult to understand that the fracture may be of mixed 
character, when it is realized that the grain structure is quite irregu- 
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Fig. 15—Variation in Nature of Fracture with Time to Rupture in Steel S at 
1100 °F. Longitudinal sections at fracture. Rupture times: (a) 0.01 hr., (b) 6.3 hr., 
(c) 1450 hr. Picric-hydrochloric acid etch. X25. 


lar and fracture must necessarily begin locally and become complete 
by propagation, with the accompanying changes in stress distribu- 
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Fig. 16—Influence of Test Temperature on Mode of Fracture. Steel S tested 
at different temperatures for similar rupture times; (a) 1100°F—1.5 hrs. (b) 1300°F— 
1.5 hrs. (c) 1500°F—1.9 hrs. Picric-hydrochloric acid etch. X25. 
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tion and strain rate. It is only when the crack propagates very 
slowly or extensive general voiding at grain boundaries precedes 
crack propagation that the fracture path can be largely or solely 
intergranular. 

The fracture of steel M after long-time test at 1300 and 1500 °F 
proved to be somewhat exceptional in that, although clearly on the 
second slope of the log stress versus log rupture-time plot, the grains 
of several samples were severely elongated. Close examination indi- 
cated, however, that the type of fracture was probably intergranular 
although showing some characteristics of transgranular fracture and 
being in part actually transgranular. As shown in Fig. 4, these test 
specimens elongated to a very great degree before fracture. 

Recrystallization, revealed by the presence of smaller grains, was 
observed near the fracture of several of the more severely deformed 
samples of steel S tested at 1500°F. None of the other samples of 
this or the remaining steels showed any indication of recrystallization. 


SUMMARY 


The four 18% chromium —-—8% nickel-type alloys were tested 
in creep and rupture at 1100, 1300 and 1500 °F, with results which 
are summarized in Fig. 7 and Table IV. At 1100 °F the stress to 
produce a secondary creep rate of 0.0001% per hour was greatest 
(27,000 psi) in grade C (columbium) and least (13,000 psi) in 
grade S (plain), whereas at 1500 °F it was greatest (3200 psi) in 
grade M (molybdenum) and least (850 psi) in one of the grade T 
(titanium) steels. The stress to produce rupture in 1000 hours at 
1100 °F was also greatest (36,000 psi) in grade C and least (22,000 
psi) in grade S, but at 1500 °F, grade M was strongest (7100 psi) 
and one of the grade T steels was weakest (3800 psi). 

These steels seem to be particularly susceptible to the influence 
of structural changes on creep rate and, as shown in Fig. 2, such 
changes occurring during test may readily lead to false inferences 
regarding the true creep characteristics unless the period of test is 
prolonged to several thousand hours. 

The two heats of grade C had essentially the same properties 
within the limits examined, but the two grade T steels were quite 
different. Variations of heat treatment of these grades—for example, 
quenching as against air cooling or stabilizing—seemed to exert no 
significant influence on the properties within the limits studied. 
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Table VIII 
Density of Steels Before and After Creep Test 
Original Test 
Steel Treatment* Temp., °F Density 
S Q None 7.916 
Ss QO 1100 7.918 
Ss QO 1300 7.926 
Ss Q 1500 7.912 
M Q None 7.964 
M Q 1100 7.968 
M Q 1300 7.975 
M Q 1500 7.972 
C1 Q None 7.915 
Cl QO 1100 7.919 
C1 Q 1300 7.917 
C1 Q 1500 7.910 
ye N None 7.915 
Ti N 1100 7.915 
T1 N 1300 7.917 
Tl N 1500 7.918 


*See Table II. 





Data presented in Fig. 8 relating stress and intercept deforma- 
tion C,, as defined in Fig. 1, together with corresponding data in 
Fig. 9 relating stress and time for beginning of the period of accele- 
rating creep rate or tertiary creep, permit the determination of total 
creep for design purposes. 

A means, believed to be original, has been found for estimating 
elongation or reduction of area at fracture at some time beyond the 
range of experimental investigation. Hitherto, this has been impos- 
sible, owing to the irregular nature of the plot of either of these 
quantities against stress. The technique described herein is based 
on the discovery that an “average creep rate’, obtained by dividing 
elongation or reduction of area at rupture by time for rupture, plots 








Table 1X 
Formation of Sigma Phase During Creep or Creep-Rupture Tests* 








a 


Temperatures at Which Maximum Amount 
Sigma Was Observedt Test Temp., °F 


Steel to Form (F) (3000 Hours) Estimated % 

S None wets ous 

M 1100 (?), 1300, 1500 1500 5 

C1 1100 (?), 1300, 1500 1300 3 

C2 1100 (?), 1300, 1500 1300 3 

Ti 1100 (?), 1300, 1500 1300 1.5 
T2 1100 (?), 1300, 1500 1300 0.3 


*No sigma was observed after any initial treatment (Table II), and the effect of ‘differences 
in initial treatment on the quantity of sigma developed during exposure was so slight as to be 
beyond our precision of estimation. The effect of strain on the development of sigma in these 
tests was also too slight to be measured. 

+tSymbol (?) denotes doubt owing to fineness of dispersion or smallness of quantity. 
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linearly against stress on log-log coordinates. Examples may be 
observed in Figs. 3 to 6. 

After the creep tests had been completed, the specimens were 
examined at room temperature to determine changes in hardness, 
notch impact strength, and the usual tensile test properties (Table 
V). The most significant change observed was a loss in notch impact 
strength in several instances. In the most pronounced case, the notch 
impact strength of 24 size specimens of grade M decreased from an 
original value of 52 ft-lb. to 6.5 ft-lb. after 3000 hours’ test at 1500 °F. 

The changes in structure were investigated with the microscope, 
Figs. 10 to 12, and by means of magnetic permeability, Table VII, 
and density determinations, Table VIII. The principal changes 
observed were the precipitation of carbide and sigma phases. Car- 
bide precipitation occurred in all steels; sigma was observed after 
some test conditions in all but steel S, Table IX. Small amounts of 
ferrite formed in a few of the specimens, as indicated by the per- 
meability measurements, but this phase was not detected micro- 
scopically. Near the surface or at the fracture, a constituent believed 
to be nitride was observed in some instances. This is attributed to 
nitrogen absorption from the atmosphere. 

Examination of the fractured creep-to-rupture specimens showed, 
in agreement with earlier work, that the mode of fracture changed 
gradually from transgranular at relatively low temperature and rapid 
strain rate (high stress) to intergranular at relatively high tempera- 
ture and slow strain rate. This change is associated in a general way 


with the change in slope of the plot of log stress against log time to 
rupture. 
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DISCUSSION 


Written Discussion: By Anton L. Schaeffler, metallurgical engineer, 
Arcos Corp., Philadelphia. 

This paper is certainly characteristic of the thorough investigations 
carried out by the U. S. Steel Laboratory. 

Table IX is of particular interest to us because it indicates that the 
maximum amount of sigma depends upon the steel and the temperature. 
In grade M steel, the maximum amount of sigma is formed at 1500 °F 
(815 °C), whereas in grades C and T the maximum amount is formed at 
1300 °F (705 °C). 

Data that we have recently obtained on weld metals appear to confirm 
those results, even for relatively short times at temperature. The chem- 
istries are presented in Table X. The heat treatment stated is the only 


a 


~ 
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Table X 

: , : To 
No. Grade en Mn Si S P Cr Ni Mo Cb N Ferrite 
5170 316 0.059 1.45 0.46 0.012 0.028 17.78 14.23 2.23 .. 0.059 0 
5319 316 0.064 1.27 0.47 9.010 0.026 18.89 10.94 2.12 . 0.041 5 
5173 316 0.062 1.48 0.48 0.010 0.025 20.55 11.48 2.21 . 0.058 8 
5614 347 0.069 1.53 0.43 0.012 0.025 19.45 10.47 0.75 eae 5 
5615 347 0.064 1.47 0.45 0.016 0.027 22.18 10.13 0.76 0.071 12 
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Fig. 17—Influence of Heat Treating 
Temperature on Room Temperature Duc- 
tility of Type 316 All-Weld- Metal. tility of Type 347 All-Weld- Metal. 


Fig. 18—Influence of Heat Treating 
Temperature on Room Temperature Duc- 


Specimens were #s-inch square and were Specimens were nondilution type 0.505 


held for 2 hours at 1300 or 1550 °F tensile specimens and were held for 8 
and for % hour at 1950 °F. hours at heat. 


heat treatment to which the weld metals were subjected. Fig. 17 reveals 
that for Type 316 weld metals® the angle of bend at the point of fracture 
is a minimum after heat treatment at 1550 °F (845°C) in those specimens 
containing ferrite. Fig. 18 indicates that for Type 347 weld metals the 
ductility as measured by 0.505 all-weld-metal tensile specimens is at a 
minimum after being heat treated at 1300°F (705°C). 

Written Discussion: By H. P. Evans, metallurgist, Boeing Airplane 
Co., Seattle. 

The authors are to be congratulated not only for the new useful data 
on AISI-type heat-resistant steels, but also for the manner in which the 
data have been presented. 

The aircraft. industry has occasion to use a considerable amount of 
heat-resistant sheet alloys in a variety of applications such as stacks, fire 
walls, tailpipes, etc. Most of these parts are in the form of sheet weld- 
ments. Temperatures range from that in which the AISI steels discussed 
in this paper give satisfactory service, to temperatures beyond the range 
of usefulness of any as yet discovered alloy. 

5Anton L. Schaeffler and R. David Thomas, Jr., ‘“‘Corrosion Resistance of Molybdenum- 


Bearing Stainless Steel Weld Metals,’ Welding Journal, Research Supplement, Vol. 28, 
No. 12, December 1949. 
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The amount of test data on sheet material is much more limited than 
that in bar stock. Unfortunately, the high temperature properties of sheet 
material are in many instances inferior to the properties of bar stock, 
and bar stock data cannot be used for sheet applications. This is due 
partly to the fact that treatments of bar and sheet material are different, 
and partly to the high ratio of surface to volume in sheet. 

Elevated temperature fatigue data on sheet alloys are practically 
nonexistent. Most failures of weldments such as stacks, tailpipes, etc., 
occur in the weld. Fractures indicate some failures to be stress rupture 
and others to be fatigue failures. Published data covering the relative 
stress rupture and particularly fatigue characteristics of weldments of 
different high temperature sheet alloys are also practically nonexistent. 

Certain improved AISI-type alloys such as AISI 316Cb (whose stress 
rupture value at 1500°F is almost % higher than AISI 321 or 347) seem 
to have been dismissed lightly because of the formation of some sigma 
phase. For many applications the total time at temperature during the 
life of the part is probably such that the development of some sigma 
phase is not disastrous. 

I come then to the main purpose of my comments. We in the air- 
craft industry are much in need of elevated temperature data, first, on 
sheet alloys including fatigue data, and second, on sheet alloy weldments, 
again including the relative fatigue strength of various alloys including 
AISI 316Cb. If through these comments one new sheet alloy test program 
is presented to industry, they will have been worth while. 


Authors’ Reply 


Mr. Schaeffler’s results on embrittlement of weld metal of AISI Types 
316 and 321 are of interest, since the observed embrittlement is pre- 
sumably associated with the presence of sigma which formed from the 
ferrite initially present. This opinion is based on the behavior of the 
curve for 100% austenitic weld metal in Mr. Schaeffler’s Fig. 17. It 
should be emphasized, however, that sigma forms much less readily from 
austenite, and that, therefore, the completely austenitic steels which we 
tested in creep would probably not have shown sigma in the heat treat- 
ments employed by Mr. Schaeffler. 

In reference to Mr. Evans’ comments, we are aware of the need for 
elevated temperature data for sheet materials and have under way a 
limited number of such tests, the results of which we expect to report 
when completed. 








THE EFFECT OF SIGMA PHASE ON THE SHORT-TIME 
HIGH TEMPERATURE PROPERTIES OF 
25 CHROMIUM - 20 NICKEL STAINLESS STEEL 


By GLEN J. GUARNIERI, JAMES MILLER AND FRANK J. VAWTER 


Abstract 


The occurrence of the sigma phase in a number of the 
chromium-nickel type stainless steels has been considered 
objectionable in many instances because of the accom- 
panying room temperature embrittlement. Little has been 
known of the corresponding effect produced on the high 
temperature properties of these steels by thetr sigma con- 
tent. In this investigation, using a 25 Cr—20 Ni stainless 
steel with 2 Si, correlation of the high temperature ten- 
sile and creep properties (up to 100 hours’ duration) 
was made with the type and pattern of distribution 
of the sigma constituent. Three sigmatized microstruc- 
tures were prepared and consisted of (a) an acicular 
needle-like pattern, (b) a medium sigma particle size well 
distributed, and (c) a finely distributed sigma. Two fully 
austenitic structures of different grain size were also tested 
to isolate the effect of austenitic grain size on the high 
temperature properties studied. 

While the hard sigma phase constituent was found 
to increase materially the tensile and yield strength prop- 
erties of the chromium-nickel steel up to temperatures of 
approximately 1400°F (760°C), a corresponding de- 
crease in long-time creep strength properties occurred. 
This loss in creep strength under slow strain rate condi- 
tions was more pronounced with the more finely dis- 
tributed sigma microstructures. The finely divided type 
of sigma structure was found desirable from the stand- 
point of minimizing room temperature embrittlement as 
indicated by bend tests. 


HE austenitic chromium-nickel type stainless steels have become 
well established as a desirable alloy for various high tempera- 
ture service applications requiring hot strength and corrosion resist- 
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ance together with suitable formability characteristics. In spite of the 
fact that such steels are not susceptible to heat treatment in the usual 
sense of the word, their properties may be influenced markedly by 
microstructural alterations resulting from cold deformation, grain 
size control, carbide, and sigma phase precipitation. The hard, brittle 
nature of the sigma phase, together with its mode of occurrence, 
makes this constituent particularly effective in altering the properties 
of the chromium-nickel type stainless steels. 

Much of the interest of other investigators in studying the 
formation of the sigma constituent at elevated temperatures has been 
concerned with the room temperature embrittlement of the parent 
alloy. While the seriousness of this sigma embrittlement in the 
austenitic steels may have been overemphasized as evidenced by past 
service performance (1),* much effort has been éxpended in defining 
composition and alloy limits for the production of balanced or sigma- 
free steels. Foley has summarized recently the literature pertaining 
to these sigma studies (2). 

A conspicuous lack of information exists concerning the influ- 
ence of sigma on the high temperature properties of the chromium- 
nickel steels. Indeed, it becomes appropriate to consider the possi- 
bility of deliberately utilizing the sigma phase as a strengthening 
agent in such alloys. Actually this has been accomplished in the well- 
known XCR and XCT automotive valve stem steels containing 
approximately 24 chromium, 5 nickel, and 3 molybdenum. In this 
application, the sigma content of the alloy provides the necessary 
hardness to resist the tappet and guide wear involved. If this prin- 
ciple of sigma strengthening is to be applied more generally to the 
chromium-nickel steels, it becomes necessary to learn something of 
the relation of sigmatized microstructures to high temperature creep 
strength and ductility as well as room temperature embrittlement. 
It has been the purpose of this investigation to study such relation- 
ships and to determine to what extent the sigma phase might be 
utilized to advantage in the austenitic chromium-nickel steels. 


EXPERIMENTAL PROCEDURE 


The 25 chromium — 20 nickel stainless steel with approximately 
2 silicon (type 314) was selected as a basis of study not only be- 
cause of its high susceptibility to sigma formation but also because it 
is a typical alloy of the chromium-nickel variety being used in high 
 ‘¥Phe figures appearing in parentheses pertain to the references appended to this paper. 
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temperature service applications. Several comparative observations 
were made with a low silicon 25 chromium — 20 nickel steel of the 
310 grade. Both alloys were commercially produced by the Alle- 
gheny Ludlum Steel Corporation and were tested in sheet form. 

Their analyses are listed as follows: 

Identi- 
Type C Mn Si S P Cr Ni fication 
314 0.059 1.96 1.88 0.010 0.028 24.62 21.24 H.T. 6 
310 0.05- 1.80 0.52 0.010 0.021 24.54 21.21 H.T. 28 

On the basis of a fairly extensive study of the time and tem- 
perature relations involved in the formation of sigma in the 314 steel, 
it was possible to prepare high temperature tensile and creep test 
specimens containing several patterns of sigma phase arrangement 
and particle size. Cold working of the sheet stock material prior to 
heat treatment in the 1200 to 1800 °F (650 to 980 °C) temperature 
range provided a powerful means not only of accelerating the slug- 
gish sigma reaction but also of permitting control of its particle size 
and distribution. Sheet stock of 0.050-inch thickness, originally 
annealed at 2000 °F (1095 °C) for 30 minutes and air-cooled, was 
cold-worked to 25 and 50% reduction in area. One-inch wide by 
2-inch long specimens of both the cold-worked and annealed stock 
were aged at 1200, 1400, 1500, 1600, 1700, and 1800 °F (650, 760, 
815, 870, 925, and 980°C) and subsequently examined metal- 
lographically after appropriate intervals of time at temperature rang- 
ing from 1 hour up to 600 hours. These same samples were checked 
for Rockwell B hardness changes and room temperature bend char- 
acteristics. The bend tests were made by bending the specimen 90 
degrees in one direction and then 90 degrees in the opposite direc- 
tion around diameters of approximately twice their thickness. A 
specimen starting from the vertical position, and traversing a 90- 
degree arc to one side and back to the vertical, was considered to 
have suffered one bend reversal. 

All high temperature tensile and creep tests were conducted on 
sheet stock specimens of 16 inches over-all length with a %4-inch wide 
reduced gage section of 3-inch length. Temperatures were main- 
tained uniform over a 2-inch long gage length within at least 3 °F 
and the maximum variation from the nominal test temperature was 
3 °F. All tensile tests were conducted at a strain rate of 0.25% 
per minute as measured on the gage length of the specimen during 
the course of the test. A cantilever-type strain gage and exten- 
someter system was used for both the tensile test and creep strain 
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measurements as previously described (3). A conventional beam 
loading system was used for stressing the creep specimens. 

In evaluating the effect of sigma on the high temperature load- 
carrying ability of the chromium-nickel steels, emphasis has been 
placed on tests of relatively short duration covering the tirne scale 





Fig. 1—Identification of Sigma Phase by X-ray Diffraction. A—Lines for sigma 
reported by Norton; B—Lines obtained from sigma phase in 25 Cr-—-20 Ni — 2 Si con- 
centrated by electrolytic dissolution. 


from approximately 2 minutes to 100 hours. While such data are 
more directly applicable to the service conditions encountered by jet 
propulsion and rocket motor parts, it is felt that certain trends are 
established by the results which may be applied to longer-time con- 
ditions. 


SIGMA PHASE IDENTIFICATION 


Payson and Savage have established the identity of the sigma 
phase in the type 310 and 314 steels in a convincing manner through 
correlation of the microstructures with X-ray diffraction data (1). 
In the present investigation, X-ray diffraction was also used for 
identification of the sigma constituent, using the patterns obtained 
by Norton in reference (1) as a calibrating source. It was found 
necessary to separate the sigma from the austenitic matrix by electro- 
lytic dissolution (4) in order to obtain diffraction patterns of suit- 
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able intensity for identification purposes. Typical results obtained 
are illustrated in Fig. 1. 


SIGMA PHASE MICROSTRUCTURES 


As a result of the preliminary aging tests conducted on both the 
annealed and cold-worked high silicon 25 chromium — 20 nickel steel, 
it was possible to obtain a baseline set of data describing the char- 

















Time - Hours 


© Annealed 2000°F x 25% Cold Work 
> 50% Cold Work 


Fig. 2—Formation of Sigma Phase in Annealed 
and Cold-Worked 25 Cr—20 Ni-2 Si Stainless Steel 
upon Exposure to High Temperatures. 


acteristics of sigma formation in this alloy. The graphs of Fig. 2 
summarize the time-temperature relations for sigma development as 
determined from metallographic observation. The sigma content of 
each microstructure was estimated by visual comparison with stand- 
ard charts prepared to represent various percentages of the constit- 
uent in a unit cross sectional area. 

Of particular interest is the pronounced effect which increasing 
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Fig. 3—Aged at 1600°F after Solution Treatment at 2000°F for 30 Minutes. a— 
original; b—1 hour; c—15 hours; d—200 hours. Marble’s etch. X 500. 


amounts of cold work have in accelerating the formation of sigma. 
The approach to equilibrium of the austenite to sigma reaction is also 
accelerated at high temperatures and the maximum sigma content of 
the alloy decreases. Practically no sigma forms at temperatures of 
1900 °F (1040 °C) and above. 

Of equal importance is the form and distribution of the sigma 
constituent prepared under the conditions of the experiment. The 
microstructures of Figs. 3 through 7 illustrate representative pat- 
terns obtained. The sequence of micros obtained from the specimens 
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Fig. 4—Aged at 1600°F after 25% Reduction by Cold Rolling. a—original; b— 
1 hour; c—15 hours; d—200 hours. Marble’s etch. X 500. 


aged at 1600 °F (870°C) not only illustrates the effect of cold work 
on the acceleration of sigma formation but also demonstrates the 
transition from an acicular sigma pattern formed in the annealed 
material to one of finely distributed particles in the specimens ini- 
tially cold-worked 25 and 50%. 

On the basis of these results, high temperature tensile and creep 
specimens having the following microstructures were prepared for 
testing at temperatures of 1200, 1400, 1600, and 1800 °F (650, 760, 
870, and 980 °C) : 











Fig. 5—Aged at 1600°F after 50% Reduction by Cold Rolling. 
1 hour; c—15 hours; d—200 hours. Marble’s etch. X 500. 


Treatment 
2000 °F, 30 min., 
air cool 


1600 °F, 200 hr. 


25% cold work, 
1600 °F, 15 hr. 

50% cold work, 
1600 °F, 15 hr. 

50% cold work, 
1900 °F, 30 min.. 


air cool 
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Microstructure 
Austenite (No. 2-3 grain size) and fine carbides 


Austenite (No. 2-3 grain size), acicular sigma 
and fine carbides 
Austenite (No. 11 grain size), well-distributed 

medium-sized sigma and fine carbides 
Austenite (No. 12 grain size), finely distributed 
sigma and fine carbides 


Austenite (No. 5-8 grain size) and 
fine carbides 


a—original; b— 


See 
Fig. No. 


3a and 8a 
3d 
4c 
5c 
8b 
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Fig. 6—Aged at 1200°F for 595 Hours after the Following Treatments. a—Solu- 
tion treated at 2000°F for 30 minutes; b—Reduced 25% by cold rolling; c—Reduced 50% 
by cold rolling. Marble’s etch. X 500. 


Unfortunately, the additional variable of decreased austenitic 
grain size was introduced in the course of preparation of those sigma 
patterns requiring cold work prior to aging at 1600°F (870°C). 
All such specimens were fully recrystallized during the 15-hour 
exposure at temperature to an austenite grain size of approximately 
11 to 12. In order to evaluate the effect of austenite grain size alone 
on the hot strength properties, an attempt was made to prepare 
test specimens free of sigma phase and of a finer austenite grain size 
than that obtained from the 2000 °F (1095 °C) annealing treatment. 
This was accomplished by cold working the stock to 50% reduction 
and recrystallizing at 1900°F (1040 °C)—about the lowest tem- 
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Fig. 7—Aged at 1800°F for 115 Hours after the Following Treatments. a—Solu- 
tion treated at 2000 °F for 30 minutes; b—Reduced 25% by cold rolling; c—Reduced 50% 
by cold rolling. Marble’s etch. X 500. 


perature practical to prevent sigma formation during the recrystal- 
lization process. 


Hicu TEMPERATURE TENSILE PROPERTIES 


The sigma phase, like any hard constituent, when dispersed in a 
relatively soft matrix such as austenite, can materially increase the 
resistance of the matrix to yielding, at least in the temperature range 
where marked strain hardening of the matrix material is predominant 
over recrystallization processes. A direct comparison of this effect 
of sigma.in.the 314 steel may be had by considering the tensile prop- 
erties of the austenitic structure [2000°F (1095 °C), 30 minutes, 


a 
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Fig. 8—a—Solution Treated at 2000°F for 30 Minutes. b—Reduced 50% by cold 
rolling and heated at 1900°F for 30 minutes. Marble’s etch. X 100. 


air cool] with those of the same steel aged at 1600 °F (870°C) 200 
hours to produce an acicular sigma pattern with unchanged austenite 
grain size. Fig. 9 illustrates the yield strength superiority of the 
sigmatized structure up to about 1400 °F (760°C) together with its 
lowered ductility values relative to the fully austenitic microstruc- 
ture. The yield and ductility properties of a second sigmatized struc- 
ture (25% cold work + 1600 °F, 15 hours) are included in the chart 
to indicate the extent of improvement which may be gained in both 
yield strength and ductility by more random distribution of finer 
sigma particles (compare microstructures of Figs. 3a, 3d, and 4c). 

It is of interest to note that while the ductility of the austenitic 
steel is lowered considerably at room temperature with the pres- 
ence of sigma, this property increases as the temperature rises from 
1000 to 1800 °F (540 to 980°C). It may be that the satisfactory 
service record of the austenitic chromium-nickel steels containing 
sigma when at elevated temperatures is accounted for in part by their 
suitable ductility characteristics at these temperatures. 


Tensile data for all of the microstructures tested are tabulated 
in Table I. 
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Fig. 9—High Tempensease Tensile Properties of 
25 Cr—20 Ni-—2 Si Stainless Steel Initially Heat 
Treated to Give Several Types of Microstructures. ‘ 


SHORT-TIME CREEP PROPERTIES 


In evaluating the effect of sigma phase on the constant load creep 
characteristics of the 314 steel, a sufficient range of temperature, 
stress, and time variables was considered so as to involve creep 
under strain hardening as well as recrystallization conditions. In 
Figs. 10 and 11, the stress values versus time for 1% permanent 
deformation have been plotted for the three sigma and two austenitic 
microstructures previously mentioned. While the two sigmatized 
microstructures, prepared by cold working and aging at 1600 °F 
(870 °C), were free of residual cold work and fully recrystallized, 
their austenite grain size was refined. Therefore, the creep results 
obtained from two austenite structures of different grain size and 
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Fig. 10—Creep Properties of 25 Cr—20 Ni-—2 Si Stainless Steel with Five 


Different Initial Microstructures. Stress for 1% permanent deformation. 
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Fig. 11—Creep Properties of 25 Cr—20 Ni-—2 Si Stainless Steel with Five 


Different Initial Microstructures. Stress for 1% permanent deformation. 
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Table I 


Tensile Properties of 25 Cr-20 Ni-2 Si Stainless Steel Heat Treated to Give Different 
Initial Microstructures 


Heat —————————Temperature, °F— Micro- 
Treatment 80 1000 1200 1400 1600 1800 structure 


2000 °F, 30 min., A.C.* 82,000 58,000 48,000 23,000 11,500 5800 Fig. 3aand 8a 
50% cold work, 





1900°F, 30 min., A.C. 92,200 ..... 42,650 18,930 9,280 5000 Fig. 8b 
Tensile 25% cold work, 
Strength 1600°F, 15 hr. 87,000 69,000 53,000 25,000 13,500 7000 Fig. 4c 
Psi 50% cold work, 
1600 °F, 15 hr. > ae i fcxeee 9,240 .-:.. Fig. 5c 
2000 °F, 30 min., A.C. 
1600 °F, 200 hr. Geieee awei 52,000 23,300 12,700 6460 Fig. 3d 


2000 °F, 30 min., A.C. 36,000 19,500 21,000 18,500 11,000 5800 Fig. 3aand 8a 
50% cold work, 


0.2%  1900°F, 30 min., A.C. 58,300 ..... 29,350 20,700 8,560 4780 Fig. 8b 
Yield 25% cold work, 
Strength 1600 °F, 15 hr. 65,000 50,500 40,500 23,000 12,500 6200 Fig. 4c 
Psi 50% cold work, 
1600 °F, 15 hr. GR wee ieee Peaee. tas o35 C300 =... Fig. 5c 
2000 °F, 30 min., A.C. 
1600°F, 200 hr. a 31,200 17,480 11,060 5580 Fig. 3d 
2000°F, 30 min., A.C. 42 47 30 47 60 80 Fig. 3aand 8a 
50% cold work, 
% 1900°F, 30 min., A.C. Be 6d" ak 47 80 72 57 Fig. 8b 
Elonga- 25% cold work, 
tion 1600 °F, 15 hr. 12 6 13 22 33 39 Fig. 4c 
in 50% cold work, 
2 Inches 14600°F, 15 hr. 6s ss... OE take ae Fig. 5c 
2000 °F, 30 min., A.C. 
____ 1600°F, 200 hr. Bags 5 25 14 25 Fig. 3d 
*Air cool. 


free of sigma are included in Figs. 10 and 11 to indicate the order 
of magnitude of the austenite grain size effect. 

At the farther end of the time scale, corresponding to the slower 
strain rates, and particularly at the higher temperatures, above 
1200 °F (650°C), a decrease in creep strength can be associated 
with the presence of sigma phase. This is demonstrated by a com- 
parison of the creep stress values for the austenitic microstructure 
(Fig. 3a) and the sigmatized microstructure (Fig. 3d), both of equal 
austenite grain size. As the distribution of the sigma constituent 
becomes more random and the particle-size finer, the decline in the 
longer-time creep strength becomes even more pronounced. This 
effect is primarily due to the increased number of grain boundary 
areas and interfaces produced by the sigma particles. At the higher 
temperatures and slower strain rate conditions, the many disloca- 
tions residing at these boundaries can diffuse readily through the 
lattice, resulting in greater accumulated creep than would be obtained 
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with the coarser structures containing inherently fewer dislocations. 

A decrease in the austenite grain size alone without presence of 
sigma resulted in decreased creep strength at the longer-time condi- 
tions. That microstructure consisting of the fine austenite grain 
size together with finely dispersed sigma phase (Fig. 5c) had the 
lowest longer-time creep strengths at all temperatures between 1200 
and 1800°F (650 and 980°C). Clark and Freeman (5) have 
reported some similar results for a fine-grained 25 Cr—20 Ni steel 
containing an “unknown constituent’. 

For shorter-time creep conditions, involving strain rates com- 
parable to those of the tensile tests, the sigma phase benefited the 
creep strength in a manner similar to its effect on the 0.2% tensile 
yield strength values. Under these circumstances where strain rates 
are sufficiently rapid to produce strain hardening, the presence of the 
sigma phase and its interface discontinuities is desirable because 
of the mutual interference set up between these boundary dislocations 
and those generated by the strain hardening process. The distinction 
between longer and shorter times may be illustrated by considering 
the time at which the 1% creep stress values are equivalent for the 
2000 °F (1095 °C) annealed structure and the sigma-bearing one 
prepared by aging 16 hours at 1600°F (870°C) after 25% cold 
work. These cross-over times, as obtained from Figs. 10 and 11, 
are as follows: 


Time (Hours) for Equivalent 1% 
Creep Stress Between Austenitic 


Temp., °F and Medium Fine Sigma Structure 
1200 147 
1400 7 
1600 2.5 
1800 1.1 


At times shorter than those listed, the sigma structure of Fig. 4c 
requires higher stresses to produce 1% deformation than does the 
austenitic structure of Fig. 3a. The reverse is true at longer times. 

In analyzing the creep results obtained on the initially austenitic 
structures, it should be borne in mind that they are gradually becom- 
ing sigmatized during the course of the test approximately according 
to the time and temperature relations of Fig. 2. It is likely, there- 
fore, that the stress versus time lines plotted to represent the aus- 
tenitic or sigma-free structures are displaced slightly toward lower 
stresses relative to the values which would exist if the initial aus- 
tenitic structure could be preserved during the whole course of the 
creep test. In the case of the sigmatized structures tested at 1800 °F 
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(980 °C), there was a sluggish reaction occurring, tending to redis- 
solve some of the sigma formed by the 1600 °F (870°C) pretreat- 
ment. This alteration in microstructure was not appreciable for the 
time of the 1800 °F (980°C) tests plotted. No mention has been 
made of the significance of the carbides. It was felt that the con- 
clusions drawn concerning the effect of sigma were not invalidated 
by the carbides, since they were present to approximately the same 
extent in all the structures compared. 

A sufficient number of creep tests were conducted on the low 
silicon 25 Cr—20 Ni steel to establish the fact that finer austenite 
grain size and distribution of microconstituents reduced the longer- 
time creep strength in the 1200 to 1600°F temperature range as 
previously described for the 2% silicon steel. Because of the fact 
that sigma formed in much smaller quantities in the low silicon grade, 
sufficient evidence was not obtained to determine the specific effect 
of sigma alone on the creep properties of this steel. 


DucTILITy AND BEND PROPERTIES 


A number of the creep tests were continued to fracture to obtain 
an estimate of their fracture ductility properties at high temperature 
as compared to those results obtained from the short-time high tem- 
perature tensile tests. For all the structures considered, the usual 
downward trend of rupture elongation with increase in fracture time 
was observed as listed in Table II. While the annealed austenitic 
specimens underwent the severest loss in ductility with rupture time 
because of their initially greater elongation properties and because 
sigma phase was forming in their. microstructure during testing, the 
tendency was for all the structures to approach an approximately 
common ductility level with time. 

Because of the interest in room temperature embrittlement of 
this type of steel after exposure to temperature, bend tests were con- 
ducted on the aged test samples used for establishing the sigma 
formation versus time relations of Fig. 2. The bend test results as 
plotted in Fig. 12 indicate the extent of room temperature embrittle- 
ment resulting primarily from sigma phase formation in the tem- 
perature range of 1200 to 1800 °F (650 to 980°C). It will be noted 
that for exposure temperatures above 1400°F (760°C), the room 
temperature bend properties become more favorable in those speci- 
mens which received prior cold working treatments. This is related 
to the degree of dispersion of the sigma constituent formed. The 
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tendency for the formation of continuous grain boundary networks 
and acicular needle-like patterns in the annealed stock undoubtedly 
accounts for its lower capacity for bending. 


UTILIZATION OF SIGMA IN CHROMIUM-NICKEL STEELS 


While only the 25 Cr-—20 Ni grade of stainless steel has been 
used in this study of sigma phase, it is felt that several observations 
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Fig. 12—Room Temperature Bend Properties of 25 Cr- 
20 Ni-—2 Si Stainless Steel after Exposure to High Temper- 
atures, 


may be made concerning the use of sigma for possible improvement 
of such steels. Where the preservation of long-time high tempera- 
ture creep strength is an important design factor, it is doubtful that 
sigma may be introduced advantageously into the microstructure. 
The subdivision of the microstructure as well as the alteration of the 
matrix composition appears to be opposed to high creep strength 
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under conditions of slow strain rate and high temperatures. On the 
other hand, there are a number of applications involving relatively 
short life duration. In such instances where the more rapid type of 
deformation occurs in a manner similar to that encountered at room 
temperature, such a hardening agent as sigma conceivably could be 
used to advantage. A moderately fine well-distributed sigma would 
seem to be the most appropriate in such instances. 

The room temperature bend test results of Fig. 12 suggest the 
possibility of preconditioning steels in which sigma forms so as to 
set the pattern of its distribution to give the most favorable room 
temperature bend properties. Thus, by initiating a fine sigma pat- 
tern by cold working and aging prior to service exposure, the less 
ductile acicular arrangement may be discouraged from forming. 

Regardless of the practicability at this time of heat treating the 
chromium-nickel stainless steels to yield desirable sigma phase micro- 
structures, this investigation has been concerned primarily with a 
correlation of such microstructures and their properties. Obviously, 
only a few of the many complexities of this metallurgical puzzle 
have been examined and it is recognized that much additional effort 
is needed if the sigma phase is-to be converted from the nuisance 
that it oftentimes is to an accepted aid in improving the properties 
of the chromium-nickel stainless steels. 


SUMMARY AND CONCLUSIONS 


On the basis of results obtained from metallographic studies, 
bend tests, and high temperature tensile and creep tests on the 
25 Cr—20 Ni type stainless steel, the following conclusions have 
been made: 

(a) The sigma phase, when present in suitable form and quan- 
tity, appreciably increases the tensile and yield strengths of the 
25 Cr—20 Ni type of alloy at temperatures up to 1400 °F. 

(b) The creep strength may be increased for relatively short 
life applications involving deformation of the order of 1% per hour 
for temperatures up to approximately 1400 °F. 

(c) Where slow strain rate conditions are involved, as in long 
service life applications, the sigma phase lowers creep resistance. 

(d) Austenite grain size exerts an equal if not greater effect 
than sigma phase on the high temperature tensile and creep proper- 
ties, with the finer grain size lowering the longer-time creep strength 
and raising the short-time tensile and yield strength values. 
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(e) Sigma phase materially decreases the room temperature 
ductility of the parent alloy, although increasing ductility is restored 
at temperatures above 1000 to 1200 °F. 

(f) The pattern of distribution and fineness of the sigma par- 
ticles substantially affect the magnitude of their influence on the 
strength and‘ ductility properties. 

(g) Cold working, in conjunction with the selection of exposure 
temperature, provides a convenient and flexible means for controlling 
the mode of distribution of the resultant sigma constituent. 
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DISCUSSION 


Written Discussion: By R. D. Wylie, Works Control Laboratory, The 
Babcock & Wilcox Co., Barberton, Ohio. 

Recently the manufacturers of equipment designed to operate at 
elevated temperatures have been faced with the serious problem of the 
effect of various microstructural transformations upon the high tempera- 
ture properties of the metals suitable for use at these temperatures. 
The authors certainly are to be commended for their thorough research 
on the effects of the sigma phase on the short-time high temperature 
strength of 25% chromium — 20% nickel stainless steel. 

At the Barberton Laboratory of The Babcock & Wilcox Company, 
we have been concerned with similar problems in austenitic weld metals 
and in particular 25% chromium —-20% nickel. We have found that weld 
metal, due to its inhomogeneous nature, is generally more susceptible to 
sigmatization than a wrought material of the same composition, excluding 
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the possible effects of cold work. In order to more fully investigate the 
high temperature properties of weld metals, a stress rupture program 
was set up to test weld metals at various temperatures and stress load- 
ings. Included in this program was a series of samples designed to indi- 
cate the effect of sigma phase on the strength of 25% chromium — 20% 
nickel weld metal. The specimens used in this investigation were 
machined to a 0.505-inch diameter from a 1 by 1 by 6-inch weld pad. 
The axis of the specimen was parallel to the deposition direction. The 
first test temperature was set at 1200°F (650°C), since that temperature 
is near the metal temperatures expected in recently designed equipment. 
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Fig. 13—Log Stress—Log Fracture Time Curve for 25% 
Chromium—20% Nickel Weld Metal. Test temperature, 1200 °F. 


The chemical analyses of the two heats of electrodes used in these 
tests are reported below: 


No. 1 No. 2 
Cc 0.23 0.18 
Mn 2.10 2.10 
Si 0.54 0.42 
Cr 25.06 25.16 
Ni 21.09 19.80 


These analyses are averages of at least two determinations on specimens 
from the same heat. 

The first indications of the possible cffects of sigma phase on the 
stress rupture strength of 25% chromium —20% nickel weld metal came 
after approximately 150 hours of testing. It was noted that there was 
a sharp change in slope of the log stress—log fracture time curve. This 
break appeared to be*the result of two phenomena, one of which was 
the appearance of a very fine grain boundary constituent which was, 








1002 TRANSACTIONS OF THE A. S. M. Vol. 42 


because of the particle size, very difficult to identify; the other phe- 
nomenon was an increase in the depth of intergranular oxide penetration 
along the gage length of the specimen. The data are plotted in Fig. 13. 

After this significant break was noted, we decided to determine what 


Effect of Preheat Treatment 
on the Stress Rupture Strength 
of 25 Cr- 20 Ni Weld Metal 
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Fig. 14—Effect of Preheat Treatment on the Stress 
Rupture Strength of 25% Chromium—20% Nickel Weld 
Metal. 20,000-psi stress. Test temperature, 1200 °F. 


the effect of preheat treatment would be on the rupture strength. 
Essentially we were trying to establish a scatter band of results for 25% 
chromium — 20% nickel weld metal. Specimens were heat treated for a 
period of 100 hours at each of the following temperatures: 1250, 1350, 
1450, 1550 and 1650°F (675, 730, 790, 845 and 900°C) prior to testing. 
In addition, specimens as welded and heat treated at 1600°F (870°C) 
for 5 hours and 1750°F (955°C) for 1 hour were tested to show the 
effects of shop heat treatment. A stress of 20,000 psi was determined 
from the curve shown in Fig. 13 as one which would produce fracture in 
a reasonable length of time. These tests were likewise run at 1200°F 
(650°C). The data plotted in Fig. 14 indicate that the strengthening of 
this alloy with -heat treatment is in reverse from normal precipitation 
hardening effect. At temperatures of 1350 and 1450°F (730 and 790°C) 
when the sigma phase and carbides were finely distributed the stress 
rupture strength was a minimum. At 1550 and 1650°F (845 and 900 °C) 
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the strength increased even though the quantity and particle size of the 
sigma phase also increased. These data were also incorporated in Fig. 
13, and tentatively have been outlined as an area which shows the 
scatter of results and indicates a change in slope of the area. It may 
be mentioned here that all of the specimens tested exhibited a brittle 
intergranular fracture, regardless of testing times or prior heat treatment, 
indicating that sigma phase was not solely responsible for the lack of 
hot ductility. 

These are only preliminary tests but they do indicate that sigma 
phase, if properly understood, may not be as serious in high tempera- 
ture equipment as would be predicted by room temperature impact and 
ductility measurements. In fact, some data on a partially ferritic 19% 
chromium — 9% nickel-columbium weldment indicate that the formation of 
sigma as it replaces the low-strength delta ferrite may actually strengthen 
the matrix and thus show satisfactory properties under constant tem- 
perature conditions. 

Since this problem is of extreme importance to industries using 
chromium-nickel alloys at elevated temperatures, we hope that the 
authors continue their investigation despite the fact that they have 
not yet discovered a means for converting sigma phase into a “useful 
aid in improving the properties of the chromium-nickel stainless steels”. 

Written Discussion: By A. M. Talbot, Research Laboratory, The 
International Nickel Co., Inc., Bayonne, N. J., and E. N. Skinner, Develop- 
ment and Research Division, The International Nickel Co., Inc., New York. 

The information presented by the authors is of considerable interest 
to all those who make use of chromium-nickel steels at elevated tempera- 
tures and they are to be commended for an excellent paper on a timely 
subject. The desirability of the sigma phase in the high temperature 
alloys has long been discussed without adequate data with which to 
arrive at any sound conclusion. Because sigma has been used successfully 
to prevent wear in valve steels, it has been suggested that it should prove 
useful in other high temperature applications. The authors point out 
that the strengthening effect of sigma formed in a previously cold-worked 
structure may indeed be turned to some advantage, but only in those 
applications where short life and relatively high strain rates at inter- 
mediate temperatures will be. tolerated. 

In any application where maintenance of dimensions over any ex- 
tended period is required, the presence of sigma is definitely harmful 
and since most applications in industry are of this type, it can be said 
with some justification that sigma is a thoroughly undesirable constituent 
in high temperature alloys. 

Of numerous samples that have been submitted for laboratory exami- 
nation, the formation of the sigma phase has been among the most common 
causes of premature failure. Sigma has been found to be especially objec- 
tionable in those applications where a part is under some degree of 
constraint and therefore usually subjected to the fatiguing action of 
cyclic thermal stresses.’ 

For these reasons, we believe that in the usual long-time industrial 
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applications in the sigma-forming temperature range the use of struc- 
turally unstable austenitic compositions should be avoided wherever 
possible. 

Written Discussion: By John J. Gilman, Eastern Research Labora- 
tory, Crucible Steel Company of America, Harrison, N. J. 

I do not believe that the authors are justified in some of the con- 
clusions they have stated. They state that the presence and dispersion 
of the sigma phase is correlated with poor creep resistance in Type 314 
stainless steel. Yet their data indicate that poor creep resistance can also 
be correlated with cold working prior to the sigma-forming heat treat- 
ment. Since this prior cold working affects the rate at which the sigma 
phase forms from the austenitic matrix, it seems reasonable to expect that 
it will affect the creep rate of the austenite. From this point of view, 
it is the physical structure of the austenitic matrix which determines the 
creep rate and not the presence or distribution of the sigma phase. In 
my opinion, the authors’ data are equally favorable to either interpretation. 

Data for sigma-phase valve steels indicate that the latter viewpoint is 
probably correct. In this type of steel (XCR, XCT) changing the sigma 
distribution by varying the temperature of formation has no significant 
effect on the creep rate (creep rates up to about 0.5% per hour). 

A similar argument can be made in connection with the authors’ 
conclusion concerning the grain size effect. I do not question the fact 
that one can superficially correlate grain size with creep rates. My ques- 
tion is: Is it the fine grain size that causes the increase in observed 
creep rate or is it the treatments which were used to produce the grain 
size that determine the creep rate? The fact that pure polycrystalline 
metals have higher creep rates than pure single crystals indicates that 
the authors’ conclusion is probably, but by no means necessarily, correct. 

Written Discussion: By Thomas E. Perry, metallurgist, Republic 
Steel Corp., Massillon, Ohio. 

The authors have added a most useful link in the ever-growing chain 
of information relating to the nature, control and practical application 
of sigma-bearing steel. Their work, though sometimes tedious, is surely 
fascinating and is well presented in the preceding paper. 

However, as the chain of information is gradually added to, it would 
be extremely useful both in duplicating work done and in setting up 
some standard of comparison to have analyses of the steels used which 
include nitrogen, since nitrogen appears to promote the formation of 
sigma and might possibly modify its physical characteristics as well. 

An interesting condition, which I think deserves comment, has been 
brought to our attention several times in the past. In service failures 
of Types 309 and 310 which were associated with intergranular sigma, 
proper etching of the microsamples disclosed an abnormal grain boundary 
condition existing with the sigma. The following example is typical of 
observations made on both Types 309 and 310. 

The sample investigated was a %-inch plate cut from the conical 
housing of a continuous preheater. The preheater operated in the tem- 
perature range 1300 to 1500°F (705 to 815°C), and although corrosion 
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Fig. 15—Type 310 Stainless after 1 Year’s Service in Continuous Preheater. 
Operation range, 1300 to 1500°F. Etched in modified Murakami’s reagent to show 
sigma. XX 250. 


Fig. 16—Same Field as Fig. 15 with Additional NaCN Etch Showing Sigma, 
Carbide and Clear Area at Boundaries. X 250. 


Fig. 17—Same as Fig. 16 at X 1000. The microconstituents are clearly visible. 


was severe the %-inch plate failed by brittle fracture in about 1 year. 
The sample analyzed 0.074% carbon, 24.04% chromium, 21.24% nickel, 
0.02% molybdenum and 0.078% nitrogen. 

Investigation showed severe brittleness of the sample and rather 
extensive sigma formation predominantly at the grain boundaries. Etch- 
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ing with modified Murakami’s reagent, as in Fig. 15, gave good identifica- 
tion of the sigma based on previously checked techniques. Subsequent 
etching in NaCN (electrolytically) darkened the sigma and in addition 
brought out the carbides (Fig. 16). It was also noted that a continuous 
area developed in the grain boundaries, which was free of carbides and 
apparently associated with the sigma (Fig. 17). The samples showed 
only the slightest detectable amount of magnetism, which precluded the 
possibility that this clear area was a true ferrite phase. It is believed 
that a similar etching technique would show a like condition in Figs. 
3c, 3d, Ta and 7b in this paper. The thought that the condition is merely 
rediffusion of the carbide is hardly tangible in that the same condition 
has been noted in steel exposed for as little as 250 hours, and in Fig. 
3c of the authors’ paper the condition apparently prevails after only 15 
hours. 

While the above comments bear only indirectly on the principal topic 
of this paper, it is felt that they were worthy of mention and any dis- 
cussion by the authors would be appreciated. 


Authors’ Reply 


Appreciation is expressed to Mr. Wylie for his comments concerning 
the role of sigma in affecting the time-for-fracture properties of 25% 
chromium — 20% nickel weld metal. It is interesting to note that correla- 
tion may be made between sigmatized microstructures and high tempera- 
ture strength in such cast material. Some caution should be used in 
interpreting time-for-fracture data alone as a measure of high tempera- 
ture creep strength, particularly where the embrittling effect of sigma 
phase is involved. Quite often high creep strength to several per cent 
deformation may be had in combination with relatively short time-for- 
fracture due to low ductility characteristics. 

The authors are in agreement with the comment of Talbot and 
Skinner concerning the loss in long-time load-carrying ability produced 
by sigma, at least in the 25% chromium — 20% nickel type of steel. On 
the other hand the data of this paper point out a range of time, tempera- 
ture, and stress conditions more typical of jet propulsion and rocket-type 
applications wherein the sigma phase may be used advantageously in 
such a steel. For this reason we do not consider sigma phase uncondi- 
tionally a thoroughly undesirable constituent in high temperature alloys. 

It is Mr. Gilman’s contention that the cold working prior to the 
sigma-forming heat treatment accounts for the creep results obtained 
rather than the presence and distribution of the sigma phase. There are 
several reasons why the authors, on the basis of the observed data, feel 
justified in associating sigma phase with lowered creep strength under 
long-time conditions and high temperatures. In the first place, this very 
conclusion may be drawn by consideration of the creep results obtained 
on a sigmatized structure prepared by aging a fully annealed material for 
200 hours at 1600°F (Fig. 3d). In this case no cold working operation 
was used to prepare the sigmatized specimens, but at all four tempera- 
tures of 1200, 1400, 1600 and 1800°F (650, 760, 870 and 980°C) lower 
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creep stresses were obtained at the far end of the time scale than for a 
fully solution-treated condition. 

Where cold working operations were used to facilitate sigma forma- 
tion, full recrystallization of the austenite matrix occurred during the 
aging treatment. If comparison of long-time creep strength be made 
between specimens cold-worked and recrystallized without sigma forma- 
tion and those cold-worked and recrystallized with sigma formation, the 
sigma-bearing ones again will be found the weaker under slow strain rates 
and long-time conditions. 

While it is quite possible that other variables are involved in pro- 
ducing creep specimens of varying austenite grain size, the authors feel 
that grain size, in itself, is a major factor in affecting creep strength. 
Grain boundaries are inherently areas of high concentration of disloca- 
tions wherein long-time high temperature creep is favorably nucleated. 

As Mr. Perry points out, nitrogen analyses would be desirable on 
the steels tested, but we are unfortunately unable to supply them at this 
time. The grain boundary condition which he has found associated with 
sigma produced by long-time exposure to temperature is of interest, 
although the authors have not noticed such a condition in their samples, 
which were heated for shorter periods of time. Even the structure shown 
in Fig. 3d, in which he suggests the condition might exist, showed no 
evidence of it when etched according to his procedure. 
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A STUDY OF ARC-MELTED MOLYBDENUM-RICH 
CHROMIUM-MOLYBDENUM ALLOYS 


By H. D. KessLter ann M. HANSEN 


Abstract 


Chromium-molybdenum alloys containing 60 to 100% | 
molybdenum were arc-melted and cast in an argon atmos- 
phere. The melting method consisted in fusing consum- 
able electrodes made by powder metallurgical techniques. 
Carbon and beryllium were investigated as possible deoxi- 
dizers. 

The measured lattice parameters check the results of 
other investigators, and the eee cubic alloys 
show complete solid solubility. 

Oxidation resistance in a static air atmosphere 
was evaluated at 1200, 1500 and 1800 °F (650, 815 and 
980°C). Oxidation resistance generally increases with 
increased chromium content. At 1500°F (815 °C) alloys 
with less than 20% chromium oxidized at high rates. At 
1800 °F (980°C) all alloys oxidized at high rates under 
the conditions of the test. Unless protective coatings are 
applied, it is doubtful that these alloys will prove useful at 
1500 °F (815°C) or more in oxidizing atmospheres. 

Forgeability at 2300 to 2500°F (1260 to 1370 °C) 
decreases markedly with increased chromium content. 
Hardness up to 1600°F (870°C) increases rapidly to 
more than 600 DPH at 27% chromium. Additions of as 
little as 1% chromium really improve the hot hardness 
of molybdenum. 


EVELOPMENTS in the field of heat resistant materials oper- 
ating at temperatures of 1500 °F (815°C) and higher indi- 

cate that melting point is an important criterion for selection. Molyb- 
denum, with a melting point of 4750°F (2625°C), has received 
serious consideration as a possible base metal for high temperature 
applications. Pure molybdenum, however, oxidizes very rapidly at 
Most of the material presented here has been abstracted from a thesis submitted by 
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relatively low temperatures and does not have high hot strength, 
although it can support weight at temperatures above the fusion 
points of the commercial heat resistant alloys. 

It may be possible to improve both the oxidation resistance and 
strength of molybdenum by making certain alloying additions. On 
the basis of experience in other alloys, chromium seemed to offer 
promise for improving the oxidation resistance of molybdenum. 
Therefore, the molybdenum-rich portion of the chromium-molybde- 
num binary system was selected for metallurgical investigation. 

The properties of the chromium-rich portion of this system have 
been investigated by others (1). All work on the molybdenum-rich 
side of the system has been done on alloys made by powder metal- 
lurgical methods, however, and little information is available on the 
properties of the high molybdenum alloys. 

The first work on chromium-molybdenum combinations was 
reported in 1900 by Sargent (2), who obtained the alloys from their 
oxides by carbon reduction. He stated that chromium “seemed to 
alloy with-the greatest of ease with molybdenum”’, but all of his alloys 
were very hard because of incomplete reduction of oxides and/or 
the formation of carbides. In 1923 Siedschlag (3) investigated 
molybdenum-chromium alloys and stated that a simple eutectic 
system was formed. He gave a eutectic temperature of 2660 °F 
(1460 °C) at 22.7% molybdenum; however, his experimental tech- 
nique was questionable. 

Trzebiatowski and Ploszek (4) prepared alloys by powder met- 
allurgical techniques. They investigated the melting points of 13 
alloys containing from 0 to 100% molybdenum and determined lattice 
constants. Their work contradicted Siedschlag’s diagram and indi- 
cated that molybdenum and chromium were mutually and completely 
soluble in each other in the solid state. They found a minimum melt- 
ing point of 3090 °F (1700 °C) at 25% (15 atomic per cent) molyb- 
denum. Kubaschewski and Schneider (5) confirmed Trzebiatowski’s 
results on the basis of thermal and X-ray analyses. Alloys with 
more than 50% molybdenum were prepared by powder metallurgical 
methods. 

More recently, in 1947, Trzebiatowski and his co-workers (6) 
published the results of another investigation of this system made 
with materials of higher purity. The chromium was reported to have 
less than 1% chromium oxide content and the molybdenum was 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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hydrogen-purified. Samples were prepared by powder metallurgical 
methods and were diffused thoroughly at high temperatures. Lat- 
tice parameters were determined. This work further substantiated 
the fact that chromium and molybdenum are completely soluble in the 
solid state. The tentative diagram of the chromium-molybdenum 


binary system is shown in Fig. 1 as it appears in the 1948 Metats 
HANDBOOK (7)... 


Atomic Percentage Molybdenum 
10 20 30 40 5060 8090 





1500 
Cr 10 20 30 40 50 60 70 80 90 Mo 
Weight Percentage Molybdenum 


Fig. 1—Chromium—Molybdenum Constitution Diagram (7). 


The object of the investigation detailed in this paper was to 
make a further contribution to the knowledge of molybdenum-rich 
chromium-molybdenum alloys prepared by arc melting methods. In 
this investigation, melting practices, crystal and metallographic struc- 
tures, oxidation resistance, forgeability, and hot hardness of alloys 
ranging from 63.7 to 100% (51 to 100 atomic per cent) molybdenum 
were studied. 

EXPERIMENTAL METHODS 


Preparation of Alloys 


Until recently, the preparation of metals and alloys with melting 
points over 3600 °F (2000 °C) was left to the powder metallurgist. 
Powder metallurgical methods, however, have limitations in that the 
size of the product is restricted by press limitations and long diffusion 
and heat treatments are required to obtain a homogeneous material. 

In melting and casting these high melting metals, many other 
problems arise. For example, (a) protection from contamination by 
the atmosphere and crucible materials, (b) the design of a crucible 
material to hold the molten metals without failing, and (c) pouring 
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Fig. 2—General View of the Arc Melting Furnace and Controls. 
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Fig. 3—Close-Up View of Arc Melting Furnace Showing the Method Used for Provid- 
ing an Argon Atmosphere. 


and casting the metals without contamination or shrinkage and poros- 
ity defects. An excellent method for melting and casting molyb- 
denum was developed by the Climax Molybdenum Company (8, 9) 
which circumvents the disadvantages in handling high melting metals. 
The process consists of arc melting a consumable electrode in a 
vacuum and casting the metal directly into a water-cooled copper 
mold. | 

A similar furnace was used to prepare the alloys for this inves- 
tigation. The furnace was redesigned (13) and built to provide the 
greatest flexibility of melting conditions. Fig. 2 shows a general 
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view of the arc melting unit. Fig. 3 is a close-up view of the furnace 
chamber and mold, showing the method used for flushing with argon. 
Fig. 4 is a sketch of the furnace, showing the important features. 
Electrodes are prepared from mixtures of powdered metals 
which have been pressed at moderate pressures and sintered at mod- 
erate temperatures to give a product strong enough to be handled 
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connections. 
16—Mold base. 
17—Vacuum seal. 
18—Feeding motor. 
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Fig. 4—Diagram of the Arc Melting Unit. 


and manipulated in the furnace. The electrodes used for this investi- 
gation were approximately 12 by % inch in cross section and 18 
inches long. Generally, two or more of these electrodes were joined 
end to end by means of molybdenum studs to give a composite elec- 
trode which, when, melted, would give an ingot of usable size. 

The melting process consists, simply, of striking an arc between 











1014 TRANSACTIONS OF THE A. S. M. Vol. 42 


the lower end of the electrode and the base of the water-cooled copper 
mold. The electrode is then continuously fed by an automatic mech- 
anism into the mold cavity at constant voltage. The metal from the 
electrode is deposited in a crater-shaped manner and forms its own 
crucible as melting proceeds. Upon completion of the melting opera- 
tion, the ingot is removed through the base of the mold. 

Ingots were cast in a 2-inch diameter mold, but melting condi- 
tions were adjusted so that the metal did not completely fill the mold. 
Ingot diameters varied from 1% to 1% inches. 

During the early part of this investigation, it was discovered 
that chromium and molybdenum alloys could not be melted satis- 
factorily in a vacuum because of the high vapor pressure of chromium. 
Therefore, a method was devised by which the casting chamber was 
first evacuated; then argon was introduced until atmospheric pres- 
sure was reached. During the melting operation a continuous stream 
of argon was introduced through the base of the mold and expelled 
through the upper furnace shell (see Fig. 3). 

Electrode and ingot compositions and melting conditions are 
presented in Table I. Molybdenum and chromium powders used 
for preparation of the electrodes were of the highest purity available 
commercially at the time of the investigation. The molybdenum pow- 
der was 99.9% pure, whereas the electrolytic chromium powder was 
99.4% pure, the major impurities being oxygen. The carbon used 
for deoxidation contained 99.5% free carbon and had an ash content 
of 0.01%. The beryllium deoxidizer was 96 to 98% pure, the major 
impurities being chlorides and fluorides of aluminum and magnesium. 

The electrodes were prepared by pressing the mixed powders at 
about 30,000 pounds per square inch pressure. All electrodes, with 
the exception of those for Heats No. 54 and 55, were sintered at 
1830°F (1000°C) for % hour in a vacuum. The high chro- 
mium electrodes for Heats No. 54 and 55 were sintered at 2370 °F 
(1300 °C) for % hour in a vacuum. The argon was free of oxygen 
and hydrogen and had a purity of 99.6%, the balance being nitrogen. 
The major portion of this nitrogen was removed by passing the gas 
through an activated charcoal absorption tower immersed in a bath 
of liquid nitrogen. 


Diffusion and Heat Treatments 


Several of the alloys showing excessive coring were given a 
diffusion treatment at 3400 to 3600°F (1870 to 1980°C) for 12 
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Table I 
Melting Data for Molybdenum-Base Alloys 
Composition of Composition of Arc Ingot 
Heat -—Electrodes, %Z——~ Ingot, % Current Arc Diameter Ingot 
No. Cr Cc Be cy © Be (amp) Voltage (inches) Condition 
A* 1000 17 1% Solid 
48 0 0.1 0 0.06 
B 1000 16 1% Solid 
A 2.0 .35 
44 1070 15 1% Porous 
B 2.0 0.1 1.35 0.05 
49-A 0 0.1 0 0.1 1080 15 1% Solid 
49-B 2.0 0.2 1.63 0.195 1070 15 1% Solid 
49-C 2.0 1.18 1070 14 1% Slight 
Porosity 
A 5.0 4.26 1% Solid 
45 1000 il 
5.0 0.1 4.26 0.02 1% Slight 
Porosity 
A 10.0 9.2 1% Solid 
46 1030 11 
B 10.0 0.1 9.2 0.02 1% Slight 
Porosity 
A 20.0 19.3 1% Solid 
47 1030 11 
B 20.0 0.1 19.3 0.04 1% Solia 
54 30.0 27.5 1120 14 134 Solid 
55 40.0 36.3 1170 15 1% Solid 


*Cast in vacuum. 


hours in a hydrogen atmosphere. The furnace consisted of a tungsten 
crucible heated by an induction coil. The whole unit was enclosed 
in a bell jar. Samples were placed in the tungsten container and 
temperature readings were made with an optical pyrometer specially 
calibrated and corrected to give an accurate temperature reading for 
the samples in the furnace. 

Several other specimens were treated at approximately 2900 °F 
(1595°C) for 3 hours in a hydrogen atmosphere and water- 
quenched. These samples were treated in a molybdenum-wound 
resistance furnace and temperature readings were made with an 
optical pyrometer. 


X-Ray Diffraction Study 


X-ray diffraction studies were made using the powder method. 
Several milligrams of each sample were mounted in pyrex capillaries 
and placed in the X-ray beam in a conventional General Electric 
powder camera mounting. Copper K, radiation was used for all 
photographs. To arrive at the most accurate lattice parameter, 
advantage was taken of the fact that the precision of the determina- 
tion increases as the Bragg angle increases. The a’s calculated from 
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the data were plotted as a function of thie cos? 6, 6 being the Bragg 
angle. The curve so obtained was extrapolated to @ equals 90 degrees 
and the value of a for this angle was taken as the correct value. 


Metallography 


All metallographic samples were prepared using diamond paste 
as the polishing medium. The method used was similar to that 
described by Woodside (10). Etched samples were treated with a 
mixture of the following composition: 10 grams K,Fe(CN),, 10 
grams NaOH, 100 grams H,O. Etching times varied from 5 to 50 
seconds, increasing with increasing chromium content. 


Oxidation Tests 


The samples used for oxidation tests were approximately 14-inch 
cubes. Samples tested at 1200°F (650°C) were polished down 
through 3-0 emery paper. Because of the large weight losses obtained 
at 1500 and 1800 °F (815 and 980 °C), samples were tested with the 
surface obtained from sectioning with an abrasive cutoff wheel. 
Rough edges and projections were removed. 

Samples were treated in a Globar furnace with a hearth dimen- 
sion of approximately 12 by 18 by 24 inches. Furnace temperatures 
were constant within plus or minus 25°F. The specimens were 
quenched in water upon removal from the furnace to remove the 
oxides adhering to the surface. Bulk oxides remaining after quench- 
ing were removed by wiping the samples with a clean cloth, leaving 
only a very thin oxide film. Samples were weighed within one-tenth 
of a milligram on a standard chemical balance before each test and 
after each quenching operation. 

The work of Leslie and Fontana (11) indicated that an oxidiz- 
ing atmosphere with severely restricted circulation gives the highest 
rate of oxidation for alloys containing molybdenum. Therefore, a 
static atmosphere was used, as it was desired to test these alloys 
under the most severe conditions. Oxidation times were maintained 
at less than 50 hours, as this period was sufficiently long to compare 
the oxidation behavior of the various alloys. 


Forging Tests 
Samples for forging tests were approximately %4-inch cubes. 
Samples were heated in a built-up brick chamber erected next to 


the forging hammer. A neutral oxyacetylene flame was used for 
heating, and temperature readings were obtained with an optical 


- 
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pyrometer. A 150-pound Bradley hammer with a set of flat dies 
was used for forging. 

The test consisted of measuring the thickness of the specimen, 
heating the specimen to 2400 to 2500 °F (1315 to 1370 °C), forging 
one or two blows, reheating, and forging, etc., until definite cracks 
were noted around the edges of the sample. The thickness was 
measured again and the reduction of original thickness calculated in 
per cent. With this setup, samples could be quickly transferred to 
the forging dies, forged with a minimum temperature drop, then 
transferred back to the heating chamber for the reheating operation. 
A small pair of tongs, designed to extract a minimum amount of 
heat from the specimen, was used. It is believed that most of the 
forging was done at temperatures higher than 2300 °F (1260 °C). 


Hardness Tests 


Hardness tests were run on all samples prepared for metal- 
lographic examination. These hardness tests were made on the 
Rockwell A _ scale (60-kilogram load—diamond brale), because 
higher chromium samples were prone to crack under greater loads. 

Hot hardness tests were run by the Climax Molybdenum Re- 
search Laboratory. The apparatus for this work is described in detail 
elsewhere by Bens (12). 


RESULTS AND DISCUSSION 
Melting and Deoxidation 


“Pure” molybdenum can be arc-melted and cast successfully in 
a vacuum (8, 9, 13). Initial attempts at vacuum melting of chro- 
mium-molybdenum alloys produced extremely porous ingots and very 
high chromium losses. Literature on vapor pressure at high temper- 
atures (14) indicated that at 5430 °F (3000 °C) the vapor pressure 
of chromium is 1 atmosphere; whereas the vapor pressure of molyb- 
denum is 0.001 atmosphere. Therefore, it was deemed desirable 
to melt these alloys at atmospheric pressure in an inert atmosphere. 

The ingots cast in an argon atmosphere were generally com- 
pletely free of porosity except when carbon was introduced as a 
deoxidizing agent. Chromium losses varied from 0.8% for the 2% 
chromium alloy to 3.7% for the 40% chromium alloy. 

All ingots with 4% or more chromium cast without carbon 
additions were free of porosity. Apparently the metal as deposited 
from the arc froze so rapidly that the carbon did not react completely 
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Figs. 5 and 6— Precipitate of Beryllium Compound in Region of Grain Boundaries—Typical 
Structure of “Pure” Molybdenum Plus 0.1% Beryllium and 1.63% Chromium Plus 0.2% 
Beryllium As-Cast Samples. Etched. Fig. 5—X 100. Fig. 6—X 250. 

Fig. 7—Resolution of Precipitate after a 3-Hour Treatment at 2900°F (1595°C)— 
Typical Structure of ‘‘Pure’’ Molybdenum Plus 0.1% Beryllium and 1.63% Chromium Plus 
0.2% Beryllium Samples. Etched. XX 250. 


with the oxides present. The carbon monoxide and carbon dioxide 
gases formed did not have the opportunity to be completely evolved 
and were trapped as the metal solidified, thus producing the porous 
condition. Inasmuch as carbon additions gave porous ingots and 
microscopic examination indicated that carbon additions did not 
markedly decrease the number of oxide inclusions, it was decided to 
cast heats of 30 and 40% chromium without carbon additions. 

To determine whether or not beryllium would be an effective 
deoxidizer, 0.1 and 0.2% of this metal was added to “pure” molyb- 


a 
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Fig. 8—Oxide Inclusions and Coring in As—Cast 19.3% Chromium Sample. Etched. X 250. 


Fig. 9—Solution of Oxides and Elimination of Coring in As—Cast 19.3% Chromium Sample 
after Treatment at 3500°F (1925°C) for 12 Hours. Etched. X 250. 


Fig. 10—Carbides in Grains and in Grain Boundaries of As—Cast ‘‘Pure’’ Melybdenum 
Sample. Etched. X 250. 


denum and a 2% chromium alloy, respectively. The resulting ingots 
were free of porosity, indicating that the beryllium was reacting 
with the oxygen, forming a nonvolatile oxide. Little, if any, beryl- 
lium was lost during the melting operation. Typical microstructures 
of the ingots are shown in Figs. 5 and 6. A precipitate of a beryllium 
compound was formed in the region of grain boundaries. After a 
3-hour solution treatment at approximately 2900 °F (1595 °C), the 
precipitate was dissolved (see Fig. 7). The results of hardness tests 
performed on these samples are presented later in the discussion. 
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Deeply etched microsections of ingots with 4% or more chro- 
mium indicated that coring had occurred. The extent of coring 
increased with increasing chromium content. Coring was eliminated 
by diffusion treatment at 3400 to 3600 °F (1870 to 1980 °C) for 12 
hours. The effect of the diffusion treatment on coring and oxide 
solution is shown by Figs. 8 and 9. 


Except for carbides and oxides, the chromium-molybdenum 
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Fig. 11—Comparative X-Ray Diffraction Results 
of This and Other Investigations. 


alloys made for this investigation were single-phase alloys. Figs. 8, 
9 and 10 illustrate the typical structures of the alloys made. 


X-Ray Diffraction Study 


Table II and Fig. 11 show the results of the X-ray diffraction 
investigation. The lattice parameters obtained for the body-centered 
cubic structure alloys corroborate the work of Trzebiatowski and 
his co-workers (6) and differ only slightly with the results of 
Kubaschewski (5). The results verify the fact that chromium and 


sd 
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Table II 
X-Ray Diffraction Results 
Heat No. Weight % Cr Atomic % Cr Corrected a 

Mo Powder 0 0 3.141 
44-A 1.35 2.55 3.135 
45-A 4.26 7.58 3.124 
46-A 9.20 15.7 3.107 
47-A 19.3 30.6 3.076 

54 27.5 41.1 3.057* 
3.049 

55 36.3 $4.2 3.018* 
3.014 
= Cr Powder 100 100 2.878 





*After high temperature diffusion treatment at 3400 to 3600°F for 12 hours. 





molybdenum are completely soluble ‘in the solid state and show a 
positive deviation from Vegard’s Law. 

The extent of coring for the high chromium alloys is illustrated 
by the two sets of results obtained for the 27.5 and 36.3% (41.1 and 
51.2 atomic per cent) chromium alloys. The low a values were 
obtained by using only the finest powder fractions produced by 
crushing as-cast samples in a mortar, whereas the high values were 








Table Ill 
Oxidation Test Results 
Test : 
Tempera- Heat -~—Composition,%—- Weight Change, % Weight Loss,* 
ture, °F No. Cr © Be Hours of Exposure-——_~ g/hr/sq cm 
1200 2-5 /12 §-5/12 19-11/12 43-1/6 
48 0.06 + 0.11 + 0.11 — 0.17 — 1.76 0.00076 
49-C 1.18 — 0.04 — 0.21 — 1.22 — 2.17 0.00086 
49-B 1.63 0.195 + 0.01 —0.15 —0.73 — 1.59 0.00063 
45 4.26 0.00 — 0.14 — 0.66 — 1.47 0.00060 
46 9.20 + 0.01 — 0.04 — 0.68 — 1.81 0.00078 
47 19.3 + 0.04 + 0.06 + 0.01 — 0.09 0.00004 
54 27.5 0.00 0.00 0.00 + 0.01 0.00000 
55** 36.3 —- 0.01 — 0.01 — 0.07 — 0.15 0.00006 
1500 1 3% 6-1/12 21-7/12 
48 0.06 —21.0 —59.6 —89.7 0.309 
49-C 1.18 —18.97 —54.4 Sample 0.295 
lost 
49-B 1.63 0.195 — 9.68 30.3 —50.4 0.145 
45 4.26 —10.04 —36.5 —61.1 0.188 
46 9.20 — 2.45 — 9.12 —23.6 —92.8 0.080 
47 19.3 + 0.01 + 0.03 + 0.01 — 1.08 0.0009 
54 27.5 — 0.04 + 0.18 — 0.17 — 1.54 0.0014 
Ss waa — 0.01 —0.11 —0.25 — 1.26 0.0010 
1800 4% 1-5/6 6-5 /12 21% 
48 0.06 —20.5 —56.6 0.674 
49-C 1.18 —33.4 —83.9 0.853 
49-B 1.63 0.195 —29.6 —80.0 0.858 
45 4.26 —29.3 —75.1 0.803 
46 9.20 —20.6 —56.1 0.604 
47 19.3 —10.9 —22.8 —99.3 0.298 
54 27.8 —12.8 —33.7 —91.5 0.275 
3s.. M3 — 1.17 — 4.27 —13.0 —76.4 0.060 


*Based on Jongest time of exposure. 


**High weight loss due to inclusion of “pure’’ molybdenum stud from melting operation — 
(stud located at surface of sample). 

















1022 TRANSACTIONS OF THE A. S. M. Vol. 42 


obtained from crushed powders of samples given a diffusion 
treatment for 3 hours at approximately 2900°F (1595°C). The 
results indicate that the fine powders from the as-cast samples were 
of higher chromium content than the average composition of the 
samples. 
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Fig. 12—Per Cent Weight Loss Versus Time of Exposure 
for Oxidation Tests Run at 1500°F (815°C). 


Oxidation Tests 


The results of the oxidation tests are presented in Table III 
and in Figs. 12 and 13. The main objective of these tests was to 
give qualitative information as to the relative oxidation resistance 
of the alloys. Fig. 12 shows the per cent weight loss versus time 
of exposure for oxidation tests run at 1500°F (815°C). This 
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figure shows that weight loss varied linearly with time of exposure, 
and that alloys with 20% or more chromium showed much less 
weight loss for a given time than alloys with 9% or less chromium. 
Similar curves at 1200 and 1800 °F are not included because of their 
similarity to the curve described above. 
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Fig. 13—Per Cent Weight Loss Per 
Hour Versus Chromium Content for Oxi- 


dation Tests Run at 1200, 1500 and 1800°F 
(650, 815 and 985°C). 


Rates of oxidation are presented in Table III, both on the basis 
of percentage weight loss per hour and weight loss in g/hr/sq cm. 
The former value was found both convenient and sufficiently accu- 
rate for purposes of comparison of the alloys. The latter value was 
presented primarily: for comparison of the oxidation resistance of the 
alloys tested with that of other alloys reported in the literature. 
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However, weight loss in g/hr/sq cm is not an accurate unit for com- 
paring the oxidation behavior of the alloys tested at 1500 and 1800 °F 
(815 and 980 °C), because of the large volume changes that occurred. 

Fig. 13 shows the percentage weight loss per hour versus chro- 
mium content for oxidation tests at 1200, 1500 and 1800 °F (650, 
815 and 980°C). This curve shows that oxidation rates increased 
markedly with temperature and generally decreased with increasing 
chromium content. No explanation is available at this time for the 





Fig. 14—Heavy Reddish Colored Oxide 
Jacket on 9.2% Chromium Sample after 21 
Hours at 1500°F (815°C) in an Oxidizing 
Atmosphere. X 2. 


weight loss peaks at 1500 and 1800 °F for the 1.18% chromium alloy. 
The high oxidation rates at 1500 °F for alloys with less than 20% 
chromium, and for all alloys at 1800 °F, indicate that, unless pro- 
tective coatings are applied, these alloys are not adapted for use 
above 1500 °F in oxidizing atmospheres. 

Metallographic examination of oxidized samples indicated that 
the attack was general; in no case was intergranular attack noted. At 
1500 and 1800 °F, alloys with 1 to 20% chromium formed porous 
bulk oxides. The appearance of these oxides before quenching is 
illustrated in Fig. 14 for the 9.2% chromium sample. At 1200 °F, 
a thin, light green scale was formed on the “pure” molybdenum sam- 
ple. This oxide was apparently MoO, (18, 19, 20). At 1500 and 
1800 °F, “pure” molybdenum had a bluish-colored surface coating 
which is believed to be MoOQ,. 
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The oxides formed on alloys with 4 to 20% chromium were 
reddish in color and were very porous and powdery at 1500 and 
1800 °F. An attempt was made to identify these oxides by petro- 
graphic examination. However, no data on oxides of these colors 
could be located in the literature. Chemical analysis indicated that 
the oxide on the 9.2% chromium alloy contained approximately 50% 
molybdenum and 12% chromium. Therefore, it is believed that these 
reddish-colored oxides are solid solutions of one or more oxides 
of each of the two metals. The oxides on samples with 27.5 and 
36.3% chromium were green in color and seemed to be principally 
Cris. 

The results support the work of Leslie and Fontana (11) and 
the recently reported work of Kubaschewski and Schneider (21). 
The high rates of oxidation at temperatures of 1500 and 1800 °F 
are attributed to the sublimation and possible thermal dissociation 
of molybdenum trioxide. It is believed that the evaporation of this 
component leaves the oxide layer in a porous condition which facili- 
tates further attack by oxygen from the atmosphere. 

Molybdenum-rich chromium-molybdenum alloys are not oxida- 
tion resistant at high temperatures and any applications of these alloys 
under oxidizing conditions at temperatures above 1500 °F will re- 
quire the use of protective surface coatings. Inasmuch as these alloys 
have other desirable properties, it is possible that coatings will be 
developed which will protect them from oxidation at high tempera- 
tures. Investigations by the Bureau of Standards (22) and Bickle 
(23, 24) show encouraging results on the protection of high strength, 
high melting alloys from oxidation through the application of surface 
coatings. 


Forging Tests 


These tests were made to compare the forgeability of chromium- 
molybdenum alloys with the known forgeability of “pure’’ molybde- 
num. The forging temperatures used, 2300 to 2500°F (1260 to 
1370 °C), are those recommended for molybdenum and are probably 
not the optimum forging temperatures for the chromium-molybdenum 
alloys tested. 

Results of the forging tests are presented in Fig. 15 and show _ 
a marked decrease in forgeability with increasing chromium content. 
Alloys with more than 4% chromium were extremely difficult to 
forge. Considering the limitations of the method used for deter- 
mining the forgeability, the results fall in line remarkably well. In 
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Fig. 15—-Hot Hardness at 77, 1000 and 1600 °F 
(25, 540 and 870°C); Forgeability at 2300 to 2500 
°F (1260 to 1370 °C). The point on the Forgeability 
Curve for the 19.3% alloy was omitted because this 
m7 was accidentally forged beyond point of initial 
cracking. 


Table IV 
Hot Hardness Test Results 





Heat No. 48 49-C 45-A 46-A 47-A 
Composition 
(per cent): 
Cr 1.18 4.26 9.20 19.3 
0.06 
Testing 
Temperature, °F 
77 188 237 351 444 606 
1000 73 193 249 346 485 
1200 68 201 255 340 466 
1400 67 192 249 356 453 
1500 64 190 251 346 449 
1600 64 202 242 337 432 
77 (10.0-kg Load) 187 240 342 457 599 


Forgeability -% Reduction 
in Thickness Before Cracking 


Diamond Pyramid Hardness Numbers (10.470-Kg Load) 


54 


27.5 


627 
469 
432 
426 


588 


Vol. 42 





55 


36.3 


599 
457 
453 
453 
432 


585 


interpreting these results, the reader should consider that higher pre- 
heating temperatures, lower rates of deformation, use of swaging-type 
dies, etc., could all be applied to improve the forgeability of these alloys. 
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Hardness Tests 


Results of hardness tests are shown in Table IV and are plotted 
in Fig. 15 for 77, 1000 and 1600 °F (25, 540 and 870°C). At all 
temperature levels investigated, the hardness increases markedly with 
chromium content to a maximum at approximately 27% chromium. 
The 27.5% alloy showed the highest room temperature hardness of 
627 DPH as compared to 188 DPH for “pure” molybdenum. 

It is interesting to note that the addition of as little as 1% 
chromium produces a marked increase in hardness level, particularly 
at elevated temperatures. The hardness of this alloy at 1600°F 
(870°C) is higher than the room temperature hardness of “pure” 
molybdenum. The drop in hardness for this alloy for a temperature 
increase from 77 to 1000 °F (25 to 540°C) is relatively small as 
compared to that of “pure” molybdenum. No positive drop in hard- 
ness was obtained in the range from 1000 to 1600°F (540 to 
870 °C). 

The work of Bens (12) on the correlation of hot hardness with 
stress-rupture test results for chromium-base alloys indicates that 
hardness at elevated temperatures appears to be a useful index of 
elevated temperature strength. If this is true, then additions of chro- 
mium should greatly improve the high temperature strength of 
molybdenum. 

Hardness measurements were made on beryllium-treated sam- 
ples of “pure” molybdenum and a 1.63% chromium alloy. As cast, 
the former had a hardness of 50 and the latter a hardness of Rockwell 
A-66. After solution treatment for 3 hours at approximately 2900 °F 
(1590 °C) the hardness of the “pure” molybdenum sample with 
0.1% beryllium addition increased to Rockwell A-62. The hardness 
of the 1.63% chromium alloy with 0.2% beryllium decreased to 
Rockwell A-63. Aging for 1 hour at 1200, 1500 and 1800 °F (650, 
815 and 980 °C) did not change the hardness of the latter alloy. The 
hardness of the “pure” molybdenum-beryllium alloy was not changed 
by aging at 1200 °F (650°C) but dropped to Rockwell A-46 after 
1 hour at 1500°F (815°C). :These data indicate that small addi- 
tions of beryllium can greatly increase the hardness of chromium- 
molybdenum alloys. Inasmuch as the nature of the beryllium precipi- 
tate is not known, these results are included only as a matter of 
interest. 
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CONCLUSIONS 


The results of this investigation indicate that molybdenum-rich 
chromium-molybdenum alloys can be successfully arc-melted and cast 
in an argon atmosphere. Carbon is not an effective deoxidizer in 
the arc melting of chromium-molybdenum alloys. Small beryllium 
additions were made for deoxidation purposes and were found to 
cause large increases in the hardness of molybdenum and chromium- 
molybdenum alloys. 

X-ray diffraction studies show that arc-melted chromium-molyb- 
denum alloys with up to 36% (51 atomic per cent) chromium are 
completely soluble in the solid state and have a body-centered cubic 
structure. 

Oxidation resistance for short times of exposure in a static air 
atmosphere was evaluated at 1200, 1500 and 1800 °F (650, 815 and 
980 °C). Oxidation resistance generally increases with increased 
chromium content. The high oxidation rates at 1500°F (815 °C) 
for alloys with less than 20% chromium, and for all alloys at 1800 °F 
(980 °C), indicate that unless protective coatings are applied, these 
alloys are not adapted for use above 1500 °F (815 °C) in oxidizing 
atmospheres. Oxide films formed on the alloys tested were porous 
and nonprotective because of the volatilization and possible dissocia- 
tion of molybdenum trioxide at 1500 °F (815 °C) or more. 

Forgeability at 2300 to 2500°F (1260 to 1370°C) decreases 
markedly with increase in chromium content. 

Hardness at temperatures from 77 to 1600 °F (25 to 870°C) 
increases markedly with increased chromium content, reaching a 
maximum at about 27% chromium. Chromium additions of as little 
as 1% greatly increase the hot hardness and only moderately increase 
the room temperature hardness. Considering hot hardness as an 
index of strength at elevated temperature, then chromium additions 
to molybdenum should greatly improve this property. 

The results show that molybdenum-rich chromium-molybdenum 
alloys offer promise for high strength, high temperature applications, 
provided a satisfactory means is developed to protect these alloys 
from oxidation. 
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DISCUSSION 


Written Discussion: By J. L. Ham, Climax Molybdenum Company 
of Michigan, Detroit. 

Having produced and studied molybdenum-base alloys by methods 
similar to those described by the authors and having followed some phases 
of the authors’ work rather closely, I am naturally very much interested 
in both the methods used and the results presented here. The authors 
have demonstrated the feasibility of producing molybdenum-base alloys 
containing large amounts of relatively volatile metal in an arc furnace 
by the use of argon to prevent excessive volatilization. This in itself 
is a valuable contribution, and the information on the properties of 
molybdenum-chromium alloys is also very welcome. 

I would appreciate a further statement from the authors as to the 
purity of the argon. The argon which we have used was reported by 
the manufacturer to be very pure, but on passing it through a drying 
agent and over titanium sponge at 1150°F (620°C), we found that 
about 0.02% water and 0.15% of other gases had been removed. Some 
of the gas may have been nitrogen, but the titanium and also the 
magnesium used in a similar test appéared to be oxidized. Further- 
more, it was found that ingots of molybdenum formed by melting rolled 
bars in argon and containing approximately 0.03% carbon could not 
be forged unless the argon was purified. The argon was purified by 
the same method as used for its analysis. 

Circulation of argon up through the mold is undoubtedly beneficial 
if the argon is purified. However, to keep the partial pressure of 
evolved gases at a value comparable with that obtained in vacuum melt- 
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ing requires a considerable flow of argon, considerably more power to 
fill the mold properly, and a rather high capacity purification system 
for the argon. 

The authors’ explanation of the cause of porosity when using carbon 
as a deoxidizer is probably correct. Nevertheless, I do not agree with 
their conclusion that “carbon is not an effective deoxidizer in the arc 
melting process”; even though it is taken for granted that this is intended 
to apply only to the melting of molybdenum-chromium alloys under 
argon. It is our experience that ingots containing a considerable amount 
of either oxide or carbide are likely to be sound but that those contain- 
ing both are usually porous. Considering the well-known difficulty of 
preventing the oxidation of chromium powder during sintering and the 
possibility of as much as 0.17% of oxygen-bearing gases. in the argon 
(corresponding to a partial pressure of at least 1.5 millimeters), it is 
probable that even 0.1% carbon was insufficient to deoxidize these alloys. 
It is noted in Table I that two of the ingots retained only 0.02% carbon. 
This is barely sufficient to insure deoxidation on melting very pure 
molybdenum. 

Although it would have improved soundness and possibly forge- 
ability, an amount of residual carbon sufficient to remove the oxygen 
under the conditions of these experiments would have reduced the 
fundamental value of the test data considerably, and the authors’ choice 
of procedures was probably wise. 

We also have found that small additions of deoxidizers such as 
beryllium reduce porosity. Did the authors attempt to evaluate the 
effect of beryllium on forgeability ? 

The hot hardness data furnish an example of the very respectable 
magnitude of simple solid solution hardening obtainable in molybdenum- 
base alloys. Did the authors observe any evidence of ordering in this 
system? 

Written Discussion: By J. H. Kittell, associate metallurgist, 
Argonne National Laboratory, Chicago. 

This timely paper should prove of great interest to the numerous 
metallurgists who are working on the difficult problem of developing 
heat-resistant alloys significantly better than those in existence at the 
present time. Molybdenum-rich alloys have frequently been considered 
as a fruitful field for research, but the scarcity of published data, par- 
ticularly data of engineering interest, effectively emphasizes the experi- 
mental difficulties involved in producing sizable amounts of relatively 
pure molybdenum-rich alloys. The authors are to be congratulated for 
satisfactorily solving the experimental problems which have heretofore 
largely prevented intensive research in this field. It is to be hoped that 
the study of these alloys will be continued, perhaps to the point of 
making a few stress rupture tests. 

Even in heat-resistant alloys, some ductility at room temperature 
can be very useful. Were these alloys brittle at room temperature or 
was some ductility noted? Also, were any attempts made to control the 
grain size of the alloys used in the forgeability tests? 
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Written Discussion: By G. H. Schippereit, Battelle Memorial 
Institute, Columbus, Ohio. 

The authors have presented a paper of immediate interest for those 
concerned with arc melting of difficult alloys. Could the authors give 
the current and voltage values used in the preparation of the alloys, 
the consumption rate of the electrode per minute, and evidence, if any, 
of ingot pipe or inhomogeneity? 


Authors’ Reply 


The authors wish to express their appreciation to those who have 
contributed to the discussion of this paper. 

In answer to Mr. Ham, the argon gas was passed through an acti- 
vated charcoal tower immersed in liquid nitrogen. This treatment cer- 
tainly removed all the moisture and probably removed some of the 
nitrogen present in the gas. The manufacturer of the argon reported a 
purity of 99.6% with less than 0.002% each of hydrogen’ and oxygen; 
therefore, no attempt was made to remove these gases. No actual gas 
analysis was made. 

The authors appreciate the fact that carbon is an effective deoxidizer 
in the arc melting of “pure” molybdenum and have revised the conclu- 
sions to this effect. Carbon was not added in larger proportions in the 
melting of the chromium-molybdenum alloys because it may have reduced 
the fundamental value of the results by introducing carbides as an addi- 
tional variable. No attempt was made to evaluate the effect of beryl- 
lium on forgeability. 

The possibility of ordering in the chromium-molybdenum system was 
not investigated, but the work of Kubaschewski and Schneider (5) 
indicates that some type of transformation may exist at low tempera- 
tures, as they found striations within the grains of the solid solution. 
No such structural variations were found in the alloys used for this 
investigation for the treatments given. Although the samples used for 
hot hardness tests run between 1000 and 1600°F (540 and 870°C) were 
not examined after testing, other samples used for oxidation tests at 
1200 to 1800°F (650 to 980°C) were examined microscopically and did 
not show structural changes. 

To answer Mr. Kittell, the authors found that in the room tempera- 
ture handling of “pure” molybdenum and chromium-molybdenum alloys, 
the alloys were definitely brittle in the as-cast condition. No attempt 
was made to control the grain size of the alloys for the forging test; 
however, it may be stated that the grain size decreased markedly with 
increasing chromium content. 

Mr. Schippereit will find the current and voltage values used in the 
preparation of these alloys in Table I of the paper. The melting rates 
varied slightly but were approximately one-third of a pound per minute. 
The homogeneity of ingots of the first alloys made for this investigation 
was checked by chemical analysis for variations in composition; it was 
found that variations in chromium content were extremely small for the 
alloys tested. 








INFLUENCE OF COMPOSITION ON TEMPER 
BRITTLENESS IN ALLOY STEELS 


By A. P. Taper, J. F. THorLIn anv J. F. WALLACE 


Abstract 


A closely controlled investigation was conducted to 
determine the influence on temper brittleness of various 
amounts of chromium, manganese, nickel, and molyb- 
denum in low and medium alloy steels. The significant 
variables, such as grain size, hardness, microstructure, 
steelmaking practice, forging direction and reduction, tem- 
pering temperature, and method of embrittlement were 
maintained as constant as possible. The nonembrittled 
specimens were water-quenched and the embrittled sam- 
ples furnace-cooled from the tempering temperature at a 
rate of 18°C per hour. Qualitative evaluation of the sus- 
ceptibility of the steels to embrittlement from this type of 
treatment was determined by a method based on the areas 
between the energy transition curves from ductile to brittle 
failure obtained by testing the nonembrittled and embrit- 
tled impact bar specimens over a range of temperatures. 
The effect of individual elements on the temper embrittle- 
ment was obtained by comparing the impact test results 
when that element was varied in a series of steels with the 
same base analysis. 

The results tndicate that the alloys investigated influ- 
ence the temper embrittlement of steels slowly cooled from 
the temper at a rate of 18°C per hour as shown below. 
Chromium causes considerable mcrease in the suscep- 
tibility of alloy steels to temper embrittlement. In addi- 
tion, the presence of chromium appears to enhance the 
embrittlement produced by additions of manganese and 
nickel. Manganese up to 0.60 to 0.70% has little effect, 
but larger percentages of this element bring about as much 
or possibly more temper embrittlement than chromium. 
Nickel tends to develop much less susceptibility toward 
temper brittleness during slow cooling from the tempering 
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temperature than either chromium or manganese. From 
four to five times more nickel than chromium or manga- 
nese (above 0.60 to 0.70%) is required to produce the 
same embrittling effect. Molybdenum, at least in amounts 
up to 0.25%, greatly decreases the susceptibility to temper 
embrittlement of the alloy steels investigated. 

To attain maximum hardenability with the minimum 
temper brittleness, the employment of a steel containing 
up to at least 0.60 to 0.70% manganese and at least 
0.25% molybdenum appears desirable under all conditions. 
Combinations of manganese, chromium, and nickel seem 
preferable for higher hardenabilities, with some advan- 
tages attainable at high nickel contents. 


HE attainment of optimum mechanical properties in highly 

stressed steel components has been of increasing interest to 
metallurgists. Recent work has indicated that good toughness or 
impact resistance is necessary for such parts, particularly at low 
temperatures, under shock loading, and in the presence of combined 
stresses and stress concentrators. Since it has been shown that a 
superior combination of mechanical properties, including toughness, 
is obtained with a tempered martensitic microstructure (1),’ present 
efforts are directed toward quenching the steel parts to martensite 
and tempering to the desired strength. 

It has been found, however, that the majority of medium and 
high alloy steels are subject to a loss of impact energy if tempered 
in a certain temperature range (usually given as 600 to 300°C or 
1110 to 570 °F) or if cooled slowly through this range. This loss 
in toughness is called temper brittleness. Temper brittleness is an 
important consideration in heavy sections where hardenability 
requirements necessitate the use of considerable alloy, thereby 
increasing the tendency toward embrittlement. The rate of cooling 
from the tempering temperature is slow in these heavy sections, 
and temper brittleness occurs even when water quenching is 
employed. This problem is encountered in small sections as well as 
in alloy steel parts that are tempered at approximately 480 to 595 °C 
(900 to 1100°F) to obtain high strength and long fatigue life or 
during hot forming, differential heating, and stress relieving. 

Temper embrittlement best manifests itself by a reduction in the 
impact resistance, and the generally accepted procedure is to compare 
the impact properties of nonembrittled and embrittled specimens. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
ial 
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The energy absorbed during fracture of the impact specimen is 
determined over a range of testing temperatures to obtain a complete 
transition from ductile (fibrous appearance) to brittle (crystalline 
appearance) fracture. The relative displacement of the nonembrittled 
and embrittled transition curves serves as a qualitative measurement 
of the susceptibility of the steel. The type of impact resistance versus 
testing temperature curve and the temperatures of ductile and brittle 
fracture depend, of course, on the particular impact specimen 
and testing method employed. 

The evaluation of the effect of composition on temper embrittle- 
ment is a complex problem. Hollomon (2) in a review of the 
knowledge of temper brittleness has shown that the amount of 
embrittlement increases with increasing alloy content (except for 
molybdenum and possibly tungsten and columbium). Several inves- 
tigators have shown a negligible difference in the energy absorption 
of nonembrittled and embrittled plain carbon steels at one testing 
temperature (3, 4) and over the complete transition temperature 
range (2). Jaffe and Buffum (5), however, in some work at Water- 
town Arsenal have obtained results which indicated that plain car- 
bon steels are so susceptible to temper embrittlement that they are 
embrittled during water quenching from a high tempering tempera- 
ture. These latter investigators suggested that the presence of alloy- 
ing elements tends to retard the development of temper brittleness 
such as shown for molybdenum (3, 6), even though larger amounts 
of alloys may act to increase embrittlement. It appears, then, that 
plain carbon and possibly some alloy steels are partially embrittled 
when water-quenched from high tempering temperatures. Also, the 
addition of some elements to the chemical composition appears to 
raise the transition temperature of nonembrittled steels (7, 8). 

The problem of determining the effect of some alloying elements 
on temper embrittlement is undertaken in this paper. Low and 
medium alloy steels containing chromium, manganese, nickel, and 
molybdenum in amounts usually employed for highly stressed steel 
parts were used in this investigation. In order to reveal the true 
effect of composition, the significant variables indicated by Hollomon 
(2) were maintained as constant as possible and, in keeping with 
the results of recent studies (2, 7), the impact bars were tested over 
the complete transition temperature range. The embrittling treat- 
ment employed for all specimens consisted of furnace cooling from 
the tempering temperature at a controlled rate of 18°C per hour. 
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This rate of cooling produced a severe embrittlement and developed 
large differences in the toughness of some steels. It is pointed out, 
however, that the rate of cooling is much slower and the embrittle- 
ment more severe than results from water quenching the heaviest 
sections from the temper. 


Previous WorkK ON INFLUENCE OF COMPOSITION 


Carbon, Phosphorus, and Nitrogen 


A review of the literature does not permit any definite con- 
clusion to be reached on the direct effect of carbon on temper 
embrittlement. Greaves and Jones (3), Maurer, Wilms and Kiessier 
(9) and Mikhailov-Mikheev (10) found that lowering the carbon 
content of various alloy steels reduced their susceptibility to embrittle- 
ment. Cornelius (11) states that chromium steels with a high carbon 
content may be less prone to temper embrittlement than similar steels 
with low carbon content. Lea and Arnold (6), however, concluded 
that variations in carbon between 0.10 and 0.50% do not affect the 
embrittling tendencies of chromium-nickel steels. Jaffe (12) found 
that a vacuum-melted steel with a carbon content as low as 0.016% 
was still susceptible although less susceptible to temper brittleness 
than the original stock (0.35% carbon). 

Several investigations conducted on the influence of phosphorus 
on temper embrittlement have been reviewed by Hollomon (2). It 
is concluded from this work that phosphorus acts primarily to raise 
the transition temperature of the nonembrittled specimens and that 
the actual effect on temper brittleness is not apparent. Some 
unpublished work at Watertown Arsenal by Riffin and Hurlich (13) 
has shown that increasing phosphorus increases the susceptibility of 
the steel to temper embrittlement as well as raising the transition 
temperature of the nonembrittled specimens. 

Although it has been suggested frequently that a precipitated 
nitride may be the cause of temper brittleness, little work has been 
carried out on the effect of nitrogen. Griffiths (14) concluded that 
nitrogen increased the susceptibility toward embrittlement as the 
result of tests broken at room temperature. Jaffe (12) found that 
reducing the nitrogen content of a steel to less than 0.002% (man- 
ganese was reduced to less than 0.004% and carbon to 0.016%) 
decreased but did not prevent temper brittleness. 


"4 
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Chromium, Manganese and Nickel 


The majority of the investigations conducted on the influence 
of chromium, manganese and nickel were based on the combined 
effect of all three elements. The early work of Greaves and Jones (3) 
indicated that all three tend to increase the susceptibility. Greaves 
(15) found that nickel alone or with low percentages of manganese 
did not induce susceptibility to temper brittleness, but the effect of 
manganese in rendering a steel more susceptible is reinforced by an 
increase in the nickel content. These above results, however, appear 
to have been influenced by variations in hardness and microstructure 
as well as by testing only at room temperature. More recent work 
(2, 7, 8, 9, 16) conducted under more closely controlled conditions 
indicates that temper brittleness occurs in steels containing chromium, 
manganese and nickel and that the amount of embrittlement tends 
to increase with increasing percentages of these elements. 


Molybdenum 


Molybdenum within a certain maximum percentage definitely 
appears to decrease the susceptibility of a steel toward temper brittle- 
ness. Greaves and Jones (3), jolivet and Vidal (7) and Lea and 
Arnold (6) found that molybdenum reduced temper brittleness, 
although the two latter investigators stated that this element simply 
decreased the rate of embrittlement rather than the total amount of 
transformation possible. Later investigators (9) reported that 
molybdenum up to 0.40% reduced the susceptibility to temper brittle- 
ness but more than this amount increased the susceptibility. Some 
recent work (17) at Watertown Arsenal shows, however, that a 
0.55% molybdenum content results in less embrittlement than 0.35% 
molybdenum in high hardenability, manganese-nickel-chromium- 
molybdenum cast steels slowly cooled from the temper (18 °C per 
hour). 


PROCEDURE 


This investigation was confined to the 0.30% carbon low sulphur 
and phosphorus, manganese-chromium-nickel-molybdenum steels” 
often used where good toughness is required. The principal object 
was the determination of the relative effect of chromium, manganese, 
nickel, and molybdenum on the temper brittleness of these alloy steels. 





The steels were sup lied from_a special group of various analyses heats on hand in 
the Physical Metallurgy Section at Watertown Arsenal (Dr. L. D. Jaffe). 
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The significant variables were controlled as closely as possible. 
The austenitic grain size, hardness, microstructure, steel quality 
(steelmaking practice), forging direction, and amount of reduction 
were maintained as constant as was experimentally feasible. The 
variety of compositions employed and the requirement of the same 
hardness of all specimens necessitated the use of different tempering 
treatments. The various tempering treatments employed constitute 
a variable in the processing of the specimens that may have influ- 
enced the results. It is pointed out, however, that Hollomon (2) 
concludes that the amount of relative embrittlement is independent 
of the tempering treatment above about 600°C (1100°F). Only 
one heat (T) was tempered below this temperature and, as will be 
shown later, this heat was embrittled only very slightly, if at all. 

The specimens were cut from 20-foot long, 54-inch diameter 
rods of alloy steel. Table I contains the chemical analyses of each 
heat. All test bars were cut with their longitudinal axes parallel 
to the direction of rolling. The steels were melted in an acid-lined 
induction furnace, alloyed as desired, aluminum deoxidized, and 
poured in refractory hot-topped 5 by 5 to 6 by 6-inch ingot molds. 
After cropping, the ingots were forged to square billets and rolled 
to 54-inch diameter rod. 

All heat treatments were carried out in small electric furnaces 
with accurate temperature control (+5°F). The specimens were 
austenitized for 1 hour at a temperature found by experiment to 
insure complete carbide solution without austenitic grain growth. All 
specimens were water-quenched to an essentially martensitic micro- 
structure from the austenitizing temperature. The tempering treat- 


Table I 
Chemical Composition 








—— ——cneamemmoneen Percentage of Elements 
cj Mn Si Ss 


Heat P Ni Cr Mo Al Cu N* 
A 0.285 0.71 0.225 0.017 0O.O11 1.57 0.01 0.27 0.025 0.065 0.006 
B 0.32 0.71 0.267 0.018 0.012 1,52 0.74 0.266 0.035 0.065 0.006 
D 0.305 0.81 0.310 0.018 0.011 1.52 0.03 0.02 @.@35 ©@.075 -..... 
E 0.28 0.72 0.203 0.017 0.008 1.52 0.61 0.01 0.045 0.085 
H 0.30 0.80 0.280 0.016 0.010 1.63 2.04 0.01 Soa ee Ck eee 
I 0.31 0.32 0.233 0.017 0.009 1.52 S.70..-@.2835 @€.606: @O.06... . vs. 
M 0.315 1.67 0.344 0.018 0.012 1.52 Nil 0.01 0.035 0.07 0.008 
N 0.315 0.69 0.228 0.019 0.010 Nil 0.71 0.27 0.04 Wee. seaes 
T 0.28 0.74 0.275 0.022 0.007 4.06 0.01 0.01 ee aa. sha 
xX 0.29 1.64 0.266 0.018 0.016 Nil 0.68 0.26 0.635: -0.06. ..... 
Vv 0.285 1.50 0.260 0.018 0.014 1.48 0.02 0.28 0.02 ee bees 
Z 0.305 1.67 0.201 0.019 0.012 Nil 0.01 0.27 .0.04 Gea 45% 





*Nitrogen content checked only on three heats indicated. 
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Table Il 
Heat Treating, Metallographic and Hardness Data 





Austenitizing Tempering 
Temp. at Per ASTM ~——Treatment—— Avg. BHN After Transition 
Temperature BHN Cent Grain Time at ——Temper—— Shift in 
-——1ihr.—. After Marten- Size —Temp.—. Temp. Water Furnace Curves 
Heat~ °C °F Quench site No. _ > °F inhrs. Quenched Cool <— 
A 900 1650 578 99 8 630 1165 5 242 240 0 
B- 885 1625 600 100 8 668 1235 3% 251 246 18 
D 885 1625 534 90 8 593 1100 1 243 231 33 
E 900 1650 555 95 7 627 1160 1 246 233 83 
H 3 i678 Sm 100 8 635 1175 5 243 243 169 
I 900 1650 600 100 7 668 1235 3% 247 239 12 
M 900 1650 600 99 10 600 1110 1 244 240 108 
N 900 1650 578 95 7 668 1235 2 246 236 0 
T 900 1650 578 100 7 571 1060 1 253 249 76 
X 900 1650 578 100 7 668 1235 1 246 237 33 
Y 900 1650 578 100 7 635 1175 5 242 234 13 
Z 900 1650 578 100 7 635 1175 4 247 238 17 


ment was also selected experimentally to yield a Brinell hardness 
number of approximately 250. One-half the specimens from each 
group (12 bars were contained in each half group) were water- 
quenched from the temper; one-half of the specimens were slowly 
cooled from the tempering temperature to 125 °C in the tempering 
furnace at a rate of 18°C per hour. The hardness of each specimen, 
the austenitic grain size, and the percentage of martensite was 
checked after quenching each group. These data, together with the 
average hardness of each group after tempering and the austenitizing 
and tempering treatments employed, are contained in Table IT. 

After heat treatment, the specimens were machined into stand- 
ard, V-notch, Charpy impact bars with a 0.010-inch notch radius, 
according to a method described by Siemen (18). The specimens 
were tested in a standard impact machine of 217 ft-lb. capacity at 
such temperatures between —200 and +200 °C as were necessary 
to obtain a complete transition from ductile to brittle fracture. 

The energy absorbed during fracture, temperature, and type of 
fracture were recorded for each bar tested. A plot of the impact 
resistance versus testing temperature was drawn for the non- 
embrittled and embrittled specimens of each group. The displacement 
of these two curves is the criterion for determining temper brittleness. 
The usual methods of measuring the amount of separation of these 
curves has been to compare the so-called transition temperatures of 
the curves. These temperatures have been taken previously at tem- 
peratures which are located on the curves (of energy absorption and 
fracture appearance plotted against testing temperature) from 50% 
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energy absorption® up to the lowest temperature at which fibrous frac- 
ture occurs. Considerable variation in the slope and shape of the 
energy versus temperature curves is found, however, and these differ- 
ences impair the accuracy of comparisons made between transition 
temperatures obtained in this manner. 

To avoid some of these difficulties, a different method of meas- 
uring temper embrittlement is introduced in this work. This con- 
sists of measuring the area bounded by the nonembrittled and 
embrittled curves of energy absorbed during fracture and the lines 
joining the lowest temperature points with a 100% fibrous fracture 
and the highest temperature points with 0% fibrous fracture on the 
two curves. This area is shown cross-hatched on all graphs. A 
planimeter is used to measure this area and the value obtained 
divided by the average height (scaled from the plot) between the 
100% and 0% fibrous lines to obtain the average spacing between 
the two curves. This average spacing when expressed in degrees 
Centigrade is defined as the “transition temperature shift” or simply 
“transition shift”’. 


RESULTS AND DISCUSSION 
Control of Significant Variables 


The results of the chemical and metallographic tests indicate 
that the close control required for this investigation was obtained. 
The minor variations of some significant elements (see Table I) are 
as follows: carbon 0.28 to 0.32%, sulphur 0.016 to 0.022%, phos- 
phorus 0.007 to 0.016%, aluminum 0.02 to 0.045%, and nitrogen, 
on the three samples checked, 0.006 to 0.008%. The grain size was 
uniformly fine, as shown in Table II. The majority of the samples 
had an ASTM grain size number of 7 and 8; heat M was as fine as 
number 10. All steels were quenched to essentially martensite. 
Heat D had to be machined close to final test specimen dimensions 
before quenching and exhibited 90% martensite—the lowest per- 
centage of any heat. The presence of the small percentages of these 
additional microconstituents (apparently bainites) did not seem to 
affect the unembrittled transition curve appreciably. Representative 
“‘as-quenched” microconstituents of the steels are contained in Fig. 1. 

The hardness was reasonably uniform in all samples. The large 
percentages of martensite produced a high hardness in all quenched 





350% energy absorption is the temperature at which the energy required for fracture is 
50% of the energy required for ductile (fibrous ) fracture. 
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Fig. 1—Representative Photomicrographs of As-Quenched Microconstituents of Steel 
Investigated. (a)—Heat D, 90% martensite; (b)—Heat E, 95% martensite; (c)—Heat T, 
100% martensite; (d)—Heat X, 100% martensite. Picral etch. X 1000. See Table I. 


samples. The slightly softer structure observed in heats D and E 
after quenching was undoubtedly the result of the small percentages 
of other constituents than martensite in these samples. The variation 
in the “as-tempered” Brinell hardness. of individual samples from 
each batch was within 10 points and indicated the close control of 
the heat treating procedures. The tempering treatments were 
selected to attain a hardness of 250 BHN in all steels. The average 
Brinell hardness nuniber of the samples from each heat varied from 
242 to 253 for the steels quenched from the temper (nonembrittled) ; 
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Fig. 2—Large Embrittling Effect of Chromium in a Medium 
Carbon-Manganese—Nickel Steel Without Molybdenum. Base com- 


position: 0.30% carbon, 0.75% manganese, 0.25% silicon, 1.50% 
nickel, 0% molybdenum. ; 


the average hardness of the heats furnace-cooled from the temper 
(embrittled) was 231 to 249. The hardness of all steels is believed 
to be sufficiently similar to avoid any significant influence on the 
impact resistance. The additional tempering effect of furnace cooling 
obviously produced a slight softening. 


Effect of Elements on Temper Brittleness 


In order to delineate the effects of the individual elements on 
temper brittleness, the impact resistance versus testing temperature 
curves for the twelve compositions have been arranged in groups. 
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-200 -I20 -40 o +40 -200 -l20 -40 0+40 
Testing Temperature °C 
Effect of Chromium 
Fig. 3—Greatly Reduced Embrittling Effect of Chromium 
Accompanying the Addition of 0.25% Molybdenum to the Steel. 
Base composition: 0.30% carbon, 0.75% manganese, 0.25% 


silicon, 1.50% nickel, 0.25% molybdenum. (See bottom of 
Fig. 2 for legend.) 


The chemical analysis of individual heats in each group differ only 
in the content. of the element under investigation. In this manner, 
the effect of increasing amounts of any one element on the relative 
positions of the impact curves can be observed directly. Figs. 2 
through 14 demonstrate the effects of the various elements. The 
transition temperature shift of each group is listed in Table IT- 


Effect of Chromium 


Fig. 2 shows the large embrittling effect of chromium in a 
medium carbon-manganese-nickel steel without molybdenum. The 
transition temperature shifts as measured by the area method are 33, 
83, and 169 °C for the 0, 0.75, and 2.00% chromium steels respec- 
tively. The transition shift for each of the steels in Fig. 2 is directly 
proportional to the chromium content of the steel, although additional 
alloying elements cause an initial displacement of the curves at 0% 
chromium. 

Fig. 3 indicates the greatly reduced embrittling effect of chro- 
mium accompanying the addition of 0.25% molybdenum to the steel. 
A direct comparison of the 0.75% chromium steels without and with 
0.25% molybdenum, as shown by the top right plot of Fig. 2 and right 
plot of Fig. 3, demonstrate that chromium still brings about embrit- 
tlement but to a much smaller degree in the presence of molybdenum. 
The transition shift is reduced from 83 °C in the 0.75% chromium 
steel without molybdenum to 18 °C in a similar steel with the 0.25% 
molybdenum added. 
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Fig. 4 demonstrates the influence of chromium in a higher man- 
ganese, 0.25% molybdenum steel without nickel. The greater tran- 
sition shifts of the two plots compared to those of Fig. 3 can be 
attributed principally to the increased manganese content. It is 
believed, as will be shown later, that small percentages of nickel have 
little embrittling effect. If the 17°C shift that appears in the left 
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Testing Temperature °C 
Effect of Chromium 
Fig. 4—Influence of Chromium in a Higher Manganese, 
0.25% Molybdenum Steel Without Nickel. Base composition: 


0.25% carbon, 1.75% manganese, 0.25% silicon, 0% nickel, 
0.25% molybdenum. (See bottom of Fig. 2 for legend.) 


plot of Fig. 4 (supposedly caused by the 1.0% increase in man- 
ganese) is subtracted, it is noted that 0.75% chromium in Fig. 4 
results in a shift of 33—17=16°C. Since, according to Fig. 3, 
0.75% chromium produces a transition shift of 18 °C in the presence 
of 0.25% molybdenum, the influence of chromium on the embrittle- 
ment of the two steels appears to be similar. 


Effect of Manganese 


The relatively large embrittling effect of increasing manganese 
in a 1.5% nickel steel is indicated in Fig. 5. The embrittlement 
produced by the manganese addition is similar to that caused by 
increasing the chromium content. The transition shift of the 0.75% 
manganese composition is 33 °C, while the shift of the 1.75% man- 
ganese steel is 108°C. By subtracting, a 1% increase in manganese 
accounts for a transition shift of 75 °C and, in Fig. 2, a 1% increase 
in chromium causes a 70°C difference in transition shift. If the 
effect of manganese on temper embrittlement varied directly with 
the percentage of manganese present, the effect of manganese would 
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Fig. 5—Large Embrittling Effect of Increasing Manganese in a 1.5% 
Nickel Steel. Base composition: 0.30% carbon, 0.25% silicon, 1.50% nickel, 
0% chromium, 0% molybdenum. (See bottom of Fig. 2 for legend.) 
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Fig. 6—The Effect of the Addition of 1.0% Manganese 
(from 0.75 to 1.75%) to a 1.50% Nickel Steel Containing 0.25% 
Molybdenum Causes a Transition Shift of 13°C. Base compo- 
sition: 0.30% carbon, 0.25% silicon, 1.50% nickel, 0% chromium, 
0.25% molybdenum. (See bottom of Fig. 2 for legend.) 


-40 0+40 








appear to be slightly greater than chromium. However, it is demon- 
strated in Fig. 8 that manganese up to 0.60 to 0.70% has little 
influence on temper embrittlement. In larger amounts than this 
minimum content, the influence of manganese is marked. It is 
suggested, on the basis of the limited data available, that the tran- 
sition temperature shift produced by manganese is proportional to 
(% Mn—0.60 to 0.70%). 

The addition of 1.0% manganese (from 0.75 to 1.75%) to a 
1.50% nickel steel ‘containing 0.25% molybdenum causes only a 
small transition shift of 13 °C, as shown in Fig. 6. Manganese still 
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Fig. 7—The Effect of the Addition of 1.0% Manganese 
(from 0.75 to 1. 75%) to a 0.75% Chromium and 0.25% Molyb- 
denum Steel Causes a Transition Shift of 33°C. Base compo- 
sition: 0.30% carbon, 0.25% silicon, 0% nickel, 0.75% chromium, 
0.25% molybdenum. (See bottom of Fig. 2 for legend.) 
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Fig. 8—Showing the Very Slight Effect on Temper Brittle- 
ness That Results from Increasing the Manganese Content 
from 0.25 to 0.75%. Base composition: 0.30% carbon, 0.25% 
silicon, 1.50% nickel, 0.75% chromium, 0.25% molybdenum. 
(See bottom of Fig. 2 for legend.) 


exerts an embrittling effect, but this is greatly mitigated by the pres- 
ence of molybdenum. The base composition in Fig. 7 is 0% nickel, 
0.75% chromium and 0.25% molybdenum. Kt is noted that the transi- 
tion shift in the 1.75% manganese steel is 33 °C in Fig. 7 compared 
to only 13 °C in Fig. 6. This difference in embrittlement is believed 
to be caused by the higher chromium content of the former. The 
higher nickel content of the steel in Fig. 6 does not appear to have 
an appreciable effect, since nickel, as will be shown presently, seems 
to be of minor importance in promoting temper embrittlement. It 
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Fig. 9—Showing the Relatively Small Temper Embrittlement Which 
Results from a Large Increase in the Nickel Content of an Alloy Steel 
by Increasing the Nickel Content from 1.50 to 4.0%, Producing a Transi- 
tion Shift of 43°C. Base composition: 0.30% carbon, 0.75% manganese, 
0.25% silicon, 0% chromium, 0% molybdenum. (See bottom of Fig. 2 
for legend.) 
















is pointed out, however, that the influence of any one element appears 
to be affected by the presence of other embrittling elements. This 
interaction among the various elements must be taken into account in 
interpreting the results. 

The two plots contained in Fig. 8 show the very slight effect on 
temper brittleness that results from increasing the manganese content 
from 0.25 to 0.75%. This result provides evidence that less than 
0.60 to 0.70% manganese does not appreciably influence the temper 
embrittlement of the 0.75% chromium, 1.50% nickel, 0.25% molyb- 
denum-base composition. The molybdenum may have partially 
obscured the effect of manganese, however, and additional work 
with lower manganese steels appears warranted to check this 
conclusion. 


Effect of Nickel 












The relatively small temper embrittlement that results from a 
large increase in the nickel content of an alloy steel is illustrated in 
Fig. 9. Increasing the nickel from 1.50 to 4.0% produced a tran- 
sition shift of only 43 °C. Since the base composition of these steels 
contains no molybdenum or chromium and only 0.75% manganese, 
it is probable that the full embrittling effect of nickel is shown. This 
figure contains heat T, the only heat tempered lower than 600 °C 
(1100°F). It is noted that no significant embrittlement of the non- 
embrittled (water-quenched) specimens is apparent. 
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Fig. 10—Influence of an Increase in Nickel from 0 to 1.50% 

on a Chromium—Molybdenum Steel. Base composition: 0.30% 

carbon, 0.75% manganese, 0.25% silicon, 0.75% chromium, 
0.25% molybdenum. (See bottom of Fig. 2 for legend.) 
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Fig. 11—Influence of Increase in Nickel from 0 to 1.50% 
on a Manganese—Molybdenum Steel. Base composition: 0.30% 


carbon, 1.75% manganese, 0.25% silicon, 0% chromium, 0.25% 
molybdenum. (See bottom of Fig. 2 for legend.) 


Figs. 10 and 11 indicate the minor influence of an increase in 
nickel from 0 to 1.50% on a chromium-molybdenum and manganese- 
molybdenum steel. The embrittling effect of 1.50% nickel in the 
presence of molybdenum is very small in the chromium steel and 
nonexistent in the manganese steel. 


Effect of Molybdenum 


The marked decrease in the susceptibility to temper embrittle- 
ment that results from the addition of molybdenum to three different 
alloy steels is shown in Figs. 12, 13 and 14. The curves on these 
three figures indicate that 0.25% molybdenum (under the conditions 
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Fig. 12—-Showing Decrease in the Susceptibility to Temper 
Embrittlement That Results from the Addition of Molybdenum. 
Base composition: 0.30% carbon, 0.75% manganese, 0.25% 
silicon, 1.50% nickel, 0% chromium. (See bottom of Fig. 2 
for legend.) 
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Effect of Molybdenum 
Fig. 13—-Showing Decrease in the Susceptibility to Temper Embrittle- 
ment That Results from the Addition of Molybdenum. Base composition: 


0.30% carbon, 1.75% manganese, 0.25% silicon, 1.50% nickel, 0% chromium. 
(See bottom of Fig. 2 for legend.) 


of this investigation) completely eliminates the embrittling effect of 
0.75% manganese and 1.50% nickel, almost offsets the embrittle- 
ment of 1.75% manganese and 1.50% nickel, and sharply reduces 
the embrittling influence of 1.50% nickel and 0.75% chromium. 


These results substantiate the work previously reported for this 
element (3, 6, 7, 9). 


GENERAL CONSIDERATIONS 


The embrittling .effect of chromium, manganese, and nickel on 
alloy steels not containing molybdenum is shown graphically in Fig. 
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15. The plots assume a generally linear relationship between the 
transition temperature shift and the amount of each element. Addi- 
tional experimental work with similar base compositions is required, 
however, to determine the accuracy of this assumption. The slope 
of the lines on the plot for each element gives an indication of the 
embrittling effect of that element. Manganese and chromium have 
similar steep slopes, indicating that these elements have a similarly 
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Fig. 14—Showing Decrease in the Susceptibility to Temper Embrittle- 
ment That Results from the Addition of Molybdenum. Base composition: 


0.30% carbon, 0.75% manganese, 0.25% silicon, 1.50% nickel, 0.75% 
chromium. (See bottom of Fig. 2 for legend.) 


large influence on temper embrittlement. It is noted, again, that 
small percentages of manganese do not exert an appreciable embrit- 
tling effect. The minor effect of nickel is demonstrated by the con- 
siderably smaller slope of this line. 

In interpreting the results of this investigation, the shortcomings 
of the method used to measure embrittlement must be realized. Only 
one specific type of embrittlement and one rate of cooling was 
employed. The impact bars used to evaluate temper brittleness are 
only a qualitative test. It is not possible to ascertain that any steel 
is either completely nonembrittled or embrittled by any prescribed 
treatment, and it is therefore difficult to determine accurately the 
degree of embrittlement of any steel. It has been assumed, in this 
work, that the transition shift of one analysis steel may be compared 
with that of another. The validity of this assumption has been dis- 
cussed previously (7, 19). This apparently introduces some inaccu- 
racies, since variations in composition seem to produce changes in 
the position of the nonembrittled curve. The effect of increasing 
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chromium and manganese contents in raising the temperature of 
transition from ductile to brittle failure of nonembrittled (water- 
quenched) steels is shown clearly in Figs. 2 and 5, respectively. 


o Effect of Chromium in Steel Containing 
C 0.30 Si 0.25 Ni 1.50 Mn 0.75 MoO 


© Effect of Manganese in Steel Containing 
C 0.30 Si0.25 Nil.50 CrO MoO 


4 Effect of Nickel in Steel Containing 
C0.30 Si0.25 Mn 0.75 CrO MoO 
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Fig. 15—Embrittling Effect of 
Chromium, Manganese and Nickel. 


In addition, the determination of the influence of any individual 
element requires a careful study of the data, even when the known 
significant variables are closely controlled, because of the different 
effects of various types, amounts, and combinations of alloying ele- 
ments. Increasing amounts of some elements (chromium, manganese, 
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Fig. 16—Comparison of Hardenability and 
of Chromium, Manganese and Nickel. 
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and nickel) definitely appear to increase the susceptibility of a steel 
to temper embrittlement; other elements (molybdenum) obviously 
reduce this susceptibility. There is also evidence (5) that the steel 
is rendered extremely susceptible to embrittlement by the absence of 
any of these alloying elements. The presence of some elements 
appears to affect the influence of others on temper embrittlement. 
The influence ‘that chromium exhibits, of enlarging the embrittling 
effect of other alloys, is shown in Figs. 6, 7, 10, and 11. In Figs. 6 
and 7, it appears that the embrittlement obtained by a 1.0% increase 
in the manganese content is more marked in the presence of 0.75% 
chromium than 1.50% nickel; in Figs. 10 and 11, it is evident that 
the addition of 1.50% nickel produces more embrittlement in a steel 
containing 0.75% manganese, 0.75% chromium than in a steel con- 
taining 1.75% manganese. This effect of chromium was observed 
even though the embrittlement in the four steels was reduced by the 
presence of 0.25% molybdenum. 

In order to apply the results of this work to the selection of 
steel compositions capable of attaining optimum mechanical proper- 
ties, it is desirable to compare the relative effect of the individual 
elements on hardenability, as well as on temper brittleness. In this 
connection, the curves of transition shift versus alloy content shown 
in Fig. 15 have been replotted in Fig. 16 with the hardenability 
multiplying factors reported by the American Iron and Steel Insti- 
tute. Although these factors have been based on a 50% martensitic 
structure they provide a satisfactory means of comparison. There 
appears to be a similarity, as previously demonstrated (2), between 
the effect of the individual elements on hardenability and temper 
brittleness. The relative effects differ in the following cases: first, 
the slope of hardenability factor line for chromium appears to be 
less steep than the embrittlement line, whereas the slopes of the 
embrittlement and hardenability lines for manganese and nickel are 
similar, indicating a slightly faster increase in embrittlement than 
hardenability for chromium compared to the other two elements; 
second, considerable hardenability can be obtained with 0.60 to 
0.70% manganese without increasing the susceptibility to temper 
brittleness ; and third, large percentages of nickel show considerable 
improvement in hardenability without a comparative increase in 
embrittlement. Caution must be used, however, in comparing the 
hardenability and temper embrittlement lines, since the hardenability 
coordinate is a multiplying factor and the actual percentage increase 
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in hardening power for any given unit increase in this factor is 
greater at the lower numbers. 
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DISCUSSION 


Written Discussion: By W. Lurie, Naval Gun Factory, Washington, 
D.C. ; 

The effects of the combinations of the alloying elements investigated 
are summarized in the accompanying chart, which also shows the alloying 
element combinations not yet investigated. 








Cr-| Cr-| Cr-}) Cr- | Cr- | Cr- || Cr-| Cr- | Cr- 
O |0.75/ 2.0 O | 0.75) 2.0 O |075)| 2.0 


Lagends [Esa Nest enttcaton 

Although manganese up to 0.60 to 0.70% may have little effect on 
temper brittleness in a 0.25% molybdenum steel, it is thought that con- 
siderable temper brittleness may develop in a 0% molybdenum, 0.25% 
manganese steel, especially with increasing percentages of chromium. 

Written Discussion: By Jay W. Fredrickson, chief, Division of Metal- 
lurgy, Pennsylvania State College, State College, Pa. 

This paper is a very welcome addition to our all too meager informa- 
tion on the phenomena of temper brittleness, The authors have used 
considerable care to show in a quantitative manner the effect of the 
various elements on the susceptibility of alloy steels to temper brittleness. 
These data will be of great importance to those who wish to gain maxi- 
mum hardenability with minimum temper brittleness. 

Many papers have been presented recently to show that certain 
elements increase or decrease the susceptibility of an alloy steel to temper 
brittleness. Jaffe and Buffum (5)* have shown that plain carbon steels are 





4See references in original paper. 
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extremely susceptible to temper brittleness. Now, if we assume that 
carbon and/or nitrogen is the direct cause of temper brittleness, how then, 
chemically or mechanically, do the additional elements decrease or increase 
the susceptibility to temper brittleness? In other words, do the authors 
have a mechanism for this increase or decrease in susceptibility? This 
question may be unfair in that while we do have general and sometimes 
specific knowledge as to what causes temper brittleness, we cannot say 
why or how temper brittleness occurs. I would like the authors to 
expand a little on the why and how of the question, if they care to do so. 


Authors’ Reply 


The chart of Mr. W. Lurie provides a concise method of summarizing 
the influence of the various combinations of alloying elements on temper 
brittleness in steels. It should be appreciated that the requirements of a 
uniform tempered martensitic microstructure will prevent the complete 
evaluation of the various alloying elements contained in this chart, at 
least with standard Charpy V-notch impact tests. The hardenability of 
the lower alloy combinations is insufficient to harden during the most 
drastic quench. The principal emphasis throughout this work was to 
maintain all significant variables as constant as possible to permit accurate 
conclusions; the close tolerances of these variables necessitated discarding 
several heats of steels that would have completed some of the alloy series. 

The authors agree with Mr. Lurie that chromium will probably in- 
crease the susceptibility to temper brittleness in low manganese steels 
without molybdenum. 

The authors express their appreciation to Dr. J. W. Fredrickson for 
his kind remarks on this paper. Although it is appreciated that the basic 
cause of temper brittleness is.of great importance (of much greater 
importance than the specific effect of the alloying elements contained in 
this work), the state of knowledge of this subject is so limited that it 
does not appear advisable to conjecture on this subject. The direct cause 
is seemingly so complex that one may not be justified in assuming such a 
role for only carbon and/or nitrogen. 








ALUMINUM-ZINC-MAGNESIUM ALLOYS 
Their Development and Commercial Production 
(1949 Edward deMille Campbell Memorial Lecture) 


By E. H. Dix, Jr. 


W* are met here today to honor the name and memory of 
Edward deMille Campbell, eminent scientist, educator and 
writer. Professor Campbell’s investigations were principally in the 
field of ferrous metallurgy. However, his interest in the theoretical 
explanation of the hardening of steel by heat treatment undoubt- 
edly kept him in touch with the early developments in high strength 
aluminum alloys and the theory of precipitation hardening which was 
being generally discussed prior to the time of his death. Were he 
living today, he would, of a certainty, be intrigued by the complexity 
of the aluminum-zinc-magnesium alloys which are the subject of this 
Twenty-fourth Edward deMille Campbell Memorial Lecture. 

The speaker wishes to express his deep appreciation to the 
Trustees of the American Society for Metals for the invitation to 
present this lecture. He knows full well that the honor belongs 
to the research group with which he is associated, but is happy in 
the opportunity of being their spokesman. The preparation of the 
lecture has been aided by many people who have gone far beyond 
the routine of their duties to help make it possible. The names 
of some will be mentioned at the end of the lecture. To all go the 
thanks and appreciation of the author. 


HicuH STRENGTH ALUMINUM ALLOYS 


In this city almost exactly five years ago today, the speaker 
discussed new developments in high strength aluminum alloy prod- 
ucts (1)* before the annual meeting of this society. One of the 
alloys discussed was the wrought aluminum-zinc-magnesium-copper 
alloy, Alcoa 75S, which had been in commercial production for 
something over a year. The development of wrought products of 





1The figures appearing in parentheses pertain to the references appended to this paper. 
This is the Twenty-fourth Edward deMille Campbell Memorial Lecture, 
presented by E. H. Dix, Jr., assistant director of research, Aluminum Company 
of America, Aluminum Research Laboratories, New Kensington, Pa. The 
lecture was presented October 19, 1949, during the Thirty-first Annual Con- 
vention of the Society, held in Cleveland. 
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an alloy of this type had been speeded by the urgent demands from 
the military services for structural aluminum alloys of higher and 
higher strength. 

The advancement made by the development of this alloy for 
structural use is illustrated in Fig. 1. In considering the mechanical 
properties of the strong aluminum alloys shown in this figure, it is 
well to remember that the tensile strength of very high purity 
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Fig. 1—Progress in High Strength Aluminum Alloys. Drawn by A. Fitz. 


aluminum (99.99+-%) in annealed rod is only 8500 psi and the 
tensile yield strength, 1500 psi, with an elongation of 60%. 

At the close of World War I, the original duralumin-type alloy 
(17S), although made and tested early in 1917, was first commer- 
cially produced in the United States for the construction of the 
U. S. Navy rigid dirigible, “Shenandoah”, and had an average 
tensile strength of 60,000 psi, a tensile yield strength of 35,000 psi, 
and an elongation of 22%. At the beginning of World War II, a 
higher strength aluminum alloy, 24S, was being used for structural 
applications in aircraft. It had a tensile strength of 68,000 psi, a 
tensile yield strength of 45,000 psi, and an elongation of 19% in 
the solution heat treated and naturally aged temper. The interval 
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between the use of these two alloys was approximately two decades. 

At the close of World War II, Alcoa 75S was in use, lighten- 
ing important military aircraft, and being specified for substantially 
all new designs. The typical tensile strength of this alloy is 82,000 
psi, the tensile yield strength, 72,000 psi, and the elongation, 11%. 
Thus, the alloy, 75S, developed during the war period gave the 
aircraft industry a 50% increase in the important engineering prop- 
erty—yield strength. True, 24S sheet, cold-worked after a solution 
heat treatment and then artificially aged, with a strength in the 
range of 75S-T6, had been used, but extrusions, except in relatively 
thin section, do not show the same improvement in properties when 
subjected to this treatment. 


Aircraft Acceptance oj Alcoa 75S 


Five years have passed and the aircraft industry has accepted 
Alcoa 75S and has demonstrated its ability to cope with the problems 
of design and manufacture inevitable in the introduction of a material 
with new characteristics. This has been no easy task and it is 
doubtful whether a less alert and receptive industry could have 
| accomplished the transition in so short a time. 

The extent to which Alcoa 75S is being used in the aircraft 
industry in the United States in comparison with other aircraft 
alloys is shown by the following Alcoa figures for three postwar 
years. 


Table I 
Aircraft Use of Alcoa 75S—Percentage of Alcoa Totals (All Alloys) Per Commedity 


1946 1947 1948 
Extrusions 42.5 51.5 59.4 
Sheet Products 37.9 32.2 23.1 


Wire, Rod and Bar 15.4 14.9 26.9 


Thus, over half of the extrusions produced by Alcoa for air- 
craft construction last year were of the alloy 75S. 


Current Aluminum-Zinc-Magnesium Alloys 


Alloys of the aluminum-zinc-magnesium type have been devel- 
oped in the principal countries of the world and appear to be used 
commercially to varying extents. England has its RR77, France 
its Zicral, Japan its ESD (Extra Super Duralumin), and Germany 
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Table Il 
Composition of Commercial Aluminum-Zinc-Magnesium Alloys 
Alloy Zn Mg Cu Mn Cr Ti Vv Ref. 
United States 
Alcoa 76S 7.6 1.3 0.6 0.5 tse 0.2* Peis (2) 
Alcoa 75S 5.6 2.5 1.6 0.3* 0.25 ae oe wits (3) 
Great Britain 
Hiduminium RR77 5.5 2.8 1.5* 0.6 0.5* 0.3* TP. (4) 
Hiduminium RR88 6.3 4.0* 3.0* 1.0* 1.0* 0.3* Si (4) 
Japan 
ESD 7.5 1.8 2.0 0.6 0.25 ; (5) 
France 
Zicral (A-Z8GU) 7.8 2.4 1.5 a 0.25 (6) 
Germany 
Hy43 (Flw3425) 4.5 ae 0.3 0.3 0.15 0.1* 0.05 (7) 


*Maximum 


its Hy43. The current nominal compositions of these alloys are 
shown in Table IT. 

The aluminum-zinc-magnesium alloys are not new. As early 
as the turn of the century, Ernst Murmann of Vienna was granted 
a U. S. patent (8) in which he described ternary aluminum-zinc- 
magnesium alloys encompassing the composition range of the cur- 
rent alloys. Actually, in one example cited, the zinc and magnesium 
contents are almost identical with those selected by the Germans 
for their present Hy43 alloy. Of course, in Murmann’s time the 
heat treatment of aluminum alloys was not yet known. 

The exceptionally high strength obtainable by the heat treat- 
ment of certain of the wrought aluminum-zinc-magnesium alloys 
was first disclosed by Guertler and Sander (9, 10). In 1926 Dr. 
Guertler described the results which he and his collaborators had 
obtained on aluminum alloys, in which the zinc and magnesium 
additions were made in the exact ratio of the formula of the com- 
pound MgZn,, during his visit to the United States when he 
delivered the First Edward deMille Campbell Memorial Lecture. 


Score OF LECTURE 


I have chosen to discuss the development and successful com- 
mercial production of the aluminum-zinc-magnesium alloys as the 
subject of this Twenty-fourth Edward deMille Campbell Memorial 
Lecture for several reasons. First, these alloys are the most complex 
and metallurgically intriguing of all of the aluminum alloys. Second, 
the reason for the difficulties encountered during nearly a quarter 
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of a century before their successful utilization is fraught with 
lessons from which all metallurgists can profit, regardless of their 
metallurgical interests. Third, the final development is illustrative 
of what can be accomplished by industrial research, well correlated 
with production and proper liaison with the consuming industry. 
The discussion will be limited to the wrought alloys, since in this 
alloy series they are by far the most interesting. 

Much has already been written about these alloys, both here 
and abroad, and it is not the speaker’s intention to repeat what is 
already known and readily available in the literature except as may 
be necessary for the understanding and interest of an audience not 
closely in touch with the subject. 


Stress Corrosion Cracking 


The early alloys of the Guertler type were very susceptible to 
stress corrosion cracking and for this reason a considerable propor- 
tion of this lecture will be devoted to a discussion of this phenom- 
enon and its practical significance. The high degree of susceptibility 
to stress corrosion cracking prevented the use of these alloys and, 
further, the urgent need for their high strength had not yet developed. 


Timing 


In the commercial acceptance of a newly developed alloy, 
“timing” is of the utmost importance. By timing is meant the 
coincidence of consumer need and receptiveness with the final stage 
of the development of a new alloy. To appreciate the significance 
of timing in the successful development of the wrought aluminum- 
zinc-magnesium alloys in this country, a brief review of the devel- 
opment of high strength aluminum alloys will be helpful. 


PROGRESS IN STRONG ALLOYS 
Duralumin 


The development of high strength aluminum alloys, which 
started with the discovery of duralumin by Wilm about 1911 (11), 
has been one of continued steady growth. Wilm, during an investi- 
gation of aluminum alloys containing copper, magnesium and man- 
ganese, discovered their response to solution heat treatment and 
natural aging. Wilm’s discovery and the later theory of precipi- 
tation hardening by Merica (12) had a profoundly stimulating effect 
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on aluminum metallurgy and indeed on all metallurgical thinking. 

Briefly, as a direct result of these events, it is known that 
response to heat treatment in aluminum alloys requires the addition 
of an element or elements considerably more soluble in_ solid 
aluminum at an elevated temperature than at room temperature. 
Rapid quenching after an adequate period of heating to obtain 
solution of these soluble constituents produces a_ supersaturated 
solid solution at room temperature. Some precipitation occurs 
during quenching and further precipitation takes place on standing 
at room temperature, with a corresponding increase in strength 
and hardness. This change at room temperature is known as 
“natural aging”. In some alloys, reheating in the temperature 
range of 250 to 400 °F causes additional precipitation and increase 
in strength. This elevated temperature treatment is known as 
“artificial aging”’. 


Precipitation Hardening 


Prior to the Wilm discovery and Merica’s investigations, chem- 
ical compounds and solid solutions were thought to produce the 
strongest structure in alloys. Merica’s conception, later amplified 
by Archer and Jeffries (13), that extremely fine and uniformly 
dispersed particles of precipitate produced an even stronger structure 
than a solid solution, is the basis for the current high strength 
aluminum alloy metallurgy. As would be expected, such revolution- 
ary ideas brought forth many controversial articles which embroi- 
dered the original ideas and stimulated thinking. Agreement as to 
the complete mechanism has not yet been reached. 


Forging Alloys 


While British experimenters were trying to prove that Mg,Si 
was the principal hardening constituent in duralumin (14), Archer 
and Jeffries brought out the aluminum-copper alloy, Alcoa 25S, 
which did not contain magnesium but was susceptible to solution 
heat treatment and artificial aging and was almost as strong as 
duralumin. At the same time, they also developed the even more 
forgeable though less strong magnesium-silicide alloy, Alcoa 51S. 
This was just a few years before Dr. Zay Jeffries delivered the 
Second Edward deMille Campbell Memorial Lecture. 

It was the speaker’s privilege to have some contact with the 
early problems of the aluminum forging industry in the United 


wr 








1950 ALUMINUM-Z'NC-MAGNESIUM ALLOYS 1063 


States. At that time (about 1920), attempts to hammer forge the 
duralumin-type alloy 17S seemed doomed to failure. The alloys 
25S and 51S were developed primarily to provide the urgently 
needed improvement in the crucial forging characteristics. Timing 
was important in the immediate success of these alloys. With the 
present-day knowledge of forging technique, alloys of the aluminum- 
zinc-magnesium type are successfully forged even though their 
forging is far more difficult than the original 17S. 

Another artificially aged alloy, Alcoa 14S (15), was developed 
in the late twenties, primarily for forgings. This alloy is still used 
extensively for forgings and to a more limited extent for extrusions 
and Alclad sheet and plate. Prior to the advent of Alcoa 76S and 
75S, it was the highest strength aluminum alloy having satisfactory 
forging properties. 

It is important to emphasize that these early forging alloys 
were used principally in the solution heat treated and_ artificially 
aged temper. In contrast, for structural applications, primarily 
aircraft structures, the naturally aged alloy, 17S, was preferred. 
The reason was threefold: First, the 17S composition lent itself 
fairly readily to the production of sheet and extrusions. Second, 
the structural engineer, probably because of his long experience with 
steel, questioned the suitability of alloys having the high ratio of 
yield to tensile strength and relatively low elongation which are 
characteristic of all artificially aged aluminum alloys. Third, sheet 
of the early artificially aged alloys had a low resistance to corrosion. 
It is only natural, then, that for a long time further development 


of alloys for structural applications was confined to naturally aged 
alloys. 


Structural Alloys 


In searching for higher strength structural alloys, as distin- 
guished from forging alloys, improved manufacturing “know how” 
encouraged experiments with higher magnesium contents than were 
considered feasible in the early duralumin. Alcoa 24S, with 14% 
magnesium and modification in the percentages of copper, iron and 
silicon, was developed specifically to meet the requirements of 
higher strength for rigid airships being built in the United States. 
However, it was first used to permit an airplane manufacturer to 
escape the penalty of overweight in a new military airplane. Timing 
again speeded the production and acceptance of this alloy. While 
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24S alloy is sometimes considered merely a stronger variety of 17S 
alloy, it is actually of a different alloy constitution because it con- 
tains the effective hardening phase (Al-Cu-Mg) which is not present 
in 17S alloy (16). 


Early Aluminum-Zinc-Magnesium Alloys 


L. J. Weber (17), working in the Aluminum Research Lab- 
oratories, developed in 1932 an aluminum-zinc-magnesium alloy 
which, after a suitable solution heat treatment and artificial aging, 
had a tensile strength of 85,000 psi, a tensile yield strength of 
80,000 psi, and an elongation of 6%. The strength of this alloy 
after a solution heat treatment only was not high enough to be 
interesting and the increase in strength during natural aging con- 
tinued for some months. Its formability in the artificially aged 
temper was very poor and although the resistance to stress corrosion 
cracking had been markedly improved over that of the original 
Guertler alloy by the addition of copper and manganese, it still 
showed an undesirable degree of susceptibility. Because. of these 
limitations, there was little interest in the use of this alloy for 
structural applications. 

The Weber alloy contained 10% zinc, 2% magnesium, 2% 
copper, 1% manganese. <A forging alloy of somewhat lower 
strength, Alcoa 70S, was developed about the same time. It con- 
tained 10% zinc, 0.4% magnesium, 1% copper, and 0.8% man- 
ganese, and was used for a considerable period for miscellaneous 
forged parts, largely because of its good forgeability. The same 
alloy was tried for hot-driven rivets but when the heads popped off 
because of stress corrosion cracking, this application was abandoned. 
For structural applications, the artificially aged Weber alloy was 
ahead of its time. 


Acceptance of Artificially Aged Structural Alloys 


Although alloy investigations continued in an effort to produce 
a naturally aged alloy of still higher strength than 24S, it became 
evident that, unless some new discovery revealed hitherto unknown 
hardening constituents, a further important increase in strength, 
particularly the important design criterion of yield strength, could 
be obtained only in an artificially aged alloy. 

In spite of the reluctance of some structural engineers to 
accept the high ratio of yield to ultimate strength and the relatively 
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low elongation of artificially aged alloys, satisfactory experience 
with aircraft forgings of the artificially aged 14S alloy and a 
generally increasing knowledge of design finally brought acceptance 
of these characteristics. | 

Gathering war clouds and the striving for improved military 
aircraft added impetus to this change in engineering viewpoint. 
The time was opportune for the acceptance of a new high strength 
artificially aged alloy for airframes. In fact, several aircraft manu- 
facturers began experimenting with artificially aged 24S which also 
has the high ratio of yield to tensile strength and relatively low 
elongation that is characteristic of other artificially aged aluminum 
alloys. 


Improved Aluminum-Zinc-Magnesium Alloys 


Research on the aluminum-zinc-magnesium alloys in the Alu- 
minum Research Laboratories, which had been continued by J. A. 
Nock, Jr. (18), led to the discovery of a composition which appeared 
so promising that material for testing was furnished to the military 
services of our country with the understanding that the alloy was 
still in the experimental stage. While the government was evalu- 
ating this new alloy composition and determining how it could be 
used in aircraft design, Alcoa continued its development and testing, 
including long-time atmospheric stress corrosion tests. Alcoa also 
worked out the necessary procedures for producing the alloy 
commercially. 

The new alloy was not as strong as the Weber alloy because 
of a considerably lower zinc content, but it had definitely superior 
formability and resistance to stress corrosion cracking. 


Stress Corrosion Cracking Troubles 


Tests by one of the government laboratories, made by immers- 
ing plastically deformed sheet specimens in a boiling sodium chloride 
solution, showed that under these conditions the alloy was suscep- 
tible to stress corrosion cracking. Also, a thorough examination 
of specimens stressed to 75% of their yield strength, which had 
been exposed in several outdoor locations including the seacoast at 
Point Judith, Rhode Island, revealed an undesirably high percentage 
of stress corrosion cracks. Thus, it appeared that a further 
improvement in the résistance to stress corrosion cracking would 
be desirable. This conclusion was confirmed by subsequent events. 
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Fig. 2—Stress Corrosion Cracks in Leading Edge of Experimental Wing of an Early 
Aluminum-Zince-Magnesium-Copper Alloy. 


As part of the evaluation of the new alloy, one of the military 
services contracted to have a wing constructed duplicating an experi- 
mental wing designed for 24S alloy. After preliminary static tests 
and storage for a few months, the wing was thoroughly examined 
for indications of stress corrosion cracking. It was found that in 
many locations where the sheet had been subjected to a high residual 
stress by the method of assembling, stress corrosion cracks had 
developed. For instance, in Fig. 2, cracks will be observed in the 
skin of the leading edge where apparently it had been sprung to 
fit the curvature of the structure. Cracks also developed around 
countersunk screw heads which also produced an elastic stress in 
the sheet (Fig. 3). A further example of the cracking of the 
sheet is shown in Fig. 4, where cracks occurred close to the leading 
edge because of residual stresses set up between parallel rows of 
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Fig. 3—Cracks Around Screw Head of Experimental Wing of Fig. 2 Enlarged. 





Fig. 4—Cracks Between Rows of Rivets in the Experimental Wing of Fig. 2. 
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rivets. No stress corrosion cracks were found in the extrusions. 
Only one crack was found in the forgings (of the alloy Alcoa 76S) 
and in that case it could not be determined whether the crack was 
caused by stress corrosion or by mechanical failure during the 
static test. The wing was completely bare of any paint or other 
corrosion protection. Had Alclad sheet been used, the cracks 
probably would not have occurred. 


The Addition of Chromium 


While the events just described were taking place, Nock con- 
tinued his efforts to improve the resistance of the alloy to stress 
corrosion cracking and turned his attention to the addition of other 
elements. He found that small additions of chromium were effective 
in increasing the resistance to stress corrosion cracking. After 
extensive testing, the chromium modified alloy in the form of Alclad 
sheet and extrusions was judged suitable for aircraft use. 


Experimental Production and Application 


By this time our country was at war and the aircraft and 
aluminum industries were speeding toward peak production. Any 
change from the currently used 24S was likely to interfere with 
the production of needed aluminum products and to handicap the 
aircraft manufacturer in meeting his production schedules. Never- 
theless, the importance of improving the performance of aircraft 
seemed to justify taking these risks. 

With the approval of the government, a number of aircraft 
manufacturers ordered experimental quantities of Alclad sheet and 
extrusions of the new alloy so as to utilize these products where a 
decrease in weight was most urgent. 

Even while the new alloy was being produced and used in air- 
craft manufacture, research continued its development and within 
a short time the present 75S alloy composition was developed with 
an increase of some 5000 psi in strength over the earlier chromium 
modified Nock alloy. The successful use of 75S alloy sheet and 
extrusions later led to the production of forgings of this 
composition. 

Only the close collaboration between the research and pro- 
duction departments and the extensive development work carried 
out in the plants on the original Nock alloy made it possible for 
the new alloy products to be produced as required. High tribute 
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should be paid to the operating personnel of Alcoa for accomplish- 
ing this task under the difficult war conditions. 


‘THEORETICAL ASPECTS OF STRESS CORROSION CRACKING 


At this point it may be well to discuss this matter of stress 
corrosion cracking which for so long had plagued the development 
of the aluminum-zinc-magnesium alloys. Stress corrosion cracking 
is the spontaneous cracking which may occur in some alloys of 
almost any metal base under the simultaneous action of high, pro- 
longed surface tensile stresses and corrosive environments. Such 
cracking in brass articles containing high residual stress has been 
known for many years. Stress corrosion cracking of aluminum 
alloys containing zinc was observed in the early experiments of 
Rosenhain (19). As mentioned previously, the Guertler alloys 
were found to be very prone to stress corrosion cracking as are 
all of the uninhibited high strength ternary aluminum-zinc- 
magnesium alloys. Because of this susceptibility, great emphasis 
has been placed on improving the resistance to stress corrosion 
cracking in the efforts to produce structurally useful alloys of 
this type. 

When Rosenhain first reported the cracking which occurred 
with his alloys, the mechanism of stress corrosion cracking was 
very much a mystery. In fact, for some years Rosenhain (20) per- 
sisted in the belief that the failure was the result of viscous flow of 
amorphous material at the grain boundaries, and for this reason the 
alloys with equiaxed grains and smooth boundaries were considered 
to be particularly prone to fail in this way. 


General Theory 


Studies of the mechanism of stress corrosion cracking have 
been in progress in the Aluminum Research Laboratories for over 
twenty years. A theory developed by the speaker and his co- 
workers to explain the mechanism by which this cracking occurs 
was presented in the 1940 Institute of Metals Division Lecture 
(21). The ASTM-AIME 1944 Symposium on Stress Corrosion 
Cracking of Metals did much to promote a more general under- 
standing of this subject. 

Although an extensive literature on stress corrosion cracking 
has been developed in*fecent years, agreement among the various 
investigators as to the mechanism of this phenomenon is confined to 
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a few fundamental principles. Two basic points on which there is 
agreement are: (a) A high enduring tensile stress must exist at 
the surface. The magnitude of the tensile stress required to pro- 
duce stress corrosion cracking apparently varies considerably with 
the alloy and its environment. In severely corrosive environments, 
an enduring tensile stress of at least 25% of the yield strength, and 
in most cases much higher, is required to produce stress corrosion 
cracking of even the most susceptible commercial aluminum alloys. 
(b) A corrosive influence must be present. The particular nature 
of the corrosive environment required to produce stress corrosion 
cracking also varies with the alloy. With some very susceptible 
alloys, even a minute amount of moisture seems to be sufficient 
to promote stress corrosion cracking. 

Basically, then, stress corrosion cracking is caused by the com- 
bined effects of a high enduring tensile stress at the surface and 
corrosion attack. It is generally agreed that in some way the corro- 
sion attack initiates small fissures, principally in a direction generally 
perpendicular to the tensile stress. These tiny fissures cause a stress 
concentration at their base. This increased stress causes the fissures 
to open further, thus exposing fresh metal to corrosion attack. 
Finally, failure occurs by these mutually accelerating effects of stress 
and corrosion. 


Location of Path of Fracture 


From the viewpoint of the metallurgist interested in minimizing 
the susceptibility to stress corrosion cracking, the important consid- 
erations are the features in the metallurgical structure which deter- 
mine the initial location of the fissures and the paths which the 
developing cracks follow. 

The electro-chemical theory proposed by the speaker and his 
associates (21) to explain the location of the path of fracture has 
been fairly well accepted as applicable to the heat treated aluminum 
alloys, but reasons for differences in electrode potentials have not 
been clearly demonstrated in most other metal systems. 

In brief, this theory postulates that an alloy susceptible to stress 
corrosion cracking has more or less continuous paths which are 
anodic to most of the remaining structure and that stress corrosion 
cracks follow these anodic paths. The metallurgical characteristics 
contributing to the susceptibility to stress corrosion cracking in dif- 
ferent alloy systems will now be discussed. 


” 
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The Aluminum-Copper Alloys 


The high strength heat treatable aluminum-copper alloys exhibit 
the simplest and most thoroughly investigated mechanism. These 
alloys, when quenched with great rapidity, are not susceptible to 
stress corrosion cracking. On slowly quenching these alloys, how- 
ever, precipitation of the aluminum-copper constituent occurs selec- 
tively in the grain boundaries. Surrounding these precipitated par- 
ticles is a zone of solid solution depleted in respect to copper content. 
Since copper in solid solution (22) in aluminum lowers the electrode 
potential, the depleted solid solution zone is anodic to the surrounding 
grain masses as well as to the more cathodic precipitated particles. 
Under the most unfavorable conditions of heat treatment, the depleted 
zones are continuous. In the presence of a high enduring tensile 
stress and corrosive conditions, stress corrosion cracking occurs rap- 
idly along these anodic paths. However, by suitable artificial aging 
treatments, general precipitation can be made to occur within the 
grains so as to eliminate the difference in electrode potential between 
the depleted grain boundary zones and the grain masses. After such 
treatments, these alloys are not susceptible to stress corrosion 
cracking. 

The conditions just described are depicted in the drawings of 
Fig. 5 (23). It will be appreciated that in many cases most of the 
precipitate particles are much too small to be resolved by the optical 
microscope. However, a considerable volume of indirect evidence 
has been accumulated in support of the theoretical picture presented 
and the electrode potentials shown have been measured on coarse- 
grained samples. There is reason to believe also, from the progress 
being made with the electron microscope, that more direct evidence 
on this subject will be available in a few years. 


The Aluminum-Zinc-Magnesium Alloys 


In the aluminum-magnesium, aluminum-zinc, and aluminum- 
zinc-magnesium alloys, the situation is somewhat different and much 
more complicated. When in solid solution in aluminum, the elements 
mentioned raise the electrode potential and the particles precipitated 
from the solid solution are anodic in many environments to the sur- 
rounding grain masses. The depleted solid solution is the most 
cathodic phase in these alloys. 

In aluminum-zinc-magnesium alloys, the precipitate particles 
are extremely fine and generally do not form a continuous path along 
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Fig. 5—Idealized Drawings of the Microstructure of a Wrought Aluminum- 
Copper Alloy Showing Potential Relations. 1948 Metals Handbook, p. 229. Fig. 
5a—Rapidly quenched. Fig. 5b—More slowly quenched than (a) or after a short 
time of reheating of the rapidly ous alloy. Fig. 5c—Most unfavorable struc- 
tural condition, caused by slow qtienching or intermediate period of reheating. 
Fig. - iis precipitation caused by long period of reheating (suitable artificial 
aging). 
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the grain boundaries ; when these alloys fail by stress corrosion crack- 
ing, however, the cracking occurs along the path where precipitation 
is most likely to occur. 

As a working hypothesis, it may be considered that when selective 
precipitation occurs, a succession of minute particles, surrounded by 
zones of depleted solid solution, is formed along the grain boundaries 
or on slip planes, in products cold-worked after heat treatment. The 
particles of precipitate are anodic to the grain masses as well as to 
the depleted solid solution zones. The area of the anodes is there- 
fore extremely small with respect to the cathodic area. 

In a corrosive environment in which the above potential relations 
exist, the particles of precipitate are rapidly dissolved by electrolytic 
attack, thus producing a weakened network on the surface. A high 
enduring tensile stress will then tend to cause the material to break 
through the depleted solid solution zones along a line joining the 
holes where the precipitate had been, much as in the case of paper 
which has been perforated for easy tearing. This action will promote 
further attack by exposing to the corroding solution additional par- 
ticles of anodic constituent as well as a film-free surface along the 
beginning of the tear. 

Experiments have shown that areas in which the oxide film is 
removed from aluminum by scratching or fracturing become anodic 
to the film-covered surface. Thus, there will continue to be electro- 
lytic action causing solution of metal along the network originally 
outlined by the selective precipitation of the anodic constituents. This 
action will lead to stress corrosion cracking along the cell walls 
delineated by the original selective precipitation, following a general 
direction normal to the direction of the high tensile stress. Hunter 
(24) has concluded that this mechanism explains some cases he has 
observed, where an aluminum-zinc-magnesium alloy failed inter- 
granularly by stress corrosion even though, when unstressed, pitting 
rather than intergranular corrosion occurred. 

In these alloys, therefore, as in the aluminum-copper alloys, it 
would be expected that freedom from susceptibility to stress corro- 
sion cracking can be achieved by preventing selective precipitation 
along more or less continuous crystallographic surfaces. 


ENGINEERING SIGNIFICANCE OF STRESS CORROSION CRACKING 


In the foregoing discussion, the phrase “susceptibility to stress 
corrosion cracking” has been used frequently. It will be desirable to 
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explain the significance intended by the speaker. It is intended to 
imply a condition in the microstructure of an alloy such that in cor- 
roding solutions of accelerated tests, of natural environments, or of 
service conditions, selective corrosion occurs along continuous paths 
and is accelerated by a high enduring tensile stress. The “enduring 
tensile stress’, in the majority of the testing procedures employed by 
the Aluminum Research Laboratories, is a stress equal to 75% of 
the tensile yield strength of the specific product being tested. 

While it is relatively easy to determine if a product is “sus- 
ceptible to stress corrosion cracking”, it is far more difficult to deter- 
mine if it possesses a “degree of susceptibility” which will restrict 
its general usefulness. 

To answer this question, it has been found most helpful to com- 
pare any new alloy, under conditions in which it is expected to be 
used, with other commercial aluminum alloys which have had a long 
satisfactory service record. Such comparisons can be made only 
on a Statistical basis and hence require a large amount of testing. The 
testing methods used in the Aluminum Research Laboratories have 
been fully described (25). They are severe and varied. Some of the 
aluminum alloy products which have been long and _ successfully 
used are “susceptible to stress corrosion cracking” as just defined. 
However, their degree of susceptibility is so low that when properly 
engineered they are, in a practical sense, free from stress corrosion 
cracking. In Alcoa 75S, the aluminum-zinc-magnesium alloys have 
attained this satisfactory degree of resistance to stress corrosion 
cracking. 


Practices Causing Stress Corrosion Cracking 


As an aid to a better understanding of the practical significance 
of the preceding discussion, it will be helpful to describe several 
instances of stress corrosion cracking of high strength aluminum alloy 
products which have occurred in service and which were readily cor- 
rected without changing their “degree of susceptibility to stress 
corrosion cracking” within the limits of the speaker’s definition. The 
three examples to be cited are representative of the types of situa- 
tions in which stress corrosion cracking of these alloys has been 
experienced in service. High residual tensile stresses, easily avoid- 
able, were induced by three general conditions: (a) Assembly meth- 
ods; (b) Metal working procedures during fabrication of the alloy 
product; (c) Quenching. (Rapid quenching induces compressive 
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stresses in the surface layers which are favorable. However, sub- 
sequent removal of metal from the central portion will expose surface 
layers having high residual tensile stresses. ) 

The speaker does not know of any stress corrosion failures of 
commercial aluminum alloy parts which were caused solely by operat- 
ing stresses for which the part was designed. This happy situation 
undoubtedly exists because design considerations, including the usual 
“factor of safety”, deflection and fatigue considerations, limit the 
working stress to a value below that required to produce stress cor- 
rosion cracking in the commercially used aluminum alloys. 


Assembly Methods 


As an example of improper assembly methods, let us consider 
an incident of stress corrosion cracking which occurred in strut end 
fittings containing pressed-in steel inserts used in a prewar type of 
plane. In the original design illustrated in the top photograph of 
Fig. 6, the fittings were made from 24S-T4 extrusions. By sawing 
pieces from the extrusion, these fittings could be produced very eco- 
nomically. Two of the holes in the fitting were for large rivets 
fastening the fitting to the strut end, while a third hole was bushed 
with a pressed-in steel insert to receive a bolt for attaching the fold- 
ing wing to the fuselage. 

After a comparatively short service, cracks were found in some 
of the fittings, sometimes following a path between the holes, as may 
be seen in the illustration, and sometimes extending radially from 
the surface in contact with the pressed-in bushing. To eliminate this 
cracking, new fittings were designed as forgings employing nearly 
twice the bulk of metal, as illustrated in the bottom photograph of 
Fig. 6. (Both photographs are to the same scale.) Four small- 
diameter rivets were used instead of the two large rivets. The 
pressed-in steel bushings, however, were still retained and _ stress 
corrosion cracks continued to occur in service, progressing radially 
from the pressed-in bushing. 

This change in product and design was made prior to our exam- 
ination of the failed fittings. Metallographic examination of these 
fittings enabled us to diagnose the cracking as being caused by stress 
corrosion resulting from the high residual stresses produced by over- 
driven large rivets and pressed-in bushings. The cracking had 


occurred even though the fittings had been thoroughly painted by an 
approved method. 
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Fig. 6—Strut End Fittings. Upper—Original design produced from an extruded 
shape. Note stress corrosion crack between pressed-in insert and large rivet hole. 
Lower—Fitting redesigned as a forging. Both actual size. 


Extensive laboratory investigation demonstrated that stress 
corrosion cracking could be completely avoided by more careful 
control of the interference fit between the outside diameter of the 
bushing and the inside diameter of the hole in the fitting, together 
with the elimination of the large rivets completely. After the prac- 
tices were changed in accordance with this information, these fittings 
gave satisfactory service. 

This early experience led to the adoption of satisfactory toler- 
ance limits on interference fits which, if adhered to, avoided further 
troubles from stress corrosion cracking resulting from pressed-in 
bushings. 


Fabrication Procedures 


In another case, longitudinal cracks appeared in the 24S alloy 
tubular spar chords on an important type of civilian and military 
aircraft after about one year of service (26). Attempts to produce 
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cracks of this type by mechanical means were completely unsuccess- 
ful. Again metallurgical examinations indicated that these cracks 
were caused by stress corrosion. Identical cracks were produced 
in similar tubing, without external stressing, by exposure for two 
weeks in a salt spray test. 

The important lessons learned from this experience justify 
detailed discussion. In the first place, the tubing was produced by 
a method of manufacture involving cold working after a solution 
heat treatment in order to increase the strength of the tubing and 
permit the design of a lighter airplane. To accomplish the cold 
working, the tubing was solution heat treated while in round cross 
section and, after room temperature aging, was sunk, i.e., drawn 
without the use of a mandrel, to a square section with rounded cor- 
ners. It was known that this procedure introduced high residual 
stress in the tubing but mechanical and structural tests showed that 
in a structural sense the tubing was entirely satisfactory. 

When used in the airplane, the tubing was anodized, primed 
with zinc chromate primer and given a top coat of approved paint 
pigmented with aluminum powder. In spite of these protective 
measures, stress corrosion cracks occurred. Subsequent laboratory 
tests showed that such protective measures will prolong the time 
required to produce cracks but cannot be depended upon to elimi- 
nate stress corrosion cracking. 

Another important lesson is the effect of the relationship of 
direction of tensile stress to grain structure. The residual stress in 
this tubing was estimated at about 35,000 psi in the transverse direc- 
tion and something over twice that amount in the longitudinal direc- 
tion, yet the stress corrosion cracks occurred in the longitudinal 
direction produced by the much lower stress. 

A typical longitudinal crack in the surface of a tube is shown 
in Fig. 7. Since the bloom was produced by extrusion, the grain 
structure of the tube is elongated in the direction of the length of the 
tube. The path of the crack in relation to the elongated grain struc- 
ture is shown in Fig. 8. In a cross section of the tube through this 
crack (Fig. 9), it will be observed that the crack starts perpendicular 
to the surface and then forks out, tending to follow the longer direc- 
tion of the transverse grain. 

The alloy 24S from which the tubing was made must be rapidly 
quenched to avoid precipitation along grain boundaries. This tubing 
was not quenched at a sufficiently rapid rate to avoid precipitation 
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Enlarged 5 times. 


ig. 8—Macrograph of Crack Shown in Fi 


to axis of tube 


Keller's etch. 


. 7—Stress Corrosion Crack in Surface of Tubular 


Treatment. 


Fi 
F 


Heat 





1950 ALUMINUM-ZINC-MAGNESIUM ALLOYS 1079 


at the grain boundaries and the consequent susceptibility to stress 
corrosion cracking along these boundaries. The grain structure, 
greatly elongated in the longitudinal direction, offered a very direct 
path for the stress corrosion crack to follow, whereas a crack to have 
occurred in the transverse direction would have had to follow a 
much longer and irregular path. 





Fig. 9—Macrograph of Cross Section of Crack Shown in Fig. 8. Note tendency for crack 
to spread following the longer direction of transverse grain. Keller’s etch. K15. M.S. Hunter. 


This experience also teaches that in evaluating the degree of 
susceptibility to stress corrosion cracking of wrought products, speci- 
mens must be tested not only in the longitudinal direction, i.e., that 
of maximum metal flow during working, but also in the two trans- 
verse directions. Attempts to reduce the residual stress by thermal 
treatments were unsuccessful. Slow rates of heating to even mod- 
erate temperatures produced longitudinal cracks having a similar 
appearance to the stress corrosion cracks. Even if the cracks had 
not occurred, a temperature sufficient to cause adequate stress relieval 
would have greatly reduced the strength of the tubing. 

It was finally decided that the high residual stresses, coupled 
with susceptibility to stress corrosion cracking, made this tubing 
undesirable for commercial use. The design specifications were 
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changed and 24S-T4 tubing was used in all of the later models. 

The only difference between this tubing and that previously 
used was brought about by a change in the sequence of manufactur- 
ing operations. In the changed procedure, the tubing was sunk from 
the round to the square shape prior to the solution heat treatment, 
thus avoiding the high residual stresses caused by sinking after the 
solution heat treatment. Of course, the elimination of the cold 
reduction after heat treatment lowered the strength of the tubing 
and hence the permissible design stress, and increased somewhat the 
weight of the plane. After this change, however, no stress corrosion 
cracking of the tubing was experienced in thousands of this type of 
plane used in World War II. 


Quenching Rate 


An unusual situation in which the machining of a rapidly 
quenched large diameter forging resulted in a high residual tensile 
stress will be described in the last example. Stress corrosion crack- 
ing was encountered in the early use of Alcoa 76S, an aluminum- 
zinc-magnesium forging alloy, for aircraft propeller blades of high 
strength and hardness with improved abrasion resistance. The shank 
of the propeller, about 6 inches in diameter, was forged solid, solution 
heat treated, and artificially aged. Then a tapered hole about 17 
inches in length was bored in the center with the diameter gradually 
decreasing from about 3 inches at the end of the shank as illustrated 
in Fig. 10. The cracks started at the inside surface of the hollow 
shank and progressed radially and longitudinally. The stress cor- 
rosion fracture is indicated by the dotted lines in the figure. (The 
fracture was completed mechanically in order to examine the surface 
of the stress corrosion fracture. ) 

In the thorough investigation (27) which followed the detection 
of the stress corrosion cracks, it was determined that the removal of 
metal from the center of the shank had exposed layers at the surface 
of the hole having high residual circumferential tensile stresses result- 
ing from rapid quenching. When the hollow shanks were tested for 
susceptibility to stress corrosion cracking by exposure to a boiling 
6% sodium chloride solution, longitudinal cracks occurred very simi- 
lar to those which had been experienced in service. Quenching in 
boiling water instead of water at 160 °F, as had been the previous 
practice, reduced the stress level at the surface of the bore so that no 
stress corrosion cracking occurred in the boiling sodium chloride test. 
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Fig. 10—Stress Corrosion Fracture of Shank of Forged Pro- 
peller, Caused by High Residual Tensile Stresses in Surface Layers 
of Bored Hole Resulting From Stresses Caused by Rapid Quenching. 
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As an additional precaution, the propeller manufacturer shot- 
peened the surface of the inside of the bore. The shot peening further 
reduced any possibility of a high surface tensile stress and may have 
even introduced a compressive stress. 

After the adoption of the boiling water quench and the shot 
peening, no stress corrosion cracking was experienced and hundreds 
of thousands of 76S propeller blades have been in successful service. 


Simple Requirements for Satisfactory Performance 


The three examples cited show that, even with products which 
exhibit some degree of susceptibility to stress corrosion cracking 
under service conditions in the presence of a high enduring tensile 
stress, satisfactory performance can be obtained by merely avoiding 
the unnecessarily high surface tensile stresses. Let us repeat for 
emphasis that stresses imposed by necessary service loads, to our 
knowledge, have not produced stress corrosion cracks in aluminum 
alloy products which have been used commercially in this country. 

This discussion of the theoretical and practical aspects of stress 
corrosion cracking will, it is hoped, permit a better understanding 
of the following section of the lecture devoted to the resistance to 
stress corrosion cracking of 75S. 


RESISTANCE OF 75S To STRESS CORROSION CRACKING 


Phase Relations in 75S 


The alloy 75S, containing six intentionally added alloying ele- 
ments and the ever-present impurities, iron and silicon, has a very 
complicated constitution which has not been completely elucidated 
to date. The early diagram proposed by Sander and Meissner (28) 
is shown in Fig. 11. These authors assumed that the compound 
MgZn, formed a quasi-binary system with aluminum. This was, 
of course, an over-simplification but it did permit them to illustrate 
the high solid solubility of this compound in aluminum at the high 
temperature and the markedly lower solubility at room temperature, 
thus accounting for the large increase in strength obtained by heat 
treatment. 

Fink and Willey (29), employing alloys of high purity, inves- 
tigated the aluminum corner of the high purity aluminum-zinc- 
magnesium diagram. The ternary section of their diagram at 
440 °C is shown in Fig. 12. In this and the other diagrams to be 
shown in this lecture, the various phases are designated by the 
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Fig. 11—Al-MgZnz2 Quasi-Binary Section of the Aluminum-Zinc-Magnesium 
System. W. Sander and K.L. Meissner ( 28). 
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Fig. 12—Ternary Section at 440°C of the Aluminum-Zinc-Magnesium 
System. W.L. Fink and L. A. Willey (29). 
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system originated by the Aluminum Research Laboratories in which 
each essential element in the phase is indicated by its chemical 
symbol. The chemical symbols are placed in parentheses in order 
of the relative amount present and separated by hyphens to avoid 
confusion with chemical compounds. Other elements not essential 
to the formation of the phase are not included in the designation. 
The phase indicated 8(Zn-Mg) is the phase represented by Sander 
and Meissner as MgZn,. | 
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Fig. 13—Ternary Section at 200°C of the Aluminum-Zinc-Magnesium 
System. W.L. Fink and L. A. Willey (29). 


The ternary section at 200 °C of the Fink and Willey diagram 
is shown in Fig. 13. A comparison between these two isothermal 
sections reveals a large area of aluminum solid solution indicated 
(Al) at 440°C and only a very small aluminum solid solution area 
at 200°C. Thus, it will be seen that there is a considerable range 
of aluminum-zinc-magnesium concentrations in which all of the 
zinc and magnesium will be soluble at 440°C and almost insoluble 
at 200°C, and hence will fulfill the requirement for alloys sus- 
ceptible to solution heat. treatment. However, according to this 
diagram only 15% of the phase B(Zn-Mg) would be soluble at 
440 °C, whereas the Sander and Meissner diagram of Fig. 11 
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would indicate approximately 25%, and at 200°C the solubility 
shown by Fink and Willey is also much smaller than the 10% 
shown by Sander and Meissner. 

It will also be observed that the phase fields converge toward 
the aluminum corner as the temperature decreases from 440 to 
200 °C. From these diagrams it would appear that in the zinc and 
magnesium range of 75S, the precipitating phase in the ternary 
alloys may be B(Zn-Mg) or (Mg-Zn-Al). 





Al 2 4 6 8 10 12 Ss 16 ig 20 
Weight Percentage Zinc 


Fig. 14—The Quaternary System Aluminum-Zinc-Magnesium- 
Copper at 460°C—Aluminum-Rich Alloys Containing 1.5% Copper. 
Drawn by L. A. Willey from data of D. J. Strawbridge, W. Hume- Rothery 
and A. T. Little (30). 


The quaternary system, aluminum-zinc-magnesium-copper, at 
460 °C, as drawn by L. A. Willey from the excellent data of Hume- 
Rothery and his collaborators (30), is shown in Fig. 14. It is 
readily seen that the addition of 1.5% copper greatly adds to the 
complexity of the constitution. At this temperature, the composi- 
tion of 75S lies in the (Al) phase field very close to the boundary 
of the (Al) + a(Al-Cu-Mg) field. Although the phase fields have 
not been determined in the aluminum-zinc-magnesium-copper alloys 
at a lower temperature than 460°C, it may be assumed that the 
fields will converge toward the aluminum corner of the tetrahedron 





1086 TRANSACTIONS OF THE A. S. M. Vol. 42 


as the temperature decreases and undoubtedly new phase fields are 
encountered. From these considerations, it appears probable that 
the hardening constituent in 75S alloy is principally the phase 
B(Zn-Mg), as stated by Keller (31), but it is possible that small 
quantities of the phases a(Al-Cu-Mg) «and (Al-Cu) may also pre- 
cipitate. According to Hume-Rothery (32) the phase 8(Zn-Mg) 
is isomorphous with the a(Al-Cu-Mg) phase, which he designates 
as M in both systems. 

Saulnier (33) determined by special X-ray technique the phases 
present in two alloys, A-ZG containing 7.5% zinc and 2.5% mag- 
nesium, and A-ZGU containing the same nominal zinc and magne- 
sium but in addition 1.5% copper. Wrought rods of these alloys 
were heated for 3 hours at 460 °C, quenched in cold water and held 
at room temperature for 8 days. The rods were then reheated at 
temperatures in the range of 100 to 430°C for 3 hours and again 
quenched. The phases which he found are listed in Table III using 
the Aluminum Research Laboratories nomenclature. 











Table Ill 
Phases in Aluminum-Zinc-Magnesium Alloys After Saulnier (33) 
A-ZG A-ZGU 
Zn 7.5%. Mg 2.5% Zn 7.5%, Mg 2.5%, Cu 1.5% 

100°C (212°F) B(Zn-Mg): (Al-Cu-Mg)s:+(Al-Cu): 
150°C (302°F) 8(Zn- Mg): B(Zn-Mg): +a(Al-Cu-Mg):+(Al-Cu):2 
200 °C (392 oF} 8(Zn-Mg)« B(Zn-Mg)4+(Al-Cu): 
250°C (482°F) 8(Zn- Me). +(Mg-Zn-Al); B(Zn-Mg)s+(Al-Cu): 
350°C (662 °F) B(Zn-Mg)s4+(Al-Cu): 
430°C (806 oF) 8(Zn-Mg): 


The subscript numbers represent the relative amount of the constituents as judged by the 
X-ray examination. 


Willey, Stumpf and Cline (34) concluded from the results 
of recent X-ray examinations of 75S sheet that B(Zn-Mg) is the 
principal phase precipitating during long-time artificial aging, which 
was started immediately after 4 solution heat treatment of 0.5 hour 
at 870 °F followed by a rapid quenching. This was the only phase, 
other than the aluminum solid solution, detected after aging for 32 
days at 250 °F (121 °C) or 4 days at 320°F (160°C). The same 
phase was found when copper, chromium or both elements were 
omitted from the composition of the alloys. 

These investigators also determined by X-ray and metallo- 
graphic examination the phases present in the previously mentioned 
alloys at 500°F (260°C). An attempt was made to verify the 
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phases in equilibrium by approaching the desired temperature trom 
both higher and lower temperatures. Sheet specimens which had 
been heated at 870°F (465°C) were, in one procedure, held for 
0.5 hour at this temperature, rapidly quenched, reheated for 7 
days at 500°F (260°C), and again rapidly quenched; and in the 
other procedure, held at 870 °F (465°C) for 1 hour, slowly cooled 
in 67 hours to 500°F (260°C), held for 16 hours, and rapidly 
quenched. 

In the simple ternary aluminum-zinc-magnesium alloys of the 
same nominal magnesium and zinc contents as 75S, Willey and his 
collaborators found (Mg-Zn-Al) to be the principal phase in addi- 
tion to the aluminum solid solution. In this respect, their results 
agree with those of Saulnier and are in accordance with the expecta- 
tions from the equilibrium diagram of these ternary alloys as given 
by Fink and Willey (29). 

In the 75S specimens treated as described above, two phases 
B(Zn-Mg) and a(Al-Cu-Mg) were identified as the phases in 
equilibrium with (Al) at 500°F (260°C). The B(Zn-Mg), how- 
ever, was still the principal constituent. The omission of chromium 
from the 75S composition did not alter these conclusions. 

The 75S sheet specimens which had been slowly cooled to 
500 °F (260°C) by the procedure previously described were re- 
heated in the temperature range 500 to 800°F (260 to 426°C), 
during which specimens were quenched at 50°F intervals after 
30 minutes at temperature. Upon examination of these specimens, 
it was found that the B(Zn-Mg) phase had been taken into solid 
solution more rapidly than the a(Al-Cu-Mg); thus, at 800°F 
(426 °C), the principal undissolved constituent was a(Al-Cu-Mg). 

Although the results obtained by Fink, Willey, Stumpf and 
Cline are at variance in some respects with Saulnier’s findings in 
regard to the aluminum-zinc-magnesium-copper alloys, it is clear , 
from both of these investigations that the principal precipitating 
phase in 75S during commercial aging treatments at temperatures 
from 250 to 325 °F (121 to 163 °C) is the phase B(Zn-Mg). 

Saulnier concluded that the hardening of his A-ZGU alloy 
below 125°C (250 °F) is attributable to the phases a(Al-Cu-Mg) 
and (Al-Cu), but that above this temperature, the principal harden- 
ing phase is B(Zn-Mg). 

In view of the results obtained by Willey, Stumpf and Cline 
after long-time heatmg at 250°F (125°C), it is doubtful if the 





1088 TRANSACTIONS OF THE A. S. M. Vol. 42 


phases a(Al-Cu-Mg) and (Al-Cu) are present in any appreciable 
quantities in equilibrium at this temperature. They may, however, 
represent a transition situation in the artificial aging of 75S. 
Further investigations are under way in the Aluminum Research 
Laboratories to clarify this matter. In alloys of this type contain- 
ing silicon, the phase (Al-Mg-Si) is formed, but has very low 
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Fig. 15—Aluminum-Chromium System. W. L. Fink and L. A. Willey from 
data of W. L. Fink and H. R. Freche (36) and G. V. Raynor and K. Little (37). 


solubility and does not have a significant effect except for the small 
amount of magnesium which it keeps from functioning as it other- 
wise would. 

As has been stated, Willey, Stumpf and Cline found that in 
75S-type alloy the addition of 0.25% chromium did not change the 
phases found in addition to the aluminum solid solution at the 
temperatures they investigated. However, a chromium-rich phase 
in such a small quantity could not be detected by X+ray methods, 
and the particles might be too small to be detected microscopically. 
The presence of a chromium-rich phase is suggested: by the binary 
aluminum-chromium diagram which is shown in Fig. 15, from the 
work of Fink and Freche (36) and Raynor and Little (37). It 
will be seen that in this system a peritectic reaction occurs at 
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661 °C (1222 °F). At this temperature under equilibrium condi- 
tions, 0.77% chromium is soluble in pure aluminum. The solid 
solubility decreases rapidly so that only about 0.10% is soluble 
at the temperature range usually employed for the solution heat 
treatment of the 75S-type alloy. Probably the presence of other 
elements in the commercial alloys further decreases this solubility. 





990°F —} 
(532°C) 





Temperature °F 





Heating Curves 
Alcoa 75S 





Time—+ 


Fig. 16—Heating Curves of Alcoa 75S. L. A. Willey (38). 


In the more complex alloys of the 75S type, a considerable propor- 
tion of the iron, manganese and titanium enter into solid solution 
in the (Al-Cr) phase. Whether or not precipitation of this phase 
occurs in alloys of the 75S type cannot be said as a certainty, but 
this possibility must be considered in speculating on the effect of 


chromium in improving the resistance of the alloy 75S to stress 
corrosion cracking. 


Heat Treatment of 75S 


The solution heat treatment of Alcoa 75S is accomplished in 
the same manner as with the other heat treatable high strength 
aluminum alloys. However, the permissible temperature range is 
wider. 

The heating curve for 0.25-inch hot-rolled slab illustrated in 
Fig. 16 (38) shows that on heating a well-worked product of 75S 
alloy, the first indication of the beginning of melting is at 990 °F 
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(532 °C); however, in products which have not been completely 
homogenized by sufficient working and thermal treatment, the 
beginning of melting may occur at 890°F (477°C). This point 
is clearly indicated on the second heating curve of Fig. 16 which 
was taken on the melted and resolidified sample used for the heat- 
ing curve previously discussed. This thermal effect is caused by 
the melting of small amounts of segregated phases. 

It will be seen from above data that in hot-worked products, 
such as extrusions and forgings, the commercial heat treating range } 
should be 860 to 880 °F in order to avoid the possibility of incipient 
melting occurring in segregated locations; however, for plate and 
sheet which have been thoroughly worked, it is possible to use the 
same solution heat treatment range as is employed for 24S products 
(namely, 910 to 930 °F), thus permitting the two alloys to be heat 
treated in the same furnace load with the resulting economy. 


Effect of Quenching Rate 


Maximum mechanical properties and highest resistance to cor- 
rosion are obtained by rapid quenching of 75S alloy just as in 24S 
alloy. However, with 75S alloy the mechanical properties are more 
sensitive to the rate of quenching than is the resistance to corrosion. 
In the heat treatment of thin sheet, this is a commercial advantage 
because a rapid quench must be employed to obtain the minimum 
specified properties which automatically prevents the use of quench- 
ing rates slow enough to adversely affect resistance to corrosion. 

The majority of high strength aluminum alloy forgings are 
quenched in hot water in order to minimize residual stresses. For 
this reason, 75S forgings exceeding 3 inches in thickness are rough 
machined before heat treatment so as to reduce the mass which has 
to be quenched. 

On the other hand, extrusions are quenched as rapidly as 
possible in order to obtain maximum mechanical properties and 
resistance to corrosion. The quenching stresses in extrusions are ‘ 
largely removed by the stretching operation performed after the 
solution heat treatment but prior to artificial aging, to produce the 
desired degree of straightness. 

The effect of quenching rate in the critical range 750 to 550 °F 
on the tensile and yield strengths is shown in Fig. 17 (39). In the 
figure the tensile and yield strengths obtained by various quenching 
rates are shown as a percentage of the values obtained by the most 
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rapid rate employed. It will be observed that when the average 
quenching rate is less than about 70 °F per second, the tensile and 
yield strengths begin to fall off rapidly. 

Data obtained by McCormick (40) on the influence of the 
rate of quenching on extrusions varying in size from 2 to 7 inches 
in diameter are plotted in Fig. 18. That the reduction in strength 
is largely the effect of quenching rate is demonstrated by the curve 
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Fig. 17—Effect of Rate of Quenching on Alcoa 75S-T6 Products. W. L. 
Fink and L, A. Willey (39). 


showing the mechanical properties of 34-inch square pieces cut from 
these extrusions midway between the center and surface and sub- 
sequently heat treated. 

The rate of quenching of large pieces also varies from surface 
to center as is illustrated by measurements made by Fink and 
Willey (39) on the large extruded shape shown in Fig. 19. A piece 
of this extrusion 14 inches long was quenched by rapid immersion 
in cold water. The average quenching rate over the critical range 
750 to 550°F was determined at three locations. At about 0.2 
inch from the surface the rate was 210°F per second. This rate 
dropped sharply to 33°F per second approximately 1 inch from 
the surface, with little further drop from there to the center. 

To determine the effect of these variations in quenching rates 
on the tensile and‘ yield strengths, specimens were cut from the 
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Fig. 18—Effect of Rate of Cooling During Quenching on the Strength 
of Alcoa 75S-T6 Extrusions. T. F. McCormick (40). 
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Fig. 19—Effect of Rate of Cooli During 
Quenching on the Strength of a Large Extrusion 
of Alcoa 75S-T6 From Surface to Center. W. L. 
Fink and L. A. Willey (39). 
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three locations shown. The values in the two right-hand columns 
show the strengths of the specimens taken from the heat treated 
extrusion expressed as a percentage of the strengths of specimens 
from the respective locations, heat treated as 7%-inch diameter by 
3¥%-inch long bars. Thus, except near the surface of this large 
extrusion (approximately 4 by 7% inches in cross section), the 
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Aging Time —Hours 
Fig. > of Alclad 75S-W Sheet at Room Temperature and at 32°F and 
O°F. J. A. Nock, Jr. (42). 
tensile strength is only about 90%, and the tensile yield strength 
80 to 85% of the values which would be obtained if very rapid 
quenching were possible. 


Natural Aging 


After a solution heat treatment, the room temperature aging 
of 75S alloy continues for a period of years. The natural aging 
curve of Alclad 75S-W (solution heat treated only) sheet up to a 
period of 5 years is shown in Fig. 20 (42) together with curves 
showing that the natural aging of 75S can be retarded by storage 
at low temperatures just as in the case of the other high strength 
aluminum alloys. Even after 5 years’ aging at room temperature, 
the tensile yield strength curve continues to rise although the tensile 
strength curve is leveling off. The continued natural aging of 
75S-W limits the usefulness of the alloy in this temper. 
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Artificial Aging 


The optimum artificial aging temperature for 75S has been 
found to be 250°F. Typical aging curves for 0.064-inch thick 
75S sheet, at this temperature and at 275 and 300°F, are shown 
in Fig. 21 (1). At a temperature of 250°F, most of the increase 
in strength is obtained in the first 24 hours, although the yield 
strength continues to rise for a much longer period of time. How- 
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Fig. 21— Artificial Aging of Alcoa 75S Sheet. Aging started immediately after 
quenching (J). 


ever, if the temperature is increased only 25°F in an effort to 
achieve maximum strength in a shorter time, the maximum strength 
obtained is considerably reduced in comparison with that. resulting 
from aging for 24 hours at 250 °F. 

In the curves of Fig. 21, the aging was started immediately 
after quenching. The interval between quenching and the beginning 
of artificial aging affects the initial portion of the aging curves as 
will be noted in Fig. 22. These curves were obtained by starting 
the aging 17 days after quenching. This period of room tempera- 
ture aging had increased the tensile strength from 50,000 psi 
obtained immediately after quenching to about 76,000 psi, and the 
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yield strength from about 20,000 to 50,000 psi. The effect of the 
first short period of artificial aging is a drop in strength caused by 
the resolution of some of the finer particles of precipitate which 
had formed during the room temperature aging. 

The effect on the final properties obtained by artificial aging 
for different periods of room temperature aging between quenching 
and the beginning of artificial aging is shown in Fig. 23 (1). The 
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Fig. 22—Artificial Aging of Alcoa 75S Sheet. Aging started 17 days after quench- 
ing. J. A. Nock, Jr. 


high properties obtained by starting the aging immediately after 
quenching suffer a measurable loss after an interval of less than 
about 2 hours, reach a minimum at about 8 to 16 hours and 
gradually recover. The effect is more pronounced for an aging 
temperature of 275 °F than for 250°F. This effect is of technical 
interest, but for constant temperature aging at 250 °F, statistical 
results from production records indicate that there is not sufficient 
lowering of strength to justify controlling the interval between 
quenching and artificial aging. The effect of this time interval is 
even less pronounced with progressive or interrupted aging treat- 
ments of the type now to be discussed. 
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Progressive Aging Treatments 


In an effort to reduce the furnace time necessary for artificial 
aging, a considerable amount of investigational work has _ been 
done on interrupted and progressive aging treatments in which the 
aging is started at a relatively low temperature and followed by 
aging at a higher temperature. Apparently the aging at the low 
temperature initiates a desirable type of precipitation which is 
completed by the higher temperature in a relatively short time. 
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Fig. 23—Effect of Interval Between Quenching and Beginning of Artificial 
Aging on Mechanical Properties of Alclad 75S Sheet (/). 


One of the first interrupted aging treatments used commercially 
consisted of heating for 4 hours at 212 °F, cooling to approximately 
room temperature and reheating for 8 hours at 315°F (41). 
Further investigations indicated that satisfactory results can be 
obtained in an even shorter total time by heating for approximately 
3 hours at 250 °F followed by 3 hours at 325°F (43). It seems 
to be of little importance whether the second heating step follows 
without an intermediate cooling to room temperature, 1.e., pro- 
gressive aging, or whether the load is removed from the low 
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temperature furnace and allowed to cool and then heated to the 
higher temperature, i.e., interrupted aging. 

While interrupted and progressive aging procedures have been 
developed which are satisfactory for cold-worked products, the 
constant temperature aging is still the most satisfactory for artifi- 
cial aging of hot-worked products, such as thick plate, extrusions 
and forgings. 

The effect of cold working a 24S alloy after a solution heat 
treatment has such a marked effect on the response of the alloy 
to artificial aging that it seemed desirable to study 75S alloy in 
this respect. No significant effect on the response to constant 
temperature aging of 75S alloy is produced by cold working after 
several different time intervals between solution heat treatment 
and aging. However, when interrupted or progressive aging is 
employed, cold working between quenching and aging has an 
adverse effect on the tensile, yield strength and elongation. 

The small amount of cold work which sheet receives in stretch- 
ing, as part of the mill flattening operation, has a relatively in- 
significant effect on tensile and yield strength of sheet aged at a 
constant temperature of 250°F. However, even this small amount 
of cold work causes some slight reduction in these properties when 
interrupted aging is employed. In one survey covering Alclad 75S 
and 75S sheet in thicknesses from 0.032 to 0.072 inch, heat treated 
at 916 °F, cold-water-quenched and commercially stretched (about 
14% total elongation under load), a comparison of properties 
obtained by constant temperature aging and several interrupted 
aging treatmehts was made. Sheet aged 4 hours at 210 °F followed 
by cooling and then heating for 8 hours at 315 °F averaged about 
414% \ower in tensile strength and in tensile and compressive yield 
strengths than sheet given a constant temperature aging at 250 °F 
for 24 hours. With an interrupted aging treatment of 3 hours at 
250 °F followed by cooling and then heating for 3 hours at 325 °F, 
the difference from the constant temperature aging treatment was 
somewhat less. 

The elongation of the constant-temperature-aged material was 
about 1.5% in 2 inches higher than for the former interrupted aging 
practice, and 1.8% in 2 inches higher than for the latter. However, 
the interrupted aging treatments produced better formability as 
judged by dimpling experience. 

The advantage of ‘shorter aging time coupled with the improved 
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dimpling properties and almost insignificant reduction in tensile 
strength has led to the adoption of interrupted aging in the fabricat- 
ing plants, although some aircraft manufacturers prefer the constant 
temperature aging. 


Annealing of 75S Alloy 


The annealing of 75S alloy products requires special considera- 
tion. Owing principally to the chromium content, the alloy is rather 
difficult to recrystallize and, even in products that have received a 
considerable amount of cold working, a temperature of at least 775 °F 
is required to produce recrystallization. At this temperature, a con- 
siderable proportion of the soluble constituents are put into solid solu- 
tion, and unless the cooling is extremely slow, precipitation with 
resultant increase in hardness will occur during cooling and storage 
at room temperature. 

A moderate degree of softness can be obtained by heating at 
775 °F and then cooling in still air. This treatment, however, is not 
satisfactory unless the material is to be used within a day or so after 
the annealing treatment. 

To obtain stable soft-annealed properties, 75S products are gen- 
erally heated at 775 °F and cooled in air, and then given a “stabiliz- 
ing treatment” (44) of 2 to 4 hours at 450 °F which precipitates the 
material taken into solid solution at the higher temperature. The 
rate of cooling from the stabilizing temperature is not important. The 
procedure described is suitable for annealing previously heat treated 
products, provided the heating at 775 °F is for at least 2 hours. 

It seemed advisable to discuss the phase relations in the alumi- 
num-zinc-magnesium-copper alloys and the thermal treatments of 
75S alloy before considering the role played by chromium in improv- 
ing the resistance to stress corrosion cracking of 75S. Any attempt 
to present all of the data available on this subject would require so 
much condensation as to be of little interest. Instead, specific experi- 
ments will be described in the following sections in order to illustrate 
the pronounced beneficial effect of chromium in improving the resist- 
ance to stress corrosion cracking of the 75S-type alloy. 


Composite Specimen Corrosion Tests 


Sandwich specimens of 75S alloy and an alloy of similar compo- 
sition without chromium were made up by C. J. Fiscus (45) by 
bonding together slabs of the two alloys by hot rolling. Several dif- 
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Fig. 24—-Composite Specimen Stress Corrosion Tests—Specimens Stressed by Flexure 
to 75% of Yield Strength in Tension Surface and Immersed in a Boiling 6% NaCl Solution. 
(a)—Surface of 75S-T6 alloy in tension showed no cracks in 96 hours. (b)—Alloy 75S 
without chromium (-T6) (upper half of specimen) cracked in 14 days (duplicate specimen 
in 6 hours) but 75S-T6 (lower half) did not crack in 17 days. (c)—Surface of alloy 75S 
without chromium (-T6) in tension cracked in 1 hour [compare with photograph (a)]. 
(d)—Side view of specimen in photograph (c) showing crack in the alloy without chromium 
extending to interface and then longitudinally between the two alloys. 


ferent thickness combinations of the two alloy slabs were used. 
Specimens 7g inch thick of the 34-inch thick composite slabs 
were then prepared by two methods; in one case, tensile test speci- 
mens were machined in a plane perpendicular to the surface of the 
slab so that the two alloys were side by side as shown by the photo- 
graph of the corroded specimen b in Fig. 24, and in the other case, 
the slab was rolled to ;;-inch thick sheet and tensile specimens 
machined from the composite sheet so that the alloys were in layers 
parallel fo the surface of the sheet. All of these specimens were 


solution heat treated, ¢cold-water-quenched, and artificially aged for 
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24 hours at 250°F. They were then immersed in a boiling 6% 
NaCl solution and stressed in different ways. 

In Fig. 24, specimen a of the latter group of specimens was 
sprung and held firmly so that the 75S half of the specimen was 
stressed to 75% of its yield strength. No cracks occurred in 96 
hours in the 75S surface shown nor in the layer of the alloy minus 
chromium, which in this specimen was stressed in compression. On 
the other hand, when the specimen was stressed so that the alloy 
without chromium was in tension, it cracked in 1 hour. The main 
crack and other parallel cracks of less depth are shown in photo- 
graph c, Fig. 24. The main crack extended in two branches to the 
interface between the two alloys and then the specimen split apart 
longitudinally as shown in photograph d. As would be expected, 
no cracks occurred in the 75S alloy whose surface was in compres- 
sion in this test. 

When a specimen of the former group (i.e., machined from the 
composite slab), containing the alloys side by side, was sprung so 
that a surface of each alloy was stressed in tension to 75% of the 
yield strength, the alloy without chromium cracked and split off from 
the 75S as shown in photograph b, Fig. 24. The specimen illus- 
trated cracked in 14 days, but a duplicate specimen cracked in 6 
hours. No cracks were found in the 75S alloy when the test was 
discontinued at the end of 17 days. 

In another test of specimens in which the alloys were side by 
side, the specimens were preformed in the fully heat treated temper 
as shown in Fig. 25. They were then sprung into a fixture so that 
they were highly stressed with the top of the loop in tension. The 
alloy containing no chromium developed cracks as shown in the bottom 
half of the lower composite specimen in 3 hours. The upper specimen 
was allowed to remain in the boiling salt solution for 17 days and the 
alloy containing no chromium cracked completely through and split 
off as shown in the photograph. No cracks developed in the 75S 
portion (top of photographs) of either specimen. 

Round tensile specimens were prepared from the composite slab 
of the two alloys, with their axes at the center of the slab and parallel 
to the direction of rolling. The specimens were stressed in direct 
tension in the fixture shown in Fig. 26 to 75% of the yield strength. 
The specimen photographed in the fixture (Fig. 26) was aged after 
a solution heat treatment by an interrupted procedure consisting of 
heating for 3 hours at 250 °F, cooling to room temperature and again 
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Fig. 25—Composite Specimen Stress Corrosion Tests—Preformed Specimen (Formed 
Cold in -T6 Temper) Highly Stressed by Flexure (Top of Loopin Tension), and Immersed 
in a Boiling 6% NaCl Solution. (Upper composite specimen)—Alloy 75S-T6 (top half of 
specimen) showed no cracks in 17 days. Alloy 75S without chromium (-T6) (bottom half 
of specimen) was complete failure in this time. (Lower composite specimen)—Alloy 75S 
without chromium (bottom half of specimen) cracked in 3 hours; no cracks in alloy 75S-T6 
(top half of specimen). 


heating for 3 hours at 325°F. The alloy without chromium cracked 
in 6 days. The specimen illustrated in lower photograph of Fig. 26 
was aged at constant temperature of 250 °F for 24 hours. The side 
containing the alloy without chromiun: cracked in 2 days. No cracks 
were found in the 75S portions of the specimens when they were 
examined after 17 days in the boiling salt solution. 

Tests were also made on composite specimens consisting of a 
core of 75S covered by surface layers of the alloy without chromium, 
each 20% of the total thickness of the sheet. These specimens were 
aged for 24 hours at 250 °F subsequent to a solution heat treatment 
and rapid quench. When they were stressed by flexure as previously 
described, cracks developed in the tension surface of the alloy with- 
out chromium but not in the compression surface. The upper photo- 
graph of Fig. 27 shows the parallel cracks in the tension surface 
after immersion for 96 hours in the boiling salt solution and lower 





1102 TRANSACTIONS OF THE A. S. M. Vol. 42 





Fig. 26—Composite Specimen Stress Corrosion Tests. Round specimens, machined 
with axis at center of composite slab of 75S-T6 and 75S without chromium (-T6), were 
stressed in direct tension to 75% of yield strength and immersed in boiling 6% NaCl solu- 
tion. Cracks developed in the alloy 75S without chromium portions of the specimens as 
noted but no cracks were found in the alloy 75S portions after 17 days. Upper photo- 
graph—The 75S without chromium (-T6) portion of the test specimen cracked in 6 days. 
Lower photograph—The 75S without chromium (-T6) portion of the test specimen 
cracked in 2 days. 


photograph of the same figure shows the absence of cracks in the 
compression surface. Cross sections of the cracks in the tension sur- 
face are shown in the photomicrograph of Fig. 28 at a magnification 
of 100 diameters. The cracks are intergranular and do not extend 
beyond the surface of the alloy without chromium. A similar cross 
section of the compression surface of this specimen is shown in Fig. 
29. Shallow pitting will be observed at the surface (lower portion 
of the photomicrograph) but no evidence of stress corrosion cracks 
was found. 

This series of tests clearly demonstrates the beneficial effect of 
chromium in the 75S composition. In addition, it throws some light 
on the mechanism of crack propagation in stress corrosion cracking. 
In these composite specimens, even though the stress in the 75S 
portion is greatly increased by the “notch effect” caused by the 
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Fig. 27—Composite Specimen Stress Corrosion Tests. Sheet specimens consisting of an 
alloy 75S-T6 core and surface layers each 20% the thickness of the sheet of alloy 75S without 
chromium (-T6) were stressed by flexure and immersed in a 6% boiling NaCl solution. 
(a)—Shows cracks which developed in 96 hours in the surface stressed to 75% of the yield 
strength in tension of the alloy without chromium. (b)—The surface in compression of the 
alloy without chromium showed no cracks. 


cracks in the alloy without chromium, the crack did not progress into 
the 72S (Al, 1% Zn) interliner used to bond the two alloys. The 
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Fig. 28—-Composite Specimen Stress Corrosion Tests. Photomicrograph of cross section 
through a crack in alloy 75S without chromium (-T6) in the tension surface shown in photo- 
graph (a) of Fig. 27. Keller's etch. 100. 


Fig. 29—Composite Specimen Stress Corrosion Tests. Photomicrograph of cross section 
through alloy 75S without chromium compression surface as shown in photograph (b) of 
Fig. 27. Keller's etch. 100. 


thin 72S interliner is readily seen in the micrographs of Figs. 28 
and 29. 
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Effect of Chromium on Microstructure 


In order to study the effect of chromium on the microstructure 
of the 75S alloy, ingots 2% inches thick by 12 inches wide were cast 
by the direct chill process under identical conditions of the follow- 
ing compositions : 


Table IV 
Analysis of Alloys Used for Metallographic Studies 


Alloy Cu Fe Si Mn Mg Zn Cr Ti 


A (75S without Cr) 1.58 0.17 0.07 0.12 2.45 5.79 0.01 0.04 
B (75S) 1.58 0.17 0.07 0.14 2.42 


5.74 0.22 0.04 


It will be noted that the two compositions are practically identical 
except that no chromium was added to alloy A. Alloy B is 75S. 
Figs. 30 to 34 inclusive illustrate the microstructural characteristics 
of these two alloys in a variety of conditions. Fig. 30, a and b, 
shows, at a magnification of 100 diameters, the ingot structures after 
a treatment of 12 hours at 600 °F (315°C) followed by 12 hours 
at 860 °F (460°C) and slow cooling. A significant difference in the 
appearance of the structures of the two alloys is the more pronounced 
coring and greater contrast in the dendrite grains in the absence of 
chromium and the more evenly dispersed precipitate in the presence 
of chromium. 

In Fig. 30, ¢ and d, are illustrated the structures at 500 diam- 
eters of 0.064-inch thick sheet which was annealed for 1 hour at 
775 °F (415°C), air-cooled, and stabilized 4 hours at 450°F 
(235°C). The fine uniformly dispersed constituent and lack of 
visible grain boundaries in the presence of chromium is to be con- 
trasted with the much larger particles of precipitate and well-outlined 
grain boundaries in the absence of chromium. 

The structures of 0.064-inch thick sheet in the -T6 temper 
(solution heat treated and artificially aged) at a magnification of 
100 are shown in Fig. 31. The alloy without chromium has nearly 
equiaxed grains, whereas the presence of chromium has caused a 
pronounced elongation of the grain structure. 

The structures of the sheet in the -W temper (solution heat 
treated only) are illustrated in Fig. 32 at a magnification of 500 
diameters. The pronounced elongated grain structure and more 
irregular grain boundaries caused by the chromium in 75S will be 


observed here and also in Figs. 31, 33 and 34. 
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Fig. 30—Alloy .75S Without Chromium (a and c); Alloy 75S (b and d). Structure of 
D.C. ingot heated for 12 hours at 600°F, followed by 12 hours at 860°F and slow cooling. 
Note the more pronounced coring and greater contrast in the dendrite grains in the absence 
of chromium (a) and the more evenly dispersed precipitate in the presence of chromium (b). 
100. Structure of 0.064-inch thick sheet annealed by heating for 1 hour at 775 °F followed 
by 4 hours at 450°F. The fine, uniformly dispersed constituent and lack of visible grain 
boundaries in the presence of chromium (c) is to be contrasted with the much an yoy 


of es and well-outlined grain boundaries in the absence of chromium 
Ki *setch. S500. - 
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Fig. 31—Structures of 0.064-Inch Thick Sheet in the -T6 Temper. Keller’s etch. 100. 
(a)—Structure of alloy 75S without chromium (-T6). Note equiaxed grains with regular 
boundaries. (bj—Structure of alloy 76S-T6. Note that the presence of chromium has pro- 
duced elongated grains with more irregular grain boundaries. 


The photomicrographs of the specimens quenched in cold water 
(Fig. 32, a and b) show some rounded particles of undissolved 
constituents but no visible particles of precipitate; whereas the speci- 
mens quenched in boiling water (Fig. 32, c and d) show a consid- 
erable quantity of precipitate. In the 75S, the particles are fine and 
evenly dispersed, while in the absence of chromium the particles are 
much larger and-occur mostly at the grain boundaries. 

When the solution heat treated alloys are artificially aged at 
250 °F (120°C), no appreciable change in the microstructure of 
either the cold-water-quenched or the boiling-water-quenched alloys 
can be detected (Fig. 33). In both the -W and -T6 tempers, the 
cold-water-quenched alloys show almost no precipitation visible at 
even the highest magnifications possible with the optical microscope. 
It is, therefore, evident that the precipitation found in the specimens 
quenched in boiling water must have occurred during the slow 
quenching and undoubtedly at a much higher temperature than is 
normally employed for artificial aging. 
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Fig. 32——Structures of 0.064-Inch Thick Sheet in the -W Temper. Alloy 75S without 
chromium (a and b); alloy 75S (b and d). (a) and (b)—Cold water quench. Note absence 
of visible precipitate. (c) and (d)—Boiling water quench. Note uniformly dispersed pre- 
cipitate in the presence of chromium (right) and selective precipitate along grain boundaries 
in the absence of chromium (left). Hot NaOH-+Keller’s etch. 500 
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Fig. 33—Structures of 0.064-Inch Thick Sheet in the -T6 Temper. 
chromium (a and c); alloy 75S (b and d). 

Cold water quench. Note absence of visible precipitate, even after artificial aging. (c) and 
(d)—Boiling water quench. Note uniformly dispersed precipitate in the presence of chromium 
(d) and selective precipitation along grain boundaries in the absence of chromium (c). 


Alloy 75S without 
Hot NaOH +Keller’s etch. 500. (a) and (b)— 








Fig. 34—Structure of Boiling-Water-Quenched 0.064-Inch Thick Sheet in the -T6 
Temper. Keller's etch. 1500. (a)—Alloy 75S without chromium. Note precipitate 
stone grain boundaries. (b)—Alloy 75S. Note absence of visible precipitate along grain 

undaries. 


The structures of the boiling-water-quenched specimens are 
shown at a magnification of 1500 diameters obtained with a 3.0-mm, 
1.4 N.A. oil immersion objective (Fig. 34). Particular attention 
should be paid to the size and distribution of the precipitated parti- 
cles in the slowly quenched samples, because it is only in this condi- 
tion that a precipitate is visible under the optical microscope. It 
seems probable that the arrangement of the precipitated particles 
shown in the structure of the boiling-water-quenched samples is 
representative of a more advanced and hence visible stage of the 
submicroscopic precipitate present in rapidly quenched material. 

Some credence is given to this idea by several electron micro- 
scope photographs published by Geisler and Keller (46) of commer- 
cial 75S sheet in the -W and -T tempers. Oxide film replicas were 
used in obtaining the pictures which are reproduced in Fig. 35. The 
8(Zn-Mg) constituent oxidizes more rapidly than aluminum, leaving 
holes in the oxide film which appear as light spots in the electron 
micrographs. Geisler and Keller reported that in the -W temper, 
the average size of precipitated particles was 0.02 to 0.03 microns; 
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Fig. 35—Electron Microscope Photographs of Alcoa 75S Sheet. Geisler and Keller (46). 
(a)— -W temper. Precipitate appears as smal] white spots. Note junction of two grains. 
HNO: etch. 20,000. (b)—-T6 temper. Precipitate (white spots) is larger than in (a). 
HNO: etch. 10,000. 
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whereas in the artificially aged temper, particles of two average size 
groups were found, 0.01 to 0.03 and 0.05 to 0.2 microns. Thus, it 
would appear that some growth of precipitate had occurred during 
artificial aging. 

It is important to note that Fig. 35a shows the junction of two 
grains. The distribution of constituent is different in the adjacent 
grains but there is no evidence of selective precipitation along the 
grain boundaries. 

We have seen from the foregoing study that chromium has two 
principal effects on the microstructural characteristics of alloys of the 
75S type: (a) It changes the equiaxed grains and regular grain 
boundaries of the alloy without chromium to an elongated grain 
structure with much more irregular grain boundaries. Although not 
illustrated in the preceding micrographs, chromium also has a pro- 
nounced effect in inhibiting grain growth and in fact makes recrystal- 
lization of the structure of hot-worked products extremely difficult, 
and (b) chromium has a pronounced effect on the dispersion and 
arrangement of the precipitate and particularly seems to inhibit 
selective precipitation along the grain boundaries. 

It will be of interest then to consider the effect of other elements, 
such as zirconium, vanadium, molybdenum, and tungsten, which have 
a similar constitution with aluminum or at least form high melting 
constituents. 


Effect of Other High Melting Point Elements 


The effect of approximately 0.25% of each of these elements on 
the microstructure of aluminum-zinc-magnesium-copper alloys of the 
same nominal composition as 75S, except for chromium, is shown 
in Fig. 36. These photomicrographs illustrate the microstructure of 
the 0.064-inch thick sheet after a solution heat treatment followed by 
a boiling water quench and aging for 24 hours at 250 °F (120°C). 
A comparison should be made with photomicrographs ¢ and d of 
Fig. 33. Zirconium and vanadium have produced an effect on the 
grain shape somewhat similar to that-of chromium; however, no 
general precipitation is visible, in contrast with the boiling-water- 
quenched 75S (d of Fig. 33). A small amount of precipitate will be 
observed in the grain boundaries, especially in the zirconium-bearing 
sheet a of Fig. 36. A striated structure characteristic of aluminum 
alloys containing molybdenum and tungsten is shown in c and d 
of Fig. 36. Pronounced selective precipitation will also be observed 


~~ 
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_ Fig. 36—Effect of High Melting Point Elements on 75S Alloy Without Chromium. 
Sheet 0.064 inch thick, boiling-water-quenched and artificially aged. Keller’s etch. 500. 
(a)—0.25% zirconium. Note particles of precipitate at grain boundaries. (b)—0.25% 


vanadium. Note particles of precipitate at grain boundaries. (c)—0.25% molybdenum. 
Note selective precipitation, (d)—0.25% tungsten. Note selective precipitation. 
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along the grain boundaries in these photomicrographs. 

From these observations of the microstructure, it will be noted 
that several of these high melting point elements affect the grain 
structure in a manner resembling the effect of chromium but none 
promotes a general distribution of finely dispersed precipitate which 
is characteristic of the boiling-water-quenched 75S. Hence, the prin- 
cipal way in which these elements, other than chromium, might 
improve the resistance to stress corrosion cracking would be by pro- 
ducing a grain structure which would increase the difficulty for stress 
corrosion cracks to follow the grain boundaries, because of the longer 
and more irregular paths. 

In accelerated stress corrosion tests of these specimens, only 
very slight, if any, improvement in the resistance to stress corrosion 
cracking resulted from the addition of zirconium, vanadium, molyb- 
denum or tungsten to the aluminum-zinc-magnesium-copper alloys 
of the nominal 75S composition. This indicates that with 75S the 
effect of chromium in preventing selective precipitation is more 
important than its effect in producing more irregular grain bound- 
aries and elongated grains. 


Effect of Chromium in Slow Quenching 


In the discussion of the effect of chromium on the microstruc- 
ture of 75S, the presence of a finely dispersed precipitate in boiling- 
water-quenched 75S was described and the conclusion reached that 
this precipitation occurred during the slow quenching at a tempera- 
ture above that of artificial aging. It had also been shown previously 
that when the average rate of quenching through the critical range 
750 to 550 °F (400 to 290°C) was less than 70 °F per second, the 
tensile and yield strengths suffered large reductions in comparison 
with the strength of rapidly quenched 75S. The curves showing the 
tensile and yield strengths obtained by different rates of quenching 
expressed as a percentage of the values of rapidly quenched material 
shown in Fig. 17 are reproduced in Fig. 37 together with similar 
curves for 75S without chromium. 

In the absence of chromium, the tensile and yield strengths were 
not reduced to nearly as great an extent and remained above 90% 
of the rapidly quenched values with an average quenching rate as low 
as 10°F per second. The pronounced effect of chromium in increas- 
ing the sensitivity of the tensile and yield strengths to rate of quench- 
ing is undoubtedly associated with the precipitation shown in the 
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microstructure of the boiling-water-quenched specimens (average 
quenching rate about 40 °F per second). 


Effect of Rate of Quenching on Resistance to Corrosion 


Fink and Willey (39) have shown that the resistance to corro- 
sion of 75S-T6 is reduced by slow quenching in a manner similar to 
that of 24S-T4. Their curves are reproduced in Fig. 38. These 
data were obtained by subjecting 0.064-inch thick sheet specimens 
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Fig. 37—The Effect of Quenching Rate on the Strength of Alloy 75S-T6 
and Alloy 75S Without Chromium (-T6). W. L. Fink and L. A. Willey 
(39), with additional data by these workers. 


which had been quenched at varying rates to alternate immersion in 
a 344% NaCl solution (10-minute immersion, 50-minute drying) 
for a period of 3 months. One set of specimens was stressed by 
bending to 75% of the yield strength in the tension surface, while 
the other set of specimens was unstressed. The percentage loss in 
tensile strength caused by corrosion was obtained by comparing the 
strength of the corroded specimens with blanks which had not been 
subjected to corrosion. The specimens were also examined micro- 
scopically to determine the type of corrosion attack. It will be ob- 
served that the corrosion losses of both stressed and unstressed speci- 
mens showed a marked increase when the quenching rate was below 
about 150°F per second; and that at about this rate, the type of 
attack changed from, pitting to an increasing amount of intergranular 
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attack as the quenching rate decreased further and then back to 
pitting at the lowest rates. 

An improvement in resistance to corrosion is shown also when 
the quenching rate is below about 40 °F per second but the strength 
is too low to be interesting. Similar tests have been run on 75S 
without chromium. The per cent losses in tensile strength by cor- 
rosion of unstressed specimens has been included in Fig. 38. It 
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Fig. 38—The Effect of Quenching Rate on the Loss in Tensile Strength by 
Corrosion of Alloy 75S-T6 and Alloy 75S Without Chromium (-T6). The 
stressed specimens of the alloy without chromium all failed by stress corrosion 
cracking. Fink and Willey (39), with additional data by these workers, 


should be noted, however, that the type of corrosion attack indicated 
at the bottom of the figure applies only to 75S. The alloy without 
chromium showed some indications of intergranular attack, even with 
the highest quenching rates used in this test. The data for the 
unstressed specimens of 75S without chromium follow the 75S curve 
very well down to a quenching rate of about 40 °F per second. How- 
ever, instead of showing a decreasing rate of loss from this point 
with decreasing quenching rates, the curve of the 75S without chro- 
mium continues to rise to a maximum loss at about 10 °F per second. 

The specimens of 75S without chromium, which were stressed 
to 75% of the yield strength, cracked from stress corrosion. Most 
of the cracks were discovered in 11 days or less, but a few specimens 
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lasted from 4 to 6 weeks. There was no relationship between the 
rate of quench and the time required to stress crack. None of the 
stressed 75S specimens cracked in this test. Thus, again the influ- 
ence of chromium in improving the resistance to stress corrosion 
cracking of alloys of the 75S type is demonstrated. 


Electrode Potential Measurements 


G. C. English, working under the direction of R. H. Brown 
(47), has measured the electrode potential relations in 75S and an 
alloy of the same composition without chromium by a method previ- 
ously published (21). In this method, two pieces of coarse-grained 
material were used. In one specimen the grain boundaries were 
blocked out with Bakelite varnish, and in the other the grain centers 
were covered, leaving only the grain boundary regions bare. The 
technique employed exposed a grain boundary region less than 0.5 
millimeter in width. The two specimens were then immersed in an 
aqueous solution containing 53 grams of sodium chloride and 3 grams 
of hydrogen peroxide per liter, and measurements made of open and 
closed circuit potentials and of current flow. 

No difficulty was experienced in producing sheet samples ;/¢ inch 
thick of the alloy without chromium having an average grain size of 
about 0.25 inch. However, with 75S the chromium present inhibits 
grain growth to such an extent that it was impossible to produce 
sheet with sufficiently large grains. A piece of a 75S extrusion, 
having coarse grains on the surface, was available and ;'g-inch thick 
flat specimens were machined from this coarse-grained area. These 
specimens were then solution heat treated, cold-water-quenched, and 
artificially aged for 24 hours at 250 °F (120°C). The large-grained 
sheet specimens of the same thickness of the alloy without chromium 
were given a similar heat treatment. After masking out the grains 
and grain boundaries as described, the specimens were immersed in 
the electrolyte and measurements of electrode potential begun imme- 
diately. The observed values are plotted in Fig. 39. 

For the alloy without chromium, the measurements showed that 
the grain boundary regions were anodic to the grains by a potential 
of about 5 millivolts. The potential readings on this specimen 
remained fairly constant. For the 75S specimen, however, the first 
reading taken in 30 seconds showed the grain boundary zones to be 
slightly anodic but the direction of the potential soon reversed and 
in 25 to 30 minutes the grain boundary regions were cathodic to the 
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grains by a potential of about 35 to 45 millivolts. After this maxi- 
mum difference, the readings fluctuated to some extent but in no 
case showed the grain boundary zones to be less than 6 millivolts 
cathodic to the grains. After a longer period of time, the grain 
boundary zones became more cathodic, reaching a difference of about 
30 millivolts after about 24 hours. 

Before starting the test, a fixture had been arranged so that the 
specimens could be sprung into it by bending, thus introducing a high 
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Fig. 39—Measurements of the Electrode Potentials of the Grain Boundary 
Zones and Grains of Large-Grained Specimens. G. C. English (47). 


tensile stress on the surfaces containing the exposed grains and grain 
boundaries. The compression surfaces were completely masked out. 
Stress was applied to the specimens in this way after about 2 hours, 
as indicated in the figure. No significant effect of the stress was 
shown by the potential readings, although the agitation of the solu- 
tion caused by the stressing operation may have contributed to the 
fluctuation in potentials of the 75S specimen. The fact that a high 
tensile stress did not measurably affect the potential relations between 
the grain boundary zones and the grain bodies is of great theoretical 
importance. 

The specimen containing no chromium broke after 10 hours, 
whereas there were no signs of cracks in the 75S specimen when 
the test was discontinued because of the breakdown of the masking 
material at the end of 24 hours. Current readings were taken con- 
tinuously on an automatically recording instrument throughout these 
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Fig. 40—Idealized Drawings Illustrating the Submicroscopic Structure of 
Rapidly Quenched and Artificially Aged Alloys Showing Measured Electrode 
Potentials. (a)—Alloy 75S without chromium (-T6). (b)—Alloy 75S-T6. 
Ep = Potential of precipitate. 


Esp = Potential of grain boundary zones, resulting from potentials of solid 
solution at boundary sp and precipitate p. 


Ecp = Potential of grain bodies, resulting from potentials of solid solution in 
grains g and precipitate p. Drawn by A. Fitz. 


tests, and in all cases the direction of the current flow corresponded 
with the: potential differences shown in the curves. At intervals, 
potential measurements were also made against a tenth normal 
calomel electrode. 

In the idealized drawings illustrating the submicroscopic struc- 
ture of rapidly quenched and artificially aged 75S and the alloy 
without chromium, Fig. 40, the arrangement and dispersion of the 
precipitated phase was conceived from the studies previously men- 
tioned. The value indicated for the electrode potential designated 
Ep is that of the massive compound MgZn, previously measured 
(21), since the best information available indicates that the 
precipitated phase is that compound [designated in this lecture 
B(Zn-Mg)]. 

The potential designated Egp is that of the grain boundary 
regions measured in the experiments just described. This desig- 
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nation is used because the. potential measured at the grain boundary 
zones is the result of two potentials, i.e., that of the precipitate, 
which is the most anodic, and that of the depleted solid solution 
in the grain boundary region.” The potential within the grains 
designated Egp is also the result of the ‘combined potentials of the 
precipitate and -depleted solid solution. In the grain boundary 
regions and the grain bodies, the particles of precipitate are anodic 
to the larger area of solid solution and hence would be expected 
to polarize to the potential of the solid solution. This is confirmed 
by the fact that-artificial aging of aluminum-zinc-magnesium alloys 
causes the potential to change in a cathodic direction despite the 
more anodic potential of the precipitated phase. 

Although in Fig. 40a of the alloy without chromium the 
potentials Epp and Egp are indicated as having the same value, 
namely, —0.78, the actual measured values indicated the potential 
of Epp to be some 5 millivolts anodic to Egp. If this difference 
in potential can be confirmed, it would suggest that more copper 
was retained in solid solution in the grains, or that the larger 
particles of precipitate at the grain boundaries polarized less rapidly 
than the very fine particles within the grains, thus giving a more 
anodic potential. The important conclusion, however, as_ stated 
earlier in the lecture, is that in the absence of chromium the pre- 
cipitated particles are highly anodic to the remainder of the structure 
and the larger particles are lined up along the grain boundaries. 

As has been described, in the presence of chromium, the avail- 
able data point to a submicroscopic and uniformly dispersed pre- 
cipitate within both the grains and the grain boundaries of the 
rapidly quenched and artificially aged alloy as shown schematically 
in Fig. 40b. The actual potential measurements made indicate the 
potential Egp of the grain boundary region to be —0.81 volt which 
is 30 millivolts higher than was measured in the alloy without 
chromium. It is even more surprising to find that the measured 
potential within the grains Egp in this alloy is —0.83 volt, thus 
indicating the grains to be anodic to the grain boundary regions by 
20 millivolts. 

It is, of course, understood that except for the actual measured 
electrode potential values, the sketches illustrating the submicroscopic 
structure of the two alloys are highly speculative. However, this 
conception does offer an explanation for the mechanism by which 
chromium improves the resistance to stress corrosion cracking of 








1950 ALUMINUM-ZINC-MAGNESIUM ALLOYS 1121 


the aluminum-zinc-magnesium-copper alloys of the 75S type. Much 
more exacting work will be required before a completely accurate 
understanding of the remarkable effect of chromium on the stress 
corrosion resistance of 75S alloy is realized. However, the speaker 
and his co-workers believe that further investigations will confirm 
the general ideas presented here. 


Resistance to Stress Corrosion Cracking of 75S 


In the early sections of this lecture, the speaker discussed the 
terms “susceptibility to stress corrosion cracking” and “degree of 
susceptibility to stress corrosion cracking’. The later sections 
demonstrated the remarkable effect of chromium in improving the 
resistance to stress corrosion cracking of the 75S-type alloy. The 
impression may have been gained that chromium completely elim- 
inates the susceptibility to stress corrosion cracking of these alloys. 
This is not true, but chromium does improve the resistance to stress 
corrosion cracking so that the degree of susceptibility is comparable 
with that of other high strength aluminum alloy products which 
have given long and satisfactory service in important engineering 
structures. 

In evaluating the degree of susceptibility to stress corrosion 
cracking. of 75S products, over 5000 tests have been made including 
laboratory accelerated tests, outdoor atmospheric exposures, both at 
seacoast and inland locations, as well as alternate immersion in the 
ocean. Of nearly a thousand 0.064-inch thick transverse sheet 
specimens of 75S-T6, stressed to 75% of the yield strength and 
exposed to the corrosive influences just described, only 7% have 
failed by stress corrosion cracking. Specimens which have been 
severely deformed cold in the -T6 (solution heat treated and 
artificially aged) temper, in a manner illustrated by the specimens 
shown in Fig. 25, had a considerably higher percentage of failures. 
However, owing to the nature of this specimen, the actual magnitude 
of the stresses causing the cracking is undoubtedly higher than 75% 
of the yield strength. It cannot be determined at this time whether 
the greater percentage of cracked specimens was caused by the 
higher surface tension stresses or an effect of plastic deformation 
in increasing the susceptibility to stress corrosion cracking. 

In any event, remembering the discussion of the types of stress 
corrosion failures described early in the lecture, which have been 
encountered in service with other high strength aluminum alloys, 
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it seems wise to avoid severe cold deformation in the -T6 temper, 
which may result in some cases, in high residual surface tensile 
stresses. Fortunately, owing to the difficulty of forming this alloy 
cold in the -T6 temper, it is common practice to perform all severe 
forming operations either in the annealed or “as-quenched” -W 
temper, or by hot forming the products in the fully aged -T6 temper, 
in a temperature range of 250 to 300°F (120 to 150°C). It has 
been demonstrated by considerable manufacturing experience that 
hot forming may be accomplished in this temperature range without 
adversely affecting the mechanical properties or resistance to 
corrosion. 

It is noteworthy that a stress as high as 75% of the yield 
strength, employed in these tests, is not likely to be encountered in 
actual service. At this time, data as to the maximum surface tensile 
stress which would not cause any stress corrosion cracking of the 
sheet specimens just described are not available, but as a rough 
figure one-half of the tensile yield strength is indicated. 


Alclad Sheet 


Alclad 75S sheet consists of a 75S core covered with surface 
layers of an aluminum alloy containing 1% zinc (each 4% of the 
total thickness of the sheet) metallurgically bonded to the core (48). 
The electrode potential of this alloy is —0.96 volt. Whereas, as 
has been seen, the most anodic potential found in the various regions 
of 75S-T6, Fig. 40b, is —0.83 volt. Thus, the coating is some 
0.13 volt anodic to the core; this is about the same difference in 
potential as in Alclad 24S sheet which has been used successfully 
for years. This coating, therefore, cathodically protects any of the 
75S-T6 alloy core which may be exposed at cut edges or abraded 
or corroded areas. In the stress corrosion tests, similar to those 
just described, no stress corrosion cracks have occurred in any 
specimens of Alclad 75S-T6 sheet. 


Extrusions 


A type of stress corrosion cracking test which has been applied 
to full-size extrusions is shown in Fig. 41. The extrusions 4% inch 
in thickness or less were joggled cold in the -T6 temper to about 
the minimum radius which would not cause visible cracking (top 
specimen of Fig. 41). The thicker specimens were bent cold, also 
in the -T6 (solution heat treated and artificially aged) temper over 


” 


~ 








1950 ALUMINUM-ZINC-MAGNESIUM ALLOYS 1123 





Fig. 41—Method of Stressing Full Sections of Extrusions for Atmospheric Exposures— 
Forming Done Cold in the -T6 Temper. Specimens stressed to 75% of the yield strength. 


a radius equal to about 25 times the thickness. They were then 
stressed against themselves so that a stress of 75% of the yield 
strength was produced in the tension surface. Such specimens 
have now been exposed for nearly 4 years near the beach at Point 
Judith, Rhode Island, and at New Kensington, Pennsylvania. No 
stress corrosion cracks have occurred. 

In these tests, the extrusions were stressed longitudinally as 
they would normally be stressed in service, except that the stress 
was several times the stress to which an extrusion would be sub- 
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jected for any significant length of time in service. However, 
remembering the experiences previously cited with strut end fittings 
and spar chord tubing, it seemed desirable to attempt an evaluation 
of the degree of susceptibility to stress corrosion cracking in the 
transverse directions of the extrusions large enough to permit the 
preparation of subsize tensile specimens. In order to maintain a 
constant diameter of specimen for the various sizes of extrusions 
tested, a very small specimen, 0.125 inch in diameter, was used. 

Such specimens, when stressed in direct tension to 75% of the 
yield strength, failed by stress corrosion cracking in the environ- 
ments previously mentioned. However, similar specimens from 
other high strength aluminum alloy extrusions also failed in roughly 
comparable periods. Too much practical significance cannot be 
attached to these tests because of the very small diameter and high 
tensile stress employed. However, these results do indicate the 
wisdom of avoiding, by good engineering and assembly practices, 
high residual tensile stresses in the surface, especially in transverse 
directions, of any of the high strength aluminum alloy products, 
including 75S-T6. 

In over 7 years of commercial use of products of this alloy, no 
important incident of stress corrosion cracking has occurred in 
service, and only a few minor cases suspected to be the result of 
stress corrosion cracking have been reported. Several of the latter 
in which stress corrosion cracking probably did occur were the 
result of admittedly poor assembly practices. After correcting these 
malpractices, no further cracking occurred. 


CLOSURE 


This lecture has been concerned with the metallurgical phases 
of the development and production of Alcoa 75S alloy. If too much 
emphasis seems to have been placed on resistance to stress corrosion 
cracking, it is because this was a major problem to be solved before 
an alloy of the high strength of the aluminum-zinc-magnesium alloy 
type could be successfully used. The engineering effort involved 
in learning to take full advantage of the high strength, and the 
problems encountered in adapting manufacturing processes to the 
particular characteristics of the alloy, would make an interesting 
story but are beyond the scope of this lecture. 

The successful development and use of 75S alloy only tempo- 
rarily quieted the always recurring demand of the aircraft industry 
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for structural materials of ever higher strength-weight ratio. How 
much further can the useful strength of aluminum alloys be 
increased? Who can say? A discovery tomorrow may open untold 
possibilities! But no one can predict a discovery, with the exception 
of patent examiners. Metallurgists studying the great complexity 
of the phase relations in the aluminum-zinc-magnesium-copper 
system cannot fail to be impressed with the possibilities of developing 
new alloys by the proper choice of alloying elements to produce 
unforeseen properties. The chances of better alloys being produced 
by empirical metal mixing methods are slight today, but the rewards 
of fundamental research are as great as ever. The way may be 
harder but the goal is sure. 
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INFLUENCE OF STRAIN RATE AND TEMPERATURE 
ON THE CREEP OF COLD DRAWN INGOT IRON* 


By Witiiam D. JENKINS AND THomas G. DiGGEs 


ENSION tests were made at different strain rates and tem- 

peratures on ingot iron initially cold drawn approximately 
13% reduction in area. Some of the creep tests at 600, 700 and 
800 °F (315, 370 and 425°C) were discontinued after the begin- 
ning of the third stage, and these specimens were subsequently tested 
in tension at room temperature. In another series of tests in which 
the specimens were carried to complete fracture at 500, 600, 700 
and 800°F (260, 315, 370 and 425°C), the strain rate during 
the third stage was maintained nearly constant and equal to that 
in the second stage by repeatedly adjusting the load during the 
third stage. Hardness measurements at room temperature and 
metallographic examination were made on specimens representa- 
tive of the initial material and after testing in creep under the 
varying conditions used. 

The relationship between true stress and the creep rate in the 
second stage was not linear when either the stress or the logarithm 
of the stress was plotted against the logarithm of the strain rate. 
The use of a linear relationship in either of these plots for extra- 
polating to very slow strain rates is not justified. 

The resistance to creep in the second stage and the extension 
at complete fracture at 700°F (370°C) were materially affected 
by variations in rate of loading in the first stage. 

Although variations within the range of strain rates used in 
the creep tests at 700 and 800 °F (370 and 425 °C) had no signifi- 
cant effect on plastic extension at the beginning of the third 
stage, evidence obtained in tests at 500 and 600°F (260 and 
315°C) supports the belief that this extension is markedly in- 

*This is an abstract of the paper presented before the Thirty-first Annual 
Convention of the Society, held in Cleveland, October 15 to 21, 1949. Of the 
authors, Thomas G. Digges is chief, Thermal Metallurgy Section, United States 
Department of Commerce, National Bureau of Standards, Washington, and 
William D. Jenkins is associated with the same department. The paper has 
been published in full in the Journal of Research, National Bureau of Stand- 
ards, Vol. 43, August 1949, p. 117; RP-2018. Copies may be secured through 


the Superintendent of Documents, U. S. Government Printing Office, Washing- 
ton 25, D: C. Price, 10 cents. 
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creased with sufficiently high strain rates. The strain rates required 
to produce relatively high plastic extension at the beginning of the 
third stage were affected by the test temperature in that the high 
ductility was obtained at slower rates as the test temperature was 
decreased. 

The third stage of creep was initiated without necking of the 
specimens, and the results of tension tests made at room tempera- 
ture on specimens previously extended into the third stage at 
different temperatures showed that no general deterioration or 
microcracking of the specimen occurred up to the time this stage 
was reached. Regardless of strain rate or temperature used, how- 
ever, considerable necking occurred during the third stage of each 
specimen tested to complete fracture. 

The general trend was for the ductility (plastic extension and 
reduction of area) at fracture to increase as the strain rate in- 
creased. The plastic extension at fracture decreased with an in- 
crease in test temperature, but in the creep tests no consistent 
relation was obtained between temperature and reduction of area 
at fracture. 

The resistance to both creep and fracture increased as the 
temperature was decreased. The stress at fracture also increased 
as the strain rate increased. 

The fractures were predominantly transcrystalline in the ten- 
sion tests with the different strain rates used at and below 600 °F 


(315°C) and intercrystalline at test temperatures of 700 and 
800 °F (370 and 425 °C). 


DISCUSSION 


Written Discussion: By N. J. Grant, associate professor of metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

As far as the authors of this paper have gone, they have presented 
some useful and interesting data. It is unfortunate, however, that this 
work was not extended considerably. I hope that there are plans in 
existence to continue this work at the same temperatures as well as at 
higher temperatures to attain values over a range of higher strain rates. 
Because there are only three or four points per temperature, it is difficult 
to evaluate the shape of the curve. Thus, in Figs. 3 and 5, one does not 
know what the shape of the curves might be at higher and lower strain 
rates. Straight lines would not be expected in these plots, since above 
G00 °F (315°C) the material is recovering from the effects of cold work 
as well as a partial recovery from the strain imposed during the course 
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of the creep test. Furthermore, since adequate tests were not made, it 
is difficult to evaluate the absolute position of the points in these curves. 

We are pleased to know that the ductility behavior with respect to 
temperature and strain rate is the same here as we found in our research 
on a complex high temperature alloy.’ 

I wonder if the authors did not make an error in stating from Fig. 
12b that the fracture is transcrystalline compared to Fig. 12c which is 
called partially intercrystalline but primarily transcrystalline. The amount 
of grain deformation in Fig. 12c is much greater than in Fig. 12b.' This 
would be expected, since the strain rate in Fig. 12c is vastly greater than 
in Fig. 12b, promoting transcrystalline failure. In the subsequent para- 
graphs, the authors point this out themselves. 

In view of the cycling nature of the creep curves, how accurately do 
the authors estimate they were able to locate the incidence of third-stage 
creep? 


Authors’ Reply 


The authors concur with Professor Grant that it would have been 
desirable to have extended the testing program to include wider ranges 
in strain rates than those actually used. However, the tests made at 
600 and 700 °F (815 and 370°C) each cover an appreciable range in strain 
rates (nearly 3 cycles on a log scale) and it is believed that the experi- 
mental points are sufficiently numerous and spaced to give the course of 
the stress—strain rate curves (Fig. 3) with a reasonable degree of accu- 
racy; obviously, the course of the fracture stress-strain rate curves (Fig. 
5) was not established with this same degree of accuracy. As the supply 
of the material was exausted in carrying out the present tests, the 
extension of the investigation with ingot iron is not contemplated. The 
appearances of the fractures as reproduced in Figs. 12b and 12c are 
described properly in the text. A close examination of these two photo- 
micrographs shows each fracture was predominantly transcrystalline. The 
beginning of the third stage of creep could be determined within a range 
of about + 0.05% extension. 


IN. J. Grant and A. G. Bucklin, ‘“‘On the Extrapolation of Short-Time Stress-Rupture 
Data,”’ Transactions, American Society for Metals, Vol. 42, 1950, p. 720. 


- 


= 








THE TUNGSTEN-IRIDIUM THERMOCOUPLE FOR 
VERY HIGH TEMPERATURES 


By Wa tTER C. Troy AND GARY STEVEN 
Abstract 


Operating between 1600 and 2000°C (2910 and 
3630 °F), calibrations were made for thermocouples rep- 
resenting combinations of tungsten, molybdenum, tanta- 
lum, platinum, rhodium, iridium and alloys of these metals. 
In a neutral atmosphere, optimum properties and per- 
formance were obtained with the tungsten/iridium ther- 
mocouple. Its features include: (a) high emf, (b) an 
almost linear calibration curve between 1000 and 2100 °C 
(1830 and 3810°F), (c) negligible room temperature 
emf, obviating cold junction compensation, and (d) ther- 
moelectric stability while operating at high temperatures 
for 120 hours tn helium. 

An equation was fitted to the tungsten/iridium ther- 
mocouple calibration curve, and included in this paper 
there 1s a table listing the computed emf for temperatures 
between 1000 and 2100 °C (1830 and 3810 °F). 


HE following are desirable features in a wire thermocouple: 
(a) high thermal emf, (b) chemical and physical stability in 

the medium under measurement, (c) linearity in the relationship 
between temperature and emf, (d) reproducibility of the emf 
characteristic from lot to lot, (e) a reasonable cost, (f) ease of 
fabrication. 

This investigation was designed to explore various combinations 
of high temperature metals in order to develop a thermocouple with 
usefulness beyond the range of the platinum/platinum, 10% rhodium 
thermocouple. Particular interest was centered on the region between 


1600 and 2000 °C (2910 and 3630 °F). 
LITERATURE SURVEY 


There was an early interest in measuring extremely high 
temperatures with wire thermocouples. In 1909 Hoffman (1)’ 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Walter C. Troy 
is supervisor, and Gary Steven is research metallurgist, Metals Department, 
Armour Research Foundation, Chicago. Manuscript received May 16, 1949. 
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Metal Thermocouples for High Temperature Service as Reported in the Literature 


Thermocouple Wangen- Wangen- Van Van 
Ref, No. Hoffman(1) Morugina(2) Morugina(2) Weber(3) heim (4) heim (4) Liempt(6) Liempt(6) 
Thermocouple _Ir/Ir, W/Mo, W/75%W, W /Pt, 
Composition 10% Ru W/Ta W/Mo 1% Fe 25% Mo W/Mo W/Mo 10% Rh 
Reported , 1830°C 
Upper (3325 °F) 
Limit of 2300 °C 2200 °C 3000 °C 2200 °C Upper 
Usefulness (4170 °F) (3990 °F) (5430 °F) (3990 °F) Limit 
— Reported Thermal Emf in Millivolts at Temperature in °C ——————————_- 
517°-0.79 520° 5.16 
600 °— 5.0* 500°-6.8 600°-1.85 617°-0.81 620° 7.12 
to 
700 °—1.0 820°-0.67 820°-11.6 
1000 °—2.45 950°— 8.9 1000°— 5.0* 1100°-0.0 1020°-17.1 
1200°-3.00 1250°-12.6 1250°—4.0* 1200 °— } 1200° to 1280°-0.7 1220°—23.2« 
reversal 1300° 
(inversion) 1435°-1.58 1420°-30.: 
1400°-3.47 1430°-14.7 1540 °-2.30 1520°-31.: 
1500°-3.68 1520°—16.0 1500 °—12.0* 
1600°-3.87 1630°-17.6 
1700°-4.09 1730°-19.6 
1800°-4.19 1870°-21.4 
1930°-23.0 1900°- 
inversion 
2010 °—24.3 2000 °—16.0 
approx. 2420 °-31.0 m.p. of Mo 
2300 °—10.0 2570 °-5.8 
approx. 
3000 °-6.0 
Thermocouple Van Le 
Ref. No. Liempt(6) Feussner(7) Schulze(8,9) Schulze(8,9) Schulze(8,9) Schulze(8, 9) Chatelie 
Thermocouple Mo/Pt, Ir/60% Rh, Pt/92% Pt, Rh/92%Rh, Rh/92H% Pt, Ir, 10% Rh/ Pt/Pt 
Composition 10% Rh 40% Ir 8% Re 8% Re 8% Re Ir, 10% Re 10% Ri! 
Reported 
Upper 
Limit of 1830°C 2000 °C 1600 °C 1900 °C 1800 °C 1600 ° 
Usefulness (3325 °F) (3630 °F) (2910 °F) (3450 °F) (3270 °F) (2910 °) 
Reported Thermal Emf in Millivolts at Temperature in °C 
419° 4.68 400° 2.20 300 °— 6.0 400 °-1.0 400°— 3.0* higher o— 
720 °-10.60 °~ 3.30 600 °—13.0 emf than °— 
820 °-13.00 °~ 4,40 °~23.0 800 °—2.2 800°— 7.5* the Ir/Ir, °_ 
1021°-17.80 1000°— 5.50 10% Ru 1000 °— 
1223°—23.10 1200°— 6.60 1200 °-31.5 1200 °-3.7 1200 °—12.0* at corre- 1200 °—1 1 
1424°-27.30 1400°— 7.65 sponding 1400 °-14 
1524 °-29.30 temperatures 1500°-1 
1600°— 8.70 1600 °—5.5 1600 °-18.0 1600 °-1¢ 
1800°— 9.80 1800 °—20.0 
1900 °—7.2 
2000 °-10.85 





*Estimated from calibration curve. 


calibrated an iridium/90% iridium, 10% ruthenium thermocouple 
against the melting points of gold, palladium and platinum. The 
calibration later was extended to 2300°C (4170°F) at the insti- 
gation of the Physikalisch-Technische Reichsanstalt. This thermo- 
couple developed an extremely low emf, even at very high temper- 
atures. It was brittle and required frequent recalibration because 
of the oxidation of ruthenium. Table I contains a summary of data 


wT 
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and comments on this thermocouple and of others described below. 

In 1926 Morugina (2) undertook the calibration of the tungsten / 
tantalum and the tungsten/molybdenum thermocouples. Fine fila- 
ments of the respective metal combination were stretched perpen- 
dicular to each other in a vacuum tube and attached to form the hot 
junction of a thermocouple. The wires were heated by individual 
batteries and the thermal emf was measured in parallel circuits. The 
temperature of the tungsten filament was calculated from Langmuir’s 
Tables at various calibration points. The calibration of the tungsten/ 
tantalum thermocouple was carried to 2340 °C (4240 °F). The data 
for the tungsten/molybdenum thermocouple indicate an inversion of 
the thermoelectric polarity of the wires at about 1900 °C (3450 °F). 
This temperature is considerably higher than that reported by other 
investigators. 

Weber (3) described a modification of the latter thermocouple ; 
namely, tungsten/99% molybdenum, 1% iron. Much greater ther- 
mal emf was claimed for this metal combination. At 2000 °C (3630 
°F), an emf of 16.0 millivolts was reported. Among the base metal 
thermocouples for use at very high temperatures, the tungsten/ 
molybdenum combination has been investigated extensively. How- 
ever, due to the very low emf developed at the highest temperatures 
and due to the variety of experimental techniques used, there is not 
good agreement between the data from different investigators. 

Pirani and Wangenheim (4) used a tungsten/75% tungsten, 
25% molybdenum thermocouple for temperatures up to 3000 °C 
(5430 °F). Reporting the melting temperature of molybdenum as 
2570 °C (4655 °F), the thermal emf was 5.8 millivolts. An unex- 
plained deviation in thermal emf was observed at temperatures above 
2700 °C (4890 °F). 

Rohn (5) conducted a review of the refractory metals and 
alloys suitable for high temperature thermoelements. Many metals 
are known to cause a larger emf than does rhodium, when tested as 
platinum alloys against pure platinum. This review included a 
graph showing how various metals influenced the thermal emf of 
the alloy when tested against pure platinum at a constant temper- 
ature of 1200 °C (2190 °F). A high thermal emf characterized alloys 
of platinum with rhodium, osmium, tungsten and molybdenum. 
Furthermore, these metals formed workable platinum alloys up to 
10% of added metal. 

Van Liempt (6) endeavored to overcome the brittleness of the 
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platinum leg of the LeChatelier thermocouple (platinum/platinum, 
10% rhodium) when used in a reducing atmosphere. The 90% 
platinum, 10% rhodium wire, reportedly less susceptible to embrittle- 
ment than platinum, was calibrated to 1520°C (2765 °F) against 
tungsten and molybdenum. The emf characteristics for the tungsten/ 
platinum, 10% rhodium and molybdenum/platinum, 10% rhodium 
thermocouple are shown in Table I. This represents the first reported 
combination of base and noble metals in making up high temperature 
thermocouples. The upper limit of usefulness was set at 1830 °C 
(3325 °F). 

Probably the most significant contribution to the field of. high 
temperature thermocouples was made by O. Feussner (7) in 1933. 
In the course of an extensive investigation of noble metal and alloy 
) thermocouples, the iridium/60% rhodium, 40% iridium thermo- 
couple was developed. The emf characteristic of this thermocouple 
was nearly linear, with a reported emf of 10.85 millivolts at 2000 °C 
(3630 °F). This thermocouple opened the way to measuring tem- 
peratures up to 2000 °C (3630 °F) in air, because the relatively low 
volatility of the wires obviated the need for frequent recalibration. 
It was claimed further that a special treatment reduced the brittle- 
ness of the iridium wire. 

In 1938, Schulze (8, 9) made a comprehensive search of 
reported thermocouples usable beyond the range of the LeChatelier 
thermocouple. In addition to Feussner’s thermocouple, the following 
high temperature metal thermocouples and their respective upper 
limits of operation were reported: platinum/platinum, 8% rhenium 
to 1600 °C (2910 °F); rhodium/platinum, 8% rhenium to 1800 °C 
(3270 °F) ; rhodium/rhodium, 8% rhenium to 1900 °C (3450 °F) ; 
iridium/iridium, 10% ruthenium to 2300 °C (4170 °F) ; and iridium, 
10% rhodium/iridium, 10% ruthenium. The last thermocouple is a 
modification of the iridium/iridium, 10% ruthenium to increase the 
emf characteristic at high temperatures. 

In thermocouples containing a platinum, 8% rhenium element, a 
reported disadvantage is embrittlement, caused by recrystallization 
during 100 hours of service at 1300 °C (2370 °F). 

Table I is a compilation of the emf characteristics of the various 
high temperature thermocouples, along with points taken from the 
calibration curves in the absence of reported data. 


EXPERIMENTAL APPARATUS 


Two furnaces were required for heating the thermocouples 
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under study: (a) for calibration tests, a molybdenum-wound resist- 
ance furnace having an infinitely variable adjustment of the input 
voltage, and (b) for stability tests, an induction-heated furnace 
designed for sustained operation at temperatures in the region of 
2000 °C (3630 °F). Figs. 1 and 2 describe the calibration furnace, 
and the induction-heated furnace is illustrated in Figs. 3 and 4. 
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Cover 
Shield 
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Radiation 
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Grounded 
1. To Frame 


Water 
Outlet 


Molybdenum Wire 
Suspensions 


Helical 
Molybdenum 
Radiation 
Shield 


Fig. 1i—Molybdenum Element Resistance Furnace. 


The resistance furnace was used for calibration work because 
it permitted easy control of temperature. Basically, this furnace was 
four concentric metallic, cylindrical radiation shields surrounding a 
noninductive molybdenum heating element. The entire assembly was 
contained in a water-cooled glass bell jar, with provision for oper- 
ating under any suitable atmosphere. Although temperature was 
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Fig. 2—Assembly of Molybdenum Resistance Furnace with Accessories for Testing 
Thermocouples. 


A—Ammeter F—Flowmeter O—Optical pyrometer 
B—Furnace base G—Water-—cooled P—Potentiometer 
D—Dewar flask glass bell jar V—Voltmeter 


subject to easy control, the life of the molybdenum element was 
rather short. When operating under helium, the element required 
replacement after about 5 hours of use. 

The induction furnace was well suited to prolonged operation at 
high temperature, although flexibility was limited by the step-wise 
control of power input. The basic feature of this furnace was a 
tungsten sleeve, induction-heated by a coil placed outside the insula- 
tion surrounding the sleeve. A water-cooled glass bell jar again 
was used to contain a protective atmosphere for the assembly. The 
induction coil was connected to a 15-kilowatt output R.F. oscillator 
operating at 540 kilocycles. 

The survey tests were conducted in an atmosphere of helium 
which had been passed through a train including a. magnesium per- 
chlorate drying tower and an activated charcoal trap maintained at 
liquid air temperatures. In later tests, the helium was used directly 
from the tank without purification. 
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Fig. 3—High Temperature Induction Furnace. 





Fig. 
of Ther 
high te 


4—Assembly of Induction Furnace with Accessories for Evaluating the Stability 
mocouples. This apparatus was used for heating thermocouples for long times at 
mperatures to observe any change in the thermoelectric characteristic. 
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MATERIALS 


Metals whose melting temperatures advised consideration in 
this program included the following: tungsten, molybdenum, tanta- 
lum, columbium, iridium, rhodium, ruthenium, rhenium, osmium. 
The physical properties and comments relative to each of these 
metals are summarized in Table II. From this table, it is clear that 
the principal interest centered on tungsten, molybdenum, iridium, 
rhodium, and alloys of these metals. 

The properties of ceramic materials are related essentially with 
successful performance of equipment at these high temperatures. 
Accordingly, Table III has been compiled to describe the refractory 
metal oxides having useful properties in the high temperature region. 


EXPERIMENTAL PROCEDURES 


Calibration 


Through a glass window of the bell jar, the telescope of a high 
range optical pyrometer was focused on the hot junction of the 
thermocouple. For the final calibration of the tungsten/iridium 
thermocouple, however, temperatures were determined from the 
melting temperatures of high-purity metals. The spectrographic 
analyses contained in Table IV record the purity of these metals 
and of the tungsten and iridium wires used for the thermocouple. 

Fine wires of gold, copper, palladium, platinum, and rhodium 
(0.006 to 0.010-inch diameter) were used as fusible links connecting 
the hot junction ends of the tungsten and iridium elements of the 
thermocouple. This assembly was heated in helium at a fairly uniform 
rate in the molybdenum resistance furnace. A plot of time versus 
emf was obtained on the chart of a high speed recorder, and the 
arrest on this curve was observed when the fusible link melted. 
The emf corresponding with the thermal arrest was plotted against 
the known melting temperature of the metals, thus obtaining five 
fixed points for the calibration curve. 

The tungsten/iridium thermocouple was calibrated up to 200 °C 
with a high-range mercury thermometer. Calibration at intermediate 
temperatures was obtained by direct comparison with a standard 
platinum/platinum, 10% rhodium thermocouple. This portion of the 
emf calibration curve is shown by the dotted line in Fig. 5. 

Following calibration by melting temperatures, corrections were 
made on all the characteristic curves determined by the optical 
pyrometer. These adjustments corrected for emissivity conditions 


a 


= 
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Table IV 


Spectrographic Analysis of Thermocouple Wires and Pure Metals Used in Obtaining 
Melting Point Arrests for the Calibration Curve of the Tungsten/Iridium Thermocouple 


Element Present Copper Gold Palladium Platinum Rhodium Iridium Tungsten 
Estimated Purity, % 99.99 99.98 99.98 99.99+ 99.97 99.99 99.9 
Silver “i T T 7 ike T 5 


Boron ‘te wihelh al ees vax a Vw 
Gold FT vs i: ni ein ye ies 
Calcium FT wae T wis FT T es 
Chromium Pike see wae Pe Sais ii FT 
Copper vs Vw Vw £ Vw T FT 
Iron FT tT T an T T T 
Iridium mee pied abo ale Se vs Bac 
Nickel ve ere rants Ce SP FT a 
Magnesium T FT ¥ FT FT ria FT 
Molybdenum Fr om ci ad nae ee z 
Palladium ; * VS ois sl as ss 
Platinum ats Vs Vw ce at 
Rhodium T T FT FT vs = Vw 
Silicon f T FT FT FT T Ww 
Tungsten wack ‘a ees aoe ee gece VS 
Symbol Meaning and Estimated Magnitude 

Vs Very strong 100-10% 

Ss Strong 10-1% 

M Moderate 1-0.1% 

WwW Weak 0.1-0.01% 

Vw Very weak 0.01-0.001% 

4 Trace 0.001-0 .0001% 

FT Faint trace <0.0001% 


and glass window absorption, according to the data contained in 
Table V. 
Test of the Thermocouple Stability During Prolonged Operation 
at High Temperatures 


The stability of the tungsten/iridium thermocouple was investi- 
gated in neutral and reducing atmospheres by operating it for periods 
up to 120 hours at 1900 to 2000 °C (3450 to 3630 °F), using the 
previously described induction furnace. Highly purified helium or 
hydrogen was used for the first tests. In later tests, tank gas was 
used without purification. To protect the thermocouple from con- 
densed metal vapors observed during earlier runs, the hot junction 
was surrounded by an alumina protection tube. The furnace temper- 
ature and the.emf were observed regularly during the test run, and 
the thermocouple was recalibrated against a new tungsten/iridium 
thermocouple at the end of the 120-hour period. 

Both at the beginning and at the conclusion of the stability 
tests, the various thermocouples were examined metallographically 
and spectrographically. 


Welding of the Thermocouple Hot Junction 


A uniform technique was used for welding all the thermocouples 
tested. The steps listed below describe this welding method. 
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Fig. 5—Thermoelectric Characteristic of Various High Melting Metals and Alloy 
Combinations. 


Cold junction: 0°C, 
Protective atmosphere: Helium. 
Thermocouple tungsten/tantalum was calibrated in vacuum. 

_—» A—Average calibration curve of the tungsten/iridium thermocouple. Temperatures 

; measured with the optical pyrometer. 
a’ B—Calibration curve of the tungsten/iridium thermocouple plotted through the melting 
point arrest temperatures of gold, copper, palladium, platinum and rhodium. 

C—Calibration curve of the molybdenum /iridium thermocouple. 
D—Calibration curve of the tungsten/rhodium thermocouple. 
E—Calibration curve of the tungsten /60% rhodium, 40% iridium thermocouple. 
F—Calibration curve of the tungsten/tantalum thermocouple. 
G—Calibration curve of the iridium/platinum, 30% iridium thermocouple. 
H—Calibration curve of the iridium/platinum, 20% iridium thermocouple. 
J—Calibration curve of the iridium /60% rhodium, 40% iridium thermocouple. 
K—Calibration curve of the tungsten/molybdenum thermocouple. 





Table V 
Accuracy of Optical Pyrometer Reading in the High and Extra High Temperature Range 
1 2 3 4 
Temperature Reading Accuracy 
on the Specification Ragownt Observed : 
Instrument———. of the lass Glass -——Total Error— 
°F ‘<. Instrument Correction Correction °F /— 
Up to Low Range 
2250 1120 +7°C 25°F 60 26 
2700 1482 30°F 85 30 
up to High Range 
3200 1760 +14°F 23°F 45°F 100 38 
3600 1982 Extra High 95 36 
4000 2204 Range 45°F 
5200 2870 +25°F 72°F 
Column 1 and 2 Data furnished by Leeds & Northrup Company. 
Column 3 Window correction as observed by taking optical pyrometer readings 
first through the glass window and then wi t the glass. 
Column 4 Total error in optical Pp aye readings at different temperatures 
taken as the difference of the average pyrometer calibration curve (A) 


and the standardized curve (B), Fig. 5. 
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Fig. 6—Longitudinal Section through the Weld of a Tungsten/Iridium Thermo- 


couple. The unetched portion represents the iridium element. Etchant: Potassium 
ferrocyanide. X75. 


The two thermocouple wires were gripped with a pair of pliers 
so that the protruding ends could be touched simultaneously against 
a carbon electrode. With the two wires touching each other at the 
ends, the wires and the carbon electrode formed the two poles of an 
open 110-volt circuit fused at about 3 amperes. Upon making con- 
tact with the carbon electrode, the wires were welded by the brief 
arc that resulted. A small amount of borax was found to aid the 
welding of the two metals without impairing the reproducibility of 
the thermocouple characteristic. Fig. 6 is a photomicrograph of a 
longitudinal section through a typical tungsten/iridium thermocouple. 


Instrumentation 


The following instruments were used in the tests performed 
during this investigation : 

1. Leeds & Northrup High Range Optical Pyrometer; Model 
No. 8622. The instrument was furnished with a guaranteed accuracy 
in the three ranges. Table V records the deviation of the optical 
pyrometer readings from temperatures determined by the tungsten/ 
iridium thermocouple which had been calibrated by melting temper- 
atures. 

2. Leeds & Northrup Portable Precision Potentiometer ; Model 
No. 8662; 2 ranges, 0-16 millivolts and 0-80 millivolts. This 








1144 TRANSACTIONS OF THE A. S. M. Vol. 42 


instrument was calibrated against an external emf input,’ and the 
deviation over the entire range never exceeded + 0.02 millivolt. 

3. Brown Instrument High Speed Potentiometer Recorder; 6 
point ; Model No. 153x62P6-X16. This recorder was used to obtain 
the time-temperature curve arrests corresponding with the latent 
heat of fusion of the fusible links. The emf was observed simul- 
taneously on the precision potentiometer connected in parallel with 
the high speed recorder. 


RESULTS AND DISCUSSION 


This investigation yielded two types of results: (a) calibration 
information for the various metal combinations, and (b) information 
on the high temperature stability of the tungsten/iridium thermo- 
couple. Fig. 5 is a plot of the calibration curves for all the thermo- 
couples tested. 


Exploration of Various High Temperature Thermocouples 


During the early part of the investigation, the tungsten/ 
molybdenum thermocouple was used to test the operation of the 
high temperature equipment and to develop a technique for cali- 
bration. It was not considered to be satisfactory in the high 
temperature range. 

The tungsten/tantalum thermocouple was operated in a vacuum 
system controlled by a mechanical pump. Gradual contamination of 
the tantalum wire occurred, resulting in a continuing loss in emf 
during operation at constant temperatures of 1500 and 1600°C 
(2730 and 2910 °F). 

The iridium/60% rhodium, 40% iridium thermocouple already 
reported was the starting point of the investigation of noble metal 
thermocouples. Although it possessed good reproducibility, the emf 
obtained in the high temperature region was less than that of the 
thermocouples commercially available at present. It was observed 
that the calibration curves of the iridium/60% rhodium, 40% iridium 
and iridium/40% rhodium, 60% iridium thermocouples differed only 
by a fraction of a millivolt. This would tend to confirm the good 
reproducibility of thermocouples made from different lots of the 
same alloy. 

The iridium/platinum-iridium system was investigated because 
of the high emf developed by the iridium/platinum combination (22 





2This calibration was carried out in the Ohmite Laboratory at the Armour Research 
Foundation. 


wT 
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Table VI 


Experimental and Calculated Values of Thermal Emf of the 
Tungsten/Iridium Thermocouple 


Temperatures correspond to the melting point of the pure metal fusible link 
used in the calibration of the thermocouple. 


Value on International Calculated 
Metals Used —Temperature Scale-1927—. Corresponding Average Values of 

Fixed Cal. as Fusible Primary Secondary Experimentally Deter- Emf in 
Point No. Link Points, °C Points,°C mined Emf in Millivolts Millivolts 

i gold 1063 15.70 15.70 

2 copper 1083 16.15 16.16 

3 palladium 1554 27.60 27.48 

4 platinum 1773.5 33.00 33.00 

5 


rhodium 1966 38.00 38.00 


millivolts at 1500°C). Actually, it was found that the addition of 
iridium to the platinum element of the thermocouple caused a 
reversal of thermoelectric polarity. Thus, an emf of only 12.6 milli- 
volts was developed at 2000 °C (3630 °F) by the iridium/platinum, 
30% iridium thermocouple. This platinum-iridium alloy contains the 
highest iridium content commercially available in wire. 

The tungsten/60% rhodium, 40% iridium thermocouple pro- 
duced emf values in excess of those previously attained at equal 
temperatures (28.2 millivolts at 2000 °C). It also exhibited linearity 
in the range from 1000 to 2000 °C (1830 to 3630 °F). 

The tungsten/rhodium and molybdenum/iridium thermocouples 
represent other possible combinations of available base and noble 
metals having melting temperatures near or above 2000°C (3630 
°F). Their calibration curves are contained in Fig. 5. 

Of all metal thermocouples tested, the tungsten/iridium thermo- 
couple developed the highest emf between 1600 and 2000 °C (2910 
and 3810°F). This thermocouple was calibrated by means of the 
melting temperatures of pure metals, as described in the section 
under Calibration. The experimentally obtained fixed points are 
reported in Table VI. 

By using the fixed points 1, 4, and 5 in Table VI, there was 
fitted to the data an equation of the form: y—=a-+ bx-+ cx’. 
Expressing temperatures in degrees Centigrade, this yielded the 
following expression for the calibration plot of the tungsten/iridium 


thermocouple : 
emf (millivolts) = —6.98 + 0.0195t + 1.71 x 10°*t?. 


| Melting temperature data for fixed points 2 and 3 were substituted 


in this equation, and the computed values are compared with the 
actual values in Table VI. 
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Table VII 


Temperature - EMF Relation of the Tungsten/Iridium Thermocouple 
in the Range from 1000 to 2100 °C 








Temp. 
~~ 1000 1100 1200 1300 1400 1500 1600 1700 1800 1900 2000 
Millivolts 

0 14.25 16.56 18.91 21.3 23.70 26.15 28.62 31.12 33.69 36.28 38.88 

5 14.36 16.68 19.02 21.42 23.82 26.27 28.74 31.25 33.82 36.4 39.0 
10 14.48 16.80 19.14 21.53 23.94 26.39 28.86 31.37 33.95 36.53 39.14 
15 14.59 16.91 19.26 21.64 24.06 26.51 28.98 31.5 34.08 36.66 39.27 
20 14.71 17.03 19.38 21.76 24.18 26.63 29.11 31.62 34.21 36.8 39.4 
25 14.83 17.14 19.50 21.88 24.30 26.75 29.24 31.75 34.34 36.93 39.53 
30 14.94 17.26 19.62 22.0 24.42 26.87 29.37 31.9 34.47 37.06 39.66 
35 15.05 17.38 19.74 22.12 24.54 27.0 29.5 32.12 34.6 37.19 39.7 
40 15.17 17.50 19.86 22.25 24.66 27.12 29.62 32.25 34.73 37.32 39.92 
45 15.28 17.61 19.98 22.37 24.78 27.24 29.75 32.37 34.86 37.45 40.06 
50 15.40 17.73 20.10 22.49 24.90 27.37 29.88 32.4 34.99 37.58 40.2 
55 15.51 17.85 20.22 22.61 25.02 27.59 30.0 32.52 35.12 37.71 40.33 
60 15.63 17.97 20.34 22.73 25.15 27.62 30.13 32.65 35.25 37.84 40.47 
65 15.75 18.08 20.46 22.85 25.27 27.74 30.27 32.77 35.38 37.96 40.6 
70 15.87 18.20 20.58 22.98 25.4 27.87 30.4 32.9 35.51 38.1 40.73 
75 15.98 18.32 20.7 23.0 25.52 28.0 30.53 33.03 35.64 38.23 40.86 
80 16.10 18.44 20.82 23.22 25.65 28.12 30.67 33.17 35.77 38.36 41.0 
85 16.22 18.55 20.94 23.34 25.77 28.24 30.70 33.3 35.9 38.49 41.14 
90 16.33 18.67 21.05 23.46 25.90 28.37 30.83 33.43 36.03 38.63 41.27 
95 16.44 18.79 21.18 23.58 26.02 28.49 30.97 33.56 36.16 38.76 41.4 
100 16.56 18.91 21.30 23.70 26.15 28.62 31.12 33.69 36.28 38.88 41.52 


In order to indicate the sensitivity of the tungsten/iridium ther- 
mocouple, the slope of the calibration curve was computed from the 
first derivative of this equation. The slope at three temperatures 
is as follows: 


slope = 0.0195 + 3.42 x 10°t 


at 1000 °C (1830°F) 22.9 microvolts/°C 
at 1600 °C (2910°F) 25.0 microvolts/°C 
at 2000°C (3630°F) 26.3 microvolts/°C 


From the equation representing the calibration data, Table VII 
was computed to list the emf of the tungsten/iridium thermocouple 
at temperatures between 1000 and 2100°C (1830 and 3810 °F). 


Stability of the Tungsten/Iridium Thermocouple 


The thermocouple was operated in an atmosphere of helium for 
120 hours at temperatures between 1900 and 2000°C (3450 and 
3630 °F). Following this campaign, it was calibrated again in the 
resistance furnace by placing it directly adjacent to a newly made 
tungsten/iridium thermocouple. No disagreement could be discerned 
between the emf of the two thermocouples, and both agreed with 
the standard calibration. 

An effort was made to repeat this experiment in hydrogen. 
During the prolonged heating, the emf appeared to agree with 
temperature measured by the optical pyrometer. When it was 


7 
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attempted to move the thermocouple to the resistance furnace for 
precise calibration, however, the iridium wire broke under very 
delicate handling. Thus, although the thermoelectric characteristics 
probably were not affected seriously, the extreme embrittlement pre- 
cludes use of the unprotected thermocouple in hydrogen. 


Reproducibility 


A series of calibration tests was conducted to evaluate the 
various factors influencing the reproducibility of the tungsten/ 
iridium characteristic curve. The tungsten/iridium thermocouple was 
calibrated twelve times against the optical pyrometer, using two lots 
of tungsten wire and three lots of iridium wire. The welding method 
was varied to show its effect upon the thermoelectric characteristic 
of the thermocouple. Furthermore, two tungsten/iridium thermo- 
couples, containing annealed and hard drawn iridium wire respec- 
tively, were calibrated against each other. In every case, a corre- 
spondence of the characteristic curve was obtained within the error 
of determination (Table V). 


Cost 


A cost comparison of the tungsten/iridium thermocouple with 
other known thermocouples should consider the maximum temper- 
ature of usefulness, restrictions in the use of ambient atmospheres, 
stability at high temperature, and life expectancy. Since the smallest 
available iridium wire is 0.028 inch in diameter, and since the price 
of iridium wire is $14.00 per gram, a great cost savings would result 
if smaller gage wires could be made. It should be pointed out, also, 
that the cost comparison given below is based on laboratory quan- 
tities of the precious metal wire. The price of the iridium wire would 
be reduced by one-half if the wire were purchased in quantities of 
100 feet. 


High temperature thermocouples previously reported (Table I) 
fall into three price groups: 

1. The tungsten/molybdenum thermocouple has a low cost 
compared with noble metal thermocouples, but it has a very limited 
field of useful applications. 

2. The noble metal thermocouple of the Feussner type is twice 
as expensive as the tungsten/iridium, and it offers possible use in 
air up to 2000 °C (3630 °F). 

3. The platinum/platinum, 10% rhodium and the platinum/ 
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Table VIII 


Probable Error of the Calibration Points of the Deen Sesen Thermocouple at the 
Melting Temperatures of Gold, Copper, Palladium, Platinum, and Rhodium 


Metal Gold Copper Palladium Platinum Rhodium 


Melting point in °C 1063.0 1083 1554 1773.5 1966 
Uncertainty in the 

determination 0.0 +0.1 +1 +1 +3 
Depression of the m.p. due to impurities in 

the metal wires 0.5 0.2 0.5 0.2 1.0 
Uncertainty in the determination of the 

m.p. arrest from the marking on the 

recorder chart in millivolts +0.1 +0.1 +0.1 +0 +0.1 
Corresponding temperature uncertainty +4.3 +4.3 +4.0 +3 +3.8 
Probable error resulting from the use of 

different batches of wires in making up 

thermocouples $3 .-+3 +3 +3 +3 
Probable total error, °C +5.3 +5.3 +5.1 5.0 +5.8 
Average corresponding valueofthermalemf 15.70 16.15 27.60 33 38.00 


platinum, 13% rhodium thermocouples, currently used for measuring 
temperatures up to 1600 °C (2910 °F), are suitable for use in neutral 
and oxidizing atmospheres. 

A cost comparison of the platinum/platinum, 10% rhodium and 
tungsten/iridium thermocouples is as follows: 





Platinum/ Platinum, 10% Rhodium 
Price per 
foot of 
length 


Tungsten/Iridium 
Price per 
foot of 
length 


Unprotected 23 B&S gage ..... $29.40 Bare wire thermocouple, 0.030- 


CNG Ec iw eitee ss ccc 8.00 
Insulated thermocouple with two Fully insulated with pure 
concentric protection tubes . .$44.35* alumina protectors .......... $41.60 


Statement of Error 


In order to permit an estimation of the experimental error, a 
critical study was made of the experiments by which the tungsten/ 
iridium thermocouple was calibrated. Table VIII lists the known 
uncertainties pertaining to the five fixed-point determinations. From 
this analysis, it may be stated that the error varies from 5.1 to 5.8 °C 
in the region between 1063 and 1966 °C (1945 and 3570 °F). 


CoNCLUSION 


The tungsten/iridium thermocouple appears to possess the most 
desirable combination of properties for use in the temperature region 
between 1000 and 2100 °C (1830 and 3810 °F). The thermoelectric 
characteristic curve is almost straight; the emf output is high and 
remains constant in helium for at least 120 hours. 


*Price is based on the quotation from a local supplier. 
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The use of pure metals obviates the calibration difficulty asso- 
ciated with composition variations when alloy wires are used. 

From the low temperature portion of the calibration curve, it 
is evident that cold junction compensation is negligible for reference 
junction temperatures up to 100°F. Omitting cold junction com- 
pensation introduces an error of less than 0.1% for hot junction 
temperatures above 1000 °C (1830 °F). 

Definite limitations are associated with the use of tungsten, 
from the point of view of the ambient atmosphere. This fact, coupled 
with the embrittlement of the iridium in hydrogen, indicates that 
only the inert gases or vacuum is suitable for operation of the 
tungsten/iridium thermocouple. 
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DISCUSSION 


Written Discussion: By Richard D. Potter, assistant professor of 
metallurgy, University of California, Berkeley, Calif. 

This work by Troy and Steven represents another real step forward 
in our efforts to establish methods of accurate high temperature measure- 
ments. Although the article does not indicate the difficulties they 
encountered, I can well appreciate what they have been through in cali- 
brating the tungsten-iridium thermocouple at the higher temperatures. 

One of the greatest difficulties in making high temperature calibra- 
tions is the lack of good standard melting point references in the range 
above platinum (1773.5°C). The authors have used rhodium with a 
reported melting point of 1966°C, and I am wondering if this has been 
established as a standard reference point. Our experience in the past 
seven years has indicated that the reported melting points of some of 
the more refractory metals are inaccurate. 

It is rather difficult to tell from the sketches, but it appears that the 
alumina thermocouple insulators extend along the thermocouple wires so 
that it is too close to the hot junction. 

Most workers erroneously think that such thermocouple insulation 
should extend as close to the hot junction as possible. Actually, this leads 
to errors in the thermocouple output, since some electrical leakage occurs 
in the hot zone. It is best to keep the insulators well up away from the 
hot junction to minimize electrical leakage. 

I am also curious about the authors’ technique in sighting on the 
thermocouple bead for optical pyrometer checks. The indicated size of 
the bead is such that I think it would be extremely difficult to obtain true 
temperature readings in this manner. 

The stability tests run for 120 hours between 1900 and 2000 °C seem 
to indicate that the tungsten-iridium couple does not require annealing. 
Most other investigators have found it advisable to anneal the more 
refractory metal thermocouples before use. In many instances the actual 
results of annealing have been offset or clouded over by the effect of 
contamination during high temperature usage. 

In connection with contamination, I am wondering if the authors have 
any data on the effect of contamination of their thermocouple, especially 
at the higher temperatures. Common sources of contamination are 
refractories such as magnesia, alumina, beryllia and silica, as well as 


_carbon and oxygen. In the use of thermocouples in measuring liquid 


7 


metal temperatures at high temperatures, there is sometimes a reaction 
between the metal and refractory protection tip which ultimately leads 
to the spoiling of the thermocouple. Also liquid metal will work its 
way through the protection tip, allowing direct or vapor contamination 
of the couple. 

I am sorry that the authors did not use the more recent data on 
tungsten-molybdenum thermocouples established by Prof. N. J. Grant and 


niyself at the Massachusetts Institute of Technology.* This latter work 


8R. D. Potter and N. J. Grant, ““Tungsten-Molybdenum Thermocouples,” Jron Age, 
Vol. 163, March 31, 1949, p. 65. 
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was the result of an investigation of melting points of high temperature 
alloys in which tungsten-molybdenum thermocouples were calibrated up 
to 2200°C.* During the course of the alloy work, temperatures up to 
2500 °C were measured with tungsten-molybdenum thermocouples. 

I should like to overrule the statements by the present authors that 
the use of tungsten-molybdenum thermocouples at high temperatures 
is unsatisfactory and has only a limited field of use. Such thermocouples 
have been used for over ten years at MIT and other places and, although 
difficulties are encountered, their use has been satisfactory. The authors’ 
point in respect to the low output of tungsten-molybdenum thermocouples 
is well taken but, with the fast, sensitive and accurate measuring devices 
of today, it offers no great difficulty. 

Also in the work referred to above, we found TAM-stabilized zirconia 
to be a better refractory than beryllia at high temperatures. Beryllia 
is a very good refractory, but its purity and method of manufacture 
influence its characteristics at the higher temperatures. Also the health 
hazard of beryllia at all temperatures is a matter of considerable 
importance. 

In Fig. 3, the authors show a resistor-capacitor connection between 
the thermocouple and potentiometer. I assume that this was used to 
reduce the high-frequency current picked up by the thermocouple in the 
induction coil. If this is true, I should like to know if it was entirely 
successful. In the past I have used shielded thermocouple leads with the 
shield and one side of the thermocouple circuit grounded directly. This 
does not eliminate the high-frequency pick-up entirely but does help. 

In closing, I should like to congratulate the authors in this, another 
step in our progress of high temperature measurement. 

Written Discussion: By F. E. Carter, Baker & Co., Inc., Physics 
Dept., Newark, N. J. 

This paper from the Armour Research Foundation will be welcomed 
by the many who are presently working in the temperature range above 
1600 °C, which is the upper limit of usefulness of the standard platinum- 
rhodium/platinum thermocouple. The authors have examined thoroughly 
the field of possible thermocouple materials and, taking into account all 
the required features for a thermocouple acting in the range 1600 to 
2000 °C, have decided that the tungsten-iridium combination is the most 
promising and in this paper have reported their excellent work on it. 

The highest melting metals, like tungsten and molybdenum, unfor- 
tunately oxidize in an oxidizing atmosphere and must be used under reduc- 
ing conditions, which is a real objection to their use as thermocouple 
materials; however, with the use of a suitable atmosphere, the authors 
have shown that the tungsten-iridium couple has very desirable properties. 
‘We note that helium was used for the atmosphere and that hydrogen 
caused embrittlement of the iridium wire; this effect of hydrogen on 
iridium” we have not observéd at temperatures somewhat below 2000 °C 
and would like to know if the observation (page 1147) of the authors was 

*“Tnvestigation of the Central Liquidus Surfaces and Phases of the Chromium- 


Molybdenum-Iron System,”’ Doctor of Science thesis, Department of Metallurgy, Massa- 
chusetts Institute of Technology, 1948. 
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made only once. Can the authors theorize on the reason for the embrittle- 
ment? If hydrogen could actually be used as the atmosphere the couple 
would have more general usefulness.: 

It is not easy to get good workable alloys of platinum with 10% of 
osmium, tungsten or molybdenum (page 1133); alloys with above 7 to 8% 
of the added metal are quite’difficult to prepare in wire form. 

The figures in Tables II and III are quite useful to have assembled 
in one place. It is perhaps too much to say (Table II) that ruthenium is 
extremely difficult to work; it is actually practically impossible to do so. 
In Table III beryllia’ is considered the most suitable material for high 
temperature insulation; we presume this means electrical insulation, since 
it is also stated that the thermal conductivity is “excellent, comparable 
to that of metal”. . 

We agree with the authors that the emf of the 60% rhodium, 40% 
iridium versus iridium does not differ much from that of the 40% rhodium, 
60% iridium versus iridium; however, the emf falls off rather rapidly 
either below or above these compositions. Some measurements we have 
made are: 


1000 °C 1200 °C 1400 °C 

millivolts millivolts millivolts 
60% Rhodium, 40% Iridium 5.13 6.21 7.33 
50% Rhodium, 50% Iridium 5.44 6.57 7.73 
40% Rhodium, 60% Iridium 5.39 6.46 7.55 


Iridium—negative 


Since iridium is more volatile than rhodium, the alloy will gradually 
become richer in rhodium, so we prefer to start with 60% iridium alloy; 
slight iridium loss will then not greatly alter the emf. 

Written Discussion: By N. J. Grant and D. S. Bloom, Massachusetts 
Institute of Technology, Cambridge, Mass. 

Since we have been using the tungsten/molybdenum thermocouple 
for over ten years for high temperature work in the range 1400 to 2200 °C 
and have found it extremely useful and quite satisfactory, we are natu- 
rally somewhat prejudiced when the authors of this paper so readily dis- 
missed the tungsten/molybdenum thermocouple from consideration by the 
mere statement that it would not be considered satisfactory in the higher 
temperature range. 

An article by Potter and Grant’ describes the preparation and use of 
tungsten/molybdenum thermocouples. We have been pleased to find since 
the publication of that article that others are using this thermocouple, 
particularly in England, and are finding that it is a highly useful thermo- 
couple. : 

In our steelmaking research programs we have used the tungsten/ 
molybdenum thermocouple without the protection of an inert gas up to 
1800 °C, and find that the life of the couple is not the limiting factor. 
Instead, the protection tube usually fails first. In small bore tubes, the 
oxygen is depleted through reaction with the tungsten and molybdenum, 


5R. D. Potter and N. J. Grant, “Tungsten-Molybdenum Thermocouples,” Jron Age, 
Vol. 163, March and April, 1949. 
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leaving a rather safe atmosphere which does not further attack the wires. 
If the protection tube does not fail, it is not unusual to obtain five to 
eight consecutive readings with the same thermocouple. In an argon 
atmosphere for somewhat more critical work, we have operated for sev- 
eral years up to 2200 or 2300°C and find that the response is quite good. 
The low emf need not be a serious handicap if adequate instrumentation 
is provided. We use a high sensitivity speedomax recorder with a full- 
scale deflection of only 2 millivolts, but connect a regular potentiometer 
in series to permit coverage of any emf range. ‘In this way, very high 
sensitivity is possible. 

The tungsten and molybdenum wires are very easy to obtain in any 
size at very low cost, the value being on the order of less than one dollar 
as compared to the forty-one-dollar value given by the authors. There is 
no effort to save the metals, since they can be discarded at this low cost 
figure. Large lots of wire, from 400 to 600 feet in length, can be pur- 
chased at one time. After calibration of a group of couples from this 
wire, there is an adequate supply of calibrated wire for a long period of 
time. At the moment, since there are no refractories capable of operating 
very much above 2200 °C with any degree of success, there is little advan- 
tage in having a thermocouple which melts above 3000 °C. 

In Fig. 5, the K curve for tungsten and molybdenum is incorrect by 
a very appreciable amount. In Fig. 5, Ts — Tc should equal Tx, or else 
Ta — Te should equal Tx. One of these should be correct; however, a 
close check of Fig. 5 does not show this, primarily because the K curve is 
incorrect. Since curve B essentially depends on optical readings, too, it 
is dificult to understand why A and B differ so very much. The melting 
points of some of the metals used to determine curve B were originally 
determined optically. This must mean that the sensitivity of the optical 
set-up for A and B must be different. 

Written Discussion: By Mrs. M. K. McQuillan, M.A., Aeronautical 
Research Laboratory, Department of Supply and Development, Melbourne, 
Australia. 

In summarizing the published work on high temperature thermo- 
couples, the authors say that there is not good agreement between the 
data of various investigators of the tungsten/molybdenum thermocouple. 
This has been true in the past, but since most of the work on these 
thermocouples was done more than twenty years ago, when refractory 
metal production techniques were considerably less advanced than they 
are today, any disagreement reported can very probably be explained by 
the quality of the thermocouple materials. Results recently obtained dur- 
ing my own work on the tungsten/molybdenum thermocouple’ are in good 
agreement with those published by Osann and Schréder’ in 1933, and lie 


between those given for two different batches of wire by Potter and 
Grant® this year. 


®M. K. McQuillan, “The Calibration and Use of the Molybdenum-Tungsten Thermo- 
couple at High Temperatures,” Commonwealth of Australia Department of Supply and 
Development, Division of Aeronautics, Report SM 134. 

7Osann and Schréder, Archiv fiir das Eisenhiittenwesen, Vol. 7, 1933, p. 89. 


SR. D. Potter and N. J. Grant, ““Tungsten-Molybdenum Thermocouples,” Jron Age, 
Vol. 163, March 1949, p. 65. 
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The authors also mention that in earlier work on the tungsten/ 
molybdenum thermocouple they found it to be unsatisfactory in the higher 
temperature range. In this laboratory tungsten/molybdenum thermo- 
couples have been used for some time for work in the temperature range 
1500 to 1900°C. Apart from contamination by metallic vapors which 
sometimes penetrate the alumina protecting sheath, no difficulty has been 
experienced in their use, and calibration checks before and after use have 
shown them to be quite stable. It is true that the thermal emf developed 
by the thermocouple is small compared with that of other thermocouples, 
but the accuracy of most potentiometers is sufficiently great to enable 
temperatures to be measured to within 1°C, which is greater than the 
accuracy to which thermocouples can be calibrated at very high tempera- 
tures. Serious deviations from the standard curve have, however, been 
observed at temperatures of the order of 2000 °C in the case of imperfectly 
annealed thermocouples. The curves of such thermocouples tend to flat- 
ten off in the higher temperature region. This type of flattening can be 
seen in the authors’ curve for the tungsten/molybdenum thermocouple 
(Fig. 5), which differs appreciably in the high temperature region from 
those of Potter and Grant, Osann and Schréder and myself. Would it 
be possible for some point such as this to account for the unsatisfactori- 
ness at high temperatures noticed by the authors in their tungsten/ 
molybdenum thermocouples? 

In Table III the authors state that beryllia is chemically inert to 
tungsten and molybdenum at high temperatures, and is the most suitable 
material for high temperature insulation. In my experience, this has 
not been found to be the case. After heating a tungsten/molybdenum 
thermocouple to a temperature of about 1900°C in contact with beryllia, 
it was found that both the tungsten and molybdenum elements had been 
very seriously attacked. The surface of the wires was pitted, and micro- 
examination showed that severe intergranular penetration had occurred. 
When a similar thermocouple was heated in the same apparatus without 
the beryllia, no attack occurred. Potter and Grant also found that devia- 
tions from the standard thermal emf curve were observed in thermo- 
couples heated in the presence of beryllia. Furthermore, the high vapor 
pressure of beryllia in the working range of the thermocouple is a serious 
disadvantage. 

Experiences similar to those of the authors with tungsten/tantalum 
thermocouples have occurred here in connection with molybdenum/ 
tantalum thermocouples. It has been found that, unless used in a very 
good vacuum indeed, the tantaium element of these thermocouples quickly 
takes up enough gas to affect the thermal emf. I had thought, as evi- 
dently do the authors, that the absorption of hydrogen by tantalum which 
occurs at about 600°C would prevent the use of tantalum thermocouple 
elements in hydrogen atmospheres, thus seriously curtailing the use of 
such elements, but Lander® has recently described the successful use of a 
tungsten/tantalum thermocouple in a hydrogen atmosphere. 

®J. J. Lander, ‘“‘Measurements of Thomson Coefficients for Metals at High Tempera- 


tures and of Peltier Coefficients for Solid-Liquid Interfaces of Metals,’’ Physical Review, 
Vol. 74, 1948, p. 479. 
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Finally, I would like to know whether it is certain that the embrittle- 
ment of the iridium wires which occurs on heating in hydrogen is due 
to the effects of hydrogen alone, or to the presence of other elements in 
conjunction with hydrogen, as in the case of platinum. In this case, the 
presence of silicon, carbon and sulphur has been shown to be necessary 
in order that embrittlement may occur.°. My own experiments” have 
confirmed the fact that heating in hydrogen alone has no embrittling 
effect on platinum. If it so happens that iridium behaves in a similar 
manner, then by the elimination of the necessary elements, the embrittle- 
ment occurring on heating in hydrogen may be prevented, and the use- 
fulness of the tungsten/iridium thermocouple considerably extended. 


Authors’ Reply 


The authors, are very grateful for the several written discussions, 
which in general|serve well to complement this subject. 

One can readily understand Dr. Potter’s reluctance to accept as stand- 
ards the melting temperatures of the more refractory metals. In the case 
of rhodium, the melting temperature was established by the National 
Bureau of Standards” and has been used as a secondary melting point 
standard with a claimed accuracy of +3°C. At the International Con- 
ference of Weights and Measures, the International Temperature Scale 
of 1948 was established. The report by Stimson” contains the following 
statement: “In addition to the six fundamental and primary fixed points, 
certain other fixed points are available, and may be useful for various 
purposes.” Some of the more constant and reproducible of these fixed 
points are given in tabular form. The freezing point of rhodium was set 
at 1960°C which is 6°C lower than the previously accepted standard. 

This change (—6°C) in the melting point of rhodium is due chiefly 
to a new value of the radiation constant, and is not the consequence of 
additional experimental work on rhodium.“ Accordingly, the reported 
accuracy of +3°C becomes applicable to the 1960°C temperature. 

Since observations were made under approximately black-body con- 
ditions, the hot junction of the thermocouple disappeared in the ambient 
radiation in the crucible. It should be recognized that the final calibration 
of the tungsten/iridium thermocouple was not based upon these specific 
optical determinations, but upon the melting points of pure metals 
(Table VI). 

It is recognized that there has been some question of the practice 
of locating insulators very close to the hot junction of a thermocouple 


operating at a very high temperature. In view of the apparent absence 
ee Edwards and Lever, Journal, Iron and Steel Institute, Vol. 155, 1947, 

p. ; 

MM. K. McQuillan, Journal of Scientific Instruments, Vol. 26, 1949, p. 329. 


2W. F. Roeser and H. T. Wensel, “The Freezing Point of Rhodium,” gwarnee of 
Research, National Bureau of Standards, RP 677, Vol. 12, No. 5, 1934, p. 519 


13H. E. Stimson, ““The International Temperature Scale of 1948,” Journal of ‘Research, 
National Bureau of Standards, RP 1962, Vol. 42, No. 3, 1949, p. 209. 


4Robert J. Corruccini, ‘‘Difference between the International Temperature Scale of 


1948 and 1927,” Journal of Research, National Bureau of Standards, RP 2014, Vol. 43, 
No. 2, 1949, p. 133. 
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of any emf loss from this cause, however, the expected loss has been 
computed quantitatively. Assuming the resistivity of alumina at 1875°C 
to be 2.2 x 10* ohm-cm, the following analysis was made: 


R. = equivalent resistance of ce- 
ramic portion of the circuit. 
The conductive ceramic path 
is assumed to have a cross 
section of 1.0 x 0.20 cm and 
a length of 0.15 cm between 
the wires. 

E =thermal emf 

Rw =resistance of tungsten leg 
over length a. 

Ri, = resistance of the iridium leg 
over length a. 

I =current in the conductive 
ceramic path. 

pW asi ec) = 68.0 microhm-cm 

plriss ec) = estimated 40 microhm-cm 

pAlOscas ec) = 2.2 KX 10* ohm-cm 

(Reference: E. Podzus, “Leitfa- 

higheit hochisolierender Oxyde und 

Nitride bei sehr hohen Tempera- 

turen,” Zeitschrift fiir Elektrochemie, 

Vol. 39, 1933, p. 75. 

Thermal emf = IRw + IR: + IR. 

0.035 = I( Rw + Rr + Re) 

Since the resistance of the ceramic 

component of the circuit is about 

10° times that of the metal wires, 

and 


Ress °c) — Pp (AL,O3) ' 


q 


— 22x 10'x - 








=1.7 x 10 ohm, 


then I= 2.1 x 10° amperes. 

The net emf recorded by the poten- 

tiometer is therefore: 

net emf = E — I(Rir + Rw) 

— E— 1(0.88 x 10° + 1.4 x 10°) 

= E— (21x 10°) (23 x 10°) 

= E—48 x 10° 
According to this computation, the error due to conduction through an 
alumina insulator would be only 4.8 x 10° millivolts. Therefore, the 
available data indicate the error is negligible. 

This conclusion was tested by simultaneously recording the emf from 
tungsten/iridium thermocouples, one operating bare and one protected 
by close-fitting insulators at the junction. While the thermocouples were 
operated at 1900°C very close together, the emf records for the two 
coincided. It is possible that other refractories may lead to error due 
to electrical conduction in the hot zone, but it is desired for the record 
to contain the quantitative treatment of this case. 


- 
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It is not believed that contamination has obscured the need for 
annealing the tungsten/iridium thermocouple, although one must recog- 
nize this possibility. There are two reasons for this view: (a) serious 
sources of contamination were recognized and corrected and (b) unusual 
efforts were made to operate the thermocouples in an environment free 
from contamination. In the induction-heated furnace, a temporary condi- 
tion led to serious error through condensation of tungsten vapors on 
the thermocouple. In addition, carbon and silica effected a permanent 
loss in emf. When these contaminants were removed and a purified 
atmosphere furnished at a high space velocity, it was possible to main- 
tain the original calibration after long periods of operation. Both alumina 
and beryllia were found to be suitable insulating materials, and they did 
not contribute to any observable change in the calibration, 

The choke between the thermocouple and the potentiometer appeared 
to be completely effective in separating the r.f. and d.c. potentials. Twist- 
ing the lead wires avoided 60-cycle pick-up. When the r.f. field. was 
momentarily interrupted, no indication was discernible on the galvanom- 
eter of the potentiometer. 

It was unfortunate that clearance of the present paper preceded 
publication of the very useful report on the tungsten/molybdenum ther- 
mocouple which was co-authored by Dr. Potter. This report clearly 
documents applications in which the tungsten/molybdenum thermocouple 
substantially contributed to the progress of the work. The present authors 
wish to amplify the present comment on this thermocouple to the effect 
that “it was not considered satisfactory” in comparison with other ther- 
mocouples evaluated according to the six very general conditions set 
forth in the first paragraph of the present paper. Clearly, there are not 
good grounds for an objective derogation of the tungsten/molybdenum 
thermocouple. 

Dr. Carter has directed attention to a very significant characteristic 
in the family of thermocouples employing an iridium wire against a 
rhodium-iridium alloy wire. The maximum emf that occurs at about 
the 50-50 alloy is an important observation. It clearly advises in favor 
of the iridium/40% rhodium, 60% iridium combination. The validity of 
this comment has been confirmed roughly in the present work by the 
observed weight loss always being greater in the iridium wire than in 
the alloy wire. 

The embrittlement of iridium by hydrogen occurred about five times 
and never failed to occur during a long campaign. Although the present 
data are inadequate to support a hypothesis relating to this embrittle- 
ment, it can be said that the rate of embrittlement is slow enough that 
the iridium/40% iridium, 60% rhodium thermocouple has a useful life of 
about ten hours in hydrogen. 

The authors are somewhat at a loss to understand the comment 
based upon the steelmaking research programs at Massachusetts Institute 
of Technology, asserting that curve K (Fig. 5) is incorrect. Assuming 
that Ts, Tc, and Tx represent the respective thermal potentials of ther- 
mocouples B, C, and K at a given temperature, it is true that Ts — Tc 
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should equal Tx (Fig. 5). The accompanying Fig. 7 contains a plot of the 
characteristic curve for thermocouple K reproduced from Fig. 5 (tung- 
sten/molybdenum), along with a plot of points obtained by subtracting 
curve B from curve C (molybdenun/iridium subtracted from tungsten/ 
iridium). 


44 


On Curve K: o-Points obtained by 
36 subtracting Curve C from Curve B 


*- Data transferred from 

28 t— calibration curve for “Old Wire" 
in article Tungsten/ Molybdenum 
Thermocouples 


E.M.F. ( Millivolts) 
rm 
Oo 





(loc. cit.) 
12 
4 
0 
-4 
1000 1800 2600 3400 
600 1400 2200 3000 3800 
Temperature °F 


Curve B - Tungsten/ Iridium Calibration from Fig.5 
Curve C - Molybdenum/ Iridium Calibration from Fig.5 
Curve K - Tungsten/ Molybdenum Calibration from Fig.5 


Fig. 7—Data Relating to the Tungsten/Molybdenum Thermo- 
couple Calibration Curve. 


The fairly close coincidence of these points with curve K confirms 
the above equation, suggesting that curve K (Fig. 5) is not incorrect. 
As a further check of curve K (Fig. 5), it is compared with the calibra- 
tion curves for old wire contained in the recent article on “Tungsten- 
Molybdenum Thermocouples” (loc. cit.). Random points from the “old 
wire” curve in the article are superimposed upon curve K in Fig. 7. It 
again appears evident that curve K is not incorrect by a very appreciable 
amount. The deviation is well within that expected from three factors: 
(a) The tungsten/molybdenum thermocouple is inherently variable from 
lot to lot by an amount greater than the deviation noted in Fig. 7; (b) 
curves C and K were calibrated by optical-measurements and were not 
claimed to have the accuracy described by Table VIII; and (c) arriving 
at a small magnitude (curve K) by subtracting two large magnitudes 
(curves B and C) inherently introduces a large percentage of error in 
the small magnitude. In view of these several tests of curve K (Fig. 5), 
the authors have difficulty in understanding the assertion that the calibra- 
tion curve for tungsten/molybdenum is incorrect. 

The following refractories reportedly have been used above 2200 °C, 


- 
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some as high as 3000°C: beryllia, magnesia, zirconia, thorja, and hafnium 
carbide. 

It is recognized that the value of the tungsten/molybdenum thermo- 
couple is on the order of less than one dollar and the. metals can be 
discarded. It appears appropriate to mention that virtually all tungsten/ 
iridium thermocouple failures occur in the tungsten wire, There is no 
need to discard the noble/metal wire—the weld is clipped off, and a 
new tungsten wire is welded to the iridium wire. 

Mrs. McQuillan has pointed out the improvements that have been 
made in the technology of the refractory metals in the past twenty 
years, indicating the earlier technology as -a probable explanation of the 
disagreement of early data on the tungsten/molybdenum thermocouple. 
Undoubtedly, this has been at least partially true, and the picture is clouded 
further by omitting a statement of purity in much of the literature. 
One is reluctant to regard this as a complete explanation, however, when 
the calibrations of two batches of wire published this year (Potter and 
Grant) differ by a minimum of 110°C. Further, when current work finds 
its best agreement with tests conducted in 1933 (Osann and Schroder), 
it is difficult to ascribe the literature disparities to tungsten and molyb- 
denum technological improvements in the last twenty years. Until a 
more objective explanation is attached to this lack of reproducibility, 
the authors are inclined to ascribe it in large measure to an inherent 
(possibly unknown) characteristic of the thermocouple materials. 

With respect to the tungsten/molybdenum thermocouple being “un- 
satisfactory”, the authors wish to make the same comment as above, 
relating to Dr. Potter’s discussion. The use of sensitive potentiometers to 
make up for the low emf of the tungsten/molybdenum thermocouple, how- 
ever, appears not to be in accord with basic principles of mensuration.” 
Those who have conducted work at these temperatures are aware of the 
many possible sources of electrical error: condensed metal films, induced 
voltages in conductors, stray currents in partially conductive refractories, 
and others. Sensitive instrumentation magnifies the error along with 
the basic emf. Since this error must be considered as a percentage of 
the basic emf, it is difficult not to regard a high, lineal emf favorably. 
This principle is explicitly described by Wood and Cork.” 

Mrs. McQuillan asks if it is possible for the high temperature flat- 
tening of the tungsten/molybdenum calibration curve to account for 
the unsatisfactoriness at high temperatures. This fact in itself would 
not advise against its use; the fact that the thermocouple lacked three 
of the six ideal features listed in the first paragraph of the paper, how- 
ever, prompted its rejection in favor of the tungsten/iridium thermo- 
couple. If one were to adopt the use of the tungsten/molybdenum 
thermocouple, annealing undoubtedly would -contribute toward a more 
favorable thermal emf characteristic. 


The written discussion of Table III relates that the work at Mel- 


bourne has disclosed evidence of beryllia attack when operated at high 


%Chwolson, Lehrbuch: der Physik, Braunschweig, F. Vieweg & Son, 1902, p. 276. 
%Wood and Cork, Pyrometry, McGraw-Hill Book Co., New York, 1927, p. 26. 
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temperatures adjacent to tungsten. Table III lists beryllia as appearing 
to be the most suitable material for high temperature insulation, and it 
is desired to comment on this view. Navias” investigated the perform- 
ance of various refractories in electron tube filament assemblies where 
the ceramic and tungsten heater were in intimate contact. From these 
studies, he reported: “Of the several oxides listed in Table VI (thoria, 
magnesia, zirconia, beryllia, alumina, and silica), alumina and beryllia are 
the most stable in contact with a hot filament and, except for differences 
in melting point, they behave very much alike. They are stable up to 
their melting points, showing no signs of vaporization or reduction. 
Alumina and beryllia remain white under these conditions.” With 
magnesia and zirconia insulators, a darkening of the ceramic was always 
noted, indicating signs of reduction of the oxide. Beryllia insulators in con- 
tact with tungsten filaments at temperatures in excess of 2000°C showed 
no signs of attack after 60 hours’ service. The conflicting experiences 
of Navias and Mrs. McQuillan appear to be explained by a phenomenon 
described by Ryschkewitsch.* After describing Wartenberg and Meehl’s 
vacuum tube work with alumina wherein high temperature attack was 
indicated, Ryschkewitsch attributed the end effect entirely to oxygen 
occluded on and between the alumina grains in the bodies. The tungsten 
attack was related not to chemically combined oxygen but to free oxygen. 
This description, in conjunction with the favorable experience of the 
present authors, prompts the suggestion that much of the reported high 
temperature attack of tungsten by beryllia is the result of using bodies 
that are not adequately fired. If shrinkage occurs during service, occluded 
oxygen can escape, thus associating the attack with the use of low-fired 
bodies. 

It is of interest to hear one more report on contamination of the 
tungsten/tantalum thermocouple. A fair stability was noted for the 
thermocouple in the present work up to 1300°C, and a fair check of 
Lander’s data was obtained. At 2300°F, Lander’s calibration equation 
solves to 15.23 millivolts; and the present work indicated 16.0 millivolts 
for this temperature. The stability encountered by Lander at higher 
temperatures, however, does not necessarily contradict the currently 
reported instability in hydrogen. His thermocouple was tightly embedded 
in a metal specimen which probably acted as a muffle to shield the 
thermocouple from the hydrogen surrounding the specimen. 

Although the present authors are aware of the influence of impurities 
(silicon, carbon and sulphur) upon the hydrogen damage to platinum, 
it has not been possible to associate the iridium performance with that of 
platinum. There is an active interest in improving the mechanical prop- 
erties of iridium, but at the present time there are no firm data to 
support a hypothesis on this subject. 


Navias, Journal, American Ceramic Society, Vol. 15, No. 4, 1932, p. 248. 


18R yschkewitsch, Oxrydkeramik der Einstoffsysteme, E. Ryschkewitsch, Springer, Berlin, 
1948, p. 132. 





THE EFFECT OF VANADIUM AND CARBON ON THE 
CONSTITUTION OF HIGH SPEED STEEL 


By Donacp J. BLICKWEDE, Morris COHEN AND GEORGE A. ROBERTS 


Abstract 


The constitution of 6% tungsten, 5% molybdenum, 
4% chromium high speed steel has been studied as a func- 
tion of vanadium, carbon and temperature. The principal 
methods of investigation consisted of electrolytic extrac- 
tion, chemical analysis, X-ray diffraction and quantitative 
metallography. There are four excess (nonmatrix) phases 
in this system: M,C—a complex tungsten—molybdenum- 
rich carbide; M,,C,—a chromium-rich carbide; MC (or 
M,C,)—a vanadium-rich carbide; M,R,—essentially an 
(tron)—(tungsten, molybdenum) intermetallic compound. 

In the annealed steels, vanadium additions at any 
given carbon level promote the formation of MC, causing 
the progressive disappearance of M,,C, first and M,C 
next, and resulting in a build-up of chromium, tungsten 
and molybdenum in the ferritic matrix. However, the 
matrix accepts only limited quantities of these elements 
from the disappearing carbides, the balance going wmto the 
carbon-free compound M,R,. The vanadium required to 
effect any of these changes increases with carbon content. 

None of the compositions contain M,R, and M,,C, 
simultaneously. Those that contain M,R, remain ferritic 
on heating and therefore cannot be quench-hardened. 
Those with M,,C, austenitize readily on heating, and can 
be quenched to form martensite. Both the M,R, and 
M,,C, dissolve completely on heating, M,C partially, and 
MC hardly at all. 

The range of potentially useful compositions in this 
series is limited by considerations of forgeability, conver- 
sion of the ferrite to austenite on heating, formation of 
intergranular 8-ferrite during austenitizing, and quantity 
of austenite retained. The dependence of these factors on 
the vanadium and carbon contents is discussed in detail. 

This paper is based on a portion of a thesis submitted by D. J. Blickwede in August 


1948 to the Department of Metallurgy at the Massachusetts Institute of Technology in par- 
tial fulfillment of the requirements for the degree of Doctor of Science. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Donald J. 
Blickwede is head, High Temperature Alloys Branch, Naval Research Lab- 
oratory, Washington, D. C., Morris Cohen is professor of physical metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass., and George A 
Roberts is chief metallurgist, Vanadium-Alloys Steel Co., Latrobe, Pa. Manu- 
script received April 18, 1949. 
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HE general constitution of high speed steel has been reviewed 
in considerable detail by others (1, 2, 3, 4). Particular atten- 

tion has been devoted recently by two of the present authors (5) to 
the important role of vanadium in the gradual development of modern 
high speed steels. The latter summary indicates clearly, however, 
that surprisingly little information is available concerning the effect 
of vanadium on the phase relationships in high speed steel, other 
than that it tends to form a relatively insoluble carbide. Neverthe- 
less, whatever its mode of existence in high speed steel, vanadium 
is recognized to help materially in restricting grain growth and 
in improving both cutting ability and wear resistance. 

The present research has been undertaken in the belief that a 
significant contribution to the current understanding of high speed 
steel could be made by determining the constitutional changes result- 
ing from systematic variations in vanadium content. Furthermore, 
because of the over-all importance of carbon in hardenable steels, this 
factor must also be regarded as a variable. A base composition of 
6% tungsten, 5% molybdenum and 4% chromium (corresponding 
to the standard M-2 grade of high speed steel) was selected for the 
experimental series, and the vanadium increased incrementally from 
O to 10% at several carbon levels ranging from 0.1 to 2.5%. The 
tungsten-molybdenum base was chosen in preference to a straight 
tungsten base because M-2 steels are relatively new compared to 
18-4-1, and their increasing popularity points up a definite need for 
direct studies of the fundamentals involved without depending on 
comparative analogies with the more familiar 18-4-1. 

In this paper, the constitution of the steels under consideration, 
both as annealed and after quenching from elevated temperatures, 
is determined primarily by the quantitative isolation of the excess 
phases (carbides and intermetallic compounds) in an electrolytic cell. 
The extracted phases are identified by X-ray diffraction, and their 
chemical analysis permits calculation of the matrix composition and 
alloy partition in each case. Metallographic etching reagents are 
developed for distinguishing the various excess phases in the solid 
samples, and lineal analysis is applied to ascertain their respective 
amounts. These data are then correlated with the nature of the 
matrix phases existing at elevated temperatures (ferrite and/or aus- 
tenite) and after quenching to room temperature (ferrite, retained 
austenite and/or martensite). Finally, the steel constitution as 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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affected by vanadium, carbon and temperature is discussed in terms 
of potentially useful high speed steel compositions. 


MATERIALS 


The steels were made as 30-pound induction furnace heats hav- 
ing the base composition of M-2 high speed steel with all combina- 
tions of 0, 2, 4, 7 and 10% vanadium and 0.1, 0.5, 0.8, 1.2, 1.8 and 
2.5% carbon. They were poured into 3-inch square ingots, forged 
into l-inch square rods, and rolled into 7% and #,-inch rounds. This 
stock was then spheroidized by heating in a tube of plain sand at 
1650 °F (900 °C) for 8 hours and cooling at 40 °F (22 °C) per hour 
to room temperature. The annealed bars were straightened and 
centerless ground to % and 44-inch rounds. The %-inch rods were 
adopted for the present investigation while the larger size was re- 
served for future tests. 

The chemical analyses and hot working histories of the various 
steels are given in Table I. It will be noted that the steels containing 
0% vanadium, 1.75% carbon, as well as all those with 2.5% carbon, 
could not be forged. These compositions were not used in the remain- 
der of the investigation. 


RESULTS ON ANNEALED STEELS 
Isolation of Excess Phases 


The excess (nonmatrix) phases were extracted from the an- 
nealed steels by electrolyzing 5-inch long by ™%-inch diameter speci- 
mens in 1:10 hydrochloric acid, and the resulting data are presented 
in Table II. Details of the experimental technique are described 
elsewhere (6). The values for the weight percentage of excess 
phases are averages of at least four separate isolations. The data 
listed in the last column of Table II show that, with few exceptions, 
all of the carbon in the steels was found in the residues within an 
experimental error of about 1 part in 50. The larger error in the 
case of steels 1, 7, and 25 is probably due to the greater uncertainty 
in the carbon analyses of these low carbon compositions. 

Further evidence of the quantitativeness of the electrolytic isola- 
tions is given in the Appendix where the measured density of each 
extracted residue is compared with that calculated from the weight 
percentage of the extracted residue (Table II), the volume per- 
centage of excess phases in the steel (lineal analysis), and the ob- 
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Table I 
Hot Working History and Composition of Steels 


Cc Vv 
0.07 0.07 
0.51 0.04 
0.84 0.03 
1.32 0.03 
1.82 0.02 
2.50 0.02 
0.08 1.96 
0.48 1.97 
0.83 1.85 
1.24 1.85 
1.75 2.04 
2.46 2.02 
0.08 4.05 
0.50 3.74 
0.84 4.01 
1.23 3.74 
1.76 4.40 
2.49 4.30 
0.10 6.88 
9.51 7.40 
0.84 6.88 
1.26 6.83 
1.85 7.25 
2.56 7.13 
0.12 9.98 
0.52 10.23 
0.85 10.23 
1.28 10.05 
1.83 9.88 
2.50 9.98 


*Chemical analyses taken from cast ingots of these steels. 
from annealed bars. 


Steel 
No. 





Steel 
Composition 
RC WV 
0.07 0.08 
0.08 1.96 
0.08 4.05 
0.10 6.88 
0.12 9.98 
0.51 0.04 
0.48 1.97 
0.50 3.74 
0.51 7.40 
0.52 10.23 
0.84 0.03 
0.83 1.85 
0.84 4.01 
0.84 6.88 
0.85 10.23 
1.32 0.03 
1.24 1.85 
1.23 3.74 
1.26 6.83 
1.28 10.05 
1.75 2.04 
1.76 4.40 
1. 7.25 
1.83 9.88 


Table Il 
Amounts and Compositions of Excess Phases in Annealed Steels 
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Composition—Weight co 


Mo Cr Si s 
6.21 5.10 4.12 0.28 0.31 0.006 
6.15 5.08 3.82 0.15 0.24 0.009 
5.87 5.06 3.81 0.11 0.23 0.007 
6.09 4.90 3.89 0.19 0.31 0.017 
6.11 5.04 3.91 0.35 0.31 0.010 
6.07 5.06 3.95 0.35 0.31 0.010 
6.04 5.17 4.18 0.28 0.47 0.008 
6.06 5.07 4.11 0.26 0.40 0.008 
6.09 5.06 4.07 0.16 0.33 0.008 
6.07 5.01 4.07 0.13 0.24 0.008 
6.18 5.07 4.17 0.27 0.30 0.013 
5.98 4.97 3.95 0.30 0.29 0.013 
6.11 5.11 4.18 0.20 0.35 0.009 
6.13 5.16 4.07 0.24 0.32 0.011 
6.11 5.07 4.20 0.13 0.33 0.009 
6.07 4.99 3.98 0.15 0.23 0.011 
5.87 5.10 4.05 0.16 0.36 0.013 
6.03 5.03 4.13 0.31 0.32 0.014 
6.29 5.07 4.19 0.33 0.36 0.007 
5.98 4.91 3.90 0.35 0.32 0.016 
6.09 5.00 4.16 0.35 0.34 0.012 
6.08 5.10 4.23 0.36 0.32 0.012 
6.17 4.84 4.17 0.28 0.33 0.012 
6.13 5.03 4.17 0.29 0.30 0.013 
5.99 4.93 4.20 0.32 0.38 0.017 
5.99 5.06 4.02 0.33 0.31 0.019 
6.13 5.12 4.13 0.19 0.38 0.017 
5.91. 4.96 4.03 0.33 0.34 0.017 
6.03 5.10 4.05 0.39 0.38 0.013 
6.03 4.88 4.09 0.20 0.35 0.015 


P 


0.015 
0.014 
0.014 
0.010 
0.012 


0.012 


0.013 
0.013 
0.013 
0.013 
0.014 
0.014 


0.011 
0.013 
0.011 
0.013 
0.014 
0.016 


0.015 
0.012 
0.014 
0.014 
0.014 
0.014 


0.010 
0.017 
0.010 
0.011 
0.012 
0.010 


Analyses of all other steels taken 


Weight Per Cent Total 
0 Carbon of Steel 
Excess ——Composition of Excess Phases, Weight <— in Electrolytic 
Phases Cc V WwW Mo Cr Fe Residue 
16.6 0.45 0.00 32.24 22.98 4.09 37.42 107 
16.6 0.44 1.90 31.77 22.27 4.02 37.11 87.5 
17.3 0.46 3.15 30.43 21.51 4.20 38.06 100 
19.5 0.51 6.68 29.46 20.54 4.53 38.72 100 
19.6 0.57 10.38 26.88 18.82 4.12 36.32 93.2 
19.2 2.63 0.10 29.94 23.68 10.52 30.36 100 
17.3 2.76 7.38 33.00 24.53 4.54 27.28 100 
16.3 3.17 11.00 30.68 23.02 4.72 26.03 104 
20.7 2.53 14.53 25.82 19.17 4.08 31.59 100 
21.9 2.39 16.60 25.43 18.43 3.66 29.33 100 
26.1 3.28 0.10 22.46 17.90 12.78 41.28 102 
21.7 3.72 8.05 27.32 21.40 9.34 27.32 97.5 
18.3 4.48 16.30 30.96 22.27 4.96 20.95 97.7 
20.9 4.38 19.80 25.58 19.35 3.63 22.42 109 
22.7 3.68 22.10 24.15 17.31 3.34 27.35 99 
33.1 4.08 0.00 16.30 16.35 11.77 53.94 102 
26.8 4.65 6.68 20.31 16.92 12.10 45.43 100 
23.2 5.37 13.00 25.78 20.84 9.79 24.13 101.5 
20.8 6.17 24.58 24.90 19.29 3.84 17.91 101.5 
22.7 5.68 29.58 22.64 17.40 3.28 20.57 100.5 
30.3 5.40 6.68 21.41 12.10 11.71 36.45 93.7 
28.7 6.36 14.88 20.42 17.18 11.23 30.15 104 
85 25.0 7.38°"27.75 23.20 19.44 6.11 15.92 100 
‘ ‘ 23.6 7.68 34.75 25.43 16.57 2.86 13.06 100.2 
eae ee aneeaeaaeeeaee ene ARE 
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Table Ill 
Matrix Composition of Annealed Steels 





Steel Steel Composition Matrix Composition—Weight %—— 

No. %C %V Cc V WwW Mo Cr Fe 
1 0.07 0.08 0 0 1.03 1.55 4.13 93.2 
7 0.08 1.96 0 2.15 0.92 4.20 89.5 

13 0.08 4.05 0 4.24 1.06 0 4.07 88.5 

19 0.10 6.88 0 6.93 0.67 1.32 4.11 85.4 

25 0.12 9.98 0 9.89 0.98 1.43 4.22 83.0 
2 0.51 0.04 0 0 0.51 0.66 aoe 96.8 
8 0.48 1.97 0 0.84 0.44 1.02 4.03 93.0 

14 0.50 3.74 0 2.33 1.16 1.68 3.94 90.3 

20 0.51 7.40 0 5.56 0.87 1.23 3.85 88.6 

23 0.52 10.23 0 8.34 0.55 Lae 4.19 86.2 
3 0.84 0.03 0 0 0.14 0.52 0.64 98.8 
9 0.83 1.85 0 0.13 0.22 0.52 2.60 96.5 

15 0.84 4.01 0 1.26 0.56 1.22 4.02 92.2 

21 0.84 6.88 0 3.46 0.95 1.21 4.30 90.8 

27 0.85 10.23 0 6.70 0.85 1.55 4.39 87.4 
4 1.32 0.03 0 0 0 0.33 0 99.7 

10 1.24 1.85 0 0.08 0.86 0.67 | is 98.4 

16 1.23 3.74 0 0.95 0.12 0.19 2.22 96.2 

22 1.26 6.83 0 2.07 1.01 1.38 4.33 90.8 

28 1.28 10.05 0 5.66 1.01 1.31 4.28 89.2 

11 1.75 2.04 0 0.03 0 1.99 0.89 97.1 

17 1.76 4.40 0 0.18 0 0.18 1.16 97.3 

26 1.85 7.25 0 0.41 0.49 1.34 3.52 94.8 

29 1.83 9.88 0 2.19 0.03 1.55 4.38 89.0 





served density of the steel. The maximum discrepancy between the 
two sets of values in the worst case is about 1 part in 10, which 
may be regarded as good agreement, considering the difficulties in- 
volved. It may be concluded that the isolation technique is amply 
quantitative for the problem at hand. 

Under these circumstances, the matrix composition and the par- 
tition of the elements between the matrix and the excess phases can 


be calculated from the data of Tables I and II and the following 
equations : 


; ; 100Ps — WP 
Wt. % of element in matrix = aa Equation I 
100Ps — WPx 


Fraction of total element dissolved in matrix = Equation II 


100Ps 


where Ps = weight per cent element in steel (Table I) 
Px = weight per cent element in excess phases (Table II) 
W = weight per cent excess phases in steel (Table II) 
The matrix compositions calculated with Equation I are listed 
in Table III. The corresponding partition values derived from Equa- 
tion II are presented graphically in Fig. 6. Discussion of these results 


will be postponed until the nature of the other curves in Fig. 6 is 
explained. 
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X-Ray Determinations 


To identify the excess phases in the annealed steels, Debye- 
Scherrer photograms (chromium Ka radiation) were obtained from 
the extracted residues. Four phases were identified : 

(a) A face-centered cubic phase with a diffraction pattern cor- 
responding to the complex carbide Fe,W,C or Fe,Mo,C (7). This 
carbide has a variable composition not only in iron and tungsten or 
molybdenum, but it may also dissolve chromium and vanadium (8). 
Therefore, it will be designated here as M,C where “M” signifies 
the sum of the various metal atoms. 

(b) A face-centered cubic phase with a diffraction pattern cor- 
responding to the carbide Cr,,C, (9, 10). Like M,C, this phase is 
capable of dissolving iron, tungsten, molybdenum and vanadium, 
along with the chromium, and hence it will be denoted by M,,C,. 

(c) A face-centered cubic phase with a diffraction pattern cor- 
responding to the carbide VC (11). This carbide has a range of 
composition between VC and V,C, (12). Furthermore, it may be 
»capable of dissolving limited amounts of tungsten, molybdenum, 
chromium, and iron. For simplicity, it will be designated here as MC. 

(d) A hexagonal phase having a diffraction pattern corre- 
sponding to the intermetallic compound Fe,Mo, or Fe,W, (13). In 
the present steels, this phase contains both tungsten and molybdenum, 
while limited amounts of chromium and vanadium may substitute for 
part of the iron. It will be called M,R,. 

The lattice parameters of the excess phases were determined 
from photograms of the residues taken with a Phragmen No. 3 type 
of focusing camera. The diffraction lines of the M,R, were usually 
broad and were incapable of accurate measurement; the approximate 
parameters are a = 4.70 A.U. and c = 25.6 A.U. The parameters 
of the three carbide phases are plotted in Fig. 6 as a function of 
vanadium and carbon variations. The reported values are believed 
accurate to +0.004 A.U. 


Phase Identification by Etching 


Metallographic studies were made on polished sections from the 
butt ends of electrolyzed specimens. After trials with many etching 
reagents (14-17), it was found that two of the carbides could be 
etched selectively by the following methods: 


(a) M,C carbide: The polished specimen is dipped in a 
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4% aqueous solution of sodium hydroxide saturated with potas- 
sium permanganate for about 5 seconds; this stains the M,C 
particles brown and also outlines them. The etchant has no 
visible effect on M,,C,, MC, M,R, or the matrix. 

(b) MC carbide: The specimen is etched electrolytically 
for 3 to 5 seconds (the specimen being the anode and stainless 
steel the cathode) in an aqueous solution of 1% chromic acid 
at 3 volts; this causes the MC carbides to appear gray to black 
under the microscope. The etchant does not noticeably affect 
the M,C, M,,C,, M,R, or the matrix. 


No reagents were evolved for etching M,,C, or M,R, without 
attacking the other phases. For example, nital and picral were found 
to outline all of the excess phases. However, X-ray diffraction studies 
indicated that none of the steels contained M,,C, and M,R, together 
—rather one or the other of these phases always appeared with M,C, 
MC, or both. Hence, M,,C, or M,R,, as the case might be, was 
distinguished by first identifying the M,C and MC with the afore- 
mentioned reagents and then etching the specimen in nital or picral 
to bring out all the excess phases. The following examples illustrate 
this technique: 

(a) Consider steel 1 (0% vanadium, 0.1% carbon). The X-ray 
diffraction pattern of the residue from this steel showed strong lines 
of M,R, and very weak lines of M,C. Fig. la illustrates the M,C 
carbide developed by the alkaline potassium permanganate etchant. 
Fig. 1b shows the same field after a succeeding etch with nital. It 
indicates clearly the second excess phase, M,R,. 

(b) Strong lines of M,C and medium lines of M,,C, were pres- 
ent in the diffraction pattern of the residue from steel 4 (0% vana- 
dium, 1.2% carbon). The microstructure of this steel after it had 
been etched in alkaline potassium permanganate (M,C carbide is 
etched) is reproduced in Fig. 2a. Fig. 2b is same field after specimen 
was re-etched in picral, showing the presence of M,,C, carbide. 

(c) Steel 9 corresponds to the commercial M-2 high speed steel 
(2% vanadium, 0.8% carbon). The X-ray diffraction pattern of the 
residue contained strong lines of M,C and very weak lines of MC. 
No M,C, lines were observed. Fig. 3a is a photomicrograph of the 
steel etched electrolytically in 1% chromic acid. The darkened phase 
is the vanadium-rich carbide, MC. The same field, after the speci- 
men had been given a succeeding etch in alkaline potassium perman- 
ganate, is shown in Fig. 3b and reveals the M,C carbide. Fig. 3c is 
again the same field after the specimen had been etched in nital. 
Comparison of Figs. 3b and 3c indicates a third carbide, M.,C,. 
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Fig. 1—Microstructure of Annealed Steel 1 (0% V, 0.1% C). XX 2000. (a) Etched in 
4% NaOH saturated with KMnO,y 2.3% McC. (b) As (a) and etched in 1% nital. 
2.3% MeC + 15.3% MsRz. 


This is an interesting case in which M,,C, was found metal- 
lographically, whereas the X-ray diffraction pattern gave no indica- 
tion of its presence. In fact, lineal analysis (to be described later ) 
disclosed about 13.0% by volume of M,C, 8.5% of -M,,C, and 1.7% 
of MC in this steel. The reason that such large amounts of M,,C, 
are not detected by the X-ray is probably threefold. First, chromium 
is a weak scatterer of X-rays compared to tungsten and molybdenum. 
Since M,,C, is rich in chromium and M,C is rich in tungsten and 
molybdenum, diffraction lines of the former might be expected to be 
comparatively weak for equal exposure times. Secondly, the lines 
from the M,C carbide lie close to many of those from M,,C, and tend 
to obscure them. Finally, M,,C, has a large unit cell and the dif- 
fracted energy is distributed over many reflections as contrasted with 
MC which, though vanadium is no stronger than chromium in scat- 
tering power, diffracts the energy over relatively few lines. When- 
ever the above etching procedure disclosed either M,,C, or M,R, 
and the X-ray did not detect either, it was possible to decide which 


was actually present by noting the trends exhibited by nearby alloys 
in the series (Fig. 5). 











Fig. 2—Microstructure of Annealed Steel 4 (0% V, 1.2% C). X 2000. (a) Etched in 
4% NaOH saturated with KMnOy. 9.3% MeC. (b) As (a) and etched in 4% picral. 
9.3% MeC + 22.4% MasCe. 


(d) The residue from steel 21 (7% vanadium, 0.8% carbon) 
was found to contain the two carbides, M,C and MC. No lines from 
M..C, or M,R, were observed in the diffraction pattern. Etching 
the sample electrolytically in 1% chromic acid revealed the vanadium- 
rich carbide, MC, as illustrated in Fig. 4a. Superimposing the alka- 
line potassium permanganate etch on the same field brought out the 
M,C carbide in Fig. 4b. Finally, immersing the sample for 10 min- 
utes in nital revealed a trace of M,R, as shown in Fig. 4c. 


Lineal Analysis 


In order to apply lineal analysis (18) to the quantitative deter- 
mination of the amounts of the individual phases after suitable etch- 
ing, it was necessary to avoid smearing and relief effects in the pol- 
ishing operation, notwithstanding the great difference in hardness 
between the matrix and the excess phases. The following technique 
was ultimately adopted for this purpose. The specimen was first 
ground through 3/0 emery paper in the usual manner. Then it was 
ground on a rotating canvas lap impregnated with 10-35 micron 
diamond dust. Final polishing was carried out with 0.2 micron 
diamond dust on a rotating disk covered with “gamal” cloth. 
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Fig. 3—Microstructure of Annealed Steel 9 (2% V, 0.8% C— “6-5-4-2"). XX 2000. 


(a) Etched electrolytically in 1% chromic acid, 3 volts. he (b) As (a) and etched 
1 on 


in 4% NaOH saturated with KMnOu. 1.7% MC + 13.0% 
in 1% nital: 1.7% MC + 13.0% McC + 8.5% MasCe. 


(c) As (b) and etched 





1950 CONSTITUTION OF HIGH SPEED STEEL 1171 





Fig. 4—Microstructure of Annealed Steel 2 (7% V, 0.8% C). 2000. (a) Etched 
electrolytically in 1% chromic acid, 3 volts. 6.2% MC. (b) As (a) and etched in 4% 
NaOH saturated with KMnO.y. 6.2% MC + 16.9% MsC. (c) As (b) and etched in 6% 
nital. 6.2% MC + 16.9% McC + trace M:;Rz. 
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The specimen thus polished was electrolytically etched in 1% 
chromic acid. If MC were found present, its volume percentage was 
measured by lineal analysis. Then the specimen was reground with 
10-35 micron diamond dust followed by the 0-2 micron polish. This 
new surface was etched with alkaline potassium permanganate to 
reveal the M,C, and, if present, its amount was determined by lineal 
analysis. The specimen was again repolished, etched in 1% nital 
and the total quantity of excess phases measured. This minus the 
M,C + MC was taken as the amount of either M,.C, or M,R., 
whichever was indicated to be present from the X-ray diffraction 
data or from comparison with adjacent alloys in Fig. 5. 

Because of the fineness of excess phases, high magnification 
(< 1800) and high resolution (N.A.= 1.25) were found to be 
essential for lineal analysis. The error in the MC and M,C deter- 
minations was undoubtedly less than 1 part in 20, while the error 
in the M,.C, and M,R, determinations, being obtained by difference, 
was probably of the order of 1 part in 10. Results of lineal analysis 
as well as of the phase-identification studies are summarized in Fig. 5, 
which is discussed below. 


Phase Relationships in Annealed Steels 


Fig. 5 shows the effect of vanadium and carbon on the kinds and 
amounts of excess phases in the annealed steels, the matrix being 
ferrite. The M,C carbide generally predominates; only in the very 
high vanadium, low carbon compositions does the M,C completely 
vanish. MC is present in all steels containing more than about 1% 
vanadium and more than about 0.25% carbon. The formation of 
M,,C, is favored by a high carbon-vanadium ratio, while M,R, is 
favored by a low carbon-vanadium ratio. The four phases lead to 
five constitutional regions in Fig. 5, all with ferrite matrix: 


1) MeC + MsR: 

2) MeC + MaC, 

3) MeC+MC-+ MzC, 
4) M.C+MC-+ MR: 
5) MC+™:;R: 


It will be demonstrated later that these phase relationships have an 
important bearing on the heat treatability and potential usefulness of 
the compositions under discussion. For example, the present com- 
mercial M-2 and M-4 high speed steels both fall in the M,C + MC 
+ M,,C, field. 
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Fig. 5—Amounts and Kinds of Excess Phases in Annealed 6% W, 5% Mo, 4% Cr Steel 


as a Function of Vanadium and Carbon Contents. Matrix = ferrite. Numbers above blocks 
are steel designations. Steels in double blocks selected for later heating experiments. 


The volume percentages and lattice parameters of the excess 
phases together with the partition of the various elements between 
the excess phases and the ferritic matrix are assembled in Fig. 6. 
These data are plotted against the vanadium content at carbon levels 
of 0.1, 0.5, 0.8, 1.2 and 1.8%. From a careful study of the numerous 
correlations in Fig. 6, it is possible to formulate the following picture 
of the role of vanadium and carbon in the annealed steels: 

The partition curve for vanadium in the series containing 0.1% 
carbon shows that most of the vanadium (over 0.8 of that present in 
the steel) dissolves in the matrix. However, at the higher carbon 
levels, practically all of the initial vanadium concentrates in the excess 
phases, since the vanadium partition curves then start from essen- 
tially zero. The initial vanadium usually enters the M,C carbide, 
causing a marked decrease in lattice parameter at all carbon levels 
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except the very highest. This trend in parameter is to be expected 
because the atomic diameter of vanadium is considerably smaller* 
than that of tungsten and molybdenum which it replaces in the M,C. 
When M,,C, is present, vanadium enters it also, causing an increase 
in lattice parameter (cf. parameter curves of M,,C, versus vanadium 
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Fig. 6—Volume Percentage and Lattice Parameters of Excess Phases and Partition of 


Elements versus Vanadium Content in Annealed 6% W, 5% Mo, 4% Cr Steel at Five Carbon 
Levels. 


at the 0.8, 1.2 and 1.8% carbon levels in Fig. 6). This trend is also 
to be expected because the atomic diameter of vanadium is larger 
than that of the chromium which it replaces in the M,,C,. 

As the vanadium content of the steel is raised further, the MC 
carbide appears in increasing amounts (cf. the MC volume per cent 
curves at all carbon levels), usually at the expense of the other two 
carbides. The volume per cent curves of the individual excess phases 
show that, as more vanadium is added, the M,,C, (if present) is 
eliminated first and the M,C next. At the same time, the lattice 
parameter of the MC decreases with increasing vanadium (cf. the 


*Atomic Diameters (19): Tungsten 2.82 A.U., Molybdenum 2.80 A.U., Vanadium 2.71 
A.U., Chromium 2.57 A.U., Iron 2.52 A.U. - 


wt 
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MC parameter curves at 0.8, 1.2 and 1.8% carbon), suggesting that 
this carbide becomes richer in vanadium either by approaching the 
composition V,C, or by rejecting initially dissolved tungsten and 
molybdenum in favor of vanadium.*® 

The partition curves demonstrate that the disappearance of the 
M.,C, carbide with increasing vanadium content is attended by an 
increase in chromium content of the matrix. The chromium-rich 
M..C, also contains tungsten and molybdenum, but these elements 
are partially transferred to the M,C, as indicated by the concomitant 
increase in the amount of M,C and the hump in its lattice parameter 
curve. Thus the previously mentioned trends of decreasing M,C and 
decreasing parameter with increasing vanadium are partially counter- 
balanced by the accompanying contributions from the disappearing 
M.,C, phase. 

It is important to note that all of the chromium partition curves 
flatten out at nearly the same level with increasing vanadium, irre- 
spective of the carbon content. In other words, the ferrite accepts 
only 0.84 of the chromium in the steel (or about 4.3% chromium 
in the matrix—Table III), even if this limit is reached before all the 
M,,C, has disappeared. From then on, the remaining chromium asso- 
ciated with the M,,C, phase goes into the M,C along with the tung- 
sten and molybdenum. This adds further to the amount of M,C. 

In the absence of M,.C,, or after it has disappeared through the 
addition of sufficient vanadium, further increase in vanadium reduces 
the quantity of M,C. The decrease in parameter of the M,C during 
this stage indicates that tungsten and molybdenum are supplanted by 
the vanadium and enter the matrix. However, the partition curves 
demonstrate that the matrix accepts only limited fractions of the total 
tungsten and molybdenum in the steel (about 0.15 and 0.24, re- 
spectively). These values correspond to approximately 1.0% tung- 
sten and 1.6% molybdenum in the matrix (Table III). Rather than 
exceed these limits with further additions of vanadium, the system 
prefers to form the compound M,R, (cf. the volume percentage 
curves at the 0.5 and 0.8% carbon levels) which can accommodate 
relatively large quantities of tungsten and molybdenum. 


%Oya and Osawa (12) state that the lattice parameters of VC and V,Cz; are 4.30 and 
4.13 A.U. respectively. f this is the case, then it appears from the parameter data in 
Fig. 6 that little if any tungsten, molybdenum, chromium or iron is dissolved in MC and 
the principal change with increasing vanadium in the steel is to approach the composition 
7sCz. On the other hand, Maurer et al (11) report that VC and V,C; have virtually the 
same lattice parameter, 4.15 A.U. On this basis, the MC at low vanadium contents must 
contain additional elements (most likely tungsten and molybdenum in view of the initially 


enlarged parameter) and the increasing vanadium in the steel tends to make MC a “purer” 
vanadium carbide. 
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During the above changes, the vanadium is by no means dis- 
solved exclusively in the excess phases. Despite its strong carbide- 
forming tendencies, an appreciable amount of vanadium enters the 
matrix, as shown by the partition curves, but this amount decreases 
the higher the carbon content. Indeed, the effect of increasing carbon 
on all the phenomena discussed thus far is to make them occur at 
higher vanadium levels. For example, the M,,C, disappears at about 
4% vanadium with 0.5% carbon, at 6% vanadium with 0.8% carbon, 
and at 8% vanadium with 1.2% carbon. The M,C disappears at 6% 
vanadium with 0.1% carbon, at 7.5% vanadium with 0.5% carbon, 
and at over 10% vanadium with 0.8% carbon. Correspondingly, the 
compound M,R, is present at vanadium contents above 0% with 
0.1% carbon, but only above 4% vanadium with 0.5% carbon, and 
only above 6% vanadium with 0.8% carbon. 

The composition of the ferrite matrix of the annealed steels is 
given in Table III. Unfortunately, the compositions of the individual 
excess phases could not be determined directly because in all cases 
the extracted residues consisted of at least two phases, and the chem- 
ical analyses reported in Table II represent these mixtures. This, 
of course, does not affect the validity of either Equations I and II 
or the computed matrix composition in Table III, or the partition 
curves in Fig. 6, which depend only on the average composition of 
the extracted mixtures. In three cases, however, it was possible 
to calculate the composition of one of the excess phases present. Two 
of these instances (steels 20 and 23) gave exactly the formula 
(Fe,Cr,V), (W,Mo), for the compound M,R,,* and the third (steel 
1) gave the formula (Fe,Cr),, (W,Mo),,C for the carbide M,C. 
The latter calculation was based on a steel with 0% vanadium, and 
hence vanadium does not appear in the carbide formula. In general, 
vanadium would also be present. 

While the remaining steels did not lend themselves to such com- 
putations, the success of the above three tests in confirming the for- 
mulas indicated by the X-ray studies gives further evidence of the 
reliability of the experimental techniques employed. 


SOLUTION TREATED STEELS 


Compositions Selected and Heat Treatment 


In order to determine the effect of temperature on the phase 
relationships considered thus far, the following nine steels were 





_.*The compound in steel 20 corresponded to the formula: (Fee.4Cro.sVo.3) (W1i.2Mo.s), 
while that in steel 23 corresponded to: (Fee.4Cro.sVo.s) (Wo.sMo.2). 


4 
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selected (Table I) for detailed solution-treating experiments: 2, 4, 
9, 13, 15, 16, 19, 20 and 26. For easy reference, these compositions 
are enclosed in double blocks in Fig. 5. 

Five-inch rods (% inch diameter) of each of these steels were 
heated for 6 minutes® in a salt bath at 1700, 1900, 2000, 2100, 2150, 
2200, 2250 and 2300 °F (925, 1040, 1095, 1150, 1175, 1205, 1230 
and 1260 °C) and quenched in oil. No attempt was made to achieve 
structural equilibrium at these temperatures; rather, it was intended 
to simulate the extent of soak that high speed steel might receive in 
normal austenitizing. Nevertheless, it is believed that the results 
would not be changed greatly if longer soaking times were used. The 
oil quenching was sufficiently rapid to preserve the degree of solution 
accomplished by the heating operation. The matrix, if austenite, was 
converted to martensite plus retained austenite during the quench, 
the ratio of the two depending on the matrix composition. In some 
cases, ferrite existed in the matrix at the solution temperature, either 
alone or with austenite, and was retained by the quenching. 

The heat treated rod specimens were subjected to the same 
measurements as the annealed steels: the excess phases were isolated, 
analyzed chemically, identified by X-rays, and measured individually 
by lineal analysis. In addition, the amounts of retained austenite in 
the steels were estimated by magnetic measurements. In those in- 
stances where the matrix was partially ferritic, the quantity of ferrite 
was ascertained by lineal analysis. 


Isolation of Excess Phases 


The electrolytic technique used for extracting the excess phases 
has been described elsewhere (6). “Peeling” occurred during the 
electrolysis of many of the quenched steels. This is characterized by 
pieces of steel splitting off from the specimen during electrolysis, and 
falling to the bottom of the cell, thus contaminating the residue of 
the excess phases. However, it was possible to separate such pieces 
of steel from the residue by magnetic means. It has been demon- 
strated that this technique is quantitative if carefully applied (6). 

The amount and composition of the excess phases in the 
quenched steels are given in Table IV. The carbon analyses of the 
residues are probably high, since free carbon was found in most of 
them,® and this is especially true of steels hardened above 2000 °F 
(1095 °C). In the case of steel 4 (0% vanadium, 1.2% carbon) 


5Time at temperature. 
*This means that the calculated carbon contents of the matrix are probably low. 
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quenched from above 2000°F (1095 °C), it was not possible to 
apply the magnetic separation technique because the undissolved 
pieces of steel were nonferromagnetic (substantially 100% austenite). 
This is the only steel in which such difficulty was encountered. 

From the data in Tables I and IV, the composition of the matrix 
and the partition of the alloy elements between the matrix and excess 
phases were calculated for each sample, using Equations I and II. 
Matrix compositions are presented in Table V, while the partition 
data are plotted in Figs. 8 to 11. 


X-Ray Determinations 


The four excess phases previously noted in the annealed steels 
were also observed in the quenched steels. The lattice parameters 
of the excess phases were found to remain essentially the same as in 
the annealed steels, despite the variations in the solution temperature 
up to the maximum of 2300 °F (1260°C). No consistent trend was 
detected beyond the experimental error. 

It may be concluded that only minor changes, if any, occurred 
in the composition of the individual excess phases on heating. Hence, 
the observed effect of temperature on the composition of the extracted 
mixtures (Table IV) must be due primarily to a shift in the relative 
amounts of the individual phases as the temperature is raised. 


Metallographic Determinations 


The etchants used for the excess phases in the annealed steels 
behave equally well for the solution-treated steels. Accordingly, with 
the aid of these etchants, the volume percentages of individual excess 
phases could be determined by lineal analysis. The results are pre- 
sented in Figs. 8 to 11. 

Metallographic examination disclosed delta ferrite at the grain 
boundaries of some of the low vanadium steels when heated above 
2100 °F (1150°C). Also it was noted that many of the steels did 
not become austenitic when heated to the highest temperature. A 
survey of all the compositions showed that 1, 7, 13, 14, 19, 20, 23, 
25, 27, 28 and 29 behaved in this manner. Above approximately 
2100 °F (1150 °C), the matrix of steels 8, 15 and 22 consisted of 
mixed ferrite and austenite. All these relationships are summarized 
in Fig. 7. It should be pointed out that these data are based on an 
austenitizing time of 6 minutes. It is possible that some of the steels 
would become somewhat more austenitic if heated for longer periods. 


wa 
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Table IV 
Amount and Composition of Excess Phases in Quenched High Speed Steels 





Tempera- Weight % 





Steel ture Excess ———————Weight % Elements in Excess Phases 
No. bs Phases Ct V WwW Mo Cr 
1700 16.9 2.50 0 * 26.3 5.98 
1900 15.9 * « * * + 
2 2000 14.3 2.70 0 36.8 26.0 2.88 
(0% V) 2100 13.0 2.67 0 34.9 24.8 1.85 
(0.5% C) 2150 12.2** 2.67 0 36.4 25.0 1.81 
2200 11.5** 2.26 0 33.8 24.0 1.34 
2250 7.14** 2.13 0 35.5 24.2 1.34 
2300 3.96** 2.02 0 32.9 25.1 0.84 
1700 26.2 4.40 0 21.6 17.9 9.13 
4 1900 20.5 4.70 0 25.8 19.4 5.89 
(0% V) 2000 18.5** 4.79 0 26.8 23.3 3.35 
(1.2% C) 2100 8_53** 4.85 0 26.8 22.3 1.97 
1700 19.5 3.90 7.70 29.5 22.8 5.28 
1900 17.3 3.97 7.38 31.9 23.7 4.26 
9 2000 16.2 3.69 6.73 31.6 22.8 2.83 
(2% V) 2100 14.8** 3.60 7.69 30.5 21.5 2.31 
(0.8% C) 2150 13.3** 3.60 6.93 31.6 22.6 1.72 
2200 11.6** 3.22 6.02 32.3 23.8 2.31 
2250 10.7** 3.12 5.22 32.9 22.1 1.81 
13 1700 10.8 0.67 4.05 29.8 19.6 2.37 
(4% V) 1900 3.10** 2.02 9.11 31.1 20.3 2.06 
(0.1% C) 2000 2.40** * 9.72 32.0 20.2 1.68 
1700 >16.6 4.84 17.9 29.5 21.1 4.27 
1900 16.4 * * * * * 
15 2000 15.5 4.90 17.3 29.3 20.1 3.28 
(4% V) 2100 14.4** * * * * * 
(0.8% C) 2150 13.4** 5.15 16.8 30.0 20.4 3.44 
2200 12.6** 5.39 18.0 28.7 20.7 3.14 
2250 11.5** 5.44 * * 19.5 2.04 
1700 21.1 5.66 15.2 27.6 21.9 6.60 
1900 19.8 5.67 14.7 28.6 21.7 4.14 
16 2000 17.7 5.78 15.6 29.1 22.7 3.60 
(4% V) 2100 16.6** 5.58 15.7 29.2 21.9 3.34 
(1.2% C) 2150 16.2** 5.60 15.5 29.1 22.1 3.00 
2200 14.6** 5.67 * 27.2 20.9 * 
2250 14.1** 5.33 14.5 29.5 22.1 2.64 
19 1700 12.8 0.73 8.28 32.8 18.8 3.27 
(7% V) 1900 4.14** 1.80 15.0 28.1 16.8 1.53 
(0.1% C) 2000 1.26** * * * * * 
~~ 1700 14.3 3.56 19.8 25.9 17.2 2.95 
(1% V) 1900 5.30 7.31 * 18.5 11.9 1.18 
0.8% C) 2000 4.30** 8.80 * * 12.0 1.18 
970 2100 3.72** 8.72 19.0 17.5 10.7 1.30 
1700 23.7 7.52 27.8 23.7 18.9 4.84 
1900 21.3 8.08 28.4 23.5 18.3 3.32 
26 2000 21.1** 8.06 27.6 23.5 18.9 3.05 
(7% V) 2100 19.6** 8.41 31.2 23.5 18.0 3.53 
(1.8% C) 2150 17.6** 8.59 33.8 22.4 17.1 3.49 
2200 16.4** 8.62 33.9 21.7 16.8 3.14 
2250 16.3** 8.72 33.3 23.0 17.4 2.61 


*Insufficient sample for analysis. 


**Indicates ‘‘peeling’’ of the steel occurred during electrolysis and magnetic separation tech- 
nique was applied. 


tCarbon values are probably high because of free carbon from the matrix. 





Retained Austenite Determinations 


Attempts to bring out the retained austenite in the steels by 
darkening the co-existing martensite to a sufficient degree for lineal 
analysis were not successful because the microstructures were too 
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Table V 
Matrix Compositions of Quenched Steels 
Tempera- 
Steel ture ————_———-_——Matrix Composition—Weight %————__—_- 

No. °F Ct V Ww o Cr 
1700 0.11 0 * 0.79 3.74 

1900 * * * * * 
2 2000 0.14 0 1.04 1.59 3.98 
(0% V) 2100 0.18 0 1.93 2.16 4.11 
(0.5% C) 2150 0.21 0 2.02 2.33 4.09 
2200 0.28 0 2.62 2.64 4.14 

2250 0.39 0 3.95 3.63 4.01 
2300 0.45 0 5.11 4.27 3.96 
1700 0.23 0 0.60 0.30 2.03 
(0% V) 1900 0.45 0 0.99 1.16 3.74 
a 2% C) 2000 0.53 0 1.40 0.71 3.89 
0 2100 0.99 0 4.23 2.82 4.07 
1700 0.07 0.44 0.42 0.77 3.79 

1900 0.17 0.69 0.69 1.16 4.01 

9 2000 0.28 0.91 1.15 1.64 4.31 
(2% V) 2100 0.35 0.83 1.86 2.20 4.40 
(0.8% C) 2150 0.40 1.07 2.18 2.36 4.43 
2200 0.53 1.30 2.a8 2.60 4.29 
2250 0.56 1.44 2.88 3.02 4.34 
13 1700 0.011 4.04 3.24 3.36 4.39 
(4% V) 1900 0.020 3.89 5.31 4.63 4.26 
(0.1% C) 2000 * 3.91 5.47 4.73 4.24 
1700 0.02 1.16 1.31 1.79 4.16 

1900 * + * *, *x 
15 2000 0.09 1.57 1.86 2.2 4.36 
(4% V) 2100 * * * * * 
(0.8% C) 2150 0.17 2.03 2.33 2.70 4.31 
2200 0.17 1.99 2.85 2.18 4.34 
2250 0.21 3.14 * 3.20 4.48 
1700 0.05 0.67 0.30 0.46 2.27 
1900 0.14 1.03 0.52 0.87 3.94 
16 2000 0.26 1.18 1.00 1.09 4.06 
(4% V) 2100 0.36 1.36 1.46 1.62 4.11 
(1.2% C) 2150 0.38 1.47 1.61 1.69 4.16 
2200 0.47 * 2.47 2.27 * 
2250 0.55 2.00 2.24 2.19 4.20 

19 1700 0.007 6.66 2.39 3.05 4.21 
(7% V) 1900 0.026 6.53 5.35 4.55 4.30 
(0.1% C) 2000 * * * * * 
20 1700 0.0 5.33 2.66 2.85 4.06 
(7% V) 1900 0.13 * 5.28 4.52 4.05 
(0 5% C) 2000 0.14 * * 4.59 4.02 
lat 2100 0.19 6.94 5.53 4.69 4.00 
1700 0.09 0.85 0.75 0.46 3.96 
1900 0.15 1.35 1.20 1.05 3.90 
26 2000 0.19 1.84 i 1.09 4.47 
(7% V) 2100 0.25 1.40 1.95 1.63 4.48 
(1.8% C) 2150 0.41 1.60 2.69 2.23 4.32 
2200 0.53 2.02 3.12 2.49 4.36 
2250 0.51 3.39 2.90 2.42 4.48 


*Insufficient sample. 
+Carbon values are probably low. 


fine. Hence, recourse was made to the indirect method of determin- 
ing retained austenite by intensity of magnetization measurements. 
Tests on the residues from the annealed steels indicated that the 
excess phases were not ferromagnetic. Since their amounts were 
known, the intensity of magnetization of the ferritic matrix could be 
calculated in each case from the intensity of magnetization of the 
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Fig. 7—Phase Relationships in 6% W,5% Mo, 4% Cr Steel, Containing Various Amounts 
of Vanadium and Carbon, after Heating for 6 Minutes at Temperatures between 1700 and 
2300°F. Temperatures shown above are approximate. 


over-all steel. By assuming the intensity of magnetization of ferrite 
to be the same as that of martensite of similar composition, it was 
possible to calculate the amount of austenite in the quenched steels. 
The resulting values are plotted in Figs. 8 to 11. 


Phase Relationships in Solution-Treated Steels 


The five constitutional regions for the annealed steels in Fig. 5 
split into eight regions on heating between 1700 and 2300 °F (925 
and 1260 °C), as illustrated in Fig. 7. Four of these fields corre- 
spond to compositions that remain ferritic even up to 2300 °F, but 
differ in the nature of the excess phases: 

1) a +- MeC (+ M;R: below 2000 °F) 

2) a+MeC + MC (+ MsR:z below 2000 °F) 

3) a+ MC (+ M3R: below 2000 °F) 

4) a+M.C + MC 
On the low vanadium, high carbon side of the latter field, the matrix 
of the alloys becomes partially austenitic : 


5) @-+ McC + MC (+ v above 2100 °F) 





——— SS 
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Fig. 8—Volume Percentage of Phases and Partition of Elements as a Function of 
“Ty Raa Temperature... (a) Steel 13 (4% V, 0.1% C). (b) Steel 15 (4% V, 
0.8% C). 


The remaining three regions contain compositions whose matrices 
are fully austenitic above 1700 °F, but in two of these, 8-ferrite 
appears : 

6) Y¥+MeC + MC (+ MaC, below 2000 °F) 

7) ¥+McC + MC (+ MaC below 2100 °F + 5 above 2000 °F) 

8) v¥+ MceC (+ MaC, below 2100 °F + 6 above 1900 °F) 
The commercial M-2 and M-4 steels fall in region 6. 

The amounts of excess phases as well as the partition of the ele- 
ments between the excess phases and matrix are plotted against the 
solution-treatment temperature for nine selected steels in Figs. 8 to 
11. It is noteworthy that the steels which remain ferritic up to the 

highest temperatures investigated (cf. 13, 19 and 20) are character- 
ized by the presence of the compound M,R, as an excess phase in 
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Fig. 9—Volume Percentage of Phases and Partition of Elements as a Function of 
Solution-Treatment Temperature. (a) Steel 19 (7% V, 0.1% C). (b> Steel 20 (7% V, 
0.5% C). 

the annealed condition. The five steels (2, 4, 9, 16 and 26) which 
become fully austenitic contain M,,C,, rather than M,R., in the 
annealed condition. Steel 15, with only a trace of M,,C, as annealed, 
remains ferritic up to 2100 °F (1150 °C), and then becomes partially 
austenitic (Fig. 8b). These distinctions are important in a practical 
sense because the steels cannot be quench-hardened unless the matrix 
is convertible into austenite by solution treatment. 

In the steels that remain ferritic on heating, M,R, dissolves 
readily, MC resists solution up to very high temperatures and M,C 
occupies an intermediate position—(M,,C, is riot present in such 
steels). Due to the solution of M,R,, there is a rapid build-up of 
tungsten and molybdenum in the matrix (cf. partition curves in 
Figs. 8a, 9a and 9b. At 2000°F (1095°C), about 0.9 of the 
tungsten and molybdenum (and virtually all the chromium) in these 
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Fig. 10—Volume Percentage of Phases and Partition of Elements as a Function of 
moe Temperature. (a) Steel 2 (0% V, 0.5% C). (b) Steel 4 (0% V, 
1.2% C). 


steels is dissolved in the ferritic matrix. Because M,R, contains no 
appreciable amount of carbon, the principal supply of carbon for the 
matrix resides in the M,C, and the solution of this carbide is insuffi- 
cient to furnish enough carbon for converting the matrix (already 
rich in ferrite-forming elements) into austenite. 

In the steels that become austenitic on heating, M.,,C, plays the 
counterpart of M,R, in the ferritic steels. It dissolves rapidly as the 
solution temperature is raised and, unlike the M,R,, supplies carbon 
to the matrix, thus resulting in the formation of austenite. The M,C 
dissolves much less readily in the austenite than the M,.C,, and the 
MC hardly dissolves at all. Steel 15, which contains only a trace of 
M,,C, in the annealed condition, must depend upon the solution of 


a 


~ 
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M,C for enough carbon to become austenitic, and this does not 
happen until the temperature is raised above 2100 °F (Fig. &b). 

Among the very low vanadium steels, those that contain M,,C, 
as annealed become austenitic on heating, in line with the foregoing 
generalizations. However, there is also a slight reversion of the 
austenite to 8-ferrite above 1900 °F (1040°C) (Figs. 7 and 10b). 
This phenomenon is of especial interest because the 8-ferrite forms 
at the austenite grain boundaries, and would be a source of brittle- 
ness in the hardened steels. 

The solution of M,,C, on heating not only enhances the aus- 
tenite-forming tendency of the steel but also the amount of austenite 
retained by quenching (Figs. 10 and 11). The solution of M,C is 
also effective in promoting austenite retention. Evidently, the dis- 
solved carbon is more important than the alloying elements in retain- 
ing austenite. Because the M,,C, dissolves so easily, steels contain- 
ing large amounts of this carbide are apt to retain excessive quantities 
of austenite on quenching. For example, when steel 2 (Fig. 10a) 
is solution-treated at 2000°F (1095°C), about 7.2% M,.C, and 
4.8% M,C are dissolved, and less than 5% austenite is retained on 
quenching ; whereas when steel 4 (Fig. 10b) is heated to the same 
temperature, 17.2% M..C, and-2.4% M,C are dissolved, and approx- 
imately 75% austenite is retained. Table V shows that the matrix 
compositions of the two steels are roughly the same after this treat- 
ment, except that the latter has a higher carbon content. 

According to Fig. 5, the amount of M,.C, in the annealed steels 
at any given carbon level decreases with increasing vanadium, and 
is ultimately replaced by M,R,. This trend accounts for the role of 
vanadium in suppressing the formation of austenite during heating 
and in reducing the retention of austenite on quenching. However, 
the potency of vanadium in this respect can be counterbalanced by 
increasing the carbon content, which not only isolates part of the 
vanadium in the relatively insoluble MC, but also favors the forma- 
tion of M,,C, in preference to M,R,. Such relationships are demon- 
strated in Fig. 11 for a set of three steels in which the carbon and 
vanadium are increased simultaneously, i.e., steel 9 (2% V,0.8% C), 
steel 16 (4% V, 1.2% C) and steel 26 (7% V, 1.8% C). This cor- 
responds to an increment of 0.2% C for every 1% increment of 
vanadium, and happens to result in the formation of roughly constant 
amounts of M,,C, and M,C but increasing amounts of MC (Fig. 5). 
Consequently, the ‘steels in this series would be expected to aus- 
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tenitize similarly on heating and retain comparable quantities of 


austenite on quenching. Fig. 11 shows that such is actually 


the case. 


PRACTICAL SIGNIFICANCE OF RESULTS 


brought to light in this work have a 


ips 


The phase relationsh 
direct bearing on the selection of.compositions for developing poten- 
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tially useful high speed steels with a 6% tungsten, 5% molybdenum, 
4% chromium base. The pertinent factors are presented in Fig. 12. 

If the vanadium content is too high or the carbon too low, the 
steels cannot be austenitized and are therefore incapable of being 
quenched to martensite. Thus the tolerance for vanadium in this 
respect is enhanced by increasing the carbon content. On the other 
hand, with very high carbon, the steels become unforgeable ; and with 
very low vanadium, the steels are subject to the formation of 8-ferrite 
at the grain boundaries of the austenite. 

These phenomena restrict the potentially useful compositions to 
the triangular space in Fig. 12. However, even within this area, 
a wide range of retained austenite contents is possible. To avoid 
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Fig. 12—General Correlation of the Role of Vana- 

dium and Carbon in 6% Tungsten, 5% Molybdenum, 

4% Chromium High Speed Steels. 
excessive amounts of retained austenite, the vanadium and carbon 
contents must be further limited to the band shown in Fig. 12. Within 
this zone, the vanadium and carbon can still be varied interdepend- 
ently, to permit sizable changes in the quantity of vanadium carbide 
without undue alteration of the matrix. 

The excess phases in this range of compositions are M,,C,, M,C, 
and MC. M,,C, is a chromium-rich carbide; it dissolves completely 
below the commercially-used hardening temperatures, and furnishes 
the matrix with sufficient carbon for austenite formation and quench 
hardening. M,C is a tungsten—molybdenum-rich carbide ; it dissolves 
partially and contributes these elements for hot hardness and resist- 
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ance to softening on tempering. MC is a vanadium-rich carbide; its 
relative insolubility probably accounts for the well-known ability of 
vanadium to inhibit grain growth. Furthermore, since vanadium 
carbide is exceedingly hard (20), it is undoubtedly beneficial to wear 
resistance. 

The compound M,R, is not a desirable constituent in high speed 
steel becatise it dissolves readily on heating and prevents the forma- 
tion of austenite. Hence, such compositions cannot be quench-hard- 
ened, although precipitation hardening should not be ruled out. 


CoNCLUSIONS 


1. With the aid of electrolytic extraction, chemical analysis, 
X-ray diffraction, and quantitative metallography, a study has been 
made of the phase relationships in 6% tungsten, 5% molybdenum, 
4% chromium high speed steels, as affected by vanadium, carbon 
and temperature. 

2. Four excess (nonmatrix) phases are found in this system: 
M,C—a complex tungsten—molybdenum-rich carbide; M,,C,—a 
chromium-rich carbide; MC (or M,C,)—a vanadium-rich carbide; 
and M,R,—essentially an (iron)—(tungsten, molybdenum) inter- 
metallic compound. 

3. In the annealed steels, vanadium additions at any given car- 
bon level promote the formation of MC, causing the progressive 
disappearance of M,,C, first, and M,C next. This results in a 
build-up of chromium, tungsten and molybdenum in the ferritic 
matrix. However, the matrix accepts only limited quantities of these 
elements from the disappearing carbides, the balance going into the 
carbon-free compound M,R,. The amount of vanadium required to 
effect any of these changes increases with the carbon content. Be- 
cause of its strong carbide-forming tendency, the initial quantities 
of vanadium concentrate in the excess phases, but an increasing pro- 
portion dissolves in the matrix as the vanadium content is raised. 

4. The compound M,R, dissolves readily in the ferrite on heat- 
ing, and since it carries no carbon witiv1t to offset the influence of the 
ferrite-forming elements, the steels containing M,R, cannot be aus- 
tenitized or quench-hardened. 

5. Among the carbides, M,,C, dissolves completely on heating, 
M,C partially, and MC hardly at all. The solution of the M,,C, sup- 
plies sufficient carbon to austenitize the matrix and makes it amenable 
to quench hardening. 
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6. The range of potentially useful vanadium and carbon con- 
tents in tungsten-molybdenum high speed steels is limited by the fol- 
lowing considerations: (a) The carbon-vanadium ratio must be high 
enough to avoid the existence of M,R, in the annealed state; other- 
wise the steel cannot be austenitized. (b) The carbon-vanadium 
ratio must not be too high, or excessive amounts of austenite will 


be retained on quenching. (c) If the carbon content is too high, the © 


steels become nonforgeable. (d) If the vanadium content is too low, 
§-ferrite appears at the austenite grain boundaries on heating, and, 
furthermore, the extremely hard, relatively insoluble MC is not avail- 
able to provide wear resistance and inhibit grain growth. 
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APPENDIX 
Density of Extracted Residues 


The density values of the residues extracted from the annealed 
steels are reported in Table A. The measurements were made by the 
standard pycknometer method (21). Of special interest here is the 
fact that these densities can also be calculated independently if the 
weight percentage of the residue, volume percentage of the residue, 
and density of the steel are known. Letting W = weight per cent of 
excess phases in the steel (determined by electrolytic extraction), 
V = volume per cent of excess phases in the steel (determined by 
lineal analysis), and p,—= density of steel (determined by loss of 
weight in water), it is evident that 


Density of excess phases __ Wt. of excess phases in 100 gms. of steel 
(extracted residue) ~~ Vol. of excéss phases in 100 gms. of steel 
Equation III 
W 
~~ Vol. of excess phases in 100/p, c.c. of steel 
Equation IV 


— We. 





Equation V 


V 


~ 


- 
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Table A 


Comparison of Calculated and Measured Densities from Electrolytic Isolations 
of Annealed Steels 





Weight % Volume% Density Density of 
Steel Excess Excess Density Excess Excess 
Steel Composition Phases Phases of Steel Phases Phases % 
No. %C %V Ww V ps Calculated Measured Error 
1 0.07 0.08 16.6 17.6 8.22 7.75 7.86 —1.4 
7 0.08 1.96 16.6 19.1 8.20 7.12 Insuf.sample ..... 
13 0.08 4.05 avn 18.4 8.13 7.60 8.11 —6.3 
19 0.10 6.88 19.5 20.2 8.18 7.90 7.17 +10.2 
25 0.12 9.98 19.6 30.2 7.96 5.17 5.33 —3.0 
; Ou 19.2 20.6 8.18 7.62 7.90 —3.5 
8 0.48 1.97 17.3 17.4 8.13 8.08 8.18 —1.2 
14 0.50 3.74 16.3 16.6 8.09 7.95 8.15 —2.5 
20 0.51 7.40 20.7 22.4 8.03 7.41 7.33 +1.1 
23 0.52 10.23 21.9 30.2 8.0 5.80 5.73 +1.0 
(approx.) 
3 0.84 0.03 26.1 28.2 8.19 7.57 7.13 +6.2 
9 0.83 1.85 21.7 23.2 8.19 7.65 aah —0.8 
15 0.84 4.01 18.3 18.6 8.09 7.95 7.80 +1.9 
21 0.84 6.88 20.9 23.1 7.93 PY 7.31 —1.9 
27 0.85 10.23 22.7 24.6 7.94 7.32 Insuf. sample ..... 
4 1.32 0.03 33.1 33.2 8.16 8.15 7.88 +3.4 
10 1.24 1.85 26.8 24.8 8.10 8.75 8.17 +7.1 
16 1.23 3.74 23.2 26.3 8.04 7.10 7.65 —7.2 
22 1.26 6.83 20.8 24.1 7.90 6.82 Insuf.sample ..... 
28 1.28 10.05 22.7 at.e 7.86 6.48 6.96 —6.9 
* her 4S, ae 30.3 37.5 8.19 6.62 6.82 —2.9 
7: ta: ee 28.7 32.1 7.99 7.14 7.25 —1.5 
26 1.85 7.25 25.0 31.6 7.86 6.22 6.82 —8.8 
29 1.83 9.88 23.6 31.2 7.73 5,85 5 8 


.58 +4. 








The calculated densities based on Equation V are listed in Table 
A, in comparison with the measured values. The agreement is grati- 


fyingly close, and provides a quantitative test of the validity of the 
electrolytic extraction technique. 


DISCUSSION 


Written Discussion: By P. K. Koh, research engineer, Allegheny 
Ludlum Steel Corp., Brackenridge, Pa. 

It is generally known that alloying elements introduced into steels 
are distributed between carbide and matrix phases. The exact distribution 
in each case remains unsolved until the chemical analysis of either the 
matrix or the carbide is known. With present knowledge the isolation and 
analysis of the carbide phase seem to be the feasible method. The results 
of this phase of the work, when all the implications are unknotted, will not 
only contribute to a much closer understanding of the austenitic matrix 
and its transformed products, but will also point ways to new concepts 
in alloying by permitting the introduction of the minimum necessary 
amount of alloying element into specific phases of a steel, so as to make 
the best and the most economical use of that alloying element in steel 
of a given heat treatment. The present paper represents one of a few 
from this country devoted to a concise and exact study of this funda- 
mental thinking, and reveals a fresh approach in the future research of 
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alloy steels. The expert presentation of data and the simple and logical 
conclusions reached in this paper should not overshadow the tremendous 
amount of work involved. 

In the Allegheny Ludlum Research Laboratories some work has 
been done on the extracted carbides from 18-4-1 high speed steel (to 
be published later). It was our experience that the washing of electro- 
lytic extraction residue from 18-4-1 constitutes a major problem. Alkaline 
wash is the only feasible means for dissolving any existing tungstic acid 
precipitated and mixed with the extracted carbide. When freshly pre- 
pared electrolytic extraction residue from oil-quenched or quenched and 
tempered 18-4-1 steel is washed with 1% sodium hydroxide aqueous 
solution, very frequently half the weight of the extraction residue 
passes into solution. Dilute 1% ammonium hydroxide aqueous solution 
did not fare any better than 1% sodium hydroxide solution in this case. 
The problem was not so serious with the electrolytic extraction residue 
from annealed 18-4-1 steel. I wonder whether this difficulty happens 
only to 18-4-1 steel on account of its high tungsten content. 

During the process of electrolytic extraction, invariably we noted 
the distinct odor connected with the presence of hydrocarbon gas. It 
was suspected that the conditions prevailing caused a partial decomposi- 
tion of the extracted carbide. The same trouble was encountered 
whether a neutral or aicd solution was adopted, or a high or low current 
density was used. 

A difference was observed between the total carbon content of the 
steel and the carbon content computed from the analysis of the extracted 
carbide and the weight percentage of extracted residue, as was reported 
by the authors. Especially in the case of quenched and tempered 18-4-1, 
we also found that the sum of the elements analyzed in the extracted 
carbide fell short of 100%. This would indicate that the extracted 
sample taken for analysis contains undetermined elements which form 
no part of the carbides. The matter may be further complicated by the 
fact that the carbide from quenched and tempered 18-4-1 is relatively 
unstable compared to the carbide in annealed material. 

It might be of interest to mention the X-ray data from an experi- 
mental steel containing 3.5% carbon, 12% vanadium, 1% chromium and 
1% molybdenum. A Debye-Scherrer pattern was taken on the steel in 
its annealed state. Besides ferrite lines, the photogram showed distinct 
lines of medium intensities belonged to a face-centered cubic crystal of 
4.13A lattice parameter. Faint lines also appeared beside the above two 
sets of lines whose d-values could indicate the presence of a hexagonal 
crystal of a=4.70A and c= 25.6A. The low intensities and the small 
number of lines make positive identification of crystal type difficult. 
On oil quenching the steel from 1625°F (885°C), its Debye-Scherrer 
diffraction pattern consisted of the above three sets of lines without any 
visible change in their lattice parameters. The oil-quenched steel also 
retained some austenite at room temperature. The data presented seem 
to check with the authors’ findings on vanadium carbide. 

Written Discussion: By Walter Crafts, chief metallurgist, Union 


wT 
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Carbide and Carbon Research Laboratories, Inc., Niagara Falls, N. Y. 

The authors are to be highly complimented for their extensive study 
of the constitution of high speed steel. They have also given an out- 
standing example of the application of electrolytic extraction of excess 
phases to supplement metallographic examination. It has also been our 
experience that X-ray diffraction of extracted residues is qualitatively 
informative, but may not be complete and should, if possible, be used 
principally as a guide to microscopic examination, particularly when 
M.-C is present and tends to suppress the indications of other phases. 
In steels with finer carbide particles, as from tempered martensite, where 
the metallographic identification is more difficult, the positive indications 
of X-ray examination of residues may be accepted, but the possibility of 
other constituents must be taken into consideration. 

With respect to their conclusions regarding the potentially useful range 
of high carbon and vanadium contents, it is of interest that Kinzel and 
Burgess’ recommended high carbon—high vanadium 18-4-1 type high speed 
steel with an increase of 0.20% carbon for each 1% vanadium increase 
over 0.70% carbon and 1% vanadium with a preferred composition of 
1.5% carbon and 5% vanadium. A line representing this ratio super- 
imposed on Fig. 7 is parallel to and about 0.20% carbon above the band 
for the first appearance of ferrite, so that it would appear that the rela- 
tions in the 18% tungsten—4% chromium steel are not greatly different 
from those in the 6% tungsten-—5% molybdenum-4% chromium type, and 
that the constitutional study confirms the conclusions reached by less 
precise methods. The improved performance of the high vanadium, high 
speed steels reported by Kinzel and Burgess has also been confirmed 
by more extended application of these steels. 

Written Discussion: By Otto Zmeskal, director, Department of 
Metallurgical Engineering, illinois Institute of Technology, Chicago. 

This excellent paper is another classic in the literature on high 
speed steels. I would like to ask two questions: First, is it possible 
from these data to give an explanation of the marked effectiveness of 
4% chromium in high speed steels, and, second, have the authors applied 
these techniques to the study of carbide constitution in tempered high 
speed steels? 

Written Discussion: By P. Payson, assistant director of research, 
Crucible Steel Company of America, Harrison, N. J. 

The authors of this paper have done an excellent and admirable job. 
They thoroughly deserve the appreciation of the tool steel industry for 
the tremendous amount of work that was done to obtain the data that 
have been presented. They have clarified much that was uncertain in 
the behavior of high speed steel during heat treatment and they have 
provided techniques which should be helpful to others in removing still 
more of the mystery that has surrounded the metallography of high 
speed steels these many years. 

One question the authors may be able to answer right now is: 


_ A. B. Kinzel and C, O. Burgess, “Effect of Vanadium in High Speed Steel,’’ Transac- 
tions, American Institute of Mining and Metallurgical Engineers, Vol. 100, 1932, p. 257. 
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What are the angular particles (presumably carbide) which are found 
in high speed steels which have been heated above the conventional 
austenitizing temperatures? Steel No. 9, the M-2 type, should show 
these particles when quenched from 2300 °F (1260°C). Fig. 11 does not 
indicate that this steel was examined after a quench from 2300 °F 
(1260 °C). If they have not done so as yet, perhaps the authors could 
examine this steel as overheated and include the information on this 
sample in their closure of discussion. High speed steel tools have some- 
times been intentionally overheated, because it is known that for single- 
point lathe cutting operations the steel so treated has better cutting 
efficiency. Although the angular particles present in the overheated steel 
may be only part of the reason for this better cutting efficiency, it would 
be interesting to know what these particles are. 


Authors’ Reply 


Dr. Koh has pointed out some of the details of the carbide-isolation 
method which, for brevity, were omitted in this paper. Ref. 6 describes 
the techniques used in the present work in considerable detail. Washing 
of the isolated carbide residues is just as important with the 6-5-4-2 
steels as Dr. Koh experienced with 18-4-1. The procedure we followed 
was to wash the residue first with 1:20 HCl (or distilled water in the 
case of the sodium citrate extraction) to remove all the iron-rich electro- 
lyte. This was followed by distilled water, 1:20 ammonium hydroxide 
and distilled water in that order. It is noteworthy that even the residues 
from the annealed steels must be washed with ammonium hydroxide, 
since the ferrite matrix of these steels may contain significant amounts 
of tungsten, cf. Fig. 6. 

The hydrocarbon gases which Dr. Koh found to be evolved during 
the electrolysis of quenched 18-4-1 undoubtedly stemmed from the 
carbon in solution in the austenite-martensite matrix and not from the 
decomposition of the excess carbides. We also noted the evolution of 
hydrocarbon gases during the electrolysis of quenched steels. However, 
an analysis of the metallic elements in electrolyte corresponded with the 
composition of the matrix calculated from the weight percentage and 
analysis of the carbides, thus indicating that the excess carbides in 
the quenched steels did not decompose appreciably. These results are 
described in more detail in Ref. 6. It is not believed that the carbon 
in the austenite-martensite matrix ionizes during electrolysis. Rather, 
part of it combines with hydrogen and oxygen (principally the former) 
to form carbonaceous gases, and part of it remains uncombined as free 
carbon in the residue. The ferrite matrix of the annealed steels does 
not contain sufficient carbon to give rise to this phenomenon. 

With certain assumptions, it is possible to calculate, from lineal 
analysis data and the composition of the residue, the amount of free 
carbon in the residue and the amount evolved in gaseous form during 
electrolysis. It turns out that for every gram of carbon in the steel 
matrix approximately 0.8 gram is evolved as gas and 0.2 gram appears 


in the residue as uncombined carbon. It is interesting to note that this 
~~ 
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amount of free carbon in the residue will lead to only a 0.6% error in the 
weight percentage of carbides but will cause a 20% error in the carbon 
analysis of the carbide residue. 

The presence of an unidentified phase in the high vanadium, high 
carbon steel investigated by Dr. Koh is interesting. This phase is 
probably an intermetallic compound which might correspond to the 
hexagonal M;Rz found in our work or it might be an iron-vanadium 
compound. 

For the sake of conciseness, it was necessary to omit a detailed 
review of the past work on the effect of vanadium additions to high 
speed steels. That of Kinzel and Burgess which Mr. Crafts points out is 
one of those to be reviewed in a forthcoming paper (Ref. 5). The results 
of the present investigation are quite consistent with the findings of 
Kinzel and Burgess on 18-4-base high speed steels, but an exact com- 
parison cannot be made because we studied only the 6-5-4-base steels. 
Undoubtedly, the two systems have much in common from a constitu- 
tional standpoint. 

The chromium content was held at 4% throughout this work, and 
therefore it is not possible to assign an exact role for chromium as we 
have done for vanadium. This means that we cannot give Dr. Zmeskal 
the reason why practically all grades of high speed steel have about the 
same chromium content. However, this paper does demonstrate that 
chromium plays an important role in the hardening of the steels in- 
vestigated here. The chromium-rich carbide (MeC.) dissolves readily 
on austenitizing and supplies the matrix with both carbon and chromium 
for hardenability. In addition, the chromium in the matrix probably 
contributes to oxidation resistance. To provide a more specific answer 
to Dr. Zmeskal’s question, it would be necessary to repeat the type of 
measurements described here, but with chromium as the variable instead 
of vanadium. 

The carbide-extraction techniques have not been applied to tempered 
high speed steels because the excess carbides are always present to 
confuse the results. Consequently, the carbides formed on tempering 
are being studied in lower alloy steels in which the excess carbides can 
be entirely dissolved during austenitizing. 

The angular particles referred to by Mr. Payson are believed to be the 
tungsten-—molybdenum-rich carbide McC. While these angular carbides 
were not encountered to any appreciable extent in the present experi- 
mental steels, they are frequently seen in overheated commercial steels. 
At very high austenitizing temperatures, the carbides dissolve rapidly 
and bring the matrix to saturation very quickly. During the remaining 
time at the austenitizing temperature, the excess carbides are able to 
undergo coalescence, the large ones growing at the expense of small 
ones or those at grain junctures growing at the expense of those in the 
grain interiors. At these high temperatures, the surface tension between 
the carbide particles and austenite matrix becomes sufficiently small so 
that the usual tendency for spheroidization (minimum surface) is rela- 
tively feeble, and hence the particles that can grow are able to develop 
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their favored (low energy) crystallographic faces. This explanation is 
substantiated by the fact that, at slightly higher austenitizing tempera- 
tures, incipient melting occurs and the carbide appears as thin films 
around the austenite grains. In other words, the changing geometry of 
the carbide phase does not mean that different types of carbides are 
produced. The MaC. carbide is completely dissolved at much lower tem- 
peratures; the MC carbide resists solution but is not present in sufficient 
amount to account for the angular phase. The changes in form occur 
primarily in the McC carbide. However, no measurements have been 
made to determine whether this process is attended by a change in 
composition of the carbide particles. 





| 
| 





NEW CRITERIA FOR PREDICTING THE PRESS 
PERFORMANCE OF DEEP DRAWING SHEETS 


By W. T. Lanxrorp, S. C. SNYDER AND J. A. BAUSCHER 


Abstract 


In the past it has been generally believed that an 
isotropic material is more suitable for all types of sheet 
metal forming operations than an anisotropic material. 
Evidence has been developed in the present investigation, 
however, which refutes this general belief. Although it 1s 
still believed that an isotropic material is best suited for 
symmetrical formations, it has been demonstrated that, for 
certain unsymmetrical formations, material having a con- 
siderable degree of plastic anisotropy of a favorable nature 
results in the best press performance. By considering 
favorable plastic anisotropy together with favorable strain 
hardening characteristics as requisites for good press per- 
formance, it 1s possible to discriminate very successfully 
between materials having quite similar ordinary mechan- 
ical properties: but which exhibited wide differences in 
press performance in unsymmetrical: fender draws. A 
good correlation has been found between plastic anisotropy 
and magnetic anisotropy, indicating that the plastic anisot- 
ropy arises from preferred crystallographic orientations. 
These new findings suggest that for optimum press per- 
formance the plastic antsotropy characteristics of the mate- 
rial must be suited to the symmetry of the forming opera- 
tion. 


CRITICAL examination of all available information on the 
formability of sheet metals clearly indicates that the material 
characteristics responsible for good drawing performance are not well 
understood. Furthermore, it can be inferred from occasional obser- 
vations of unexplainably high breakage in severe sheet metal forming 
operations that conventional testing methods are failing to reflect 
important aspects of the material behavior which are operative under 
actual forming conditions. This situation is of particular concern 
in connection with very severe forming operations, such as automo- 
bile fender draws, in which such great demands are placed on the 
A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. The authors, W. T. Lankford, 


S. C. Snyder and J. A. Bauscher, are associated with the Research and Devel- 


opment Division,.Carnegie-Illinois Steel Corp., Pittsburgh. Manuscript received 
May 7, 1949. 
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material that very subtle differences can result in wide variations 
in press performance. 

Because of the great need for a better understanding of the basic 
properties which are essential for optimum press performance in deep 
drawing sheets, a comprehensive, long-range program of research in 
this field was inaugurated by the Carnegie-Illinois Steel Corporation 
about four years ago. In this program it was planned to conduct 
studies of all aspects of the plastic flow and ductility characteristics 
believed to be of importance in sheet metal formability. It was ex- 
pected that the information developed in such a research program 
would not only indicate the most fruitful directions for improve- 
ments in deep drawing sheets, but would also provide a basis for the 
development of more discriminating practical tests for the evaluation 
of deep drawing quality. 

One phase of this comprehensive investigation of sheet metal 
formability has involved studies of several lots of deep drawing sheets 
which exhibited wide differences in press performance and yet were 
quite similar as judged by the customary tests. The results of these 
studies have been very revealing and are believed to provide a new 
point of view for considering the material requirements for good 
drawing performance. In particular, it appears that prevalent beliefs 
that directionality in deep drawing sheets is generally undesirable 
must be abandoned in the light of the new findings. Material pos- 
sessing pronounced plastic anisotropy of a favorable nature was found 
to exhibit press performance in unsymmetrical fender draws greatly 
superior to that of material having a minimum of anisotropy. Since 
plastic anisotropy is not measured in any of the customary tests 
applied to sheet metals, it is not surprising that materials considered 
to be satisfactory by the usual criteria are sometimes observed to 
exhibit poor performance in the press. 

No attempt will be made here to review or criticize the large 
number of tests which have been proposed for predicting formability, 
since several excellent surveys (1, 2, 3)? of this nature are already 
available. It can be said, however, that the correlation of laboratory 
tests with press performance, in general, has been disappointing. 
Some of these tests may be capable of distinguishing very poor mate- 
rial which will almost certainly exhibit poor press performance; the 
fact that a material is judged favorable by such tests, on the other 
hand, does not necessarily insure that the performance will be good. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Most of the customary tests applied to sheet metals are empirical in 
nature and, while very useful as rapid checks of probable uniformity 
of product, do not measure directly the properties which may be con- 
trolling the performance in a particular draw. 

The most widely used mill control tests for deep drawing sheets 
include hardness tests, cupping tests for ductility, and an examination 
of microstructure. Where more complete information on mechanical 
properties is desired, these tests may be supplemented by tension 
tests involving determinations of yield point, tensile strength, and 
percentage elongation. Although all of these tests are extremely 
useful for control purposes, it is believed that they not only fail to 
reflect certain important properties, but they also may not be suff- 
ciently sensitive to detect small differences in the measured properties 
which would lead to significant differences in press performance. 

In the early phases of the Carnegie-Illinois formability program, 
attention was focused on the tension test, since it was believed that 
more basic information could be derived from this test than the cus- 
tomarily determined properties such as yield point, tensile strength, 
and elongation. Tensile strength, for example, is a fictitious stress 
value, since it is based on the initial cross sectional area of the speci- 
men rather than on the actual area at the instant the maximum load 
is measured. The actual area at maximum load will, of course, 
depend on the amount of strain or contraction the specimen under- 
goes before necking down. The percentage elongation in 2 inches 
is likewise an ambiguous quantity, because it includes not only the 
uniform elongation which the specimen undergoes up to the maxi- 
mum load, but also the localized deformation associated with necking 
down. Of the three properties ordinarily determined in the tension 
test, it can be seen, therefore, that only the yield point is of funda- 
mental significance. 

What information can be obtained from the tension test, then, 
which will have a more basic significance and which can possibly be 
related more directly to behavior in forming operations? The point 
of view adopted in the present investigation is that the tension test 
should be considered first of all as a means of studying the work 
hardening characteristics of a metal. It has long been recognized 
that, in forming operations involving stretching, the ability of the 
material in the critical areas of the blank to work harden and pass 
along deformation to adjoining material is conducive to improved 
performance. In other words, a high capacity for work hardening 
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retards localization of deformation and reduces breakage by permit- 
ting a larger area of material to contribute to the over-all stretching 
required to make the part. 

One criterion of work hardening which is sometimes used is the 
separation between the yield point and the tensile strength, or the 
yield-tensile ratio. The larger the difference between the yield point 
and tensile strength, or the lower the yield-tensile ratio, the higher 
the work hardening capacity is said to be, and the more favorable 
the material is considered to be for drawing. The yield-tensile ratio 
is not a precise measure of work hardening, however, largely because 
the tensile strength, as usually defined, is a fictitious stress. Further- 
more, even in materials having similar stress-strain curves beyond 
the yield point, the observed value of the yield- point may be subject 
to considerable variation arising from the effects of small differences 
in the amount of prior cold work, for example as experienced in 
temper rolling. It is much more informative, therefore, to consider 
work hardening in terms of “true” stresses and strains, wherein both 
stress and strain are defined in terms of instantaneous specimen di- 
‘mensions during the course of the test, rather than in terms of initial 
specimen dimensions. The shape of the true stress-strain curve accu- 
rately reflects the work hardening characteristics of a material. The 
actual rate of work hardening is a function of the amount of strain 
and can be determined directly from the slope of the true stress-strain 
curve for any particular strain, high slopes representing high rates 
of work hardening. 

Fortunately, it is possible to quantitatively describe the shapes of 
the true stress-strain curves for most steels in terms of an empirical 
analytical relationship between true stress and true strair. Several 
investigators (4-8) have demonstrated that true stress-strain curves 
for most steels conform quite closely to the following relationship: 


True stress = k (True strain)", 


where “k’ and ‘“‘n’ are constants characteristic of the material and 


are referred to as the strength coefficient and the strain hardening 
exponent, respectively. These two constants completely describe the 
shape of the true stress-strain curve. The “n” value is believed to be 
a characteristic of major importance in stretching operations, since 
it provides a measure of the ability of the material to distribute 
deformation uniformly and can be shown to be numerically equal to 
the uniform elongation in the simple tension test, i.e., the elongation 
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up to maximum load. The “k” value, on the other hand, provides 
some indication of the level of strength of the material and, hence, of 
the magnitude of the forces required in forming. 

In the course of developing experimental techniques and obtain- 
ing test data for the determination of “k” and “n” values for a num- 
ber of sheet steels, it was observed by Jackson, Smith and Lankford 
(9) that, in some of the materials being studied, the percentage con- 
traction in the width dimension as the test specimen was plastically 
strained in ‘tension was not equal to the contraction in the thickness 
dimension. The ratios of width strain to thickness strain were found 
to be different, not only among different materials, but also in some 
instances between longitudinal and transverse tests of the same mate- 
rial. This behavior was recognized as a manifestation of plastic 
anisotropy, probably arising from preferred crystallographic orien- 
tations, since a specimen of an isotropic or randomly oriented material 
plastically strained in simple tension should exhibit equal strains in 
the width and thickness directions. In some of the sheet steels which 
have been tested, the ratios of width strain to thickness strain have 
shown a very pronounced deviation from the value of unity charac- 
teristic of an isotropic material, with values as high as 2.8 and as low 
as 0.7 being observed. The phenomenon of unequal strains in the 
width and thickness directions in simple tension tests has been ob- 
served and reported by other investigators in certain nonferrous 
metals, e.g., Baldwin (10) in soft copper and Lankford, Low and 
Gensamer (11) in aluminum alloys. 

Directionality in deep drawing sheets has long been of major 
concern and has been the subject of many experimental investigations. 
It is recognized that directionality in sheets can be of two types. The 
first type is that associated with the development of a “fibrous” struc- 
ture which results from the tendency for nonmetallic inclusions or 
segregates to become elongated and strung out during rolling of the 
sheet. Directionality resulting from these effects is most likely to be 
manifested as a difference in ductility in the rolling and cross rolling 
directions of the sheet. The second type of directionality is that 
associated with the preferred crystallographic orientations character- 
istic of cold-reduced, box-annealed sheets. Preferred orientations in 
sheets are known to result in directional variations in plastic proper- 
ties, the formation of ears in cup drawing being one of the most 
familiar manifestations of this effect. The latter type of directionality 
and its relationship to the plastic behavior of sheets in forming opera- 
tions are of major concern in the present investigation. 
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Since the materials in this investigation exhibited considerable 
departure from isotropic behavior as measured by their ratios of 
width strain to thickness strain in the simple tension test, it seemed 
logical to expect that the distribution of deformation in biaxial 
stretching would likewise be greatly influenced by this anisotropy. 
If this were the case, the performance in actual drawing operations 
might likewise be expected to be strongly dependent upon the nature 
of the plastic anisotropy of the material being formed. It has been 
recognized in the past that directionality in deep drawing sheets is 
an important factor in press performance, but it has been commonly 
believed that pronounced directionality always has a deleterious effect 
on performance (1, 12). The results of the present investigation 
refute this general belief and indicate that pronounced plastic anisot- 
ropy of a favorable nature actually leads to better performance in 
unsymmetrical forming operations. It is believed that these findings 
form the basis of a new concept of material requirements for deep 
drawing operations, i.e., for optimum press performance the plastic 
anisotropy characteristics of the material must be suited to the sym- 
metry of the forming operation. 

Information has also been developed which emphasizes the 
importance of work hardening as a factor in controlling deep drawing 
performance. By considering good work hardening characteristics, 
as measured by the strain hardening exponent (“n” value), together 
with favorable plastic anisotropy as a combined criterion of good 
drawing quality, an excellent correlation with press performance was 
established. 

MATERIALS 


The materials studied in this investigation include samples from 
forty-six lots of fully-aluminum-killed, low carbon, deep drawing 
sheets which exhibited wide variations in drawing performance in 
the plants of several producers of deep drawn parts. All of the 
material was in the cold-reduced, box-annealed, and temper-rolled 
condition. Twenty-nine of the lots exhibited high die scrap, whereas 
seventeen lots were representative of good performance. Materials 
of good and poor performance in four different fender draws are 
represented, each of these formations involving severe biaxial stretch- 
ing of an unsymmetrical nature. The distribution of sample lots 
among these formations, which have been designated as Formations 
A, B, C and D, is illustrated in Table I. Samples of material which 
performed satisfactorily were selected as soon as possible after trials 
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of poor material, in order that die conditions would be quite similar ; 
i.e., on each occasion of obtaining a poor lot or group of poor lots, 
a sample of good material was also selected at the same time when- 
ever possible for comparison. For this investigation a special effort 
was made to obtain materials having poor performance which exhib- 
ited quite normal mechanical properties. 


Table | 
Distribution of Sample Lots Among Various Fender Formations 





Number of Lots 





Formation Good Performance Poor Performance 
A 10 12 
B 4 13 
= 1 1 
D 1 2 
a 1* 1* 





*Two lots for which no actual performance data were available were included in the investi- 
gation. These lots were experimental materials purposely processed in such a way as to produce 
a difference in microstructure and a difference in the plastic anisotropy characteristics. The 
performances indicated for these two lots refer to unsymmetrical types of forming operations and 
have been assumed on the basis of extensive previous experience with the same types of material. 








Two of the poor lots were experimental materials purposely 
processed in such a way as to produce a more isotropic material than 
that known to give best drawing performance in the formations stud- 
ied. These lots were produced in order that additional information 

‘could be obtained on the effects of plastic anisotropy on the strain 
distributions in unsymmetrical draws. 


EXPERIMENTAL METHODS 


True stress-strain curves were determined by a precision tech- 
nique similar to that described by Low and Garofalo (7), the only 
difference being that a considerably greater accuracy in load measure- 
ment was attained in the present investigation. Loads were measured 
by means of an elastic weighing ring accurate to about 0.20% over 
the range used. All tests were conducted with a rate of crosshead 
movement of approximately 0.03 inch per minute. 

The true stress-strain curves were analyzed in terms of the 
relationship : 


o — kd", 


where o is the true stress and 8 is the true strain, each being defined 
in the usual manner. As already mentioned, the constants “k” and 
“n’”’ will be referred to as the strength coefficient and strain harden- 
ing exponent respéctively. If this relationship is valid, a log-log plot 
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of stress-strain data should result in a straight line having a slope of 
“n’”. A plot of this kind, which is typical of the data obtained in the 
present investigation, is shown in Fig. 1; it can be seen that the 
conformity to a straight line is very good. In a series of reproduci- 
bility tests conducted on fifty adjacent longitudinal specimens of 20- 


gage, fully-aluminum-killed, deep drawing steel sheet, it was found 


True Stress, | 





0.01 0.015 0.02 0.04 0.06008 0.! 0.15 0.2 O3 
True Strain 


Fig. 1—Typical Logarithmic Stress—Strain Curve for Temper 
Rolled, Fully-Aluminum—Killed, Deep Drawing Steel Sheet. 


that the “n” values determined by the above experimental technique 
only varied between 0.230 and 0.238. The “n” values reported in 
subsequent sections of the paper represent the averages of triplicate 
tests made on both longitudinal and transverse specimens. 

In the early work on the ratio of width strain to thickness strain, 
the ratio was determined from a plot of true width strain against 
true thickness strain, these strains being measured at several levels 
of elongation. It was found that such a plot results in a straight line; 
the determination of the slope of this line provides an average meas- 
ure of the ratio of width strain to thickness strain, hereinafter re- 
ferred to as the “R” value. In a large number of determinations by 
this method, it was found that the points corresponding to the width 
and thickness strains at or just beyond maximum load always fell on 
the line drawn through the points determined at lower strains, indi- 
cating that the ratio of width strain to thickness strain does not 
change with increasing strain, at least up to the maximum load. On 
the basis of this observation it was decided to discontinue the practice 
of measuring strains at several levels and to simply make one set of 
measurements at maximum load. This procedure has the added 
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advantage that the same specimen can be used for both the determina- 
tion of the true stress-strain curve and the ratio of width strain to 
thickness strain, since the extensometer employed for elongation 
measurements is removed at maximum load. Each tension test, 
therefore, was interrupted at maximum load, and width and thickness 
measurements were made on the specimen at ten locations within the 
central 2-inch gage length. The ratios of the width strain to thick- 
ness strain at these ten locations were then averaged. It was also 
found that a fairly satisfactory determination of the “R” value could 
be made on a fractured specimen from measurements of the width 
and thickness dimensions about 1 inch from the fracture. The prin- 
cipal disadvantage of this procedure is the difficulty of obtaining reli- 
able measurements when the specimen “cups” or warps across the 
width direction. It is interesting to note that gross differences in 
“R” values can be readily detected simply by visual comparison 
of the minimum widths of fractured tensile specimens. Even though 
the total elongations of two specimens having different ““R’’ values 
are equal, the final width of the specimen having the higher “R” 
value will obviously be less than that of the specimen having the 
lower “R” value. 

As previously mentioned, it seemed likely that the observed 
differences in “R” values among different materials resulted from 
differences in preferred crystallographic orientations. Since magnetic 
anisotropy as indicated in the magnetic torque test is known to reflect 
preferred orientations (13), magnetic torque curves were obtained 
for all the materials in this investigation. These curves were deter- 
mined on a new recording type of torque magnetometer developed at 
the U. S. Steel Corporation Research Laboratory (14). In this 
investigation, rather than attempting to analyze the magnetic torque 
curves in terms of actual preferred orientations, the curves for the 
various materials studied have been classified on the basis of their 
characteristic shapes. 

The ordinary mechanical properties were determined by conven- 
tional techniques. “Yield points’ were determined either by the 
dividers method or from the proportional limit on a recorded stress- 
strain curve using a strain magnification of four. It will be under- 
stood that, since the steels tested did not exhibit a sharp yield point, 
the “yield point” values reported actually represent an offset yield 
strength, the offset corresponding very closely to 0.2%. 
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EXPERIMENTAL RESULTS 


A—Investigation of First Group of Materials Exhibiting a Wide 
Range in Press Performance Associated with Differences in 
Plastic Anisotropy 


The first group of lots of deep drawing sheets of known press 
performance obtained for testing included twenty lots which had 
exhibited extreme variations in press performance in the difficult 
fender formation designated as Formation A. Since this group of 
samples provided the first evidence of the importance of plastic 
anisotropy as a factor in controlling press performance, this portion 
of the investigation will be discussed before considering the results 
from the entire group of forty-six lots. The poor lots in the first 
group of materials resulted in 100% breakage in every attempt to 
form them, although no significant differences could be found by the 
customary criteria between these lots and those exhibiting good per- 
formance. The grain sizes of the poor lots tended to be somewhat 
larger than those of the good lots, although this difference was not 
consistent. In Table II the similarity in the ordinary mechanical 
properties of typical lots of good and poor material can be readily 
seen. Precision determinations of “k”’ and “n’’ values from true 
stress-strain curves likewise failed to sieshaitieids between good and 
poor material, as can be seen from Table III. The “n” values of both 
the good and the poor materials are so similar that no inference can 
be made regarding the influence of the “n” value in controlling press 
performance in this particular Salheeties From data which will 


Table Il 
Comparison of ae Mechanical Properties of Lots Exhibiting Satisfactory Press 
Performance with Those for Lots Exhibiting 100% Breakage in Formation A 


Satisfactory Performance 


Rockwell ““B”’ Olsen Test Yield Tensile % Elongation 
Lot Hardness Value Direction Point Strength in 2 Inches 

A 36 444 L 22,700 44,600 41.5 
= _ 24,900 44,200 40.5 
30 473 L 17,500 40,400 39.0 
T 18,700 41,200 42.0 

E 40 460 L 20,800 43,300 43. 
T 21,600 43,500 43.5 

Poor Performance 

B 28 445 L 21,700 41,500 39.0 
- 21,600 42,400 37.5 
Cc 27 448 L 19,700 40,400 40.5 
T 21,800 41,100 38.5 
F 34 450 L 20,300 41,500 45.0 
T 20,500 42,500 42.5 
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Table Ill 


Comparison of “k’’ and “n’” Values for Lots Exhibiting Satisfactory Press Performance 
with Those for Lots Exhibiting 100% Breakage in Formation A 


Satisfactory Performance 











Lot ‘“‘n"” Value “*k”’ Value 
A 0.251 78,430 
D 0.274 75,460 
E 0.266 77,770 
Poor Performance 
B 0.242 73,350 
. 0.250 73,860 
F 0.269 76,710 
2.4 
2.0 
1.6 
@ 
2 
$1.2 
ec 
0.8 
o————@ Lot A Good 
Ow==—==© Lot B Poor 
O 





0 22.5 45 67.5 90 
Angle To Rolling Direction 


Fig. 2—Variation of ‘‘R'’ Value with Direction of Test- 
ing for Lots Exhibiting Good and Poor Press Performance 
in Formation A. 


subsequently be presented, however, it will become apparent that the 
“‘n” values for both the good and the poor lots are at a favorable level. 

Since it was believed that variations in plastic anisotropy might 
possibly lead to marked differences in the plastic behavior under the 
unsymmetrical stretching conditions involved in this fender forma- 
tion, “R”’ value determinations were made on the lots under consid- 
eration. Very large differences in the “R”’ values were found be- 
tween material having good press performance and that having very 
poor press performance. Typical results of the “R” value determina- 
tions on samples from fender blanks are summarized in Fig. 2, from 
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which it can readily be seen that large differences exist among the 
good and poor materials. Tests were conducted at 0, 22.5, 45, 67.5 
and 90 degrees to the rolling direction, and it can be seen that the 
patterns of variation of “R” value with testing direction are quite 
different. The greatest differences in the level of the “R” values 
occur in longitudinal tests where the “R” value varies from 0.67 to 
1.62. 

If the longitudinal “R” values (R,) for all twenty lots in this 
group are considered, it is possible to successfully discriminate seven 


Number of Lots 


° 
° 
. 
. 
s 
@ 
7 





0.50 070 0.90 110 1.30 1.50 1.70 1.90 
R. Value 


Fig. 3—Distribution of “RL” Values for 
Original Group of Twenty Lots of Known 
Press Performance in Formation A. 


of the nine good lots from nine of the eleven poor lots. In other 
words, the performance of sixteen of the twenty lots can be success- 
fully predicted on the basis of “Ry” values alone, based upon the 
premise that a minimum “R,,” value of 1.50 is required for good per- 
formance. Fig. 3 shows the distribution of “Ry’’ values for the vari- 
ous lots tested. 

As already pointed out, it seemed likely that the observed differ- 
ences in plastic anisotropy were associated with differences in pre- 
ferred crystallographic orientations. Magnetic torque curves were 
therefore obtained for the entire group of samples in order to ascer- 
tain whether such differences actually existed. Not only were differ- 
ences in preferred orientations found to exist, but, in addition, a very 
high degree of correlation between drawing performance and type 
of magnetic torque curves was found. The types of magnetic torque 
curves which were observed in this series of tests are illustrated in 
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Fig. 4. All of the good lots except one exhibited torque curves of the 
‘““A”’ type, whereas all of the poor lots with but two exceptions exhib- 
ited curves of types other than “A”. Fig. 5 shows the distribution 
of various curve types among the lots tested. If the various types 


Type A +10 Type C +0 





Fig. 4—Various Types of Magnetic Torque Curves Observed in 
This Investigation. 


@ Good 
O Poor 

Favorable Type-A 
Unfavorable Types - A,B,C,D,E 


Number of Lots 





A A’ B Cc D E 
Type of Magnetic Torque Curve 
Fig. 5—Distribution of Types of Magnetic 


Torque Curves for Original Group of Twenty Lots 
of Known Press Performance in Formation A. 


of torque curves are compared with the corresponding “Ry” values, 
it is found that a high degree of correlation exists. As can be seen 
in Fig. 6, lots exhibiting favorable magnetic torque characteristics 
also exhibited high “Ry” values, whereas those lots having unfavor- 
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able magnetic torque characteristics exhibited low “Ry,” values, with 
but a single exception. 

The results of this phase of the investigation conclusively demon- 
strated the importance of favorable plastic anisotropy as a factor in 
establishing good press performance in a severe unsymmetrical draw. 
Since all other properties were very similar, the degree of plastic 
anisotropy can be said to have been the critical or controlling factor 


per td 
@ Good 
O Poor 
. J 


Favorable Type -A 





1.70 Unfavorable Types -A',B,C,D,E 
1.50 
a 
S 
© 1.30 
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Type of Magnetic Torque Curve 


Fig. 6—Qualitative Correlation Between “RL” 
Value and Type of Magnetic Torque Curve for Original 
Group of Twenty Lots of Known Press Performance. 


in the performance of the lots tested. Since this characteristic is not 
reflected in any of the tests customarily applied to deep drawing 
sheets, it is not surprising that the reason for the high breakage of 
the poor material was not immediately apparent. 


B—Summary of Results for All of the Materials Investigated 


As already mentioned, samples from a total of forty-six lots of 
known drawing performance have been tested, including the twenty 
lots discussed in the previous section. In this section no attempt will 
be made to consider each group of lots separately; rather, all of the 
forty-six lots will be considered as a single group for purposes of 
analysis. The various properties of all of the lots investigated and 
































1950 DEEP DRAWING SHEETS 1211 


the correlation of these properties with press performance have been 
analyzed and interpreted in terms of frequency distribution plots in 
which the data are presented in such a way that the distribution of 
each property for good and poor lots can be distinguished. Such 
plots have been prepared not only for “Ry” values, “n” values, and 
types of magnetic torque curves, but also for the customarily deter- 
mined properties such as Rockwell “B” hardness, yield point, yield- 


tensile ratio, per cent elongation, and Olsen test values. 
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Fig. 7—Distribution of “Ru’’ Values for 
All Lots Tested. 


First of all, an examination of Fig. 7, in which the distribution 
of “Ry” values is plotted, reveals that the poor performance of all 
the bad lots cannot be accounted for on the basis of unfavorable “Ry,” 
values. It should be noted, however, that below an “Ry,” value of 
1.50 only three good lots appear out of a total of twenty-two lots. 
In other words, nineteen out of twenty-two lots having an “Ry,” value 
lower than 1.50 exhibited poor drawing performance, confirming the 
previous observation of the importance of favorable plastic anisotropy. 
The occurrence of several poor lots with “Ry” values higher than 
1.50 suggest, however, that some other property must be taken into 
consideration along with the “R,”’ value. From the point of view 
of the distribution plots, this means that a distribution should be 
sought wherein preponderantly poor lots are found beyond a certain 
limit of the property being considered. By comparing such a distri- 
bution with the distribution of “Ry” values, it could then be ascer- 
tained whether unfavorable values of the property being considered 
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would account for the performance of those poor lots having favor- 
able “Ry,” values. 

The next distribution to be examined was that of the “n” value, 
or strain hardening exponent, since it has already been pointed out 
that this property is of great importance in formations involving 


stretching. Furthermore, since the “n” value and “Ry” value are 
not directly related, it seems logical that both should be favorable 


Number of Lots 
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Fig. 8—Distribution of ‘“‘n’’ Values for All 
Lots Tested. 


«eé 


for good drawing performance. Upon examination of the “n” value 
distribution shown in Fig. 8, it is found that below an “n” value of 
0.240, thirteen out of sixteen lots exhibited poor drawing perform- 
ance. If it is then arbitrarily assumed that a minimum “Ry,” value 
of 1.50 and a minimum “n”’ value of 0.240 are required for satisfac- 
tory press performance, it is found that twenty-five of the twenty-nine 
lots indicated as having poor press performance correspondingly 
failed to come up to these assumed requirements for. good perform- 
ance. Similar treatment of the test results of the good materials 
indicates that fourteen of the seventeen lots fulfill the assumed re- 
quirements for satisfactory press performance. This rather startling 
separation of good and poor materials is shown in Fig. 9 in which 
‘‘n” values for all of the lots have been plotted against the correspond- 
ing “Ry,” values. Obviously, the region of this plot lying above the 
horizontal line drawn at n = 0.240 and to the right of the vertical 
line drawn at Ry = 1.50 corresponds to good performance in accord- 
ance with the criteria assumed above. The curved line shown in 
Fig. 9 represents the separation of good and poor materials which 
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can be made on a somewhat different basis as will be explained in the 
following paragraphs. 

It is also possible to set up a single quality index which takes 
into account both the “Ry” and the “n” values by arbitrarily assum- 
ing that these two characteristics contribute equally to the press per- 
formance. It is first assumed that the “R,” and “n” values are 
normally distributed and the standard deviations are computed. The 


1.8 2.2 
R, Value 


Fig. 9—‘‘n’” Value Versus “‘Rxi’’ Value for All 
Lots Tested. 


knowledge of the standard deviations makes possible a calculation of 
the probable maximum and probable minimum values, using regular 
statistical methods. The following designations may then~be em- 
ployed : 

Rmax = probable maximum value 

Rmin = probable minimum value 

range — Raz tate Rin 

R; = the measured value of Rr 

and corresponding designations for the values of “n”. The quality 


index can then be expressed as follows: 


(Rxn) index — Ri = Rein y 11 — min y 1999 


range Nrange 


It is clear that this quality index can range from 0 to 1000, because, 
if either R, or n; is at the minimum, then one of the fractions is zero; 
and if both R, and. are at the maximum, then both fractions are 





1214 TRANSACTIONS OF THE A. S. M. Vol. 42 


equal to 1. The (Rxn) ‘quality index was calculated for all of the 
lots in this investigation, and the distribution of values is shown in 
Fig. 10. It can be seen that the poor and good lots fall almost com- 
pletely into two separate distributions. Out of twenty-seven lots 
having indices lower than 300, twenty-four lots exhibited poor press 
performance, whereas fourteen of the nineteen lots having indices 
above 300 exhibited good press performance. 

The separation between good and poor lots which can be effected 
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Fig. 10—Distribution of Values of (R x n) 
Quality Index for All Lots Tested. 


by the use of the (R xn) quality index is illustrated in another man- 
ner in Fig. 9 wherein, as already mentioned, “n” values are plotted 
against corresponding “Ry,” values for all the lots tested. The heavy 
curved line was calculated on the basis of an (Rxn) index of 275 
and represents the dividing line between good and poor quality. Ac- 
cording to this criterion, the region of the plot lying above the cal- 
culated curve represents good quality. It can be seen that the points 
for twenty-four of twenty-nine poor lots lie below the curve and those 
for fourteen of seventeen good lots lie above the curve. It should also 
be noted that the calculated curve conforms closely to that which 
would be drawn by inspection of the plotted points in such a way as 
to effect the best separation between good and poor materials. 

The question can now be raised as to whether an equally good 
criterion for predicting press performance could be obtained by con- 
sidering some property other than the “n” value in combination with 
the “R,” value. Obviously, the “Ry,” value must be retained in the 
criterion, since it measures a characteristic which is not reflected in 
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the customary tests. Proceeding on this basis, the yield-tensile ratio 
was next considered. Since, as previously indicated, this property 
reflects to a certain extent the strain hardening characteristics of a 
material, it might be expected to provide a correlation with per- 
formance similar to that obtained with the “n” value. The relation- 
ship between yield-tensile ratio and “n” value can be seen from the 
data plotted in Fig. 11 which indicate that, although there is consid- 


erable scatter, the yield-tensile ratio tends to decrease with increasing 


Yield - Tensile Ratio 
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Fig. 11—Relationship between Yield—Tensile Ratio and 
“‘n” Value. 


‘é 99 


n” value. It is evident, therefore, that lower yield-tensile ratios are 
indicative of better work hardening characteristics. In Fig. 12 the 
distribution of yield-tensile ratio values is shown. It can be seen 
that above a ratio of 0.55, thirteen out of fifteen lots exhibited poor 
drawing performance. Since this separation is very similar to that 
observed with the “n” value, a combined criterion of favorable “R,”’ 
value and favorable yield-tensile ratio was tested, The results can 
be seen in Fig. 13 in which yield-tensile ratio is plotted against “R,”’ 
value. If it is assumed that an “Ry”’ value of 1.50 or greater, together 
with a yield-tensile ratio of 0.55 or less, is required for good press 
performance, it is found that twenty-three out of twenty-nine lots 
failed to reach these requirements. Similar treatment of the 
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Fig. 12—Distribution of Yield—Tensile Ratios 
for All Lots Tested. 
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Fig. 13—Yield-Tensile Ratio Versus ‘“‘Ru’’ Value for 
All Lots Tested. 


good lots indicated that thirteen out of sixteen lots fulfilled the 
assumed requirements for good press performance. It is evident, 
therefore, that this criterion results in a separation of good and poor 
lots almost as good as that obtained when the “R,;,” and “n” values 
were considered in combination. It is evident from the distribution 
of the data in Fig. 13, however, that a single quality index combining 
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Fig. 14—Distribution of (a) Rockwell ‘‘B’’ Hardness, (b) Per Cent Elongation in 2 


Inches, and (c) Yield Point Values for All Lots; (d) Distribution of Olsen Ductility Values for 
Twenty-Six Lots. 


the “Ry,” value and yield-tensile ratio could not effect as complete a 
separation as was obtained by the use of the (Rxn) quality index 
described previously. 

From the distribution of hardness values shown in Fig. 14a, it 
can be seen that fourteen out of nineteen lots having hardness values 
above Rockwell B-40 exhibited poor press performance. By arbi- 
trarily considering a maximum hardness value of 41 and a minimum 
“Ry” value of 1.50 as requisites for good press performance, it is 
found that twenty-five of twenty-nine poor lots failed to come up to 
these assumed requirements. When the seventeen good lots are 
considered, however, it is found that only twelve actually fulfill the 
above assumed requirements for good press performance. It is evi- 
dent that this separation is considerably poorer than that obtained by 
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considering the “Ry” value in combination with either the “n” value 
or the yield-tensile ratio. 

The question might also be raised as to whether the total elonga- 
tion in the tension test could be considered in combination with the 
“Ry” value as a criterion for predicting performance. The distribu- 
tion of elongation values is shown in Fig. 14b, from which it can be 
seen that twelve out of sixteen lots having elongation values under 
43% exhibited poor press performance. When elongation is con- 
sidered in conjunction with “Ry” value, however, the separation 
which is possible between good and poor material is very unsatisfac- 
tory, with six good lots and six poor lots being incorrectly rated. In 
order to obtain even this degree of separation, it is necessary to use a 
rather high elongation value as a minimum requirement for good 
press performance. 

Distributions of yield point values and Olsen cupping test values 
are shown in Figs. 14c and 14d. Olsen values for only twenty-six 
of the lots were available, but it is evident that this test does not 
discriminate satisfactorily between good and poor material. Inspec- 
tion of the distribution of yield point values also reveals that these 
values are distributed in such a way that no effective separation of 
good and poor lots can be made. 

It is important to point out that in only a very few instances in 
the present investigation did material having poor press performance 
exhibit a definitely unfavorable microstructure. It is generally con- 
sidered that the elongated grain structure characteristic of cold- 
reduced and box-annealed aluminum-killed steel which has been rap- 
idly cooled following finish rolling of the hot strip (15) is a favorable 
characteristic for best performance in severe fender draws. The 
equiaxed grain structure, on the other hand, which can result from 
slow cooling of the hot strip after finish rolling, is generally associated 
with poor press performance in the types of “forming’’ operations con- 
sidered in this investigation. All of the good lots which were exam- 
ined possessed an elongated grain structure ; twenty-three of the poor 
lots also had an elongated grain structure, with the remaining six 
poor lots exhibiting an equiaxed grain structure. Among the twenty- 
three poor lots with an elongated grain structure, no excessively 
small nor excessively large grain sizes were found, indicating that 
neither grain shape nor grain size could account for the poor per- 
formance of more than six out of a total of twenty-nine poor lots. 
It should be pointed out that all of the lots having an equiaxed grain 


- 


~ 
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structure exhibited low “Ry,” values. It should not be inferred from 
this observation, however, that elongated grain material will always 
possess high “Ry,” values. As a matter of fact, not only did quite a 
number of lots having elongated grain structure exhibit low “Ry”’ 
values, but also an elongated grain lot had the lowest “Ry” value of 
any observed in this investigation. 

Magnetic torque curves were obtained for all of the forty-six lots 
of known drawing performance. An examination of Fig. 15, in which 
the distribution of the various types of torque curves is plotted, 
reveals that fifteen out of seventeen good lots are characterized by 
type “A” curves. However, it is also apparent from Fig. 15 that the 
performance of all the poor lots cannot be accounted for on the basis 


® Good 
© Poor 
Favorable Type -A 
Unfavorable Types - A’,B,C,D,E 


Number of Lots 
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Type of Magnetic Torque Curve 


Fig. 15—Distribution of Types of Magnetic Torque 
Curves for All Lots Tested. 


of unfavorable types of torque curves alone. This observation is not 
unexpected, since it has previously been shown that the “Ry,” values, 
which are related to the magnetic torque characteristics, likewise 
could not account for the performance of all of the poor lots. It will 
be recalled that the best separation of good and poor lots was made 
by considering the “n” value in combination with the “Ry” value. 
If it is now assumed that a type “A” torque curve, together with a 
minimum “n” value of 0.240, is required for good press performance, 
it is found that fifteen of the seventeen good lots and twenty-five of 
the twenty-nine poor lots can be correctly rated. The relationship 
between “Ry,” value and the type of magnetic torque curve for all 
forty-six lots investigated is shown in Fig. 16. It can be seen that the 
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correlation is about the same as that previously shown in Fig. 6 for 
the first group of twenty lots. 


C—Performance Trial of Materials Processed so as to Have 
Different Plastic Flow Characteristics 


As already pointed out, all of the formations considered in the 
above correlations of various properties with drawing performance 


Favorable Type -A 
» hetinailaiela Types - A’. B,C,D,E 





A A B C D E 
Type of Magnetic Torque Curve 


Fig. 16—Qualitative Correlation between ‘“‘Ri”’ 
Value and Type of Magnetic Torque Curve for All 
Lots Tested. 


involve severe biaxial stretching of an unsymmetrical nature. In 
view of the fact that most of the poor lots studied in this investiga- 
tion exhibited considerably lower “Ry,” values than those character- 
istic of good material, there can be little doubt that plastic anisotropy 
is a major factor in controlling press performance in the forming 
operations considered. It seems likely that anisotropy of a favorable 
character can lead to a better general distribution of strain in an 
unsymmetrical draw by minimizing localization of deformation. 

In order to obtain more specific information of the effects of 
plastic anisotropy on press performance in an unsymmetrical type of 


a 
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Table IV 
Comparison of “R.’’ and ‘“‘n” Values for Trial Lots “‘L”’ and “X” 
Lot “Ry” Value “‘n”’ Value 
L 1.56 0.252 
x 0.93 0.236 
50 
Lot lL L+T=40 
3¢ 40 Lot X L+T=70 
< 
~ tx 
2 30 Lo 
w~ 
@ 
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@ 20 
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Fig. 17—Distribution of Strains in Fenders (Formation 
C) Formed from Trial Lots L and X. 


forming operation, two special lots were produced for trial in Forma- 
tion C. The first of these lots was processed in such a way that its 
properties were considered optimum for best performance in this 
formation, whereas the second lot was processed in such a way as to 
produce a more isotropic material having ordinary mechanical prop- 
erties closely similar to those of the first lot. Press runs involving 
approximately seventy sheets from each of these lots were then made. 

The “Ry,” and ‘“‘n” values for these two lots, which were desig- 
nated as “Lot L” and “Lot X”, respectively, are shown in Table IV. 
In the performance trials, the first lot ran with no breakage, whereas 
the second lot ran with 18% breakage. Study of the strain distribu- 
tions in the noses of fenders formed from gridded blanks indicated 
that much more severe localization of deformation and much higher 
maximum strains occurred in material from Lot X than in material 
from Lot L. Since the maximum strain in fenders formed from 
Lot X was much greater than that in fenders formed from Lot L, 
the higher breakage in Lot X obviously cannot be attributed to a 
lower ultimate ductility, but, rather, must be accounted for on the 
basis of a less favorable distribution of strain, in which a local area 
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of material makes a disproportionately large contribution to the over- 
all stretch required to form the fender. It is believed that the favor- 
able plastic anisotropy of Lot L is largely responsible for the more 
favorable strain distribution obtained in this unsymmetrical draw. 
In Fig. 17 a comparison can be made of the strain distributions ob- 
tained in fenders formed from the two lots. The curves shown rep- 
resent the transverse strains measured along a transverse section 
passing through the point of maximum strain in the nose of the 
fender. It can be seen that the maximum transverse strain in the 
fender formed from Lot L is 25%, whereas the corresponding maxi- 
mum strain in the fender formed from Lot X is 40%. The sums of 
the longitudinal and transverse stretches at these points are also indi- 
cated in Fig. 17 and amount to 40 and 70% for Lots L and X, respec- 
tively. Whether this difference in strain distribution is a consequence 
of difference in plastic anisotropy alone cannot be stated at the pres- 
ent time, since the “n’’ value for Lot X is somewhat lower than that 
for Lot L. This difference in “n” value could well have contributed 
to the observed difference in strain distribution, although it is be- 
lieved that the major effect is that due to the difference in plastic 
anisotropy. 


GENERAL DISCUSSION 


As indicated previously, it has been generally believed that mate- 
rial substantially free from directionality in plastic properties would 
result in the best press performance in any type of sheet metal form- 
ing operation. Apparently this belief has its origin in difficulties 
experienced in the formation of symmetrical shapes, such as cylin- 
drical cups, where it is well known that pronounced plastic anisotropy 
produces earing and frequently leads to breakage. Since it has come 
to be recognized so widely that these difficulties in symmetrical types 
of forming operations can be eliminated through the use of material 
processed so as to have a minimum of anisotropy, the assumption has 
apparently been made rather generalHy that such materials would 
likewise be best suited for other types of forming operations, and, 
indeed, numerous statements to this effect have been made in the 
literature. 

As the present investigation proceeded, it became evident that 
the prevalent ideas regarding the desirability of using isotropic 
material in all types of deep drawing operations should be modified. 
Although it is still believed that an isotropic material is best suited 
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for symmetrical forming operations, it has been demonstrated that 
material having a considerable degree of plastic anisotropy of a 
favorable nature results in the best press performance in the partic- 
ular unsymmetrical formations studied in this investigation. On 
the other hand, it has been shown that material having a minimum 
of plastic anisotropy results in very poor press performance in these 
same unsymmetrical formations. The superior’ performance of the 
anisotropic material in these formations is believed to be a conse- 
quence of a more favorable distribution of strain than that obtained 
with isotropic material in the same formations. The evidence 
obtained in the strain distribution studies on fenders formed from 
Lots L and X, described previously, supports this hypothesis. In 
this experiment, it was shown that fenders formed from the nearly 
isotropic material represented by Lot X exhibited a very severe 
localization of strain, whereas fenders formed from the markedly 
anisotropic material represented by Lot L exhibited a more wide- 
spread distribution of strain and consequently much lower maximum 
total strains. This difference in maximum strain was, of course, 
reflected in the higher breakage observed for Lot X. It should be 
emphasized that Lot X was purposely processed in such a way as 
to be ideally suited for a symmetrical draw, i.e., so as to have a 
minimum of anisotropy. This lot is thus representative of the type 
of material which is widely used to obtain best results in symmetrical 
forming operations. 

On the basis of this evidence, it appears that the material 
requirements for best drawing performance for all types of formations 
must be re-evaluated. In particular, information developed in this 
investigation strongly indicates that the performance in many deep 
drawing operations can be improved by suiting the plastic anisotropy 
of the material to the symmetry of the formation. 


SUMMARY AND CONCLUSIONS 


1. Sheet steels having excellent press performance in difficult 
unsymmetrical fender draws exhibit marked plastic anisotropy as 
measured by the ratio of width strain to thickness strain (“R” 
value) in the simple tension test. 

2. This plastic anisotropy has been found to be associated with 
preferred crystallographic orientations by correlating “R” values 
with magnetic torque characteristics, the latter being known to 
reflect preferred orientations. 
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3. A large number of examples of apparently anomalous draw- 
ing performance in severe fender draws can be explained on the 
basis of unfavorable plastic anisotropy, thus demonstrating the impor- 
tance of favorable anisotropy as a factor in good press performance 
in this type of draw. 

4. A quality index based on a combined requirement of favor- 
able plastic anisotropy (“Rzy” value) and favorable strain hardening 
exponent (“n” value) gives a very high degree of correlation with 
drawing performance in tests of forty-six lots having wide differ- 
ences in press performance but exhibiting very similar ordinary 
mechanical properties. 

5. The yield-tensile ratio can be used as an alternate to the 
“n” value as a measure of strain hardening, although somewhat 
poorer correlation with drawing performance is obtained when the 
yield-tensile ratio and the “R,,”’ value are considered in combination 
than when the “n” value and the “Ry,” value are considered in 
combination. 

6. Material processed so as to give good performance in a 
symmetrical draw, i.e., in such a way as to minimize anisotropy, is 
shown to result in high die scrap in an unsymmetrical fender draw. 

7. It appears that the prevalent belief that a randomly oriented, 
isotropic sheet is best for any type of forming operation, other things 
being equal, should be abandoned in favor of the concept that the 
plastic anisotropy characteristics of the material must be suited to 
the symmetry of the forming operation. 
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DISCUSSION 


Written Discussion: By James W. Halley, chief research engineer, 
Inland Steel Co., Chicago. 

The authors are to be congratulated on demonstrating a new and 
important variable in the drawing quality of steel. 

The amount of effort and perseverance necessary to collect the 46 lots 
of variable performance can be appreciated only by those who have tried 
to get similar samples from production press shops. 
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The importance of the “R” value in drawing fenders is thoroughly 
demonstrated, but the authors have little confidence in its importance in 
symmetrical drawing operations. Though no data are given for sym- 
metrical drawing operations, consideration of the significance of the “R” 
value would indicate that it should apply to all types of drawing opera- 
tions. 

The “R” value represents anisotropy of strain between the thickness 
and plane of the sheet. This is not necessarily related to anisotropy in 
the plane of the sheet. Fig. 2 of the paper shows this. Lot A has an 
“R” value greater than 1.2, when tested in various directions, and in no 
direction shows an “R” value as low as Lot C. 

A high “R” value represents a marked resistance of the sheet to 
thinning and a strong tendency to pull metal from the sides. As shown 
in Fig. 2, this tendency is not confined to tensile stresses in any one 
direction in the plane of the sheet. A high “R” value should, therefore, 
be as beneficial in a symmetrical drawing operation as in an unsymmetrical 
drawing operation. 

If the “R” value remains constant during uniform elongation, it should 
be possible to obtain a single index from the tensile test, which will rep- 
resent the ability of the sheet to distribute plastic strain. If the thickness 
strain is expressed as a natural strain, and plotted against the actual 
stress, on log-log paper, a straight line should result. The slope of this 
line will give an “n” value that represents the resistance of the sheet to 
becoming thinner when strained in the plane of the sheet. This index, 
which could be called “n;”, would be an index of the drawing quality of 
the sheet. 

Written Discussion: By R. H. Heyer and R. L. Solter, Research 
Laboratories, Armco Steel Corp., Middletown, Ohio. 

The test methods developed by the authors are of great interest to a 
large group of producers and fabricators of steel sheets and strip, and it is 
hoped that the tests will prove to be indicative of drawing or stretching 
quality when put to more general use. 

The objective of the work reported in this discussion is 4 comparison 
of the methods of the authors with other procedures reported in the lit- 
erature and with certain variations of these methods which seemed prom- 
ising. 

Two lots of deep drawing steel were used, one of which was satisfac- 
tory and the other unsatisfactory for a difficult symmetrical drawing 
operation. The mechanical properties of these materials are: 


A (Satisfactory) B (Unsatisfactory) 
OD in 5 ais g hd nh eneb a aaeennees 0.0425 0.0415 
EE TED oak 6 ko o bbe vs bc bE ER TS 22,700 29,000 
Ne OT Serr re er ere 42,500 43,800 
PE rhs o cbse ada decane ssvike ee 0.53 0.66 
Elongation in 2 Inches, % .........eses00. 46 43 
DE TEES svn ea Se ROE abe ORE Go oe 34 38 


Four-inch parallel gage section specimens similar to those used by 
the authors were machined. Ten lines were lightly scribed at 0.2-inch 
spacing in the center two inches-of the specimen. Width and thickness 
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were measured by hand micrometer at each line. The specimen was 
stretched in a hydraulic testing machine (2000-pound range) using Tem- 
plin grips. Huggenberger tensometers were placed on the edges of the 
specimen for alignment purposes, using loads well under the yield point. 
The Huggenbergers were removed and a X10 KBY autographic extensom- 
eter applied to the center section of the gage length. The test was 
continued to maximum load, which occurred at 25 to 30% extension. The 
specimen was removed from the testing machine and the width and thick- 
ness remeasured. The test was then taken to fracture. The rate of strain 
beyond the yield was 0.1 inch per inch of gage length per minute. After 
fracture, the width and thickness were measured at those lines which 
were 1 inch or more from the fracture. 


The “n” and “R” values obtained by the following methods are sum- 
marized in Table IV. 


Table IV 
Summary of Experimental Values of n and R for Two Materials: 
A (Satisfactory Draw), B (Unsatisfactory Draw) 





Ai Ao Bi Be 


n, Slope of true stress-strain curve...................:. 0.237 0.244 0.239 0.236 
ng Nelson and Winlock? at\0.05 strain................. 0.285 0.285 0.277 0.277 
ng Nelson and Winlock? at 0.10 strain................. 0.265 0.270 0.270 0.268 
OE gg OR ee eS eee omer 0.242 0.241 0.245 0.245 


ie oe ee a a. ss a htc eneeedee ee 0.311 0.318 0.252 0.288 
ng Krupkowski and Kawinski*—In (1+ e’) after fracture 0.311 0.321 0.254 0.288 


nz Krupkowski and Kawinski* at maximum load......... 0.243 0.247 0.244 0.245 
ie; RENN AC Ne aa ls aug Dinca ae dad 4.64 Bibs b oo ¥a-0'0 1.40 1.54 1.19 1.23 
Rs Alternate method proposed by authors................ 1.37 1.33 1.21 1.23 
Rg Krupkowski and Kawinski*—e’n/e’» after fracture..... 1.45 1.69 1.23 1.27 


R; Krupkowski and Kawinski®—e’n/e’h at maximum load.. 1.48 1.57 1.21 1.26 


ni—From the autographic load extension curve, true stress was calculated 
at strain intervals of 0.025 between a strain of 0.05 and the strain at 
maximum load. In this discussion, strain intervals indicated are ex- 
pressed in percentage extension; i.e., 0.025 equals 2.5% elongation. 


load 


True strain was calculated from the extension values 
true strain = In (1 + e) 
where A, is the original area 
e is the measured extension (nominal) 
ni was determined from the slope of the true stress—true strain curve 
as in Fig. 1. Elastic strain is neglected in this method. 
ne—The determination of nz is based on the method of Nelson and Win- 
lock* using the load reading at 0.05 strain and the maximum load 
reading from the autographic curve. 
ns—Same as ne except based on 0.10 strain. 
ni—It has been shown that n is numerically equal to the uniform elonga- 
tion; i.e., the true strain at maximum load.* 


true stress — 





(1+ e) 


é . A 
n, = true strain at maximum load = In — 


“Paul G. Nelson and Joseph Winlock, “A Method of Determining the Percentage Elon- 


gation at Maximum Load in the Tension Test,” Bulletin, American Society for Testing 
Materials, No. 156, January 1949, p. 53. 
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where A is the average cross sectional area at maximum load from 
width and thickness readings at ten locations. 
ns—Same as m except A is the cross sectional area from width and thick- 
ness measurements made 1 inch or more from the fracture. 
ne—Krupkowski and Kawinski*® have recently published a method for de- 
termining plastic anisotropy of metals based on measurements made 
after the fracture. Their coefficient K, is somewhat similar to the 
authors’ R. . 
K, = = 
eb 
where e’n and e’, are coefficients of partial uniform elongation defined 


as: 
2 
e’» — 0.5 | (?:) -1| 
2 
4 =05 | (#) =| 
ha 


where b, and by, are initial and final thickness 
h, and h, are initial and final width 
e’p + e’n = e’ 
where e’ is the coefficient of total uniform elongation (equivalent to e 
as used in determining n). 
Ne = true strain = In (1 + e’) 

n;—Same as for ne except that the width and thickness measurements at 
maximum load were used. 

R,—The principal method used by the authors is based on average width 
and thickness at or near the maximum load. It is not clear to us 
whether the authors used nominal or true width and thickness strains. 
In this discussion 








to 
In — 
tm 


R;—Same as Ry except measurements of width were made after fracture. 


Re—Re = K, — J. 
Cb 





R-—Same as Re except measurements were made after fracture. 


The values n: and Ry, are most directly comparable to the n and Rx 
values reported by the authors. 

The ne and ns values by the simplified method proposed by Nelson and 
Winlock have been found to be higher than m, both in the tests here re- 
ported and others conducted in our laboratory. However, the ne and ns 
values are quite reproducible. 

It is interesting to note that the reported numerical equality between 
n and the total true strain to maximum load is quite well confirmed by the 
experimental values of ma. 

When this method was modified by using “after fracture” instead of 
“maximum load” measurements, the resulting values of ns were’ found to 
be high compared with m, and not closely reproducible. 


8A, Kru ape and S. Kawinski, “The Phenomenon of Anisotropy of Annealed Poly- 
etals,”’ Journal, Institute of Metals, July 1949, p. 869. 


crystalline 
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Using the same “after fracture’ measurements in an extension of the 
Krupkowski and Kawinski relationships, the values of ne check n; closely. 

A further adaptation using measurements at maximum load gave n, 
values which are in good agreement with m, and reasonably close to m. 

Reviewing the various n values, there appears to be no significant 
difference between the two materials. However, the R values determined 
by various methods all indicate superiority of the A (satisfactory) 
material. 

The methods yielding ns and n; are the most promising of the rapid 
methods for determining the work hardening rate. However, these are 
both more difficult to calculate than the Nelson and Winlock method 
yielding ne and ns. 

Experimentally, ns and ne are the most rapid. Although the results 
are not in agreement with m, with more experience they may be found 
to be significant. 

The Re value can be obtained with the simplest test procedure and 
calculations, hence should be given consideration as an alternate to the 
method for R,. 

Our data are not extensive enough to justify any of the modified 
procedures reported here. We would be interested, however, in the auth- 
ors’ evaluation of the several methods. 

Written Discussion: By T. S. Howald, chief chemist, Chase Brass & 
Copper Co., Inc., Midwestern Division, Euclid, Ohio. 

It is encouraging to know that others are thinking along the line that 
directionality in deep drawing metal is not to be regarded as completely 
detrimental. For some time, we have mused upon this very thought but, 
because of the great efforts that are made in mill practice to eliminate 
directionality and, likewise, because of the aversion which the press shop 
operator has for directional metal, we have not pursued this idea to any 
great extent. In our own files, we have a very good example of where it 
was possible to decrease the blank size and make a difficult draw in 70/30 
brass by virtue of the fact that the material had anisotropic properties. 

The concept of evaluating some simple quantity from a simple tension 
test that would correlate with the deep drawing property of metal is not 
entirely new. In the second half of our paper, we demonstrated a high 
degree of correlation between slope o plots (which are reciprocal R values 
described in this paper) and the earing or drawing properties of copper 
having varying degrees of directionality. Since this time, this work has 
been further extended and the same correlation has been found in the 
case of gilding metal,® cartridge brass,** aluminum, nickel, aluminum- 
killed and rimming steel.” The present paper is an excellent confirmation 


_ ‘Wm. M. Baldwin, Jr., T. S. Howald and A. W. Ross, “Relative Triaxial Deforma- 
oa ~~ «ol Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 
, 1946, p. 86. 


5T. S. Howald, ‘‘Directionality in Gilding Metal,’’ Master’s Thesis, Case Institute of 
Technology, 1947. 

°M. L. Fried and R. E. Spear, “A Correlation of_ Triaxial Deformation Rates with 
Earing Effects in 70/30 Brass,’’ Undergraduate Thesis, Case Institute of Technology, 1946. 


TUnpublished work, Research Department, Midwestern Division, Chase Brass & Copper 
Co., Inc., Euclid, Ohio. 
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of this work and demonstrates that the test can be very easily applied 
on a commercial basis to determine drawing properties. 

There is one point to re-emphasize and that is that, as yet, there 
is no exacting fundamental explanation for the correlation that exists 
between the slope o curves and the position of ears on cups drawn from 
circular blanks of anisotropic metal. 

Written Discussion: By L. R. Jackson, research supervisor, Battelle 
Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated, not only for their excellent 
analysis of the data, but also for being so fortunate as to have so many 
heats in which press performance data and detailed mechanical property 
data were both available. 

Assuming that some of the material is still available, I wonder if the 
authors have considered the idea of extending the comparison between 
“R” values and magnetic to torque curves with respect to the following 
considerations. 

The “R” values certainly represent plastic anisotropy. While the 
plastic anisotropy may be determined by preferred orientation, it might 
also be affected by other variables. That is, one might imagine a mate- 
rial that would have random crystallographic orientation of the grains 
and would be elastically isotropic but which might still be plastically 
anisotropic for other reasons. The magnetic torque measurements are 
probably governed mainly by preferred crystallographic orientation, but 
these also might be affected by the other variables that control plastic 
anisotropy. 

In view of the fact that the magnetic torque test is potentially a more 
rapid test than the determination of “R” values, it would seem desirable 
to have a clear-cut understanding of the relation between magnetic torque 
results and “R” values. If a satisfactory relationship could be established, 
the practical usefulness of the torque test could be fully realized. 


Authors’ Reply 


The authors wish to express their appreciation for the very con- 
structive discussion presented to this paper. : 

Mr. Halley has raised a very interesting question regarding the 
mechanism by which plastic anisotropy influences behavior in the press. 
He suggests that a material such as Lot A, having “R” values in all 
directions in the plane of the sheet greater than one, would give better 
performance in a symmetrical drawing operation than an isotropic mate- 
rial. It is difficult to refute this suggestion directly because most of the 
symmetrical draws with which we have had experience involve an added 
complication, namely, the hazard of earing. Material such as Lot A is 
known to be subject to earing, and in some instances may ear to such an 
extent as to prohibit successful formation of the part. Under such condi- 
tions, an isotropic material is obviously superior. If, for the sake of 
argument, earing is omitted from the discussion, we still do not believe 
that the problem is as simple as visualized by Mr. Halley. It is true that 


a high “R” value represents a marked resistance of the sheet to thinning 
~— 
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and a strong tendency to pull metal from the sides in a simple tension 
test. When the material is subjected to biaxial stretching, however, 
the picture is not so simple. If one stretches a sheet uniformly in all 
directions in the plane of the sheet, it would appear that the amount of 
thinning would hardly depend on the “R” value. 

Mr. Halley has also suggested a single quality index, “nt”, apparently 
with the thought of combining the work hardening and directionality 
attributes into a single parameter. If we understand the suggested pro- 
cedure correctly, it is not evident that any quantity other than the “n” 
value as described in the paper would be determined. If, as Mr. Halley 
assumes, and as. was stated to be the case in the paper, the “R” value 
remains constant during uniform elongation, then the thickness strains 
and the width strains are fixed fractions of the axial strains (elongations). 
The only effect of plotting thickness strain rather than axial strain as was 
done in the paper would be to cause a displacement of the straight-line 
log-log stress-strain curve parallel to itself, and the “n” values determined 
by the two methods would be identical. In the paper, the power law 
relationship was written 

oko 
with 6 referring to the true axial strain, which shall now be designated 
as 64. The “R” value is defined as 


ow 
a 
where dw and dr are the true width and thickness strains. Therefore, 
bw — Riv 
Making use of the constancy of volume condition 
bw+5r+ 52 =— 0 
it can readily be shown that 
(R +1) de = —iz 
Considering absolute values of strain, 5: can be replaced in the power law 
relationship with the following result: 
o=—k(R+1)" 62" 
The factor (R +1)" is constant for any given test and only acts to dis- 
place the log-log plot of stress versus strain parallel to itself. It can be 
seen, therefore, that although the displacement of the stress versus thick- 
ness strain plot would be a function of the “R” value, the slope of the log- 
log plot would remain unchanged and two parameters would still be 
required to describe both the strain hardening characteristics and the 
plastic anisotropy. 

The discussion presented by Messrs. Heyer and Solter is appreciated 
not only because data confirming the importance of the “R” value are 
presented, but also because of the valuable comparisons of various modi- 
fied procedures for determining the “n” and “R” values. At the present 
time, we are not in a position to add to the evaluation of the several 
methods discussed, although certain of them are currently being inves- 
tigated. In the investigation described in the paper, it was our belief that 
the utmost attention should be paid to experimental methods and that the 
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most precise techniques available should be employed. In this way, the 
greatest significance could be attached to observed differences in the 
properties of various materials. Once these significant differences are 
isolated, modifications of a practical nature in testing procedure can be 
considered more rationally. 

Mr. Howald’s interesting discussion includes some additional confir- 
mation of the concept of favorable directionality based on observations 
of 70-30 brass. With regard to Mr. Howald’s statement, “The concept 
of evaluating some simple quantity from a simple tension test that would 
correlate with the deep drawing property of metal is not entirely new,” 
it was not our intention to imply that the evaluation of directionality by 
measurement of the “R” value is new. Reference was made to the excel- 
lent paper by Baldwin, Howald and Ross (Ref. 10), in which measurements 
of this type are reported. The correlation with drawing performance in 
that paper, however, was concerned specifically with the earing tendency 
only, and not with the problem of breakage and the more general aspects 
of the influence of plastic anisotropy in both symmetrical and unsym- 
metrical draws. 

Mr. Jackson has raised an important question regarding the relation- 
ship between plastic and magnetic anisotropy. Theoretically, this rela- 
tionship could best be rationalized in terms of a knowledge of the actual 
preferred crystallographic orientations existent in the material, Practi- 
cally, however, this is an exceedingly difficult problem for two reasons: 
(a) the degrees of preferred crystallographic orientation in the materials 
discussed in the paper are relativey low; (b) the crystallographic system 
of slip in alpha iron is so complex that even if the exact description of the 
preferred orientations were available, a direct relationship with the plastic 
behavior would be very difficult to establish. For the time being, there- 
fore, it seems likely that the “R” values and magnetic torque curves must 
be correlated on an empirical basis, in which case a limited generality 
must be placed on any observed correlation. 

It should be emphasized, however, that in the tests reported in the 
paper, clear-cut differences in magnetic torque curves were always found 
when large differences in “R” values existed. As stated in the paper, 
this observation is interpreted as indicating that the type of plastic 
anisotropy discussed in the paper is associated with preferred crystal- 
lographic orientations. 








STRESS CORROSION IN A STAINLESS STEEL 
COMPRESSOR 


By Frank W. Davis 


Abstract 


This paper discusses the failure of a stainless steel 
turbocompressor through stress corrosion of two rotors 
The unit was used to compress steam which was sub- 
sequently condensed for use in a chemical process requir- 
ing water of the highest purity obtainable. Chlorides were 
contained in both the raw water supply and leachings 
from parts of the failed unit, but the condensate produced 
contained less than one-half ppm of total solids. Excessivi 
dynamic stresses were imposed on all rotors by the 
removal mechanically of unequal lengths from all vane 
tips. Two rotors failed completely through transcrystal- 
line cracking. One side only of each of the adjacent 
rotors contained pronounced stress patterns of incipient 
transcrystalline cracks. No evidence of corrosive attack 
could be detected on the inside surface of the compressor 
casing except in the two stages in which rotor failure had 
occurred, where a decided stain pattern indicated the 
presence during operation of a fluid at least mildly cor- 
rosive. Data from a second compressor, which operated 
under identical conditions with no evidence of similar 
stress corrosion, are included for comparison. 


NUMBER of papers (1-4)? have been published in which stress 

corrosion failures of austenitic stainless steel are discussed. 
It has been stated that this type of failure results from simultaneous 
exposure of the metal to stress and corrosive media, neither of which, 
acting alone, would produce serious consequences. In all cases known 
to the author, the stresses contributing to such failure have been 
static. Since no reference could be found to stress corrosion of stain- 
less steel resulting from a simultaneous action of a mild corrosive 
medium and dynamic loading, it is felt that data relative to the 
failure of a multistage turbocompressor, through stress corrosion in 
which the stresses resulted from unbalanced dynamic loading, will 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-first Annual Convention of the Soci- 
ty, held in Cleveland, October 15 to 21, 1949. The author, Frank W. Davis, 
is chief metallurgist, E. B. Badger & Sons Co., Boston, Mass. Manuscript 
received April 21, 1949. 
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contribute to the. general understanding of the stress corrosion 
phenomena. 

The compressor in question was a seven-stage unit used for 
the compression of steam which was generated through the partial 
evaporation of city water. After compression the steam was con- 
densed and used in processes requiring water of the highest purity 
obtainable. 

The compressors originally supplied for this service were fabri- 
cated almost completely of Type 304 stainless steel. Only outside 
supports and a few structural details not in contact with the steam 
were of carbon steel. Each unit consisted of a horizontal cylindrical 
stainless steel shell or casing provided with an inlet and outlet at 
opposite ends. The shell was divided into seven stages by circular 
stainless steel deflectors spaced at intervals along the cylinder, 
perpendicular to its axis. The deflectors were so constructed as to 
conduct the gas from the circumference of one stage to the center 
of the next succeeding stage and were anchored by circular bands of 
stainless steel fitting snugly within the casing. These latter parts 
were designated as spacers. 

_Each stage contained a rotor mounted on a common shaft, which 
during operation was driven at a speed of 3600 rpm. Each rotor 
consisted of 16 radial Z-shaped vanes of 20 U. S. gage stainless 
steel attached to and separating two disks of the same material 24 
inches in diameter. The downstream disk of each rotor contained 
a concentric cylindrical hole for the admission of the vapor, which 
was discharged at the circumference. In this paper the side 
of the rotor or deflector nearest the compressor intake will be 
designated as downstream. Conversely, the side nearest the discharge 
will be referred to as upstream. . 

The initial lot of compressors was fabricated in accordance 
with the standard design for carbon steel. Unfortunately no heat 
treatment was included in the manufacturing procedure although 
both welding and severe cold working were involved. Two of the 
original lot failed in service. The first failure occurred because of 
intergranular corrosion after an operating period of six months. 
The replacement unit taken from the same lot failed through stress 
corrosion three months after installation. Both machines were 
returned for examination and study. While it is not the purpose of 
this paper to dwell on the failure which resulted from intergranular 
corrosion, certain phases of the findings from the investigation of 








1950 STRESS CORROSION IN STAINLESS STEEL 1235 





Fig. 1—Casing of First Failed Compressor Taken with Intake End Facing Camera. 


the first failure will be discussed because of their bearing on the 
failure of the second machine. 


CoMPRESSOR No. | 


The actual failure of the first compressor resulted from inter- 
granular cracking of the metal in the casing at a point adjacent 
to the fusion welds connecting the casing to the outlet. With the 
exception of areas adjacent to fusion welds there was no pronounced 
attack of the surface of the casing. A decided discoloration of the 
inside metal surface appeared to increase from a light stain in Stage 
No. 1 to a very dark coloring in that portion corresponding to 
Stage No. 5. It was later learned that, when these particular units 
were operated, distilled water was continuously admitted into Stage 
No. 5 for the purpose of desuperheating the vapor. It is believed 
that the stain pattern on the inside surface of the casing is related 
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Fig. 2—Section Through Defective Spot Weld. Electrolytic etch. X 50. 


to this practice. Fig. 1 shows the casing of the first compressor 
with all rotors and all but one deflector removed, revealing the stain 
pattern. This photograph was taken with the intake end of the 
casing facing the camera. 

All fusion welds of the entire assembly displayed evidence of 
at least incipient intergranular attack. Examination of resistance 
spot welds, used to assemble the rotors and deflectors, disclosed some 
rather interesting facts. When the welding conditions had been 
properly controlled to form a small-button, no detrimental effect on 
the metal could be detected. When the pressure and/or welding 
current had been excessive, as evidenced by pronounced burnout 
in the spot and by buttons which extended through the entire 
section of the two sheets welded, examination disclosed transcrystal- 
line cracks both in the weld and in the adjacent metal. Fig. 2 is a 
photomicrograph of a section through a defective spot weld found 


wr 
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Fig. 3—Section Through Satisfactory Spot Weld. Electrelytic etch. 50. 


on one of the rotors. Fig. 3 shows a weld which was regarded as 
satisfactory, since no cracks had developed nor could carbide pre- 
cipitation be detected. 

All rotors removed from this machine appeared to be in excellent 
condition. With the exception of the metal in the small flanges 
which had been spun at the outside circumference, there was no 
evidence of surface corrosion. The flanged area of nearly all rotors 
contained fine radial lines which were judged to be the beginning 
of a stress corrosion attack. 

On the downstream side of Deflector No. 2, which separated 
the second and third stages, some tarnish was noted. Also there 
were a number of dark lines on the surface adjacent to areas in 
which the metal was formed by spinning. By far the greater number 
of these lines appeared in the outer circumference, in that part of 
the metal which had been flanged to the rear. Fig. 5 was made of 
a section prepared at right angles to the surface of a specimen 
removed from the spun area in which the dark lines appeared. 
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; Fig. 4—Phetograph of Downstream Side of Deflector Between Second and Third 
Stages from First Failed Compressor. 


Fig. 6 was made of the under edge of the same specimen. Trans- 
crystalline cracks, characteristic of stress corrosion, will be noted; 
also strain bands in both Figs. 4 and 5 indicate the presence of 
unrelieved stresses residual to the spinning operation. 


ComMPRESSOR No. 2 


In view of the findings relative to Compressor No. 1, the 
failure of the second unit in this service was not unexpected. The 
latter unit was returned as a matter of general procedure, and a 
routine check on its condition was undertaken primarily to confirm 
the findings relative to the first failure and to lend further weight 
to recommendations made to the compressor manufacturer for 
changes in material specifications and fabricating procedure. The 


- 
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5 Fig. 5—Section Through Spun Area of Deflector at 90 Degrees to Surface 
Showing Area at Outside Surface Corresponding to Dark Lines Observed on Spun 
Area. Electrolytic etch. x 500. 


fact that the service life of the second compressor has been 50% 
of that of the original unit was given little consideration. 


Preliminary Examination 


The initial examination of Compressor No. 2 disclosed that 
failure had resulted from the almost complete destruction of the 
rotors in Stages Nos. 3 and 4, and that this failure bore little 
similarity to the failure of the first compressor. No parts were found 
to have failed through intergranular corrosion. Precipitated carbides 
were present in the metal adjacent to all fusion welds, but the attack 
had not progressed to a degree approaching failure in any of the 
areas examined. 

The appearance of the inner surface of the casing was similar 
to that of Unit No. 1 shown in Fig. 1. The discoloration in Stages 
Nos. 3 and 4 was probably more pronounced in the second unit. 
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Fig. 6—Section at Right Angles to Surface in Spun Area of Deflector Showing 
Inside Surface. Electrolytic etch. Xx 500. 


The “spacer bands” in Stages Nos. 3 and 4 were destroyed. The 
failure of these parts could not be associated with the fusion welding 
by which they had been assembled, although ample evidence of 
carbides was later found in the areas adjacent to such welds. In 
the first compressor, the spacer bands had been found intact with 
evidence only of incipient intergranular corrosion adjacent to the 
welds.. Fig. 7 shows a portion of the spacer band removed from 
the third stage of No. 2 compressor. 

The vane tips had been broken from all rotors and were found 
in the bottom of the casing—the greater number being in the seventh 
stage. In the bottom of the first stage was found a carbon steel 
cleat approximately 4% by % by 6 inches. This cleat or strip had 
been welded to the first-stage spacer. Stainless steel had been 
specified but, inadvertently, carbon steel had been used. The welds 
attaching the cleat to the spacer had failed either because of poor 
quality or localized corrosion. 

Examination of the vane tips disclosed that the fractures were 


ow 
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_ Fig. 7—Photograph of Failed Spacer Band Removed from Third Stage of Second 
Failed Compressor. 


clean and sharp as might be expected from an impact break. 
Various lengths had been removed from the individual vanes, the 
shortest being approximately % inch and the longest slightly more 
than 1 inch. Pronounced dents were found in the surface of the 
wide tips from the first-stage rotor, indicating that fracture had 
resulted from impact with a fairly heavy body. No perceptible dents 
were found in the vane tips from the rotors in the succeeding stages. 
It was concluded, therefore, that the vanes of the first-stage rotor 
were damaged by the impact of the relatively heavy spacer cleat 
which had been detached through weld failure. Because of its size 
and weight the cleat was retained at the bottom of the first stage. 
The broken tips, being smaller and lighter, are assumed to have 
been carried in the vapor stream to succeeding stages where they 
served to fracture the vane tips from the remaining rotors. 

With the exception of the vane tips, the rotor in the first stage 
appeared to be in excellent condition. On the downstream side was 
found a deposit of nonmetallic material but no evidence of appre- 
ciable corrosion attack. It was assumed that the nonmetallic deposit 
on the downstream side of this rotor had resulted from the flashing, 
in the first stage, of finely divided liquid particles carried over in 
the vapor from the evaporator. Fig. 8 shows the downstream side 
of Rotor No. 1, revealing the nonmetallic deposit. 

The upstream side of the first-stage rotor was clean. The same 
type of incipient cracks noted during the examination of Compressor 


No. 1 were found in the spun area at the circumference of this and 
all rotors, 
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_ _ Fig. 8—Photograph of Downstream Side of Rotor Removed from the First Stage 
of Second Failed Compressor. Note presence of nonmetallic deposit. 


Rotor No. 2 was clean on the downstream side except for the 
spun area. The upstream side of this rotor was covered by a 
pronounced pattern of incipient cracks. A definite pattern could be 
traced, particularly around rivets and spot welds employed for 
fabrication, as well as in connection with scratches which had been 
made on the surface. Rotors Nos. 3 and 4 were almost completely 
destroyed. Fig. 8a shows one of the destroyed rotors as removed 
from the unit. It will be noted that the surface of the sheet material 
remaining is covered with a pattern of fine lines which on closer 
examination were revealed to be incipient cracks. Some scattered 
pitting was found on the surface of the two failed rotors. 

On the downstream side of Rotor No. 5 was found the same 
type of stress corrosion pattern as was noted-on the upstream side 
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Fig. 8a-—Photograph of One of the Destroyed Rotors Removed from the Second 
Failed Compressor. 


of Rotor No. 2. There was some evidence of pit corrosion also 
in the area of attack. Fig. 9 is a photograph of the downstream side 
of this rotor. The upstream side was found to have suffered a slight 
localized attack and some abrasion which appeared to have resulted 
from the rubbing of the rotor on one of the deflectors. 

Rotcrs Nos. 6 and 7 were free from attack and were almost 
identical in appearance with the rotor removed from Compressor 
No. 1. 

Microscopic Examination 


Specimens for microscopic examination were removed: 

(a) From the heat-affected zone adjacent to a fusion weld on 
one of the failed spacers ; 

(b) From an area in the same spacer some distance removed 
from fusion welding ; 

(c) From the sheet remaining on one of the failed rotors. 

Fig. 10 is a section through the metal of a failed spacer in the 
heat-affected zone adjacent to a fusion weld. Although grain bound- 
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Fig. 9—Photograph of Downstream Side of Rotor Removed from Fifth Stage of 
Second Failed Compressor. 


ary precipitation of carbides is pronounced, the cracks appear to be 
transcrystalline in nature. 

_ Fig. 11 is a section through the metal of the same spacer at a 
point removed from the fusion weld. The crack shown in this photo- 
micrograph is also transcrystalline. 

Fig. 12 is a section prepared parallel to the surface of a sample 
removed from an undistorted area of one of the failed rotors. The 
transcrystalline nature of the cracks is shown. The numerous strain 
bands appearing in the photomicrograph indicate that the metal had 
been subjected to stress of appreciable magnitude. 

Fig. 13 is a section prepared at 90 degrees to the surface of a 
sample removed from the failed rotor. Again all cracks are trans- 
crystalline in nature. 
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Fig. 9a—Photograph of Upstream Side of Rotor Removed from Fifth Stage of 
Second Failed Compressor. 


Fig. 14 is a section at 90 degrees to the surface and passing 
through one of the pits found on the failed rotor. The undercut 


shape of. this pit is frequently associated with the action on this 
alloy of chlorides. 


Chemical Investigation 


The steel from which the compressors had been fabricated was 
purchased from warehouse stock with no heat number or chemical 
analysis available. It was suggested that the difference in appear- 
ance and apparent susceptibility to attack of the two sides of Rotors 
Nos. 2 and 5 might have resulted from a difference in the chemical 
analyses of the steel. To check this point, a sample was prepared 
from each side of Rotor No. 5 and a chemical analysis made. The 
results of these analyses showed the materials to be identical. It 
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Fig. 10—Crack in Metal of Failed Spacer. Section removed from heat-affected 
zone adjacent to weld. Electrolytic etch. > 500. 


Fig. 11—Crack in Metal of Failed Spacer. Section removed from area not 
adjacent to welding. Electrolytic etch. x 500. 


must be concluded that the difference in appearance of the two sides 
of the two rotors is not related to the chemical composition. 
Although the exact analysis of the raw water being processed 


- 
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Fig. 12—Section Parallel to Surface of Sample Removed from Undistorted Area 
of Failed Rotor. Electrolytic etch. > 250. 


during the operation of this unit was not available, the following 
tabulation contains the average analysis for the years 1943, 1944 
and 1945. It was stated that no major change in the composition 
of the water supply had been noticed. 


Insol Fe Al Ca Mg Na SO, Cl Alkalinity Total Hardness pH 
7.1 0.1 1.6 80.4 28.3 10.2 93.5 20.0 220 317 7.47 


Samples for chemical analysis were removed from the white 
deposit found on the downstream side of the first-stage rotor. A 
dilute solution of nitric acid was used to leach the upstream surface 
of the first-stage rotor and both upstream and downstream surfaces 
of the second-stage rotor. Chemical analyses were made of the white 


Table I 
Composition of Deposits on Rotor Surface 


Fe Ca 


COs Cl SO, PO, 


Si 
Rotor Surface % % % % mg/sq.ft. mg/sq.ft. mg/sq.ft. 
No. 1 Downstream 5.3 29.8 0.8 >10.0 1.0 4.9 0.046 
No. 1 Upstream oe — es ee 2.6 11.5 0.43 
No. 2 Downstream — we er vee %5 2.5 0.021 
No. 2 Upstream nei gi sa 1.4 1.9 0.034 


**Not determined. 
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Fig. 13—Section at 90 Degrees to Surface of Specimen Removed from Failed 
Rotor. Electrolytic etch. X 250. 


Fig. 14—Section at 90 Degrees to Surface of Specimen Removed from Failed 
Rotor. Electrolytic etch. > 250. 


deposit and the leachings. The results are included in Table I. 
DiIscUSSION AND CONCLUSIONS 


From the data developed, it may be stated that two compressors, 
manufactured to the same design and by the same fabricating proce- 
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dure, failed when operating under identical conditions. The failure 
of the first compressor after six months’ operation was clearly the 
result of intergranular corrosion in areas made susceptible by 
-improper fabricating procedure. Some slight stress corrosion attack 
was found in both units as a result of the action of a mild corrosive 
medium on metal made susceptible to this type of attack through 
unrelieved stresses resulting from fabricating. No evidence could 
be found to indicate that the failure of the second compressor was 
related to intergranular attack, although precipitated carbides were 
present in the same areas and to approximately the same extent as 
in the first unit. 

Although continuous electrical conductivity tests performed on 
the condensed discharge from the compressors indicated a total solid 
content of less than % of 1 ppm, stains developed in certain areas 
and localized pitting indicated the presence in those areas of a fluid 
at least mildly corrosive. 

The presence of liquids in Stages 3 and 4 may be explained 
by the practice, followed in the operation of these units, of admitting 
distillate to the downstream side of the fifth stage. The deflectors 
do not afford a liquid-tight seal between stages and it is believed 
that a portion of this added liquid was caused by differential pressure 
to seep into the lower stages. 

The nonmetallic deposit found on the downstream side of the 
first rotor apparently resulted from the flashing in this stage of fine 
spray contained in the vapor leaving the evaporator. It seems logical 
to assume that such particles not anchored by impingement on the 
rotor would be conducted in the vapor stream to succeeding stages. 
When contacted by the water admitted for desuperheating, the 
particles suspended in the vapor would be expected to go into 
solution. Since water present in the intermediate stages of the 
compressor may be removed only through evaporation, a progres- 
sively increasing concentration of solids can be expected. 

Poorly executed spot welds in the rotors of both compressors 
resulted in localized stresses of some magnitude. The fact that no 
serious manifestations of progressive stress corrosion cracking were 
found in the first failed compressor, after six months’ operation, 
would indicate that such static stresses had contributed little to the 
failure of the second unit. The same may be said relative to the 
stresses residual to spinning. 

The exact balance of all rotors of the second compressor was 
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destroyed by the removal of unequal lengths from the individual 
vanes. Continued operation at 3600 rpm, after the vane damage, 
imposed excessive stresses in the metal of all rotors through dynamic 
loading. Since actual failure was limited to the rotors located in that 
part of the compressor in which there was a mildly corrosive fluid, 
as evidenced by the stain pattern found on the inside surface of the 
casing, it seems logical to conclude that the destruction of the -third 
and fourth rotors and the cracking of the upstream side of Rotor 
No. 2 and the downstream side of Rotor No. 5 resulted from 
simultaneous exposure to a mildly corrosive medium and to dynamic 
loading, neither of which, when acting alone in other parts of the 
unit, had been sufficient to cause failure. 

By much the same reasoning, it was concluded that the 
destruction of the spacer bands in the two stages had resulted 
from the combined action of a mildly corrosive fluid and the impact 
of fragments discharged from the rotors during their disintegration. 

Both the design and operating procedure of this type of 
compressor have been changed to eliminate factors regarded as con- 
tributory to the two failures. Type 347 stainless steel is now used 
for welded parts. Spinning has been minimized and, when done, 
is followed by suitable heat treatment. A more rigid system for 
inspection of materials is being followed. No liquid is introduced 
into the compressor for desuperheating. Seven units of the new 
design have been in operation for periods of slightly more than a 
year. No trouble has been experienced to date, nor has periodic 
inspection disclosed indications of incipient stress corrosion attack. 
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DISCUSSION 


Written Discussion: By Roger Sutton, senior associate, Roger Sutton 
Associates, Boston. 

This paper is of extreme interest to those among us who are engaged 
in the field of corrosion. It shows conclusively, for the first time, that 
dynamic stresses are a vital factor when dealing with the corrosion 
problems involved in the use of austenitic stainless steels. 

The failures described were certainly not to be expected based on 
stresses alone, nor is it conceivable that the corrosion described could be 
attributed to the corrosive media. 

As a partial confirmation of Mr. Davis’ findings, it may be interest- 
ing to cite a somewhat similar occurrence. A few years ago, a large fan, 
made of 35% nickel, 15% chromium alloy was used in a blower, handling 
air at 1450 °F in a heat treating application. One of these fans went into 
service statically, but not dynamically balanced. It failed in service after 
about 4 months’ operation. At that time, excessive oxidation was noted, 
particularly along the grain boundaries. However, it was assumed that 
the failure was purely mechanical and that the excessive oxidation was 
due to temperatures well in excess of the supposed 1450°F. Future 
fans were installed under, as nearly as possible, identical conditions except 
that they were both statically and dynamically balanced. When last 
checked, they had been in operation for about 3 years and were still 
performing satisfactorily. Any comments from the author will be 
appreciated. 

Written Discussion: By A. M. White, Analytical and Testing Divi- 
sion, American Cyanamid Co., Stamford, Conn. 

Users and manufacturers of processing equipment which is subjected 
to corrosive conditions will appreciate the thoroughness with which 
the author has investigated the service failures of several compressors. 
The conclusions that have been drawn are straightforward and require 
little comment except on the nomenclature that has been used. The 
author has described the stresses resulting from the unbalance of the 
rotor as dynamic stresses. This writer is of the opinion that if the 
stresses were continuous they would be static stresses and would not be 
expected to have an effect which was any different from that of a 
static stress caused by any other means. On the other hand, if the 
stresses were repetitive, then the cause of failure would be called 
corrosive fatigue rather than stress corrosion. The manifestations of 
these two types of corrosion are often the same. 

Written Discussion: By P. W. Marshall and J. O. Mack, Research 
and Development Division, Carnegie-Illinois Steel Corporation, Pittsburgh. 

Mr. Davis is to be commended for an interesting paper on a service 
failure, and also for a pertinent contribution to the problem of stress 
corrosion cracking in practical applications. 

Through the courtesy of Mr. Davis and his company, samples from 
the second compressor discussed in the paper were obtained for study 
at the Carnegie-Illinois Steel Corporation Research Laboratory. 
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We agree with Mr. Davis that these rotors failed by stress corrosion 
cracking. We believe, however, that static stresses played a more 
important role in the failure than was indicated by Mr. Davis. 

In a- discussion on stress corrosion cracking of metals, Krivobok* 
stated: “All stress cracking takes place in the member which is stressed 
in tension.” A discussion of the relationship between stresses and crack- 
ing in the compressor rotors, therefore, might be interesting. 

We believe that the areas which cracked radially to the rotor axis 





Fig. 15—The Downstream Side of a Piece of Rotor No. 3 or 4 Illustrating the 
Degree to Which Cracking Had Progressed at the Time of Failure. Approximately % 


' 8 
actual size. 


were in circumferential tension caused by centrifugal force,* Fig. 15. 
The tendency of these cracks to form preferentially at the surface 
scratches, Fig. 16, may have been caused by one or more of the following 
circumstances: the cold-worked metal produced by the scratching may 
have been more susceptible to corrosive attack in these areas; the 
scratches may have served as reservoirs for any corrosive media that 
passed over the surfaces of the rotors; or, the scratching may have 
notched the surfaces sufficiently to cause stress concentrations. 

As a result of shrinkage stresses caused by cooling, the metal sur- 
rounding a spot weld is in radial tension. The cracks, therefore, were 
circumferential to the welds and perpendicular to the tensile stresses, 
Fig. 17. 

When the second head of a rivet is formed either by hammering or 


2V. N. Krivobok, Joint Discussion on “Stress Corrosion Cracking in Austenitic Stain- 


less Steels,’ Symposium on Stress Corrosion Cracking of Metals, 1944, p. 431, ASTM 
and AIME, Philadelphia, Pa. 


3S. Timoshenko, Theory of Elasticity, McGraw-Hill Book Company, Inc., New York, 
1934, p. 66. 


4V. Hank, “Shrinkage Stresses in Spot Welded Joints,” The Welding Journal, 
September 1948, p. 453, 
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Fig. 16—Cracks Associated with Scratches in the Upstream Surface of Rotor No. ‘ 





Fig. 17—-Spot Weld with Circumferential Cracks. Note the corrosion product along 
the cracks. Upstream surface of Rotor No. 2.  X 6. 
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by pressing the end of the shank, the resulting compressive forces cause 
the entire shank to expand radially; this expansion would cause circum- 
ferential tensile stresses and radial compressive stresses around the rivet 
hole. The cracks that were radial to all rivets were perpendicular to the 
tensile stresses, Fig. 18. The configuration of the cracks around all 
rivets was the same, regardless of whether the rivets held balancing 
washers or vanes to the rotor surfaces; the stresses, therefore, must 
have resulted from the expansion of the rivets and not from the stiffen- 





Fig. 18—-Upstream Side of Rotor No. 2 Showing the Configurations of the Cracks 
Around the Rivet Holes and Spot Welds. Approximately % actual size. 


ing effect of the vanes. The balancing washers, which were fastened 
near the periphery of Rotor No. 2, were nearly free from dynamic loading 
and are considered to have cracked from static stresses which were 
created by the expansion of the rivets, Fig. 19. 

As Mr. Davis mentioned, the cracks progressed transgranularly 
into the sheet in a direction normal to the surface. In addition, we 
thought it interesting that the cracks which had penetrated through the 
thickness of the sheet showed some tendency to branch out in other 


—_ 
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directions, Fig. 20. Regardless of the direction of their propagation, 
the cracks remained transgranular except when a grain boundary offered 
the shortest path of travel. 

In the rotors we investigated, nearly all the cracks were filled with 
a rustlike corrosion product, which also accumulated at intervals along 
the cracks to form small circular mounds. The degree of rustlike stain- 
ing, present on certain areas of the rotors, seemed to be associated with 
the degree of cracking, as if the stain were related to the corrosion 





Fig. 19—-Balancing Washers Revealing Cracks Radial to the Rivet 
Holes on the Inside of the Downstream Surface of Rotor No. 2 


-: 


product that had formed in the cracks. This corrosion product was 
identified by means of X-ray and spectrographic analyses as a mixture 
of the spinel, CroOs- NiO, and iron oxides, the most probable iron oxides 
being FesO.. and Fe.Os. We believe that, when cracking occurred, the 
passivity of the surfaces of the cracks was destroyed, and localized elec- 
trolytic action contributed to the formation of the corrosion product. 

Although the corroding medium that contributed to the failure was 
not definitely identified, the most likely compounds responsible for cor- 
rosion were calcium chloride, ferric chloride, or other hydrolyzable 
chlorides. Hydrolyzable sulphates or phosphates might also be con- 
sidered. 

We offer the following hypotheses as possible explanations for the 
variation in amount of cracking in the different rotors: 

1. It is possible that vibrational stresses may have contributed to 
these differences in cracking. If the axle of this compressor were 
fixed at both ends, and an unbalanced torque such as suggested by 
Mr. Davis were induced, the greatest deviation from simple rota- 
tion would probably occur at or near the central Rotors No. 3 
and 4, and would decrease toward either end. Thus the additive 
effect of residual, rotational, and vibrational stresses may have 


been sufficient to produce the threshold stresses necessary for the 
corrosion cracking of the various rotors. 
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Fig. 20—Cross Section of Transgranular Cracks That Have Penetrated Through the 
Thickness of the Steel Sheet of Rotor No. 3 or 4. Note the tendency for the cracks to 
branch. Etched with an alcoholic solution of picric and hydrochloric acids. X 100. 


2. We do not know the magnitude of the temperature gradient 
through the different stages of the compressor during its opera- 
tion. But it is conceivable that if the temperature difference from 
Rotors No. 1 to 7 was sufficiently large, there may have been a 
temperature at which the corrosion rate was at a maximum. For 
example, the effect of temperature on rate of corrosion on 18-8 
stainless steel in sodium chloride solutions is illustrated in Fig. 21.° 


The results of our investigation indicate that the most important 
factors contributing to the stress corrosion cracking were tensile stresses 
in the rotors that were operating in the presence of a corrosive atmos- 
phere. We believe that the most important stresses contributing to the 
cracking were static residual stresses induced by fabrication, and that 





SH. H. Uhlig, The Corrosion Handbook, John Wiley and Sons Company, New York, 
1948, p. 167. 
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Fig. 21—Effect of Temperature on Corrosion of 
18-8 Stainless Steel in Sodium Chloride Solutions.® 


these stresses were aggravated by dynamic stresses resulting from 
unbalanced torque and from inertia of rotation. 


Author’s Reply 


I wish to thank Messrs. Sutton, White, Marshall and Mack for their 
discussion of this paper. Mr. Sutton’s discussion of the failure of a 
fan cast from 35% nickel and 15% chromium alloy is interesting. I have 
no record of failures of this alloy through stress corrosion but suspect 
that it would be susceptible under certain conditions. 

In reply to Mr. White’s comments on nomenclature, perhaps the 
last sentence of the second from last paragraph of the paper should 
read: 

“Since actual failure was limited to the rotors located in that part of 

the compressor in which there was a mildly corrosive fluid, as evi- 

denced by the stain pattern found on the inside surface of the casing, 


it seems logical to conclude that the destruction of the third and 
fourth rotors and the cracking of the upstream side of Rotor No. 2 
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and the downstream side of Rotor No. 5 resulted from simultaneous 
exposure to a mildly corrosive medium and to stresses induced by 
unbalanced dynamic loading, neither of which, when acting alone 
in other parts of the unit, had been sufficient to cause failure.” 


A similar designation of the stresses is included in the first paragraph 
of the paper. 





_ Fig. 22—Photograph of Downstream Side of Third-Stage Rotor Removed from First 
Failed Compressor. 


I agree with Mr. White that the effect on the metal of tension 
stresses should be the same regardless of their source. whether by static 
or dynamic loading. 

Messrs. Marshall and Mack by their discussion have contributed 
materially to the subject. Their hypothesis as to the possible effect of 
temperature gradient through the compressor is interesting. So far as 
[ can learn, the temperature of the vapor intake was 212°F and the 
temperature of the discharge was never greater than 225°F. It is 
possible, of course, that this temperature difference might have been a 
factor but we have no evidence to indicate that such had been the case. 

I do not share the belief of Messrs. Marshall and Mack that “The 
most important stresses contributing to the cracking were static residual 


ca 
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stresses induced by fabrication, and that these stresses were aggravated 
by dynamic stresses resulting from unbalanced torque and from inertia 
of rotation.” Qn the contrary it is my belief that the principal stress 
contributing to the tailure was the stress resulting from unbalanced 
torque. 

Unfortunately neither theory is subject to definite proof. However, 
in support of my theory, | am submitting, as Fig. 22, a photograph of 
Rotor No. 3 removed from the first failed compressor. This rotor was 
fabricated in the same manner and exposed to the same environment 
as the failed rotor shown in Fig. Sa. The only difference in the service 
of the two rotors was the fact that the rotor shown in Fig. 22, while 
exposed to the corrosive environment twice as long as the failed rotor, 
was not subjected to unbalanced torque. No evidence of cracking adja- 
cent to spot welds can be seen on the photograph nor did microscopic 
examination of individual welds from the unfailed rotor disclose even 
traces of stress corrosion patterns. _ 





IRON-MANGANESE AND IRON-MANGANESE-NICKEL 
ALLOYS 


By Irvin R. KRAMER, STEWART L. TOLEMAN 
AND WALTER T. HASWELL 


Abstract 


The thermal and mechanical behavior of a series of 
iron-manganese and iron-manganese-nickel alloys was 
studied in order to develop alloys which, when slowly 
cooled from the austenitizing temperature, have strength 
and ductility properties equivalent to those of quenched 
and tempered steel. It was found that austenite was 
formed when the iron-manganese alloys were heated to 
temperatures above 400°C (795°F) after first cooling 
from the austenitizing temperature. This austenite is un- 
stable at room temperature and decomposes and causes 
embrittlement. Additions of nickel stabilize the austenite 
so that alloys can be made which have strength and duc- 
tility equivalent to those of quenched and tempered steels. 
The behavior of these alloys on tempering can be used to 
explain some of the embrittling effects which occur during 
the tempering of commercial steels. 


ONTRARY to earlier beliefs that iron-manganese alloys were 

inherently brittle, it has been shown (1)? that these alloys could 
be made ductile by an appropriate tempering treatment. An interest- 
ing characteristic of the iron-manganese and iron-nickel binary sys- 
tem is that the gamma-to-alpha transformation temperature on con- 
tinuous cooling is virtually independent of the cooling rate when the 
manganese content exceeds 6% or the nickel content exceeds 12%. 
Consequently, it was logical to expect that steels could be developed 
with a sufficiently high manganese or nickel content to cause the 





1The figures appearing in parentheses pertain to the references appended to this paper. 


The statements or opinions expressed in this article are those of the authors and do not 
necessarily express the views of the Navy Department. Published by permission of the 
Navy Department. 





A paper presented before the Thirty-first Annual Convention of the Soci- 
ety, held in Cleveland, October 15 to 21, 1949. Of the authors, Irvin R. Kramer 
was formerly head of Special Alloys Section, Division of Metallurgy, Naval 
Research Laboratory; now head, Mechanics and Materials Branch, Office of 
Naval Research, Navy Department, Washington, D. C. Stewart L. Toleman 
is metallurgist, Naval Research Laboratory, Washington, D. C., and Walter 
T. Haswell was formerly metallurgist, Naval Research Laboratory; now metal- 
lurgist, Latrobe Steel Company, Latrobe, Pa. Manuscript received May 2, 1949. 
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Table |! 





Chemical Composition of Alloys 

Alloy Cc Mn Ni Mo Si Cr V 
MLW 0.25 3.50 1.74 0.25 0.30 oliags 0.18 
MLX 0.25 3.39 1.66 0.49 0.14 pees 0.19 
MLY 0.27 3.32 1.67 0.83 0.14 soe 0.18 
MME 0.24 3.48 1.57 0.49 0.04 ae 0.18 
MLH 0.13 3.77 1.49 0.69 0.39 eee 0.20 
MKR 0.17 3.33 1.70 0.27 0.11 pec a cies 
MGC 0.17 3.65 1.50 0.26 0.08 0.25 
MGP 0.31 2.28 1.47 0.27 0.03 0.38 
MKS 0.14 3.32 1.53 0.47 0.25 apices 
WNY-3 ieee 3.56 1.42 0.43 se ah 0.18 
MMN 0.11 3.17 2.29 0.50 0.14 0.29 
MMP 0.20 3.50 2.41 0.29 0.28 0.23 
MVK 0.11 3.66 eae 0.89 0.13 0.16 
MDV 0.17 2.85 2.35 0.28 0.03 ace 
MCR 0.23 1.56 3.68 0.47 0.06 ; 
MDZ 0.15 3.40 0.72 0.31 0.13 where 
MCG 0.21 2.97 cree oon 0.17 0.06 
MCH 0.21 2.97 i oa 0.18 0.06 
MBR 0.14 3.25 a ie 0.01 ine 0.05 
MDB 0.18 3.43 as i +5 0.03 si ae 0.29 
MCP 0.17 2.00 3.86 0.54 0.09 a 
MDN 0.15 2.77 2.27 0.28 0.03 0.18 
MDT 0.10 2.84 2.46 0.26 0.05 SS nie 
MDS 0.08 2.75 2.24 0.61 0.05 
MED 0.11 3.00 1.70 0.25 0.16 

13 3.55 1.5 


MMD 59 0.49 0.05 ee 0.18 





i} 
| 


transformation reactions to be as slow as those of the binary alloys. 
Steels of this type could have application in structures which, by 
virtue of their size or shape, are difficult to quench without danger 
of cracking er warpage. In this paper, the authors discuss the 
thermal behavi r and mechanical properties of low carbon, iron- 
manganese and iron-manganese-nickel alloys which contain varying 
percentages of other elements and show that these alloys when slowly 
cooled from the austenitizing temperature and tempered have strength 
and ductility properties equivalent to those of quenched and tempered 
steels. 


EXPERIMENTAL PROCEDURES 


The alloys under consideration were prepared from ingot iron 
stock and electrolytic manganese; to various heats were added elec- 
trolytic nickel, scrap molybdenum wire, and other ferroalloying addi- 
tions. The heats were finally deoxidized with 1% pounds of alumi- 
num per ton. The alloys were melted in 100 and 300-pound high 
frequency induction furnaces using magnesia crucibles and were 
poured into 90-pound ingot molds. The chemical composition of the 
alloys is given in Table I. The ingots were homogenized at 1230 °C 
(2250 °F) for 4 hours and forged into suitable stock for testing. No 
difficulty was experienced in forging ingots of this size; however, 
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precautions were taken to cool the forged pieces slowly from the fin- 
ishing forging temperature in order to avoid the possibility of crack- 
ing due to the low temperature of transformation and the resultant 
high hardness developed. 

The specimens were generally austenitized for 2 to 4 hours at 
900 °C (1650 °F) and cooled at 90°C per hour (A) and 20°C per 
hour (B). Throughout this paper these cooling rates will be desig- 


Fig. 1—Example of Finger Specimen Used for High Velocity Impact Test. 


nated by the use of A or B. The cooling rates A and B are 
comparable to those at the center sections of 6-inch and 25-inch 
plates, respectively, when cooled in air. 

Tensile specimens were 0.505 inch in diameter with 2-inch gage 
lengths, and impact specimens were standard V-notch Charpy. The 
yield strengths were taken at 0.2% offset from the stress-strain 
curves drawn by an automatic recorder. All tests were run in 
duplicate. The coupon fracture test specimens were prepared by 
forging the ingots into bars 12 by 2% by 1% inches, heat treated, 


J” 
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and notched by a saw across the 24-inch face to a depth of approxi- 
mately % inch. The coupons were then broken by bending as a 
simple beam so that the bottom of the notch was in tension. The 
crystalline or fibrous nature of the fractures was used as a criterion 
for judging the ductility of the alloys. 

The high velocity shock test consists of the determination of the 
minimum velocity necessary to shoot off a finger of the test specimen 
(limit velocity). The test specimen is shown in Fig. 1. The piece 
is made by sawing 2%4-inch long, %-inch wide slots from the edge 





a -§ 7 9 il S © 7 
Manganese % 


Fig. 2—Effect of Manganese on the Ductility 

845°C (1550°F), air-cooled; tempered at 840°C 

(1000 °F). 
of a 14g-inch plate. The distance between fingers is not critical but 
must be sufficiently wide to allow for deformation of the finger when 
shot. The bottom of the saw-cut slots is carefully machined to a 
radius of % inch, and a %-inch radius notch at a depth of one-third 
of the thickness of the plate was machined across the face of each 
finger. 

The specimens were tested with 50-caliber, M1 ball bullets shot 
base foremost. The distance from the notch on the face to the point 
of impact was 1% inches. The velocity of the projectile was meas- 
ured by a ballistic pendulum. 

The X-ray diffraction studies were made with a Seeman-Bolin 
focusing camera using chromium radiation at 35 kilovolts for 18 


milliampere-hours. Solid specimens ground to a radius of 6 inches 
were used. 
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Dilatometric studies were carried out in a quartz tube dila- 
tometer using cylindrical specimens 1 inch long by % inch in diam- 
eter. An Ames dial capable of being read to 0.00002 inch was used 
to measure the expansion, and a potentiometer was used for tempera- 
ture measurements. 


IRON-MANGANESE ALLOYS 


The ductility of binary iron-manganese alloys seems to be de- 
pendent upon the percentage of manganese as shown by Fig. 2 where 
the product of tensile strength and per cent elongation is plotted 
against the per cent manganese. The alloys containing less than 7% 
manganese have a product of 2.3 & 10°; however, when the manga- 
nese content is increased (which causes a lowering of the transforma- 
tion temperature), the product increases rapidly until at 13% it 
reaches 4.5 & 10°. When the manganese content exceeds 13%, the 
epsilon phase begins to form and the product decreases. The use of 
the product of tensile strength and per cent elongation as a criterion 
for evaluating ductility was suggested by J. S. Marsh (2), who 
showed that this product was constant for steels tempered after being 
quenched completely to martensite and was generally around 3 < 10°. 
While this method is not the only way to evaluate the ductility of 
steels, it is of value as an aid in comparing steels of different tensile 
strengths. Since very low carbon alloys are difficult to manufacture 
on a large scale, it was desired to investigate iron-manganese alloys 
with carbon contents greater than 0.1%. Preliminary investigations 
showed that when the alloys contained carbon in excess of 0.3%, 
carbides were precipitated during slow cooling from the austenitizing 
temperature. Accordingly, the carbon range used for the steels in 
this study is from 0.1 to 0.25%. 

That the relationship between the gamma-to-alpha transforma- 
tion temperature and ductility is also valid for alloys containing 0.1 
to 0.16% carbon and 0.75 to 1.0% molybdenum is shown by Fig. 3. 
Here it is shown again that as the gamma-to-alpha transformation 
temperature is lowered by increasing the manganese content from 
2.5 to 5%, the product of tensile strength and elongation increases. 

It was known that in binary alloys containing very high per- 
centages of manganese (8.0%) the gamma-to-alpha transformation 
at temperatures below 600 °C required months for completion. Alloys 
containing this percentage of manganese, however, are difficult to 
make on a large scale and are generally considered impractical. For 
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Fig. 3—Effect of Ars; Temperature on 
TS X &% El. Heat treatment—845 °C. 
(1550°F), furnace-cooled; tempered at 
450°C (840°F.) 
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Fig. 4—Continuous—Cool Transformation Curves for Alloy MDS. 


practical considerations, then, it was desired to determine the mini- 
mum manganese content such that the gamma-to-alpha transforma- 
tion temperature would be unaffected, within practical limits, by the 
cooling rate. It will be shown that alloys of this type have mechanical 
properties equivalent to those obtained from quenched and tempered 
steels. 

As will be shown later, additions of nickel to the iron—manga- 
nese-base alloys have a marked effect on the ductility. Because of 
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the effect of nickel in lowering the transformation temperature, it was 
found convenient to combine the effects of manganese and nickel in 
terms of an equivalent manganese percentage. Throughout this paper, 
the manganese equivalent percentage is defined as the manganese 
content plus one-half of the nickel content. This definition has been 
arrived at empirically as a result of many observations of the trans- 





Temperature 


Fig. 5—Dilation Curves 
(Schematic) Showing Two Types 
of Austenite Transformations. 


formation characteristics of iron-manganese alloys with and without 
nickel. It was generally observed that the gamma-to-alpha trans- 
formation temperature could be predicted with a fair degree of accu- 
racy in terms of the manganese equivalence. 

Transformation characteristics of these alloys (Fig. 4) were 
studied by observing the changes in dilation of specimens cooled at 
different rates. The transformation temperature plotted on rates C, 
D, E and F of Fig. 4 were obtained by cooling the dilatometer speci- 
mens at these rates by means of a program controller. The gamma- 
to-alpha transformation point was taken to be the: temperature at 
which initial departure from the slope of the austenite line on the 
dilation curve occurred. Two types of dilation curves were found. 
For some alloys the specimens decreased in length without depart- 
ing from the austenite line of the dilation curve until a critical temper- 
ature was reached where a very sharp break in the curve occurred 
(Fig. 5, curve B). Another curve (Fig. 5, curve A) showed a 
gradual departure from the austenite line of the dilation curve, 
generally followed by an abrupt change similar to that of curve A. 
The region of slow departure from linearity of the type B curve 
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could be gradually eliminated by increasing the rate of cooling so 
that a dilation curve of type A would result. 

For the cooling rates A and B of Fig. 4, a special quenching 
dilatometer was devised. A cylindrical specimen 2 inches long and 
YZ inch in diameter with a ;,-inch wall thickness was mounted in a 
quartz tube dilatometer. A stainless steel tube having perforations 
along the sides was inserted into the inside of the specimen so that a 


Temperature °C 
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Fig. 6—Continuous—Cool Transformation Curves Indicating Bainite 
Reaction. 


stream of helium could be directed against the inner walls of the 
specimen. Thermocouple wires were welded on the outside walls 
at diametrically opposite positions at the midpoints along the length 
of the specimens. A Speedomax recorder was used to measure cool- 
ing rates. A hollow quartz tube was used to transmit the motion 
of the specimen to an Ames dial. The Ames dial was modified by the 
use of a small U-shaped bridge, set over the dial pointer. The clear- 
ance between the arms of the bridge and the dial pointer was approxi- 
mately 0.01 inch.2, Two arms connected to the bridge ran parallel 
to the pointer and were mounted at the pivot point, and electrically 
insulated from the dial pointer at this point. This bridge was allowed 
to swing freely to follow the dial pointer but was insulated on the 
side at the right of the pointer so that when the pointer traveled, in a 
clockwise direction, it was not in contact with the bridge mechanism. 


“The clearance amounts to 0.00005 inch on the Ames dial. 
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This mechanism was used as a switch in a circuit having a potential 
of 1 millivolt which was placed across the thermocouple circuit of the 
Speedomax recorder. A change in movement of the dial pointer 
from a clockwise to a counter-clockwise direction caused the circuit 
to be closed, which in turn boosted the e.m.f. of the thermocouple 
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Fig. 7—Relationship between Equivalent Manga- 
nese Content and Allowable Plate Thickness . 


so that the cooling rate curve drawn by the recorder was offset by 
1 millivolt on the temperature scale. For these slowly reacting alloys 
the temperature at which this offset occurred was concluded to be 
the initial transformation from gamma to alpha. 

The above methods were used for determining the transforma- 
tion behavior for a number of alloys upon cooling from the austenitic 
range. Fig. 4 shows that the transformation temperature upon con- 
tinuous cooling for alloy MDS remained unchanged for the rates 
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Table Il 
Coupon Fracture Tests 





—_—_— —Heeat Treatment, 
900 °C—A.C. + 600 °C—O.Q. 900 °C—F.C. + 600 °C—O.Q. 


(1650 °F) (1650 °F) 

Mn Fracture (1110 °F) Fracture (1110 °F) 
Alloy Equivalent Appearance BHN Appearance BHN 
MDT 4.07 fibrous 208 fibrous 208 
MDR 3.94 fibrous 266 fibrous 253 
MCP 3.93 fibrous 300 fibrous 253 
MDN 3.92 - fibrous 239 fibrous 239 
MDZ 3.70 fibrous 230 crystalline 222 
MDV 3.43 fibrous 229 crystalline 230 
MCR 3.40 fibrous 313 crystalline 253 
MBR 3.25 crystalline 250 
MCG 2.97 crystalline 267 
MCH 2.97 


crystalline 264 


shown, whereas Fig. 6 shows that alloy MED undergoes a shift in 
temperature of transformation when cooled at rates lower than rate FE. 

In order to determine the change in gamma-to-alpha transfor- 
mation temperature as a function of composition and cooling rate, 
continuous cool transformation curves were determined for a group 
of alloys with varying manganese, nickel, and carbon contents. From 
these curves the slowest cooling rates, in terms of plate sizes which 
would have equivalent cooling rates when air-cooled, which produced 
no change in transformation temperature, have been plotted against 
the equivalent manganese content for two carbon levels (Fig. 7). 
It may be seen from this diagram that, when the equivalent manga- 
nese content is greater than about 4%, the gamma-to-alpha trans- 
formation temperature is virtually unchanged by the rate of cooling 
used. For alloys containing less than 4% equivalent manganese the 
permissible cooling rates are slower for the higher carbon level than 
for the lower. The conversion from cooling rate to plate thickness 
was made by using Fig. 3 of Reference 3. From a practical consid- 
eration it is apparent from this curve that it is necessary to exceed 
4% equivalent manganese for plates greater than 5 inches thick 
cooled in air, in order to avoid the formation of undesirable trans- 
formation products. These products, acting in a manner similar 
to bainite and pearlite, have deleterious effects on certain mechanical 
properties. Whereas these effects may not be revealed by tensile 
tests run at slow speeds, they are often reflected in the results of tests 
which involve notch sensitivity under conditions of either static or 
dynamic loading, or by the increased demands of low temperatures. 
It may be seen from Table II that the equivalent manganese content 
and the rate of cooling from austenitizing markedly influence the type 
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Table Ili 
Effect of Austenitizing Temperature on Charpy V-Notch Impact 








Heat Treatment: Austenitized 2 hours and furnace-cooled (A); tempered at 650 °C 
(1200 °F) for 2 hours and water-quenched. 


. Alloy MVK 

Austenitizing 

Temperature Charpy V-Notch Hardness Appearance of 

%, °F Impact, ft-lbs. Re Fracture 

800 1475 31 4 brittle 

815 1500 51 24 brittle and fibrous 
840 1545 47 sg brittle and fibrous 
870 1600 100 22 fibrous 

930 1705 104 22 ; fibrous 


950 1740 90 20 fibrous 





of fracture obtained in notched-bar coupons broken slowly at room 
temperature. The data show fibrous fractures for both the normal- 
ized and the furnace-cooled (B) specimens; when the manganese 
equivalent is 4%, that is, between 3.4 and 3.7, the coupon exhibited a 
fibrous fracture after the normalizing treatment but had a crystalline 
fracture when furnace-cooled. Alloys having still lower manganese 
equivalence gave brittle fractures after normalizing and tempering. 

Thus, as the equivalent manganese percentages are lowered, it 
becomes necessary to employ faster cooling rates to obtain fibrous 
fractures. As will be shown later, the equivalent manganese per- 
centage is not the only factor which affects the ductility of these alloys. 


AUSTENITIZING TREATMENT 


In order to take full advantage of the alloying elements used in 
these alloys, a study was made to determine the most suitable aus- 
tenitizing temperature. For this purpose, Charpy V-notch impact 
specimen blanks for a series of alloys were heat treated by furnace 
cooling (A) from various austenitizing temperatures varying from 
800 to 950°C (1470 to 1750°F). The specimens, were water- 
quenched after tempering and tested at room temperature. The effect 
of the austenitizing temperature on the impact strength for an alloy 
MVK is given in Table III. These results are typical for the other 
alloys studied. Increasing the austenitizing temperature from 800 to 
870 °C (1470 to 1600 °F) increased the energy values from 31 to 
100 foot-pounds. Further increases in temperature up to 930 °C 
(1710°F) produced no appreciable change; however, the impact 
resistance decreased somewhat when the specimens were austenitized 
at 950°C (1750°F). An examination of the microstructure after 
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Table IV 


Effect of Austenitizing Temperature on the Transformation Temperature 
Alloy MVK 
Austenitizing Start End 
Temperature A> a A> a 
— "7 ba °C 
840 1545 410 372 
870 1600 396 336 
900 1650 383 323 


955 1750 384 314 


this treatment indicated that grain coarsening had occurred. The 
microstructure of the alloys austenitized at 800 and 840°C (1470 
and 1545 °F) showed a large amount of undissolved carbides. These 
carbides were, however, almost completely dissolved at 870°C 
(1600 °F). 

To supplement the observations on the impact results, a series 
of dilatometer runs was made on alloy MVK to determine the phase 
transformation characteristics as a function of the austenitizing treat- 
ment. One specimen was used in this series of experiments. The 
specimen was subjected to repeated heatings to 840, 870, 900 and 
955 °C and held for 1 hour at each temperature before cooling. The 
data presented in Table IV show that both the beginning and end of 
the gamma-to-alpha transformation temperature decreased with in- 
creased austenitizing temperature, indicating that solution of the car- 
bides was being affected. 

During the determination of the transformation characteristics 
of these alloys, the dilatometer curves did not completely close after 
the gamma-to-alpha transformation. It was noted, however, that the 
amount by which they failed to close increased as the austenitizing 
temperature was raised. This is indicative of an increase in the 
quantity of retained austenite. A quantitative determination of the 
austenite could not be made because the creep that occurs in the 
specimen while going through the alpha-to-gamma transformation 
range prohibited an accurate measurement of the retained austenite. 
During these dilatometric experiments, care was taken to keep the 
rates of heating and cooling constant; therefore, it is believed that 
the increase in the amount of retained austenite is real and not due 
to error caused by creep. 

In addition to the influence of the austenitizing temperature, the 
cooling rate also affects the amount of retained austenite. X-ray dif- 
fraction patterns were obtained from specimens of alloy MVK after 
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Table V 
Mechanical Properties of Alloy MVK 


Heat Treatment: 900 °C (1650 °F)—2 hours, furnace-cooled (A) 
A—Tempered 4 hours at 600 °C (1110°F) and water-quenched 
B—Tempered 4 hours at 650°C (1200 °F) and water-quenched 
C—Tempered 4 hours at 675 °C (1250°F) and water-quenched 
D—Tempered 4 hours at 675 °C (1250°F) and furnace-cooled (A) 


Elongation Reduction in Area 
Treatment Tensile Strength % % 
A 125,000 22.0 48.4 
B 117,000 24.0 53.4 
‘ 108,000 21.5 56.5 


114,000 30.0 53.4 








water quenching, air cooling and furnace cooling from 900 °C 
(1650 °F). As estimated from the intensity of the gamma lines, the 
slower cooling rates resulted in the retention of. greater amounts of 
austenite. The water-quenched specimens generally exhibited 
fairly faint gamma lines, whereas those of the slow-cooled specimen 
were strong. 

TEMPERING CHARACTERISTICS 


In the preceding text it has been shown that iron-manganese 
alloys having an equivalent manganese content greater than 4% ex- 
hibit strength and ductility properties, even when slowly cooled from 
the austenitizing temperature prior to tempering, equivalent to those 
of quenched and tempered steels. Hence, the alloys subsequently 
described generally contain this manganese equivalent and have been 
cooled slowly from the austenitizing temperature. 

The data presented in Table V for alloy MVK are typical of 
many of the alloys of this class. The strength-ductility properties 
compare favorably with those given by Janitzky and Baeyertz (4), 
except that the reduction in area is slightly low. However, it was 
found that the Charpy impact properties were exceedingly erratic 
and not reproducible. It was also noticed that the’ impact values 
decreased markedly when the specimens were allowed to remain at 
room temperature for a few days before testing. 

To obtain a better insight into the behavior of the iron-manga- 
nese alloys on tempering, several alloys with varying manganese, 
molybdenum and carbon contents were selected and investigated by 
X-ray diffraction. It was found that tempering at 400 °C (750 °F) 
eliminated the austenite which was present as a result of the austeni- 
tizing treatment at 900°C (1650°F). For all specimens tempered 
above 480 °C (900 °F), a gamma line appeared which indicated the 


-” 











1950 IRON-MANGANESE-NICKEL ALLOYS 1273 
Table VI 
Effect of Tempering Time and Rate of Cooling from the Tempering Temperature 


Alloy MVK 
Heat Treatment: 900 °C (1650 °F) for 2 hours, furnace-cooled (A) and tempered as indicated: 
Tempering Charpy : 
Specimen Treatment Impact, X-Ray 
Number 650 °C (1200 °F) ft-lbs. Diffraction 
a sharp 
12 4 hours, W.Q. 123+ ‘ moderately strong 
* nial a broad 
15 4 hours, F.C. 25 + medium strong 
205 4 hours, A.C. 20 
_" e a very broad 
17 16 hours, F.C. 25 very faint 
26 16 hours, W.Q. 52 a sharp 


7 strong 


formation of austenite. When the specimens were tempered above 
590 °C (1100°F) and slowly cooled, a broad alpha line was also 
found. Retempering the specimens at 590°C did not change the 
intensity or width of the diffraction lines when the alloys were fur- 
nace-cooled. When the alloys were tempered at 650°C (1200 °F), 
the intensity of the gamma lines increased and the alpha diffraction 
lines broadened. Retempering these specimens at 650°C generally 
resulted in a sharpening of the alpha lines and a decrease in the 
intensity of the gamma lines. 

The results of the X-ray study clearly reveal that an alpha-to- 
gamma transformation occurs at temperatures above about 500 °C. 
The austenite phase formed during tempering will, upon cooling, 
transform back to the alpha phase. As a result of a series of dila- 
tometric studies, it was found that the temperature at which the aus- 
tenite, formed at 600 and 650 °C, transforms to the alpha phase de- 
pends upon the composition of the austenite, which in turn is deter- 
mined by the composition of the alloy, the tempering time, and the 
tempering temperature. The alloys used for the above study were 
MVK, MSF, MWF, MWA and MTL of Table I. 

The effect of cooling rate from 650 °C of alloy MVK is shown 
in Table VI. That the austenite formed during tempering is retained 
by quenching from the tempering temperature is shown by the strong 
gamma lines and the sharpness of the alpha lines of specimens 12 and 
26. When the alloy was slowly cooled as in specimens 15 and 17, 
the amount of austenite decreased and the alpha line broadened. The 
broadening of the alpha lines indicates that the transformation oc- 
curred at low temperatures with little or no diffusion. The long 
tempering treatment of specimens 17 and 26 seems to accentuate the 
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Table VII 
Effect of Tempering Temperature on the Formation of Austenite 

a Alloy MV RA A, 
Tempering 

Temperature Per Cent Austenite 
’ °F Formed after 5 Hours 
550 (1020) 0 

600 (1110) 4 

650 (1200) 16 

675 (1250) 24 

700 (1290) 35 





200 400 600 800 
Temperature °C 


Fig. 8—Dilation Curve Indicating Forma- 
tion of Austenite upon Holding at 650°C for 
6% Hours. 


conditions necessary for the transformation of the austenite, as shown 
by the very faint gamma lines of specimen 17. The Charpy impact 
values are seen to be in agreement with the X-ray observations; the 
heat treatments that produced broad alpha lines also resulted in low 
impact values. 

Additional information on the behavior of these alloys was 
obtained by a dilatometric study of alloy MVK. When dilation speci- 
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mens were held at 550, 600, 650, 675 and 700 °C (1020, 1110, 1200, 
1245 and 1290 °F), a contraction in length occurred. This contrac- 
tion is indicative of the formation of austenite. The amount of aus- 
tenite that formed increased with tempering time and tempering tem- 
perature, the effect of the latter being shown in Table VII. Fig. 8 
shows the decrease in length that occurred after holding for 6.5 hours 
at 650 °C (1200 °F). The per cent austenite was estimated by divid- 


Elongation 





200 400 600 800 
Temperature °C 


Fig. 9—Typical Dilation Curve. 


ing the change in length that occurred on tempering by the change 
in length to form 100% austenite. A typical dilation curve obtained 
by heating and cooling at a rate of 20°C per minute is shown in 
Fig. 9. This curve would indicate that with the rate of heating. 
employed, the alpha-to-gamma transformation starts at 720°C 
(1430 °F). 

The dilation curve of Fig. 8 shows that the austenite formed at 
650 °C transforms at 100°C when the specimen is slowly cooled. 
This alloy (MVK) transformed at 130°C when the austenite was 
formed at 675°C (1245°F). This decomposition of the austenite 
to form a low temperature transformation product accounts for the 
decrease in the impact resistance of the alloy as well as for the broad- 
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ening of the alpha diffraction lines. *The low temperature trans- 
formation product formed during the tempering may be softened by 
retempering. Using MVK, it was found that, during a second tem- 
pering at 650°C (1200 °F), there was also a partial transformation 
from alpha to gamma, but it formed much slower and was less com- 
plete than in the first tempering. Upon cooling, this austenite did not 
appear to transform immediately to alpha. However, upen long hold- 
ing in the dilatometer an increase in length of the specimen was 
observed, indicating a decomposition of the austenite. 

To study the decomposition of this austenite at room tempera- 
ture, a series of impact specimens of alloys MVK, MSF, MWK and 
MWA was heat treated by furnace cooling (A) from 900°C 
(1650 °F) and by water quenching after tempering at 650 and 675 °C 
(1200 and 1245 °F). One set of the specimens was tested immedi- 
ately, while the others were broken at various time intervals after 
tempering. The alloys tested immediately gave impact values of 
approximately 100 foot-pounds, whereas specimens broken after three 
days broke in a brittle manner with about 20 foot-pounds. An X-ray 
examination revealed that the austenite had transformed during this 
time interval to embrittle the specimen. 

To summarize, it has been shown that austenite forms during 
tempering above 500°C (930°F). For those alloys tempered at 
600 to 675 °C (1110 to 1245 °F) and water-quenched, the austenite 
was both thermally and mechanically stable for a relatively short time 
after tempering but was unstable when allowed to stand at room tem- 
perature for a few days or allowed to cool slowly. For these reasons, 
the 4% manganese alloys were not considered desirable for use where 
impact strength is important. 


IRON-MANGANESE-NICKEL ALLOYS 


In an attempt to find an alloying element which would stabilize 
the austenite formed at the tempering temperature, part of the man- 
ganese was replaced by nickel. As with the previously discussed 
alloys, the equivalent manganese content was maintained above 4% 
and, in addition, all the alloys contained 0.5% molybdenum and a 
carbon range of 0.1 to 0.2%. A series of alloys containing 0.50 to 
5.0% nickel was fabricated into coupon fracture bars. The bars were 
furnace-cooled from 900°C (1650°F) and tempered for 4 hvuurs 
at 600 °C (1110°F). In order to determine the stability of the aus- 
tenite, the coupon fracture bars were cooled to —80 °C before testing 
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at room temperature. All of the specimens containing 1.5% nickel 
or more exhibited ductile fractures. Dilatometric and X-ray studies 
were made on these alloys. It was found that austenite was formed 
at tempering temperatures above 480°C (895°F). After holding 
for 24 hours at temperatures up to 600 °C (1110 °F), no transforma- 
tion of the austenite could be observed, even when the specimens 
were allowed to cool slowly from the tempering temperature. Fur- 
thermore, no transformation was observed when the alloys were 
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Fig. 10—Tempering Curves for Alloy MMN. 


cooled to —190°C (—310°F) or allowed to stand at room tem- 
perature. This observation was further confirmed by X-ray data 
which showed that the alpha lines from slowly cooled specimens 
were as sharp as those obtained from the water-quenched specimens. 


MECHANICAL PROPERTIES OF [IRON-MANGANESE-NICKEL ALLOYS 


In general, the strength-ductility properties of the iron-manga- 
nese-nickel alloys are comparable to those of quenched and tempered 
SAE steels. A typical tempering curve is shown in Fig. 10 for alloy 
MKS. ‘The hardness, as usual, decreases as the tempering time and 
temperatures increase. However, specimens tempered at 650 °C 
(1200 °F) had higher hardness values than those tempered at 600 °C 
(1110 °F), indicating that the austenite formed at this temperature 
is unstable and transforms to either bainite or martensite. Retem- 
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pering the specimens at 600°C (1110°F) decreases the hardness, 
but not as low a value as that obtained by a single tempering treat- 
ment at 600 °C (1110 °F). 

Tensile properties for the iron-manganese-nickel alloys are 
shown in Fig. 11. The properties of these alloys were determined 
on specimens which had been furnace-cooled (B) from 900°C 
(1650 °F) and water-quenched after tempering. A comparison of 
these data with those reported by Janitzky and Baeyertz (4) shows 





500 600 500 600 500 600 
Tempering Temperature °C 


Fig. 11—Tensile Properties of Three Alloys after Austenitizing at 1650°F 
Furnace Cooling, and Tempering as Indicated. 


that for equivalent tensile strengths the yield strength, percentage 
elongation and reduction in area are comparable to those obtained for 
quenched and tempered steels. 

Figs. 12 to 14 show the trends of variation of several of the 
alloying constituents on the strength and ductility of the iron-manga- 
nese alloys. Here too the alloys were heat treated by furnace cooling 
from 900 °C (1650 °F) and tempered as indicated in the diagrams. 
Increasing amounts of molybdenum increased the resistance’ of the 
alloys to soften upon tempering ; however, the yield strength, elonga- 
tion, and reduction in area appear to behave in a normal manner. 
Carbon has a rather marked effect upon the mechanical properties. 
When present in quantities over 0.2%, the yield strength does not 
increase in proportion to the increase in the tensile strength. This 
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Table VIII 
High Velocity Fracture Properties 





Heat Treatment: 900 °C (1650 °F)—4 hours and furnace-cooled (B) and tempered for 4 
hours at 600 °C (1110 °F) and water-quenched. 


-———Composition——_—_——.,_ Limit Velocity 
Mo 


Alloy Mn Ni Cr c ft/sec. Fracture 

MKR 3.33 ee -Ge - aaas 0.17 3600 fibrous 

MGC 3.65 1.50 0.26 0.25 0.17 3300 brittle 

MGP 3.58: 1.50 623. 041 0.17 2800 brittle 

MKS 3:32... 22b-> Oe 0.14 3600 fibrous 

WNY-3 3.63 1.42 0.45 0.18 0.12 3420 fibrous & brittle 
MMN 3.17 2.29 0.50 0.29 0.11 3500 fibrous 

MMP 3.50 2.41 0.50 0.23 0.23 3450 fibrous 








Stress -psi x |O7> 


Percent 





02 04 O06 O08 Of G2 Gas C4 
Molybdenum % Carbon % 
Fig. 12—Effect of Molybdenum and Carbon on Tensile Properties. 


decrease in the yield-tensile strength ratio is accompanied by a 
marked decrease in the reduction of area and elongation. Silicon 
does not séem to exert a large influence on the tensile and yield 
strength, except that when present in quantities greater than 0.4%, 
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the reduction in area seems to decrease by an amount not commen- 
surate with the increase in tensile strength. Increasing the nickel 
content of these alloys from 0.7 to 5% results in a small increase in 
the tensile and yield strength, but the reduction in area continues to 


decrease with increasing nickel above 1.5%, although the tensile 
strength remains constant. 


Stress- psi x 107> 


Percent 
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Chromium % 


Fig. 13——Effect of Chromium on Ten- 
sile Properties. 


In a manner similar to carbon, chromium causes a marked 
decrease in the reduction of area and elongation when it is present 
in amounts greater than 0.25%. The deleterious effects of chromium 
on the ductility of the iron-manganese-nickel alloys become more 
pronounced when the specimens are subject to impact loads. Table 
VIII contains high velocity impact data for a series of alloys contain- 
ing up to 0.41% chromium. It is seen from the behavior of alloys 
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MKR, MGC and MGP that the limit velocity decreased and the frac- 
ture appearance changed from “fibrous” to “brittle” as the chromium 
content increased. An increase in the molybdenum content from 
0.25 to 0.5% did not overcome the deleterious effects of chromium 
(compare WNY-3 with MKS). 


180 


160 


Stress- psi x 10-3 


Percent 
a. 
© 
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Fig. 14—Effect of Silicon and Nickel on Tensile Properties. 


To determine the cause for the decreased ductility of these alloys 
when chromium is present, dilatometer and X-ray studies were insti- 
tuted. Both methods of examination demonstrated quite clearly that 
for those alloys containing chromium, the austenite formed during 
tempering at 600°C (1110°F) was relatively unstable and trans- 
formed to either martensite or bainite upon cooling. After holding 
for 4 hours at 600 °C (1110 °F), the dilation curve showed a trans- 
formation to austenite which transformed at 120°C (250°F) upon 
slow cooling. In this case also, the X-ray diffraction pattern showed 
a broad alpha line. It should be noted that the cooling rate used in 
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the dilatometer was rather slow and that the high velocity impact 
specimens were 1% inches thick. There was some evidence which 
indicates that the austenite would not transform at faster cooling 
rates. Standard Charpy impact and high velocity impact specimens 
with a thickness of 34 inch behaved in a ductile manner after they 
had been water-quenched from the tempering treatment. 


Tempered 4 Hrs. ct 600°C 
+-+ Water-Quenched 
o-o Air-Cooled 
x-x Furnace-Cooled 


4-A Retempered a Water-Quenched 
4-4 Retempered a Air-Cooled 
e-e Retempered a Furnace-Cooled 


F- Fibrous 
B-Brittle 


-190-I60 -i40 -I20 -1i00 -80O -60 -40 -20 O 20 
Temperature °C 


Energy, Ft-Lb , Charpy V-Notch 





Fig. 15—Effect of Various Tempering Treatments on the Transition 
Temperature of Alloy MMN. 


To overcome the deleterious effects of chromium, it became 
necessary to increase the stability of the austenite formed during 
tempering. Accordingly, a series of iron-manganese alloys contain- 
ing 0.5% molybdenum and 1 to 5% nickel was studied. Again using 
X-ray and dilatometric techniques, it was found that percentages of 
chromium up to 0.3% could be tolerated when the nickel content 
exceeded 2%. The limit of high velocity impact specimens of MMN 
and MMP (Table VIII), containing 2.29 and 2.41% nickel and 
0.29 and 0.23% chromium respectively, were comparable to that of 
alloy MKR. The fracture appearance was also fibrous. 

Typical low temperature impact properties of iron-manganese 
alloys containing approximately 214% nickel, 0.5% molybdenum, 
0.1/0.15% carbon and with an equivalent manganese content greater 


a 
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than 4% are exemplified by alloy MMN (Fig. 15). The data pre- 
sented are for specimens which had been furnace-cooled (B). The 
impact specimens were tempered at 600°C (1110°F) and the rate 
of cooling from the tempering temperature was varied. In some 
cases, the impact specimens were given a second tempering treatment. 

In general, those specimens which were water-quenched from 
the tempering temperature had a lower transition temperature*® than 
specimens which had been air-cooled or furnace-cooled from the 
tempering temperature. For heat treatments involving a single 
tempering treatment, the water-quenched specimens had a transition 
temperature of —80°C (—110°F), the air-cooled specimens 
—50°C (—58°F) and the furnace-cooled specimens —25 °C 
(—13°F). When the specimens were subjected to a retempering 
treatment, a marked improvement was noted for all cooling rates. 
For this treatment the water-quenched specimens had a transition 
temperature of —100°C (—150°F). Complete low temperature 
impact curves were not obtained for the other conditions of heat 
treatment ; however, retempered specimens which had been air-cooled 
from the tempering temperature and tested at —80°C (—110 °F) 
broke with a completely fibrous fracture and with an energy value 
equal to that obtained at 30°C (86°F). This latter test indicates 
that for this condition of heat treatment the impact transition tem- 
perature must be lower than —80 °C (—110°F). For the furnace- 
cooled specimens an improvement was also found. When tested at 
—80 °C (—110°F) the fracture was about 20% brittle but the 
impact energy had been increased from 50 to 90 foot-pounds. 


IRON-MANGANESE-NICKEL-VANADIUM ALLOYS 


For a preliminary investigation of the effects of small amounts 
of vanadium on the mechanical properties of 3.5% manganese, 1.5% 
nickel alloys with varying amounts of molybdenum, carbon and sili- 
con, a series of alloys was cast in 18-pound ingot molds. Brinell 
hardness values were obtained on forged specimens after furnace 
cooling from 900 °C (1650 °F) and tempering at 550 °C (1020 °F) 
for 8 hours in order to estimate the range of tensile strength possible 
by the use of vanadium (Table IX). Alloys of this series were then 
selected for further study by means of tensile and impact tests to 





_ The transition temperature used here is that temperature at which the fracture is 10% 
brittle. In Fig. 15 arrows are used to designate this temperature; above this temperature 
all specimens were completely fibrous. 
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Table IX 
Chemical Composition and Brinell Hardness of Fe-Mn-Ni-V Alloys 
Alloy Mn Ni Mo Cr V Si C BHN;,* BHNzt 
MKS 3.22 1,53 0.47 bess wed 0.25 0.14 354 244 
MLH 3.77 1.49 0.69 es a 0.20 0.39 0.13 366 362 
MGE 3.31 1.47 0.47 0.20 :o-we 0.10 0.16 a 315 
MHU 3.58 1.52 0.28 0.24 0.07 0.13 0.17 ae 305 
MLD 3.68 1.51 0.29 ar 0.21 0.40 0.09 304 308 
MLE 3.50 1.50 0.26 pe weap 0.26 0.37 0.15 285 280 
MGE 3.31 1.47 0.47 0.20 sas 0.10 0.16 can 315 
MLW 3.50 1.74 0.25 et 0.18 0.16 0.25 418 366 
MLX 3.39 1.66 0.49 bike 0.19 0.14 0.25 464 397 
MLY 3.32 1.67 0.83 eae 0.18 0.14 0.27 445 393 


*Hardness after furnace cooling. 
tHardness after tempering at $50 °C (1020 °F) for 8 hours. 








determine the combination of alloying elements which would give the 
best ductility. 

A comparison of the hardness of these alloys after tempering 
shows that rather small amounts of vanadium are quite effective 
in increasing the resistance of the alloy to softening upon tempering. 

Table X shows tensile and room temperature impact values for 


Table X 
Mechanical Properties of Fe-Mn-Ni-V Alloys 





Heat Treatment: Normalized twice at 900°C (1650°F) for 2 hours at temperature and cial 
as indicated. 


Yield Charpy 
Tensile Strength, Per Cent Per Cent V-Notch 
Tempering Treatment Strength, 0.2% Elongation Reduction Impact, 
Alloy 8 hrs. at Temp., W.Q. psi Offset in 2 Inches in Area ft-lbs. 
MLG 
Mn—3.80 600°C (1110°F) 158,600 128,750 mS 60.0 60 
Ni —1.46 550°C (1020°F) 175,600 156,750 18.0 52.5 23 
Mo—0.51 500°C (930°F) 177,750 146,500 17.0 46.5 30 
V —0.13 450°C (840°F) 179,000 130,000 16.0 42.8 13 
Si —0.42 400°C (750°F) 181,000 140,000 17.0 oe, 2 10 
Cc —0.15 
MLW 
Mn—3.50 600°C (1110°F) 162,000 136,000 15.8 42.2 59 
Ni —1.74 550°C (1020°F) 177,000 154,000 9.5 12.6 13 
Mo—0.25 500°C (930°F) 181,000 153,000 13.0 33.0 10 
V —0.18 450°C (840°F) 184,000 152,000 17.0 41.0 11 
Si —0.16 400°C (750°F) 195,000 160,000 16.0 45.0 9 
Cc —0.25 
MLX 
Mn—3.39 600 °C (1110°F) 174,000 150,000 15.3 44.0 49 
Ni —1.66 550°C (1020°F) 196,000 165,000 9.6 20.3 19 
Mo—0.49 500°C (930°F) 192,000 163,000 15.0 43.0 13 
V —0.19 450°C (840°F) 196,000 160,000 15.5 44.2 18 
Si —0.14 400°C (750°F) 203,000 165,000 15.0 43.0 14 
Cc —0.25 
MLY 
Mn—3.32 600°C (1110°F) 172,000 147,000 18.5 49.5 20 
Ni —1.67 550°C (1020°F) 194,000 167,000 12.0 22.0 18 
Mo—0.83 500°C (930°F) 200,000 179,000 15.0 39.0 18 
Vv —0.18 450°C (840°F) 202,000 178,000 15.0 39.0 17 
Si —0.14 400°C (750°F) 206,000 178,000 14.0 40.0 18 
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Table XI 
Mechanical Properties of Fe-Mn-Ni-V Alloys 


Heat Treatment: 900°C (1650 °F)—8 hours, furnace-cooled (B), austenitized twice, and 
tempered as indicated for 8 hours and then furnace-cooled. 


Yield Charpy 
Temperature Strength, Per Cent PerCent V-Notch 
-~Treatment—, Tensile 0.2% Elongation Reduction Impact, 
Alloy "i —_ Strength Offset in 2 Inches in Area ft-lbs. 
MMD 
Mn—3.55 600 1110 156,500 90,000 215 51.0 87 
Ni —1.59 550 1020 161,000 135,500 21.2 58.5 20 
Mo—0.49 500 932 164,000 136,000 20.2 58.0 8 
V 0.18 450 840 163,000 128,000 19.5 54.5 20 
Si —0.05 400 750 162,000 108,500 18.0 55.0 18 
& 0.13 600 8 hrs.+ 
600 8 hrs. 146,000 79,000 26.0 53.0 81 
550 8 hrs.t 
550 8 hrs. 154,000 132,000 23.0 63.0 60 
500 8 hrs.+ 
500 8hrs. 161,000 139,000 21.0 59.0 23 
450 8 hrs.+ 
450 8hrs. 161,000 148,000 21.0 57.0 28 
400 8hrs.+ 
400 8 hrs. 161,000 146,000 18.0 56.0 31 
MME 
Mn—3.98 600 1110 158,500 105,000 21.0 44.0 37 
Ni —1.57 550 1020 167,000 154,000 18.0 50.0 10 
Mo-—0.49 500 932 182,000 156,500 18.0 46.0 9 
V —0.18 450 840 182,000 159,500 17.5 45.0 16 
Si —0.04 400 750 186,000 164,000 16.0 46.0 15 
e 0.23 600 8 hrs.+ 
oe. wee ee ee at bse oe 85 
550 8 hrs.+ 


ee a vn o's ode Baw Cee ire a 87 


alloys MLW, MLX and MLY. It is shown by these data that alloys 
containing 0.25% carbon are capable of being heat treated to much 
higher tensile strengths than the alloy with 0.15% carbon (alloy 
MLG). However, it is found that, when the molybdenum content 
of the higher carbon alloys is about 0.25%, the ductility is low. 
Increasing the molybdenum content above 0.5% increases the duc- 
tility of the alloy to such an extent that it is comparable to that of 
alloy MLG at equivalent tensile strengths. When tempered at 
550 °C (1020 °F), the reduction in area for all the alloys containing 
over 0.25% carbon and the percentage elongation are much lower than 
would be expected for the tensile strength. Alloys MME and MLG 
which contain less than 0.15% carbon did not show the similar drop 
in reduction in area for this tempering temperature. 

The study of the effect of tempering on mechanical properties 
of the alloys containing vanadium was extended to include the effect 
of double tempering on both tensile and impact properties. This was 
done in view of the beneficial effects of a double tempering for 
previous studies where such a treatment improved the ductility, 
especially the impact properties. Specimens of alloys MMD and 
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MME (Table XI) were given two austenitizing treatments at 900 °C 
(1650 °F ) followed by furnace cooling and were then tempered twice 
for 8 hours and furnace-cooled after each tempering treatment. Dou- 
ble tempering increased the yield-tensile ratio as well as the per- 
centage elongation and reduction of area as compared with the proper- 
ties obtained after a single temper followed by furnace cooling. The 


MMD-650°C -F.C. 

MMD -650°C - F.C. + 650°C -F.C. 
MMD -600°C - F.C. + 600°C - F.C. 
MME -650°C - F.C. + 650°C -F.C. 
MME-600°C -F.C. + 600°C -F.C. 


Po Pepe 


(F) Fibrous Fracture 
(B) Brittle Fracture 
(F+B) Fibrous + Brittle Fracture 


at | rT 
ae Ty 
ree 


Charpy V-Notch Impact Ft-Lb 
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Fig. 16—Effect of Tempering Treatment of Alloys MMD and MME on 
Transition Temperatures. 


Charpy V-notch impact properties of alloys MMD and MME did 
not seem to be affected by the double tempering treatments (Fig. 
16). The impact transition temperature of alloy MMD is at approxi- 
mately —16 °C (—3 °F) for specimens tested after both conditions 
of heat treatment. For alloy MME the impact transition tempera- 
ture is about —23°C (—9°F) for those specimens which were 
retempered at 600°C (1110°F). It is of some interest to note that 
for these alloys the impact values did not change abruptly when the 
fracture changed from a fibrous to a brittle appearance, but decreased 
gradually so that at —63 °C (—92°F) the impact value was still 
30 foot-pounds. 

It was thought that the strength properties of the iron-manga- 


a 


a 
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Fig. 17—Tensile Properties of Alloy MME at Elevated Tem- 
peratures. Heat treatments: 1650°F—furnace-cooled; A—Tem- 
pered at 1200°F—8 hours, furnace—cooled +1020 °F—8 hours, furnace- 
cooled; B—Tempered at 1110°F—8 hours, furnace—cooled +1020 °F— 
8 hours, furnace—cooled; C—-Tempered at 930°F—8 hours, furnace— 
cooled +930 °F—8 hours, furnace—cooled. 
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Fig. 18—Tensile Properties of Alloy MMD at Elevated Tempera- 
tures. Heat treatment: 1650° F—furnace-cooled; A—Tempered at 
1200°F—8 hours, furnace-cooled +1020°F—8 hours, furnace-cooled; 
B—Tempered at 1110°F—8 hours, furnace—cooled +1020°F—8 hours, 


furnace—cooled: C—Tempered at 930 °F—8 hours, furnace—cooled +930 °F 
—8 hours, furnace—cooled 
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nese-nickel-vanadium alloys, when held at elevated temperatures for 
a short time, would be of interest. Hence, alloys MMD and MME 
were subjected to tensile tests at temperatures up to 510 °C (950 °F). 
The results of the tests are plotted in Figs. 17 and 18 and show that 
the tensile and yield strengths for the specimen tempered at 600 and 
500 °C (1110 and 930° F) drop fairly slowly as the testing tempera- 
ture is increased. At temperatures above 425°C (795 °F) a con- 
siderable decrease in both tensile and yield strength is found. 


LARGE S1zE HEATsS 


The experience obtained thus far on large size ingots made from 
the iron-manganese-nickel alloys discussed in this paper has been 
very limited. Several %-ton heats were melted at the Laboratory’s 
are furnace to anticipate difficulties which might be experienced with 
larger heats. No great difficulties were found in melting, pouring 
or forging the ingots. Accordingly, arrangements were made for the 
production of two 10-ton heats. 

These heats were melted from scrap, low carbon and medium 
carbon ferromanganese, electrolytic nickel, ferromolybdenum and 
ferrosilicon. The metals were deoxidized with ferrosilicon, and 1 
pound of aluminum per ton was added to the ladle before it was 
poured into the ingot mold. A 10-ton electric arc furnace and a 
basic slag were used. The heats were poured into 6-ton corrugated 
ingot molds 22 inches in diameter at the bottom, 36 inches at the top, 
and 72 inches long. No difficulty was encountered in stripping the 
ingots from the mold. The heats required only normal time in melt- 
ing and refining, and the desired composition was obtained without 
difficulty. The manganese recovery for the heats was 90 to 95%. 

The ingots were heated to 1230 to 1260 °C (2250 to 2300 °F), 
forged according to normal practice, and the forging allowed to fur- 
nace cool. The forgeability of the ingots was considered to be very 
good and was comparable to that of a 3% nickel steel. 

Three forgings were made from the 6-ton ingots: a plate 48 by 
36 by 3 inches (WNY-3) was forged with the length of the plate 
parallel to the length of the ingot; a 6%4-inch diameter by 60-inch 
round (WNY-3) and a 9%-inch diameter by 60-inch round 
(WNY-3). The forgings were normalized twice from 900°C 
(1650 °F) and air-cooled after the tempering treatment. 

The data obtained from these forgings are given in Table XII. 
The percentage elongation and reduction in area of specimens cut 


- 


- 
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Table XU 
Mechanical Properties from 6-Ton Ingots of Fe-Mn-Ni Alloys 











6% inches in diameter by 60 inches round (WNY-3) 
Heat Treatment: 900 °C (1650 °F) 7 hours, air-cooled, tempered 6 hours at 550 °C (1110 °F), 


air-cooled. 
Yield Per Cent Per Cent Charpy 
Tensile Strength, Elongation Reduction V-Notch 
Strength 0.2% Offset in 2 Inches in Area ft-lbs. 
Specimens from edge 130,800 103,000 23.6 59.6 
Specimens from center 130,300 102,000 24.4 59.3 


9% inches in diameter by 60 inches round (WNY-3) 


Heat Treatment: 900 °C (1650 °F) 8 hours, air-cooled, tempered 6 hours at 550 °C (1110 °F), 
air-cooled, and retempered at 600 °C (1260 °F) 6 hours and air-cooled. 


Specimens fveun edge 114,900 87,000 34.5 67.7 
Specimens from center 114,500 90,000 30.0 63.4 


48 by 33 by 3-inch plate (WNY-3) 


Heat Treatment: 900 °C (1650 °F) 4 hours, air-cooled, tempered 4 hours at 500 °C (1020 °F), 
water-quenched. 


Longitudinal specimens 142,700 127,000 19.5 52.8 105 
Transverse specimens 139,700 127, 000 18.1 47.1 ; 


from the forgings were found to be equal to or greater than those of 
quenched and tempered SAE steels (4) of the same tensile strength. 
The tensile and yield strengths, per cent elongation, and reduction of 
area of specimens taken from the center portions of the 6% and 9%4- 
inch rounds are practically the same as those of the outer portions 
of the forgings. The longitudinal and transverse tensile properties 
of the 3-inch plates were approximately equal. This does not imply 
that the alloy is not subject to forging directional effects, for the 
plate received nearly equal amounts of reduction in the longitudinal 
and transverse directions. 


SUMMARY 


1. The thermal and mechanical behavior of a series of iron- 
manganese alloys was studied in order to develop alloys which, when 
slowly cooled from the austenitizing temperature, had strength and 
ductility properties equivalent to those of quenched and tempered steels. 

2. For an iron-base alloy containing 0.1 to 0.2% carbon, 0.2 to 
0.5% molybdenum, a manganese content in excess of 4% was found 
to be sufficient to cause the gamma-to-alpha transformation to be 
independent (within practical limits) of the cooling rate. Tempering 
at temperatures above. 425 °C (795 °F) resulted in the formation of 
austenite which subsequently transformed at lower temperatures into 
bainite or martensite and caused embrittlement of the alloys. 

' 3. The instability of the austenite, formed during tempering, 
was overcome by the addition of nickel. Alloys having an equivalent 
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manganese content (per cent Mn + %% Ni) greater than 4% and 
with 114% nickel were found to be ductile even when slowly cooled 
from the austenitizing temperature. 

4. Chromium in rather small quantities (about 0.2%) caused 
the austenite which was formed during tempering to be unstable; 
however, this was overcome by increasing the nickel content to 2.5%. 

5. The best mechanical properties of these alloys appear to be 
developed when the alloys are double tempered. A transition tem- 
perature of —-100 °C (—150°F) was obtained for an alloy contain- 
ing 3.17% manganese, 2.28% nickel, 0.52% molybdenum, 0.11% 
carbon. These alloys were water-quenched after double tempering 
at 600 °C and had a tensile strength of 125,000 psi. 

6. Alloys containing 3.4 to 3.7% manganese, 1.4 to 1.5% nickel, 
0.4 to 0.5% molybdenum (without chromium) or. 3.0 to 3.3% man- 
ganese, 2.2 to 2.3% nickel, 0.4 to 0.6% molybdenum, 0.1 to 0.2% 
carbon, 0.4% silicon (max.) have a tensile strength range of 100,000 
to 140,000 psi, together with good ductility. 

7. A tensile strength range of 140,000 to 200,000 psi may be 
obtained by the addition of 0.15 to 0.2% vanadium. 
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DISCUSSION 


Written Discussion: By T. W. Merrill and Jerome Strauss, Vanadium 
Corporation of America, Pittsburgh and New York, respectively. 

We were particularly impressed by this excellent paper because it 
confirms and adds appreciably to similar studies which we carried out 
several years ago, although on steels somewhat less highly alloyed than 


_ 
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those regarded by the authors as of primary interest. To mention a few 
of our observations at that time may be of some benefit, although our 
approach to the problem was a somewhat different one. We were looking 
for a carburizing steel with high core properties, and accordingly did not 
have occasion to temper in the range of 700 to 1250°F where, as the 
authors have shown, unstable austenite exists in some of the steels. Low 
transformation temperatures on cooling were observed in some of the 


manganese-vanadium steels not containing other alloying elements; for 
example, the following: 


Manganese-vanadium steel—2.50 to 2.80% manganese 
Ac, Acs Ars An 


1335 1490 1190 1140 





Manganese-vanadium steel—1.60 to 1.90% manganese 


1275 1520 1340 1240 


Our investigations, naturally all on small sections, comprised some 58 
heats of steel, varying in carbon, manganese, vanadium, chromium, nickel, 
and other elements, nearly half of these heats being of commercial manu- 
facture. Carbon content ranged between 0.10 and 0.20%, manganese 
between 1.10 and 3.70%, vanadium between 0.10 and 0.23%, chromium up 
to 1.20%, and nickel up to 0.75%. The effects of other elements were 
examined briefly, including copper, molybdenum, cobalt, tungsten and 
silicon. It should be noted that the nickel content was below the 
minimum recommended by the authors. 

What was then regarded as a serious limitation was the large varia- 
tion in tensile strength effected by small changes in carbon content. For 
steels between 2.50 and 2.80% manganese, and 0.10 to 0.18% vanadium, 
we found an average increase in tensile strength of 4000 psi for each 
0.01% increase in carbon content. These steels were normalized at 
1650 °F, oil-quenched from 1460°F and tempered at 325°F. This effect 
of carbon content is of about the same order of magnitude as that shown 
by the authors. 

In general, we found that tensile strength as well as yield strength, 
ductility and toughness increased with manganese content up to at least 
2.70% manganese. Beyond 3.00% manganese and up to 3.70% manganese, 
tensile strength continued to increase, while ductility and toughness 
decreased relatively faster. Chromium was found to increase strength 
without disproportionate decrease in other properties, which differs some- 
what from the observations of the authors. Nickel appeared to have 
effects similar to chromium, although it was studied to a lesser extent. 
One per cent of copper appeared to improve tensile strength without 
sacrifice of ductility. Cobalt, between 0.60 and 0.90%, did not raise the 
strength and had a mild adverse effect on ductility and toughness. 
Tungsten between 0.40 and 0.60% exhibited little, if any, effect in either 
direction. Molybdenum at 0.20% and silicon between 0.70 and 0.90% each 
increased strength but appeared to have an adverse effect on ductility. 
We are much interested in observing that even at the higher levels of 
manganese and nickel used by the authors there is a very large contribu- 
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tion to strength by small vanadium additions. It would appear that there 
should be uses also in small sections for these steels where their cost 
will be offset by ability to develop high strength without drastic cooling. 

In closing we would like to express some curiosity concerning im- 
purities, especially phosphorus. Did the authors have sufficient of these 
elements in their low carbon steels to note any effect, or were they kept 
to small amounts for a particular reason? 

Written Discussion: By B. R. Queneau, chief development metal- 
lurgist, Carnegie-Illinois Steel Corp., South Works, Chicago. 

As pointed out in the paper by Pellini and Queneau,* the alloy content 
of steels used in large forgings is limited by the occurrence of temper 
embrittlement. During the five years that I followed the development 
of these manganese steels at the Naval Research Laboratory, the question 
of temper brittleness was frequently discussed and it is disappointing that 
the authors did not cover this phase of the problem. 

It is no accident that all these alloys contain molybdenum and a more 
accurate title to the paper would have included this element. The 
advantage of using molybdenum is brought out by Tables I and II. On 
air cooling these steels, the fracture is changed from a crystalline (brittle) 
to a fibrous (ductile) fracture by the addition of molybdenum. In fact, 
although the manganese equivalent increases from 3 to 4% in alloys 
MCH to MCP, the actual manganese content decreases from 3 to 2%. 
Further information on the conversion factors used by the authors would 
be of interest. 

Additional data are also needed in following the arguments used by 
the authors in explaining the embrittlement occurring at 930°F (500°C). 
The data given in Table VII show that no austenite was formed at 1020 °F 
(550°C), and yet the embrittlement occurring at temperatures as low as 
800 °F (425°C) is explained by the presence of austenite. The formation 
of austenite at this low temperature is unlikely unless excessive segrega- 
tion is present in the alloys. 

In conclusion, the impression should not be left that these steels are 
markedly different from other alloy steels. Both the transformation 
rates and tempering characteristics are similar to other low carbon alloy 
steels. Although useful properties can be developed by suitable heat 
treatment, it is emphasized that temper embrittlement will occur in the 
temperature range of 800 to 1000°F (425 to 540°C) and care must be 
taken not to temper in this range or to slow cool through the range. 


Authors’ Reply 


The authors are grateful for the comments and additional informa- 
tion which Messrs. T. W. Merrill and Jerome Strauss have offered. Their 
comments regarding the large increase in tensile strength with carbon 
content is, perhaps, not unexpected. For their steels even rather small 
amounts of vanadium are quite effective in increasing the resistance of 
the steel to softening upon tempering. Accordingly, one might expect the 


4W. S. Peillini and B. R. Queneau, “Development of Temper Brittleness in Alloy 
Steels,”” Transactions, American Society for Metals, Vol. 39, 1947, p. 139. 


” 
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variations of hardness with carbon content to follow closely that of the 
“as-quenched” hardness. This latter changes very fast as a function of 
carbon content. 

Since in this work very little study was given to the properties of 
these alloys when tempered at temperatures near that of 375 °F, it is 
rather difficult to add to the comments of Messrs. Merrill and Strauss 
on the effects of alloying elements. However, from the information we 
do have, it appears that there is general agreement. According to our 
data, unless tempered at temperatures above about 900°F it was found 
that steels containing over 3% manganese are very brittle. Chromium in 
general tended to increase the tensile and yield strength for a given 
tempering treatment without too much effect on the ductility. The detri- 
mental effect of chromium seems to occur whenever austenite is present. 
The chromium decreases the stability of the austenite formed during the 
tempering treatment so that it transforms to either martensite or bainite 
upon subsequent cooling to embrittle the alloy. With regard to phos- 
phorus, no work was done to study its effect. 

The conclusion drawn by Dr. B. R. Queneau that the alloy content 
used in large forgings is limited by the occurrence of temper embrittle- 
ment cannot be accepted without some hesitation. While it is generally 
true that the higher alloy steels are susceptible to this effect, his state- 
ment is too general and inclusive. Sufficient information is not yet 
available to determine the cause of temper embrittlement, and the effect 
of the amount of alloying element added to a steel on the susceptibility 
is certainly not known. In fact, experimental work on this subject at 
the University of California by Drs. Parker and Hultgren tends to show 
that alloying elements do not in themselves cause temper embrittlement. 
At least at this date we cannot definitely state that a steel is susceptible 
to embrittlement because the alloy content is high. It is much better 
to accept the experimental results. Dr. Queneau is correct in his state- 
ment that “it was no accident that all of these alloys contain molybdenum”. 
This alloy was purposely added, for it was found that it prevented 
the precipitation of carbides in slow cooling after the austenitizing treat- 
ment. Further, it apparently had a very large effect on the stability of 
the austenite during tempering. 

The additional data requested by Dr. Queneau for support of our 
explanation that embrittlement can occur at 550°C (1020°F) is found 
at the bottom of page 1272 of the paper. Here it is stated that a gamma 
line was found on all specimens tempered above 480°C (900°F). In 
fact, for many of the alloys a gamma line appeared at temperatures 
of 425°C (795°F) (see page 1289). The data given in Table VII were 
obtained by dilatometric measurement, as stated in the text, pages 1274 
and 1275. For these particular measurements, the X-ray measurements 
were more sensitive than those obtained by the dilatometer. Later 
when the dilatometer was modified, the two methods gave comparable 
results. 

The authors fail to follow Dr. Queneau’s statement that embrittle- 
ment occurred at temperatures as low as 425°C (800°F). The data 
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given for the iron-manganese-nickel alloys were for tempering treat- 
ments at 500°C and above. Here embrittlement certainly did not occur. 
For the alloys containing vanadium, tempering at 550°C (alloy MLG) 
or 500°C (alloys MMO and MME) decreased the room temperature 
impact strength to a value lower than that expected for the tensile 
strength. The question appears to be whether or not this is due to 
temper embrittlement. While the alloys containing vanadium were 
not subject to as much study as the other alloys, nevertheless it is 
known that upon tempering above 500°C (930°F) austenite does form. 
If temper embrittlement played a role, then it would be expected 
that an additional retempering treatment would cause a further decrease 
in impact strength. This is not that case, however, for upon examina- 
tion of Table XI, it is seen that a double tempering at 550°C (1020 °F) 
increased the impact strength of alloy MMD from 20 to 60 foot-pounds 
and from 8 to 23 foot-pounds when tempered at 500°C (930°F), even 
though the alloy was furnace-cooled after each tempering treatment. 
Further on, examination of the data for the other tempering treatments 
also shows that this is true. For example, for alloy MME the impact 
strength was raised from 37 to 85 foot-pounds and from 10 to 87 foot- 
pounds when double tempered at 600 and 550°C (1110 and 1020°F), 
respectively. Accordingly, then, the only logical conclusion is that the 
drop in the impact strength for the alloys containing vanadium when 
tempered at these temperatures is associated with the stability of the 
austenite and is not due to temper brittleness in the ordinary sense 
of temper brittleness. The possibility that the formation of the austenite 
may be due to excessive segregation is also not very likely. A micro- 
scopic examination of specimens revealed that the austenite is rather 
uniformly distributed. Further specimens which had been held at 1230°C 
(2245°F) for 3 days also had about the same tendency for austenite 
formation as the specimens homogenized for 4 hours. 

The authors also fail to follow Dr. Queneau’s reasoning that the 
transformation rates of these alloys are similar to other low carbon 
alloy steels. For the steels considered here, no isothermal transfor- 
mation of the austenite could be observed when the alloys were quenched 
from 900°C and held for 3 days at temperatures of 450 to 600°C (840 to 
1110°F). The curves of Fig. 7 also indicate the extremely slow rate 
at which the austenite transforms. 





THORIUM-CARBON SYSTEM 
By H. A. WILHELM AND P. CHIOTTI 


Abstract 


A study of the thorium-carbon system has been made 
and a constitutional diagram constructed from ‘metallo- 
graphic, X-ray and melting point data. 

Thorium forms two carbides: ThC (4.92% carbon) 
and ThC, (9.38% carbon). The monocarbide has a 
sodium chloride-type structure with ag =5.34A and the 
dicarbide has a pseudo tetragonal lattice. The mono- 
carbide melts at 2625+ 25°C (4755 2+45°F) and the 
dicarbide at 2655 + 25°C (4810 + 45°F). All compo- 
sitions between thorium and the monocarbide show com- 
plete miscibility in the liquid state and in the solid state 
at elevated temperatures. However, an immiscibility gap 
in the solid solution area appears to extend from room 
temperature to just under the solidus line. The peak of 
this gap is at about 2% carbon and 1975 °C (3590 °F); 
the composition of the thorium-rich and the carbon-rich 
solid solutions for this gap at room temperature are about 
0.25% carbon and 3.8% carbon respectively. The mono- 
carbide and dicarbide also form a complete series of solid 
solutions at elevated temperatures but show very little or 
no mutual solid solubility at room temperature. 

The dicarbide forms a eutectic with graphite contain- 


ing approximately 12.6% carbon and melting at 2500 + 
35°C (4530 + 65 °F). 


ARIOUS structures for thorium-carbon alloys have been re- 

ported in the literature. Much of the work done, however, has 
been coincidental to other investigations and no complete systematic 
study has been made of the thorium-carbon system. The existence 
of a dicarbide of thorium was first reported by Troost (1)* and later 
by Moissan and Etard (2). The structure of the dicarbide was 
reported by Stackelberg (3) to be face-centered tetragonal with four 
molecules per unit cell with a, = 5.85A and C, = 5.28A. Researchers 
at Battelle Memorial Institute (4) made X-ray studies of alloys 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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formed in the process of determining the oxygen content of thorium 
metal by the vacuum-fusion method and reported the following 
phases: a monocarbide phase with a face-centered cubic structure of 
the NaCl. type with a, = 5.29A, a dicarbide with a body-centered 
tetragonal structure with two molecules per unit cell with a, = 4.14A 
and C, = 5.28A, and slight evidence of a third face-centered cubic 
phase believed to be of the CaF, type with a, = 5.85A. The lattice 
constants of the dicarbide are in close agreement with those deter- 
mined by Stackelberg if referred to the same unit cell. 

N. C. Baenziger (5a) of this laboratory carried out X-ray stud- 
ies of alloys prepared by D. Trieck and identified a ThC, phase 
believed to have an orthorhombic lattice with a, = 8.26A, b, = 10.52A 
and C, = 4.22A and eight molecules per unit cell. A monocarbide 
phase with a sodium chloride-type structure and a lattice constant of 
5.284A was also identified. The metal is also face-centered cubic 
with the cubic closest packed copper-type structure. Baenziger re- 
ported the best value of the lattice constant for the pure metal to be 
5.0756A. The existence and identification of the two carbides of 
thorium have been reported by Wilhelm, Chiotti, Snow and Daane 
(5b). 

From a study of samples quenched from approximately 1950 °C 
(3540 °F) Baenziger and Trieck concluded that the maximum solu- 
bility of carbon in thorium at this temperature is approximately 0.7%. 
Researchers at other laboratories (6) have reported the limit of solid 
solubility of carbon in thorium to be appreciable at elevated tempera- 
ture and to be approximately 0.25% at room temperature. 

The purpose of the present investigation is to extend the study 
of these alloys with the view of establishing more precisely the con- 
stitutional diagram of the thorium-carbon system. 


EXPERIMENTAL PROCEDURE AND APPARATUS 


Preparation of Alloys 


Many of the alloys studied in this investigation were prepared 
by powder metallurgy methods. Thorium and _ spectrographically 
pure graphite powders of minus 30 mesh particle size were mixed 
and pressed into compacts or small bars at approximately 50,000 
pounds per square inch in suitable steel dies. The pressed compacts 
were then heated in an induction furnace in graphite crucibles or 
mounted between water-cooled electrodes and resistance heated by a 
high electric current. 
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The thorium metal powder was prepared from cast thorium by 
the hydride process. This process consists essentially of heating the 
metal in a hydrogen atmosphere at approximately 600 °C (1110 °F) 
until hydrogen is no longer taken up, thus forming the dihydride, 
followed by further reaction with hydrogen at 325 to 200°C (615 
to 390 °F), thus forming a rather finely divided product which 1s 
decomposed to the metal powder by reheating to 500°C (930 °F) 
and finally at 700°C (1290°F) under vacuum. The hydride is 
quite brittle and may be ball-milled under an inert atmosphere to 
further reduce the particle size if metal powder of considerably less 
than minus 30 mesh is desired. 

Alloys were also prepared by heating molten thorium in contact 
with graphite at various temperatures for 10 to 30 minutes. By this 
method the melt takes up its equilibrium content of carbon at the 
particular temperature. Any excess carbon which diffuses through 
the solid carbide layer which forms between the melt and the carbon 
precipitates at the solid liquid interface, or simply contributes to the 
growth of the solid carbide layer. The center portions of the result- 
ing billets were analyzed for carbon content. Temperature-composi- 
tion points on the liquidus curve of the phase diagram for carbon 
contents of 0.19 to 2.2% were determined in this manner. 


Melting Point Determinations 


Melting points of a series of alloys containing up to 14% carbon 
were determined by the method of Pirani and Alterthum (7). This 
method consists of heating a pressed bar of the desired composition 
by passing an electric current through it and observing the melting 
temperature by means of an optical pyrometer focused on a small hole 
drilled into the bar. Bars %4 by % by 4 inches were used in these 
experiments. A small hole 0.039 inch diameter by 0.15 inch deep 
drilled with a long tapered point drill in the center of the bar normal 
to the long axis was found to give suitable black-body conditions. 
These bars were mounted between water-cooled copper electrodes 
and heated under vacuum or a helium atmosphere. The high current 
necessary to heat these compacts to their melting temperatures was 
obtained with an 8-kva transformer operating on a 220-volt, single- 
phase input to give an output of 2, 4, or 8 volts at 4000, 2000, or 
1000 amperes respectively. The output could be varied continuously 
from zero to the maximum rated value by means of an autotrans- 
former in the input circuit. 
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A disappearing filament-type optical pyrometer was used in 
taking temperature readings. The pyrometer was calibrated against 
the melting points of molybdenum and nickel. The apparent melt- 
ing points of two pressed molybdenum bars as observed through a 
pyrex glass window were found to be 2590 and 2580 °C (4695 and 
4675 °F). These readings were then corrected for absorption by 
the glass window using the relation developed by Foote et al (8), 
1/T — 1/Ta = -0.0000046 where T is the true absolute tempera- 
ture and Ta is the apparent or observed absolute temperature 
in degrees Kelvin. The corrected temperatures, 2628 and 2618 °C 
(4760 and 4740 °F), are in good agreement with the literature value 
(9) of 2620+ 10°C (4748 + 20°F) for molybdenum. The cor- 
rected melting point of nickel was observed in the same manner to be 
1448 °C (2640°F) which is in fair agreement with the accepted 
value of 1455 °C (2650 °F). 


Preparation of Samples for Microscopic Examination 


All alloys containing more than 4.0% carbon react rapidly with 
moisture and cannot be subjected to the usual wet polishing pro- 
cedures. Well-sintered 4% by %4-inch bars are completely disinte- 
grated in 8 hours’ exposure to the atmosphere. The sintered compacts 
are also very porous and extremely brittle and friable which add to 
the difficulty of obtaining well-polished microstructures. The best 
results in polishing these samples were obtained by using fine-grit 
emery paper either dry or impregnated with paraffin wax. Polish- 
ing on a cloth wheel using a carborundum suspension in a carbon 
tetrachloride-wax solution proved fairly satisfactory. Alloys con- 
taining less than 3.5% carbon can be wet polished by the usual 
procedures. Thorium metal with less than 0.5% carbon can be pol- 
ished and etched electrolytically with 50:50 glacial acetic and ortho- 
phosphoric acids. A current density of one ampere per square inch 
has been shown to be suitable for etching thorium (10). Quenched 
samples containing up to 3.5% carbon can be successfully etched 
with one part concentrated nitric to two parts methyl alcohol. The 
addition of 1 to 2% of a saturated aqueous solution of sodium 
fluosilicate improves the action of this etchant. This etchant is quite 
slow in its action on the pure metal, approximately 15 minutes being 
required to bring out the grain boundaries. With alloys containing 
more than 3.5% carbon the chief difficulty is to prevent overetching 
by air. 
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CONSTITUTIONAL DIAGRAM 


A tentative constitutional diagram of the thorium-carbon sys- 
tem is shown in Fig. 1 as constructed from metallographic, X-ray, 
and melting point data. 

Preliminary evidence of the phases to be expected was obtained 
by observing the diffusion bands formed between the metal and 
carbon on heating thorium metal in a graphite crucible under 


Thorium -Carbon System 
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Fig. 1—Tentative Constitutional Diagram of the Thorium-Carbon System. 


vacuum in an induction furnace at 2100 to 2180°C (3812 to 
3956 °F) for 22 minutes. Since the carbides of thorium are ex- 
tremely brittle and friable it was difficult to hold the carbide formed 
between the metal and the crucible intact during polishing opera- 
tions. To eliminate this difficulty a small graphite rod was sup- 
ported in the center of the melt and the diffusion bands formed 
around the graphite rod were firmly held in place by the surround- 
ing metal. The structures of the bands obtained are shown in Fig. 2. 
The curvature of the graphite rod is evident at the extreme left 
side and the direction of decreasing carbon content is from left to 
right. The banded structure of the innermost region of the first 
shell is characteristic of the structure of the dicarbide, see also 
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Fig. 2—Diffusion Bands of Carbide Formed by Heating Thorium in Contact With 
Graphite at 2105 to 2180°C for 22 Minutes, Air-Etched, X 100. 
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Fig. 3—Typical Structure of ThCe, Air-Etched, X 100. 


Fig. 3. The banded structure of the dicarbide, Fig. 2, merges into 
a region with a lamellar structure extending up to the first demarca- 
tion line, indicating appreciable decrease in solid solubility of the 
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monocarbide in the dicarbide on cooling to room temperature. The 
adjacent region shows a wide single-phase area of monocarbide 
partially darkened by the action of atmospheric moisture. This 
region gradually merges into an area showing a spheroidized pre- 
cipitate of thorium and with decreasing carbon content into a region 
showing a lamellar structure consisting of nearly equal amounts 
of the monocarbide phase and thorium and finally to an area of 
monocarbide phase in a thorium matrix. The thorium phase and the 
monocarbide phase are both solid solution phases. 


Determination of Liquidus Line 


A series of alloys was prepared by heating thorium metal to 
temperatures above its melting point in graphite crucibles under 
vacuum. The center portions of the billets were then analyzed for 
carbon content. The results obtained are shown in Table I. 


Table I 
Equilibrium Carbon Content of Thorium Heated in Contact with Graphite 





Sample Temp. Time at Per Cent Rockwell 
No. a Temp., Minutes Carbon Hardness 

1 1770-1825 29 0.3 73B 

2 1825-1850 30 0.2 68B 

3 1860-1880 20 0.3 ee 

4 1870-1970 20 0.6 91B 

5 2105-2180 22 1.0 98B 

6 2125-2205 17 1.0 97B 

7 ‘2150-2250 9 1.1 “ 

8 oun 25C 


2350-2435 11 


In most cases the melt was furnace cooled to room tempera- 
ture. The samples cooled from approximately 2000 to 1750 °C 
(3630 to 3180 °F) in approximately 5 minutes and then to room 
temperature in 8 to 10 hours. Polished cross sections of the sam- 
ples showed no major segregation of the carbide first precipitated 
from the melt. This was further checked by quenching two sam- 
ples, 3 and 7, from the temperature to which they were heated. 
The carbon analysis obtained was found to be consistent with the 
other data as shown in Table I. These data then represent tempera- 
ture—composition points on the liquidus line as shown in Fig. 1. 

The microstructures of the central region of these fused alloys 
furnace-cooled to room temperature are shown in Figs. 4, 5, 6, and 
7. From Fig. 4 it is evident that the solid solubility of carbon in 
thorium at room temperature is appreciably less than 0:3%. The 
structures in Figs. 4 and 5 of two alloys containing 0.3 and 0.6% 
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Fig. 4—Fused Sample, 0.3% Carbon, From Center of Thorium Billet Heated at 1770 
to 1825°C for 19 Minutes in Contact With Graphite, Unetched, X 100. 


Fig. 5—Fused Sample, 0.6% Carbon, From Center of Thorium Billet Heated at 1870 
to 1970°C for 20 Minutes in Contact With Graphite, Unetched, X75. 


Fig. 6—Fused Sample, 1.0% Carbon, From Center of Thorium Billet Heated at 2105 
to 2180°C for 22 Minutes in Contact With Graphite, Unetched, X 250. 


Fig. 7—Same Sample as Shown in Fig. 6, Etched Electrolytically With 50:50 Ortho- 
phosphoric and Glacial Acetic Acid at a Current Density of Approximately 1 Ampere Per 
Square Inch. X 250. 


carbon, respectively, show no evidence of primary dendrites of car- 
bide, the carbide present being in the form of needles or plates scat- 
tered throughout the grains and at the grain boundaries, indicating 
precipitation from the solid state. An alloy containing 1.0% carbon, 
Fig. 6, shows areas of carbide in thorium-rich matrix. The same 
sample after etching, Fig. 7, shows evidence of precipitation in the 
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solid state from both the carbide-rich phase and the thorium phase, 
indicating appreciable decrease in mutual solid solubility of the two 
phases on cooling to room temperature. 

The structure shown in Fig. 8 of an alloy containing 2.2% 
carbon indicates coprecipitation of nearly equal amounts of thorium- 
rich and monocarbide-rich phases. The larger, light regions are 
interpreted as thorium-rich areas formed during solidification. 


Sintered Alloys 


Alloys were also prepared by heating pressed powder compacts 
in graphite crucibles under vacuum in an induction furnace and 
then either quenching or slow cooling to room temperature. The 
cooling rate was approximately the same as that described for the 
fused alloys. In the quenching experiments helium was introduced 
into the system, the vacuum head removed and the crucible was 
then removed and completely submerged in oil. Sintered or par- 
tially fused alloys were also obtained by passing a high electric 
current through pressed bars in the process of making melting 
point determinations. In most cases heating was carried out in 
a helium atmosphere and at the melting temperature the bars usually 
melted in two, the samples thus cooling rapidly to room temperature. 

Sintered alloys containing 1.8 to about 3.8% carbon slowly 
cooled to room temperature show varying degrees of precipitation 
of thorium or of the monocarbide phase as shown in Figs. 9 and 10. 
Fig. 9 shows monocarbide (dark phase) precipitating at the grain 
boundaries and within the grains, whereas Fig. 10 shows thorium 
precipitating at the grain boundaries and within the grains. ‘These 
structures may be explained on the basis of two solid solutions 
cooled slowly through opposite boundaries of an immiscibility gap 
as shown in Fig.°1. Alloys containing 3.8 to 4.92% carbon are 
one-phase alloys at room temperature. A characteristic structure is 
shown in Fig. 11. The black areas in this figure are principally voids. 

Microstructures of compacts heated at about 1900 °C (3450 °F) 
for approximately 10 minutes and then quenched in oil show that 
the alloys containing from 4.92 to about 2.6% carbon are one- 
phase at this temperature, while alloys near 1% carbon appear to 
be two-phase (see Figs. 12 and 13). The latter alloys have a coarse 
granular eutectoid-type structure which may have resulted from 
precipitation due to. an insufficiently rapid cooling rate. The struc- 
tures of alloys obtained as a result of melting point determinations 
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Fig. 8—Fused Sample, 2.2% Carbon, From Center of Thorium Billet Heated at 2350 
to 2435 °C for 11 Minutes in Contact With Graphite, Air-Etched, x 100. 


Fig. 9—Sintered Alloy, 1.8% Carbon, Heated at 1900°C for 3 Minutes, Air-Etched, 
xX 100. 


Fig. 10—Sintered Alloy, 2.6% Carbon, Heated at 1975°C for 3 Minutes, Air-Etched. 
< 100. 


. a 11—Sintered Alloy, 4.1% Carbon, Heated at 2110°C for 10 Minutes, Air-Etched, 
give evidence that all alloys containing up to 4.92% carbon are one- 
phase at near their melting temperatures. Many of these alloys 
were found to be two-phase alloys, but the second phase evidently 
resulted from precipitation or decomposition in the solid state, indi- 
cating that the cooling rate was insufficiently rapid to hold the high 
temperature form. See Figs. 14, 15, and 16. Fig. 17 shows the 
structure of the sample shown in Fig. 14 after annealing. 
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Fig. 12—Sintered Alloy, 2.6% Carbon, Oil-Quenched From 1900°C, Unetched, X 250. 


Fig. 13—Sintered Alloy, 1.0% Carbon, Oil-Quenched From 1900°C, 1 Part Nitric 
Plus 2 Parts Methyl Alcohol Etch, X 250. 


Fig. 14—Sintered Alloy, 1.1% Carbon, Cooled in Helium From 2010°C, Unetched. 


Fig. 15—Sintered Alloy, 1.3% Carbon, Cooled in Helium From 2025°C, 1 Part Nitric 
Acid Plus 2 Parts Methyl Alcohol Etch, X 250. 


In the region between 4.92% carbon, composition of ThC, and 
9.38% carbon, composition of ThCs, the alloys cooled in helium 
from their melting temperatures show structures indicating that 
this is a one-phase region at elevated temperatures (see Figs. 18, 
19, and 20). All alloys in this region are two-phase alloys at room 
temperature. The two phases have been identified by X-ray analysis 
to be ThC and ThC,.. . The lattice spacings correspond very closely to 
those for the pure compounds showing no appreciable mutual solid 
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Fig. 16—Sintered Alloy, 2.1% Carbon. Cooled in Helium From 2085°C, 1 Part Nitric 
Acid Plus 2 Parts Methyl Alcohol Etch, X 250. 


Fig. 17—-Same Sample as Shown in Fig. 14 Annealed at 1800°C for Approximately 5 
Minutes and Slowly Cooled to Room Temperature, Unetched, X 250. 


“0 18—Sintered Alloy, 5.1% Carbon, Cooled in Helium From 2605°C, Air-Etched, 

: Fig. 19—-Sintered Alloy, 6.1% Carbon, Cooled in Helium From 2615°C, Air-Etched., 
solubility. The temperatures at which these alloys change from one- 
phase to two-phase alloys have not been established. Attempts to 
hold the high temperature form by quenching proved unsuccessful. 
Fig. 21 shows the structure of a sintered 7.2% carbon alloy slowly 
cooled to room temperature and Fig. 22 the structure of an 8.0% 
carbon alloy after annealing. 

Thorium dicarbide and graphite form a eutectic at approxi- 
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Fig. 20—Sintered Alloy, 8.0% Carbon, Cooled in Helium From 2655°C, Air-Etched, 
50. 


X2 


Fig. 21—-Sintered Alloy, 7.2% Carbon, Heated at 2400°C for 21 Minutes and Slowly 
Cooled to Room Temperature, Air-Etched, X 250. 


Fig. 22—-Same Sample as Shown in Fig. 20 Annealed at 1625°C for 60 Minutes, Air- 
Etched, X 250. 


Fig. 23—ThC:2-C Eutectic Containing Approximately 12.6% Carbon, Unetched, x 100. 


mately 12.6% carbon melting at 2500 + 35°C (4530°F). This 
eutectic has been established from melting point determinations and 
the microstructure of alloys obtained. Pressed compacts correspond- 
ing to the composition of ThCs, when heated in contact with graphite 
were observed to melt at between 2500 and 2535 °C. The resulting 
eutectic structure formed is shown in Fig. 23. Evidently the melt- 
ing point of this eutectic was also observed by Prescott and Hincke 
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(11) by a similar procedure but mistaken by them as the melting 
point of the dicarbide. 


Melting Point Determinations 


Melting temperatures were determined by the method of 
Pirani and Alterthum as previously described. The results obtained 
are given in Table II. 


Table Il 
Melting Points of Th-C Alloys 


Per Cent 








Melting Point Per Cent Melting Point 

Carbon “Ss Carbon 7 
0.09 1695 1.1 2085 
0.09 1710 1.1 2010 
0.09 1710 xin 2055 
0.09 1745 1.1 2015 
0.09 1780 1.3 2025 
0.24 1785 ‘8 2140 
0.35 1850 1.6 2165 
0.35 1835 aun 2200 
0.46 1860 aa 2245 
0.59 1960 aus 2455 
0.59 1900 4.1 2560 
0.59 1915 4.9 2625 
0.59 1910 5.0 2620 
0.59 1905 5.3 2605 
0.71 1910 5.2 2605 
0.71 1930 6.1 2615 
0.85 1975 7.3 2635 
0.85 1940 8.0 2655 
0.85 2000 9.4 2655 
0.85 1980 9.4 2660 
0.96 2030 11.9 2545 
1.1 1985 14.9 2500 
1 


a3 2035 


The metal used in these experiments contained approximately 
0.09% carbon and small amounts of other impurities, principally 
oxygen and nitrogen. A considerable variation in the melting point 
of this metal was observed as shown in Table II. This variation was 
probably due to contamination of the metal in the process of deter- 
mining the melting point, possibly by small amounts of oxygen or 
nitrogen or both. The samples melting at 1695 and 1780 °C (3085 
and 3235°F) were cold-rolled from a thickness of approximately 
0.25 inch to 0.035 and 0.073 inch respectively before appreciable 
cracking along the edge of the samples took place. The samples 
were then annealed at 800°C (1470°F) for 1 hour and the elec- 
trical resistance and hardness compared. The metal with a melting 
point of 1695 °C gave the lowest value for both of these properties, 
indicating that it contained a lower amount of impurities. The best 
value for the melting point of the metal is therefore considered to 
be approximately 1695°C. Thompson (12) has reported values 
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for the melting point of electrolytic thorium ranging from 1672 to 
1695 °C and for calcium-reduced thorium melting points of 1712 
to 1739 °C. He also gives a review of the melting points reported 
by other investigators. 

Thorium-rich alloys also show considerable variation in their 
melting points. The presence of oxide or nitride films at the grain 
boundaries or on exposed surfaces and the fact that the compacts 
remain quite porous up to the melting temperature tend to prevent 
the first melt formed from flowing or concentrating in the small 
hole drilled in the bar, with the result that the observed melting 
temperatures may be expected to be higher than that of the cor- 
responding solidus temperatures. At temperatures of 1900 °C 
(3450 °F) and above the oxide reacts with the carbide or carbon 
present and part of the carbon added is lost as carbon monoxide. 
This reaction would be expected to cause some variation in the 
observed melting temperatures. Two melting point maxima were 
obtained at 4.92 and 9.38% carbon, corresponding to the composi- 
tion of ThC and ThCo. 

An X-ray diffraction pattern obtained by the powder method 
of an alloy containing 4.92% carbon, the composition of the mono- 
carbide, showed this compound to have a face-centered cubic struc- 
ture of the sodium chloride type with a, = 5.34A. X-ray studies of 
well-annealed alloys showed the lattice constant of the monocarbide 
phase to vary from 5.29 to 5.34A, confirming the wide solid solu- 
bility range of thorium in the monocarbide as observed metallo- 
graphically. A 2.6% carbon alloy quenched from 1900 °C (3450 
°F) gave a lattice constant of 5.26A. Rapidly cooled alloys gave 
no indication of a transition for the monocarbide. 

A well-annealed alloy containing 7.3% carbon showed two 
phases to be present, namely, the monocarbide with a, = 5.34A, 
and the dicarbide of undetermined structure. The X-ray spacings 
for the dicarbide were, however, in very close agreement with the 
spacings observed by Baenziger for the pure compound. It may 
therefore be concluded that there is very little mutual solid solu- 
bility between the two compounds at room temperature. 





Since microstructures show that the monocarbide and _ the 
dicarbide form a complete series of solid solutions at elevated 
temperatures it was assumed that the dicarbide probably transforms 
from a cubic structure to a pseudo tetragonal structure on cooling 
to room temperature. No evidence of any transition was found. A 
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sample of dicarbide containing excess graphite quenched in oil from 
the molten state at 2700°C (4890°F) gave a diffraction pattern 
corresponding closely to that for the pure compound slowly cooled 
to room temperature with only a slight decrease in lattice spacing. 
A few extra lines corresponding to maxima for graphite were also 
observed. It may be concluded from this evidence that if the 
dicarbide transforms it does so very rapidly and also that the 
dicarbide holds little or no graphite in solid solution. Since X-ray 
studies show the dicarbide to be one-phase, the peculiar micro- 
structure as shown in Fig. 3 is believed to be due to a high degree 
of twinning. 
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THE URANIUM-MANGANESE AND URANIUM-COPPER 
ALLOY SYSTEMS 


By H. A. WILHELM AND O. N. CARLSON 


Abstract 


The uranium-manganese system has been investigated 
by thermal, microscopic and X-ray methods. Two com- 
pounds, U,Mn and UMngy, have been identified from 
X-ray and microscopic data. From thermal data and 
microstructures it has been established that U,Mn 1s 
formed on cooling by a peritectic reaction at 726°C 
(1340 °F), while UMn, is stable with a melting point of 
1120 °C (2050 °F). There is a eutectic between these two 
compounds at 6.0 weight per cent manganese and 716 °C 
(1320 °F). A second eutectic existing at 55% manganese 
between UMn, and Mn has a eutectic temperature of 
1035 °C (1895 °F). 

It has been estimated from microstructures that the 
maximum solubility of manganese in gamma uranium 1s 
less than 1%. The solubility decreases in the beta 
region with a eutectoid at 0.25% manganese and 626 °C 
(1160 °F ). Although the solubility of uranium in man- 
ganese has not been investigated thoroughly, there is evi- 
dence for some solid solubility. 

In the uranium-copper system one compound, UCus, 
has been identified. This compound forms peritectically 
on cooling at 1052 °C (1925°F). It oxidizes slowly in 
air, is extremely brittle and has a density of 10.6 grams 
per cubic centimeter. It is face-centered cubic with a, = 
7.0208A. A eutectic exists between the compound and 
pure copper at 75 weight per cent copper and 950°C 
(1740 °F). Liquid immiscibility occurs between uranium 


and about 50% copper. There is no evidence of solid 
solubility either of copper in uranium or uranium in 
copper. 
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A paper presented before the Thirty-first Annual Convention of the Society, 
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Commission, lowa State College, Ames, Iowa. Manuscript received December 
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T the time these alloy studies were conducted the major interest 
was in the effects of the alloying agents on uranium. Conse- 
quently greater emphasis has been placed on the uranium-rich portion 
of the systems. There have been no studies of either the U-Mn or 
the U-Cu system found reported in the general literature. 


URANIUM-MANGANESE SYSTEM 


Previous to this investigation a preliminary survey of some 
uranium-manganese alloys was reported by the Battelle Memorial 
Institute (1).1 Corrosion studies and heat treatment experiments 
were conducted on two uranium-rich alloys but no unusual properties 
were mentioned. From the present work one of the more interesting 
properties of this alloy system is the sharp lowering of the uranium 
liquidus by the addition of small amounts of manganese. 


Procedure 


Alloys were prepared from high-purity uranium produced by 
the Iowa State College process. The manganese used was obtained 
from the Electro Manganese Corporation and had a reported purity 
of 99.95%, with major impurities being hydrogen, iron, and sulphur. 
The purity of this metal was checked by the Ames analytical division 
at 99.9+-% manganese. The alloys were prepared in BeO crucibles 
by heating the metals self-inductively in an induction furnace to a 
temperature above the melting point of either component. A diffi- 
culty that was encountered when preparing alloys of these metals in 
vacuo was loss of manganese by distillation. The vapor pressure of 
manganese is greater than 1 millimeter at its melting point (2). 
When an alloy was heated above 1000 °C (1830 °F), an atmosphere 
of argon was maintained in the furnace, which reduced the loss of 
manganese to a tolerable quantity. 

Thermal analyses were taken in a Kanthal-wound resistance 
furnace constructed to fit inside a quartz vacuum tube, and in which 
furnace temperatures of 1350°C (2460°F) could be attained. A 
chromel-alumel thermocouple was used and data were recorded on 
a Micromax automatic recorder. 

Following thermal analyses the alloys were sectioned for micro- 
scopic, chemical and, when desired, X-ray studies. 

Specimens were prepared for microscopic examination by stand- 
ard metallographic methods of grinding on emery papers of succes- 
sive fineness, followed by a wet wheel polish and a final electrolytic 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Thermal Data on U-Mn Alloys 


Transformations————— 





Wt. % Mn Liquidus, °C Peritectic, °C Eutectics — 

0 1132 “en 760 650 

0.23 1102 ska 747 619 

1.0 1083 716 ; 744 626 

1.9 a8 4% 721 cet 745 626 

4.0 866 728 <= 749 626 

10.0 ak soe 716 : ; 

18.0 1033 720 
27.0 1110 716 
35.6 1104 1036 
58.2 1036 

79.0 oe 1035 1123 : 
90.0 1177 1018 ced 1088 
95.0 1224 cack 1153 1102 nist 
97.5 1230 wih ; 1150 1059 Pa 
99.9 + 1245 es me 1138 1100 727 


polish in a bath containing 5 parts H,;PO,, 8 parts ethylene glycol, 
and 8 parts ethyl alcohol. Frequently an additional etching was 
required, such as a 10% oxalic acid etch applied electrolytically to 
bring out the uranium-rich eutectoid structure more distinctly. 

Methods of chemical analysis for these alloys were devised from 
standard analytical procedures (3). The samples were dissolved in 
HClO, + H,O, + Na,SiF, and the HO, removed by evaporating 
to HClO, fumes. Aliquots of the solutions were passed through a 
Jones reductor and the uranium titrated with ceric sulphate. The 
manganese was oxidized with NaBiO, and titrated with FeSQO,. 

In the heat treatment experiments samples were annealed in a 
vacuum at the desired temperatures. An atmosphere of helium was 
introduced before quenching in water. 


Interpretation of Data and Discussion of Results 


The data in Table I constitute the basis for much of the phase 
diagram shown in Fig. 1 and the enlarged low Mn region, Fig. 2. 

Thermal data show a depression of both the alpha-beta and the 
beta-gamma transformations of uranium indicative of some solid 
solution. The extent of solubility has been estimated from the 
microstructures of quenched samples. Quenches were made on a 
series of alloys containing 0.25, 0.5 and 1% manganese from 900 °C 
(1650 °F). The gamma phase is present in all these alloys at this 
temperature. The microstructures of these samples (Figs. 3 to 5) 
indicate that the limit of solid solubility of manganese in gamma 
uranium at 900 °C (1650 °F) lies slightly above 0.5% manganese. 
Figs. 6 to 8 show the same composition series quenched from 670 °C 
(1240 °F) and they likewise place the limit of solid solubility in 
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beta uranium between 0.5 and 1% manganese. That there is no 
appreciable solubility in alpha’uranium is shown by the eutectoid 
structure of a 0.25% manganese alloy that has been slowly cooled 
to 575 °C (1065 °F) (Fig. 9). A compound, U,Mn, phase can be 
seen along the grain boundaries of the 0.5% manganese alloy (Fig. 
10). On the basis of these microstructures the alpha-beta eutectoid 
at 626°C has been placed at a composition of 0.25% manganese. 


UMno + Liquid § Mn + UMno 


1292 


i112 





50 60 70 80 100 
Weight % Manganese 


Fig. 1—Uranium-Manganese Phase Diagram. 


The compound U,Mn, 3.7% Mn, first identified from X-ray 
patterns (4) is formed on cooling by a peritectic reaction between 
beta uranium and liquid at 726°C (1340°F). The highly crystal- 
line nature of this compound made it possible to separate mechan- 
ically single needles from the metal matrix. Chemical analysis of 
these needles showed that they had approximately the composition 
U,.,Mn, and since the needles crystallized from a composition lower 
in uranium, this deviation from the ascribed composition U,Mn is 
considered as not significant. X-ray analysis showed that U,Mn 
was the only likely choice for the compound. Single-crystal pictures 
of the compound, rotated about the needle axis, and powder diagrams 
have shown U,Mn to be body-centered tetragonal with a unit volume 


- 





1950 URANIUM-MANGANESE-COPPER SYSTEMS 1315 


of about 550A* and a, = 10.265 + 0.1A,c, = 5.23 + 0.02A and a 
density of 17.8 grams per cubic centimeter. Microstructures of sam- 
ples on the uranium-rich side of the compound indicate that here are 
two distinct phases, uranium and the compound U,Mn (Fig. 11). 
A quench of these samples from above the peritectic shows the 
uranium phase surrounded by a eutectic-like matrix (Fig. 12). 


Temperature °C 





% Mn 


ities aaa 

Between the compound U,Mn and the eutectic, equilibrium is 
obtained somewhat more slowly. The microstructure of an alloy 
very near the compound composition suggests an incomplete reaction 
characteristic of peritectics (Fig. 13). The sluggish nature of this 
reaction was further shown by annealing the sample above the peri- 
tectic temperature and cooling rapidly to room temperature. In the 
photomicrograph (Fig. 14) can be seen primary uranium surrounded 
by a peritectic wall of U,Mn plus finely divided eutectic. 

Since the eutectic and peritectic temperatures are so close to- 
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Fig. 3—0.25 Weight Per Cent Manganese. Quenched from 900°C. One phase present. Fig. 4 
—0.5% Manganese. Quenched from 900°C. One phase. Fig. 5—1% Manganese. Quenched from 
900°C. Uranium plus eutectic (dark). Fig. 6—0.25% Manganese. Quenched from 670°C. Fig. 7 
—0.5% Manganese. Quenched from 670°C. Fig. 8—1% Manganese. Quenched from 670°C. 
Uranium (light) plus compound. All specimens oxalic acid etch. X 250. 
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Fig. 9—0.25% Manganese. Quenched from 575°C. Eutectoid. Fig. 10—0.5% Manganese. 
Quenched from 575°C. Eutectoid plus UeMn along grain boundary. Fig. 11—1.9% Manganese. 
Slow cool. UsMn (light phase) plus eutectoid. Fig. 12—1.9% Manganese. Quenched from 


730°C. Uranium plus eutectic. H:sPO«. Fig. 13—4.0% Manganese. Normal cooling. 3 areas 
are uranium plus UsMn (light) surrounded by eutectic. Fig. 14—-4.0% Manganese. Quenched 
from 720°C. Compound surrounding uranium. 


Fig. 12—Electrolytic Polish. All others oxalic etch. All X 250, 
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gether, it was difficult to distinguish between the two breaks on 
cooling curves through this region. Present evidence would place 
the peritectic temperature a few degrees above the eutectic. 

The eutectic at 6.0% manganese has been established from 
microsiructure studies (Fig. 15) of alloys close to the eutectic com- 
position. Beyond the eutectic, primary crystals of a second compound 
appear and approach one phase at 27% Mn (Figs. 16 and 17). 
X-ray studies have identified this compound as UMn,.. The melting 
point, 1120 °C, has been estimated by extrapolation of liquidus lines. 
Powder diagrams of UMn, show it to be face-centered cubic with 
ay = 7.1484 + 0.0014A and a density of 12.57. 

Figs. 18, 19, and 20 show the microstructure of the eutectic at 
55% manganese and of the primary phase on either side. 

The region from 90% manganese over to pure manganese has 
not been studied thoroughly. Solubility of uranium in manganese 
is postulated on the basis of existing data since no eutectic was 
observed above 95% either in thermal analysis or in the microstruc- 
tures. X-ray studies have shown the phases present in a 36 weight 
per cent manganese sample to be UMn, plus beta manganese. This 
indicates a retention of the beta phase due to solid solution of UMn, 
in beta manganese. . 


URANIUM-COPPER 


In the early project studies on methods of coating uranium for 
pile use, copper was among the first investigated in the hope that it 
would prove to be an easily applied protective coating and because 
of its high thermal conductivity. Corrosion properties of uranium- 
copper alloys were studied by the University of Chicago Metallurgical 
Project laboratory (5) but no extensive investigation of the binary 
system was reported. 


Experimental Procedure 


The alloys, 200 to 500 grams in size, were prepared from Iowa 
State College uranium and electrolytic copper. Alloys were cast 
under vacuum in zirconia or beryllia crucibles using induction heat- 
ing. Massive copper and uranium were placed in a well-insulated 
crucible, melted and mixed thoroughly by self-inductive heating. In 
a few cases powder metallurgy techniques were also employed. 

Various cooling curve setups were employed, depending upon 
the temperature range being investigated and the physical condition 
of the alloy. In the copper-rich and the uranium-rich alloys a hole 


- 
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Fig. 15—6.5% Manganese. Cooled slowly, eutectic. Electrolytic polish. X 250. 
Fig. 16—10% Manganese. Cooled slowly. UMnz: plus eutectic. Electrolytic polish. X 250. 
Fig. 17—27% Manganese. -€ooled slowly. Principally UMnz. 
Fig. 18—35.6% Manganese. Slow cool. UMnz plus eutectic. 
Fig. 19—58.2% Manganese. Slow cool. Eutectic. 


Fig. 20—79% Manganese. Slow cool. 
lytic polish. XX 250. 


Electrolytic polish. X 250. 
Electrolytic polish. X 150. 
Electrolytic polish. X 250. 
Manganese plus eutectic (dark area). Electro- 
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Table Il 
Thermal Data 
Transformation and Phase 
Wt. % Cu Liquidus, °C Peritectic,°C Solidus,°C -———————Change, °C—————_. 
100 1083 ors + a ; 
90.9 1050 Penk 941 
83.8 1015 hots 950 
75.8 ae oe. 950 
70.3 959 ‘ea 940 
63.9 1004 tee 933 
59.1 1044 ee 944 
58.4 ar 1044 946 
57.8 1052 954 
56.8 1059 ae 
56.4 1054 hale 
55.7 1054 950 
55.0 1052 got 
53.3 1051 
99.8 1053 a 
48.4 Fc 1052 1070 are yas 
*46 - 1049 1080 723 612 
*45 1045 1075 768 640 we 
*40 1043 1080 761 633 725 
*30 1050 1080 764 635 871 
*20 1062 1091 766 cas 896 
*10 ; ; 1050 1083 761 649 854 
a ae 1002 1092 761 649 854 
1.3 ay - 1086 759 649 861 
0.63 1110 a 1083 761 647 861 
0.5 1118 ; 1090 ar at a 
0 1132 4 eke 760 650 


*Two layers. No chemical analysis was made. This represents the intended composition 
probably accurate to + 1%. 





could be drilled to accommodate a shielded chromel-alumel thermo- 
couple. Alloys which could not be drilled because of their brittleness 
were cast directly around a hollow zirconia stem which served as a 
thermocouple well. The crucibles were set inside a furnace consist- 
ing of a graphite sleeve packed in Norblack insulation and this assem- 
bly enclosed in a quartz vacuum tube. A high frequency coil around 
this quartz tube induced heat into the graphite sleeve. In order to 
reduce the danger of carbon contamination and to gain better con- 
trolled heating and cooling rates another setup was used where the 
desired temperatures permitted. Here annealing and thermal studies 
were done in a chromel-wound resistance furnace into which a quartz 
vacuum tube containing the sample was inserted. A cooling rate of 
6 to 10 degrees per minute could be maintained with this furnace 
over its useful temperature range not exceeding 1100°C. In early 
experiments inverse rate curves were taken using a type K_ poten- 
tiometer. However, straight time-temperature curves obtained on a 
Micromax recorder were used for most thermal data. 

Metallographic specimens were prepared by the usual mechanical 
grinding and polishing techniques followed by an electrolytic polish 
with a mixture of phosphoric acid, ethylene glycol and ethyl alcohol. 


aa 
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Where additional etching was required a NH,OH + H,O, etch with 
copper-rich samples and a 10% oxalic acid etch with uranium-rich 
samples were used. 

The chemical analysis consisted of the electrodeposition of cop- 
per, after which the uranium was reduced in a Jones reductor and 
titrated with ceric sulphate. 


° oF 
. | 
\ 
1500 ) 2732 
| | 
1400 2552 
| 
. | 
2372 
an | 2 Liquids | Melt 
| | 
1200 7 | 2192 
| 
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1100 \ 1080 2012 
105 U + Liquid vag 
1000 La Cu+ Melt 1832 
950 
YU+ UCus 
S00 vs 1652 
= 
O 
a 
800 U Cus + Cu 1472 
760 
700 BU+ UCus +1292 
650 


10 20 30 40 5 60 70 80 90 100 
Weight % Copper 


Fig. 21—Uranium-Copper Phase Diagram. 


X-ray studies (6) were conducted on powder specimens sealed 
in pyrex and annealed. X-ray diagrams were made using cylindrical 
powder cameras and Cu Ka radiation, nickel filtered. More precise 
lattice constants and solubility studies were made using a symmetrical, 
self-focusing powder camera and Cu Ka radiation. 


Interpretation of Data and Discussion of Results 


The uranium-copper equilibrium diagram as determined by the 
results of this investigation is shown in Fig. 21. The thermal data 
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of Table II constituted the basis for much of the diagram. 

From 1083 °C (1980 °F) at the melting point of pure copper 
the liquidus drops slowly to a eutectic at 950°C (1740°F) at a 
composition 75% copper. There is no microscopic or X-ray evi- 
dence of any solubility of uranium in copper. Photomicrographs 
(Figs. 22, 23, and 24) identify the eutectic and regions on either side. 

The region between 48 and 57% copper has been studied exten- 
sively but no conclusive results have been reached. Photomicro- 
graphs (Figs. 25 and 26) show a one-phase region somewhere in the 
vicinity of 52 to 58% copper. This indicates the existence of a 
compound corresponding most simply to UCu,y (52.5% copper) or 
UCu, (57.1% copper). Thermal data at first supported the com- 
pound UCuy,, as the 950 °C (1740 °F) eutectic break was found to 
occur in alloys with less than 57.1% copper. X-ray investigations 
later proved that the compound was UCu, and that by annealing the 
sample at 1000 °C (1830 °F) the thermal breaks corresponding to the 
eutectic diminished or disappeared entirely beyond the composition 
UCu,. This compound is apparently formed by a peritectic reaction 
as indicated by the flat series of breaks at 1052 °C although the 
liquidus breaks have never been observed. Samples quenched from 
above the peritectic temperature have not shown any new structure. 

X-ray studies have shown that the compound UCu, is face- 
centered cubic a, = 7.0208 + 0.002A and has.a calculated density of 
10.60 + 0.02 grams per cubic centimeter as compared with an 
observed density of 10.6. Precision measurements show no distor- 
tion of the lattice constants with either an excess of copper or ura- 
nium giving evidence that there is little or no solid solubility in the 
compound. 

X-ray studies of a 50% copper alloy have identified the phases 
as UCu, plus uranium and on the other side of the compound the 
second phase has been identified as copper. Thus the existence of 
more than one compound seems unlikely. 

The region of liquid immiscibility extends from 1.5 to 48% 
copper. These solubility limits have béen established by annealing a 
25% copper sample just above 1080°C (1975 °F) to allow equi- 
librium to be established. The difference in densities of the two 
liquid layers permitted complete separation (see Fig. 27) and the 
layers were then chemically analyzed. A series of quenches was 
made in an attempt to establish the limits of solubility. A 5% 
copper and a 45% copper alloy were quenched in oil from 1550 °C 
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Fig. 22—91% Copper. Slow cool. Primary copper in eutectic matrix. NHsOH + H2O:2 
etch. X 200. Fig. 23—75.8% Copper. Slow cool eutectic. NHsOH + H2O: etch. X 200. 
Fig. 24—70.3% Copper. Slow cool UCus + eutectic. NHsOH + H2O: etch. X 200. Fig. 25— 
55.7% Copper. Slow cool. Near single-phase region. HsPOs, electrolytic polish. X< 250. Fig. 
26—-52.5% Copper. Slow cool. Near one-phase region. H:sPO:; electrolytic polish. X 200. 


Fig. 27—25% Copper Alloy. Slow cool. Upper layer compound-rich. Lower layer uranium-rich. ° 
Electrolytic polish. x 250. 
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Fig. 28—25% Copper. Quenched from 1850 to 1900°C. Immiscibility shown. Light 
areas uranium-rich. Oxalic acid etch. X 100. 


Fig. 29—1% Copper. Dark spherical areas are compound-rich region. H3PQx, electro- 
lytic polish + 10% oxalic acid etch. XX 250. 


Fig. 30—1% Copper. Quenched from 900°C. No significant change in structure. 
Electrolytic polish plus oxalic acid etch. X 250, 


2820 °F) and microscopic examination of the sample revealed that 
immiscibility existed at these temperatures. A 25% copper alloy 
was then quenched from 1850 to 1900°C (3260 to 3450°F) and 
this likewise showed immiscibility (Fig, 28). While complete seg- 
regation has not taken place, due to the inductive stirring action, the 
sample does not appear as though it had been a homogeneous liquid 
at the time of quenching. 

A monotectic (7) has been established at 1.5% copper and 
1080 °C (1975°F). At this temperature the uranium separating 
from liquid containing 1.5% copper shifts the composition of the 
liquid to 48% copper. Photomicrographs (Figs. 29 and 30) show 
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these two phases present, with uranium the major phase. 

A small break was occasionally observed at 860°C (1580 °F) 
on cooling curves in the uranium-rich portion of the diagram. Con- 
siderable experimental effort has been spent in attempting to deter- 
mine the nature of this break. Early studies indicated a difference 
in structure in samples quenched from above this temperature and 
those slowly cooled through this temperature. Later studies failed 
to show any significant difference in these structures (Figs. 29 and 
30) ; however, the thermal arrest in the cooling curve was not com- 
pletely eliminated. No satisfactory explanation can be offered by the 
authors other than a possible impurity introduced in preparing the 
alloys. The 860°C (1580°F) break was not observed in pure 
uranium when similarly treated. 


SUM MARY 


The study of the uranium-manganese system is relatively com- 
plete. Two compounds and two eutectics have been found. One 
compound, U,Mn, decomposes peritectically, while UMn, is stable at 
its melting point. A maximum solubility of 1% manganese in ura- 
nium occurs with precipitation and eutectoid formation taking place. 

The uranium-copper system likewise is relatively complete. One 
compound, UCu,, has been identified which decomposes peritectically. 
A eutectic exists between the compound and copper. There is almost 
complete liquid immiscibility between the compound and uranium. 
No solid solubility has been found. 
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AN EVALUATION OF A THEORY FOR PLASTIC FLOW 
IN ANISOTROPIC SHEET METALS 


By T. H. Hazvetrt, A. T. RoBinson Anp J. E. Dorn 


Abstract 


A simple theory has been proposed for the correlation 
of plastic deformation in anisotropic’ work hardenable 
metals under combined stresses. This theory assumes 
that the strain increments are linear functions of the 
stresses, the work hardening is a function of the plastic 
strain energy and that the kind and degree of anisotropy 
does not change materially over the ranges of deformations 
considered. 

The merits and deficiencies of this theory are eval- 
uated in the present paper by comparing the actual stress- 
strain relationships of sheet metals in tension as a function 
of orientation with those predicted by the theory. The 
experimental results reveal that several sheet metals are 
substantially anisotropic. The present theory permits fair 
correlations with the facts in those cases wherein the 
degree of anisotropy does not change materially with 
deformation. One of the sheet metals that was tested, 
however, showed a continuously changing degree of ant- 
sotropy with deformation. Additional development of the 
theory will be required before satisfactory correlations 
can be obtained for such materials. 


HE most widely applied theory for correlating the plastic 

deformation of metals under combined stresses is based on the 
assumptions that the metal is isotropic, the increments of the strains 
are linear functions of the stresses, and that the work-hardened state 
is a function of the total plastic strain energy. Although this theory 
permits good agreement between some experimental observations, it 
is not sufficiently general to admit-exact analyses in all cases. 
The failure of the simple theory was first described by Taylor and 
Quinney (1)* who demonstrated that the Lode relations, which are 
Phe figures appearing in parentheses pertain to the references appended to this paper. 


Of the authors, T. H. Hazlett and A. T. Robinson are research engineers, 
and J. E. Dorn is professor of metallurgy, University of California, Berkeley, 
Calif. Manuscript received June 24, 1949, 
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a consequence of the above simplifying assumptions, are not strictly 
valid. More recently Swift (2) and also other investigators (3) 
have shown that torsion bars of many metals lengthen during twist- 
ing, even though the longitudinal stresses are zero. Since the com- 
monly used theory for plastic deformation demands that no lengthen- 
ing occur when bars are subjected to pure torsion, it becomes evident 
that some of the simplifying assumptions on which this theory is 
based are too restrictive. 

Reiner (4) and subsequently Prager (5) have presented more 
general theories for plastic flow of isotropic material in which the 
assumption of linearity between the strain increments and the stresses 
is abandoned, the strain increments being expressed as functions of 
the invariants of the stresses. These theories do admit possibilities 
of the failure of Lode’s relations and lengthening of torsion bars 
when twisted. Unfortunately, however, they are so general that their 
application to specific problems of practical importance has not yet 
been achieved. 

Another source of failure of the common theory of plasticity 
is contained in the assumption of isotropy. It is well known that the 
plastic properties of most wrought products are anisotropic as a result 
of either mechanical fibering of the microconstituents or preferred 
orientation of the grains. For example, tensile specimens from mild 
steel plate were shown to contract slightly more in the thickness 
direction than in the width direction for the same longitudinal strain, 
even though the stress-strain curve was practically the same for all 
orientations of the specimen to the rolling direction (6, 7). Further- 
more, it is well known that in other rolled products the yield and the 
tensile strengths are frequently strongly dependent on the direction 
of tensile stressing relative to the rolling direction. A simple theory 
for plastic flow was therefore proposed in order to admit analyses 
and correlations of stresses and strains in anisotropic materials 
(8-13). The assumption of linearity between strain increments and 
stresses and the assumption that the work hardening was a function 
of the plastic strain energy were retained in the preliminary formula- 
tion of this theory in order to formulate the simplest theory which 
might be developed. This simplification was introduced with full 
knowledge that it would be only a first approximation to the facts. 
Actually the observation that, upon reversal of twisting a torsion bar 
(3), the bar continues to lengthen after a small Bauschinger effect, 
demands that quadratic and perhaps higher powered terms of the 
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stresses must be incorporated into the stress-strain increment rela- 
tions. But nominal success of the Jinear theory for plastic deforma- 
tion of isotropic materials suggested that the quadratic and’ higher 
terms of the stresses have only a secondary influence on the plastic 
behavior of metals. For the gained advantages of simplicity and 
utility, therefore, the decision was made to formulate and test first 
the linear theory for plastic deformations in anisotropic materials. 

Since the theory could be tested most readily by investigations 
on the plastic properties of sheet metals, this special case was formu- 
lated first. When the X-axis is selected in the cross rolling direction 
and the Y-axis is in the rolling direction, the above assumptions 
demand that 


dif 

dex: = = ‘ O31 Oxx + G2 ent Equation I 
oC 
do { 

des; = = , Ao Oxx + Fee ent Equation II 
o 
do { 1 ais 

déxy = = 4 Sq Oxy Equation III 
° f 


where 


dgxx = strain increment on a fiber instantaneously in the cross rolling direction. 
dgeyy = strain increment on a fiber instantaneously in the rolling direction. 
dexy = shear strain increment between fibers instantaneously in the cross rolling 
and rolling directions respectively. 
¢xx = normal stress in the cross rolling direction on a plane whose normal is 
in the cross rolling direction. 
oyy = normal stress in the rolling direction on a plane whose normal is in the 
rolling direction. 
oxy = shear stress in Y direction on the plane whose normal is in the X 
direction. 
a,; = coefficients of anisotropy. (i= 1 to6,j = 1to6.) 


e = V Oxx (a1, Oxx + Ais Cyy) + Oyy (4, Oxx + Ao Ory) + Gea Oxy" 
Equation IV 
and 
dies V des (dexx)* — (tre + Gn) eax deyy + 4 (desy)* 1 (desy)* 
3; Agq — Ayo Ap, Oa 


Equation V 


The omission of terms @,, Oxy in Equation I, a,, 6s, in Equation II, 
and a4, Oxx + G4. dyy in Equation III are a consequence of X-Z and 
Y-Z planes of symmetry in sheet metals, whereas the particular 
expressions for 6 and d@ given in Equations IV and V respectively 
evolve from the assumption that work hardening is a function of the 
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plastic strain energy. This assumption also demands that the effec- 
tive stress, 6, to induce plastic flow is a function of the effective strain, 
¢, in accord with the equation 


o=a() Equation VI 


More recently Jackson, Smith and Lankford (14) proposed a 
simple linear theory for analyses of anisotropic deformation of sheet 
metals. This theory was formulated for very special cases called 
orthotropic anisotropy, wherein it was assumed that aj = aj. 
Although this relationship is valid for elastic strains because of the 
strain-energy function, the fact that the plastic strain energy is 
dependent upon the path of straining denies the general validity of 
this reciprocity relationship. Furthermore, the orthotropic theory 
was formulated for only the special case where the principal stresses 
are aligned in the rolling and cross rolling directions. Consequently, 
the orthotropic theory in its original form is not able to correlate the 
effect of specimen orientation in the sheet with the stress-strain curve. 

It is significant, however, that the previously proposed more 
general linear theory for anisotropic flow reduces to the orthotropic 
case under specialized conditions. Thus, the good correlation ob- 
tained by Jackson et al, between bulging and tensile data for sheet 
metals which exhibited the assumed special properties, offers nom- 
inal confirmation of the possible utility of the more general linear 
theory. Additional approximate confirmation of the linear theory 
was also obtained by comparing o-¢ curves obtained from tension 
and bulging tests on mild steel plate which exhibited anisotropic 
properties and previously identified as planar isotropy (9). In all 
cases that were examined in this way, however, perfect agreement 
between theory and facts was not obtained. The minor deviations 
which were observed suggested that a more thorough examination 
be made of the fundamental assumptions on which the theory is 
based. The most direct approach to this problem appeared to reside 
in a comparison of the stress-strain relationships obtained from ten- 
sile bars selected at various orientations to the rolling direction. 

If the direction of tensile stressing at an angle @ to the rolling 
direction is designated the Y’ direction, the stress-strain increment 
relations (9) have been shown to be given by 


dg ; 
désnt = = @'32 Gy'5: Equation VIIa 
¢ 
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dg . 
dey'y’ = = @'22 ay'y? Equation VIIb 
og 


dg : 
déx'y? = = 4’ ga Gyry? Equation VIIc 
o 


where 


a’. = (4, cos* 0 + O sin® @) sin® 0 
+ (2 cos’ 9 + a sin? 8) cos? 9 — ay sin*® 4 cos* 6 
Equation VIIla 


90 = (4; sin® 8 + as, cos? @) sin? 4 
+ (42 sin® 8 + a2 cos* 9) cos? 8 + a4 sin® 8 cos* 6 
Equation VIIIb 


sg = 2( Gq — 4) sin® 9 cos 8 + 2 (dee — a2) sin 9 cos* 4 
— %4(cos*  — sin’ @) sin 8 cos @ 
Equation VIIIc 
The five coefficients of anisotropy a; are not independently 
variable and therefore a,, may be placed equal to one. Furthermore, 
when the principal directions of stress and strain increments coincide, 
a’, equals zero and 


Aas 5 
ay, — 2q, = 2 = Ago — Ay Equation IX 


If the kind or degree of anisotropy changes appreciably with 
deformation, such changes will cause changes in the coefficients of 
anisotropy, aj. When this happens, the changes in the coefficients 
of anisotropy might be unique for each kind of deformation, thus 
prohibiting the formulation of any useful phenomenological theory 
for anisotropic deformation appropriate for large strains. If, how- 
ever, the kind and degree of anisotropy does not change appreciably, 
the a ;’s remain substantially constant and the phenomenological 
theory becomes feasible. 

According to the work hardening hypothesis, the o-@ curves 
should be identical for all methods of testing. For the special case 
of tensile stressing the plastic strain energy is 





odé = Oy’y’ déyry’ = Oo yry? "59 


consequently 


déyry’ Equation X 
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and if a’,. is constant with deformation 





i wie Equation XI 
22 


Preliminary tests on the effect of specimen orientation on the 
plastic properties of a mild steel plate demonstrated that the plate 
had a simple type of plastic properties characterized as planar ani- 
sotropy (8,12). The shear strains ex-y- were found to be zero for all 
orientations of specimen to the rolling direction, and the strain ratios 
€x'x’/Ey'y, aS Shown in Fig. 1, were constant, independent of the 
amount of strain or the specimen orientation. Whereas e,-,:/ey-y = 





-0.12 
= 
> -0.08 
Cc 












Rolling 
Direction 
Oo? 
30° 
60° 
90° 





obd0 


0.08 0.12 0.16 0.20 
wreinl 
Cyy In. 
Fig. 1i—True Strain Relations for B Steel. 


Wie 


—= = —0.50 for completely isotropic material, this ratio was about 


—0.48 for all orientations of the steel plate which was investigated. 
Furthermore, the stress-strain curves (yy - yy) for the various 
orientations of specimen to the rolling direction were all identical 
as shown in Fig. 2. 

These observations on the deformation of mild steel plate were 
in excellent agreement with the proposed anisotropic theory. The 
a; S were constant as shown in Fig. 1 and, according to the data, 

a’ x9 G2 Ga 


€x'x' / Ey'y’ —- — = _—_——_- —_ om —0.48 
a Avo An 





In addition the absence of shear stresses €,-y- demands the validity 
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of Equation IX, whence, selecting a,, equal to one, 
yy = Age = 15 Gyo = Oe, = —0.48; 244, = 2.96 


Then by Equation VIIIb, a’,, = 1 and, therefore, the stress-strain 
Curves Oyy: - yy: Should, according to this theory, be independent of 
specimen orientation as shown by Equations X and XI. Since this 
deduction coincides with the observations given in Fig. 2, agreement 


Angle to 
Rolling 


Direction 


oO? 
30° 
60° 
90° 


True Stress = Tyrys -!O00O0psi 





O 0.05 0.10 0.15 0.20 
True Strain € y'y'* in Y. 


Fig. 2—True Stress— True Strain Curves for B Steel. 


is achieved between the theoretical correlations and the facts. On 
the other hand, the type and degree of anisotropy were so mild as 
to suggest that the theory should be tested with other materials that 
have more pronounced anisotropy. Aluminum 3S-O alloy was 
selected for this purpose (12). 

Shear strains €,-y- were zero for all orientations of test specimens 
in 3S-O alloy. In addition the e,-,-/ey-y ratios were independent of 


the extent of deformation for all specimens which were investigated. 
P , 

But, as shown by the experimental points of Fig. 3, the ratios 3 

22 


deviated substantially from the theoreticai value of —0.50 which is 
demanded for completely isotropic materials. Furthermore, the values 


, 
@ 19 


of — were sensitive to the orientation of the specimen to the rolling 


99 
22 


direction, thereby establishing the fact that this material was appro- 
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priately anisotropic to permit a test of the validity of the proposed 
theory. The theoretical curve of Fig. 3 was obtained by appropriate 
selections of the oj’s to give the best agreement with the experi- 
mental data. This was accomplished when a,, = 1.0; a,, = —0.383; 
a,, = —0.34 and a2 =90.957. Then by applications of Equations 


—-— = Theoretical Curve 
© o= Experimental Data 
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Specimen Orientation (Degrees) 


3—Effect of 7 Orientation on Strain Ratios for 
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Fig. 4—True Stress- True Strain Curves for 3S-O Alloy. 


Villa and VIIIb, the theoretical values of —““ were obtained. Exact 


agreement between the calculated and experimentally determined 
strain ratios could not be achieved as shown in Fig. 3. 

The true stress — true strain curves which were obtained for the 
3S-O aluminum alloy sheet are shown in Fig. 4. The different true 
stress — true strain curves for various orientations to the rolling direc- 
tion again attest to the well-defined anisotropy of the material which 
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was investigated. Now the o-@ curves, according to the theory, 
should be identical for all orientations to the rolling direction. Such 
curves are calculable from the values of the aj;’s which permit the best 
fit between the theoretical and experimental ratios of the strains 
€x’x’/€yy’ by applications of Equations VIIIb, X and XI. The curves, 
which are shown in Fig. 5, were obtained in this way, demonstrating 


Angle to Rolling Direction 





Oo of A 40° © 70° 
° 16" + 50° mw 80° 
oOo 20° Vv 60° ® 90° 
x 30° 
0 0.05 0.10 0.15 0.20 0.25 
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Fig. 5—Sigma-Phi Curves for 3S-O Alloy. 
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Fig. 6—Effect of Specimen Orientation on Strain Ratios 
for 24S-T3 Alloy. 
that complete coincidence between theory and fact was not achieved 
for 3S-O alloy. The deviation, however, is minor and the ability of 
the theory to permit the strain ratios to deviate from —0.50 is a 
significant advantage of this theory for description of deformations 
of anisotropic materials. 

Investigations by Strang et al (15) on the anisotropic properties 
of 24S-T3 provided data that could also be used to test the validity 
of the proposed theory. Their tests were conducted in a manner 
analogous to those described here for 3S-O alloy. Although these 
data did not specify the avsence of shear strains ey, they were 
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assumed to be zero in the present analyses. The experimental strain 
ratios observed by these investigators are shown in Fig. 6 together 
with the theoretical strain ratios calculated by assuming a,, = 1, 
a,. = —0.436, a,, = —0.375 and a2. = 0.939. Again the theoretical 
and experimental values were not in precise agreement. The true 
stress —true strain curves for 24S-T3 are shown in Fig. 7 and the 
calculated o6-@ curves are recorded in Fig. 8. As in the case of 
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Fig. 7—True Stress— True Strain Curves for 24S-T3 Alloy. 
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Fig. 8—Sigma-Phi Curves for 24S-T3 Alloy. 
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3S-O, the significant advantages of the proposed theory are evident, 
but the agreement between the theory and the facts is incomplete. 

It is possible that a large amount of the small deviation between 
predictions based on the theory and the actual experimental facts 
might be due to difficulties in sampling specimens. Investigations 
showed that the amount of anisotropy was different in different sheets 
of 3S-O alloy and that specimens selected from the edge of one sheet 
were slightly different from specimens selected from the center of the 
same sheet. But the sampling record for 24S-T3 was not available 
to the authors and this factor might also have contributed to the 
observed deviations between the theory and experiment. It was, 
therefore, decided‘to conduct a more thorough examination of the 





rn 


1336 TRANSACTIONS OF THE A. S. M. Vol. 42 


theory under more careful conditions of selection of specimens from 
a single sheet. 

Furthermore, an attempt was made to select materials known 
to be anisotropic. The well-known earing characteristics of 61S-T6 
under deep drawing suggested that this material might serve the 
present objective. In addition, AZ31X magnesium alloy was selected 
for study. 


EXPERIMENTAL PROCEDURE AND TECHNIQUES 


The 0.125-inch thick sheet materials used in this investigation 
are identified by their typical compositions as recorded in Table I. 








Table I 
Materials Investigated 


else = — 


Per Cent Composition 


pumaangeagapepsigientpienncy 

Material Al Cu Si Mg Cr Mn Zn Heat Treatment 

61S-T6 Bal. 0.25 0.6 1.0 0.25 ay birt Solution heat 
treated, quenched 
and aged. 


AZ31X 3.0 nae saa Bal. ee 0.3 1.0 Annealed. 


Blanks for preparation of tensile specimens were selected from the 
sheet, as shown in Fig. 9. All blanks were then machined into sheet 
specimens having the design given in Fig. 10. The machined edges 
were polished with 000 emery paper longitudinally before gaging 
preparatory to testing. 

The longitudinal strains were calculated from measurements of 
the extension of the 2-inch original gage length by means of a dial 
gage sensitive to 0.0001 inch. Transverse strains over the entire 2 
inches of width were also determined from measurements of the con- 
traction obtained by means of an equally sensitive dial gage. 

In order to measure possible shear strains between the longi- 
tudinal and transverse fibers, a light horizontal line was placed on the 
specimen. At periodic intervals during the test, the specimen was 
photographed and the angle between the horizontal direction and the 
scribed line was obtained from measurements made on the photo- 
graphic prints. | 

Horizontal lines on the 61S-T6 alloy specimens remained at 
90 degrees to the edge for all orientations of specimens to the rolling 
direction. Thus no shear strains were observed between the longi- 
tudinal and transverse fibers of any of the 61S-T6 specimens. The 
same observation was made on AZ31X alloy for specimens in the 
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Fig. 9—Location and Orientation of Specimens 
Within Original Sheet. 
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10—Tensile Test Specimen of Aluminum and Magnesium— 
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rolling and cross rolling directions. For intermediate orientations, 
however, specimens of AZ31X alloy revealed shear strains between 
the longitudinal and transverse fibers as shown in Fig. 11. Under 
these conditions the’ fibers originally in the longitudinal direction 
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Fig. 11—Photograph of Rotation of Originally Horizontal Fiber During Tension Testing 
AZ21X Alloy. 
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remain in this direction and the true finite strains on these fibers are 
given by the commonly employed equation 


L’ 
Ey’y’ = In L, 


where L’, and L’ are the original and instantaneous lengths of the 
longitudinal gage section. 
Ordinarily the true strains in the width direction are given by 


oz J on Equation XII 
€x’x’ = In Ww’, quation 2 





where W’, and W’ are the original and instantaneous widths of the 
sheet specimens. No one fiber, however, remains in the width direc- 
tion when shear strains of the type illustrated in Fig. 11 are observed. 
Consequently the validity of applying Equation XII to this case is 
challenged. Furthermore, the question arises as to the appropriate 
definition of the shear strain for the finite deformations under con- 
sideration. Analyses (11) of this problem have shown that Equation 
XII is applicable to cases wherein shear strains are obtained and that 
the finite shear strains can be appropriately deduced from measured 
quantities by the equation 





tan Y Weise 
€x'y’ = _ LW n Uw’. Equation XIII 
~ LW’ 


where y is the angle identified in Fig. 11. 
The derivations of Equations XII and XIII are outlined in 
Appendix I of this report. 


EXPERIMENTAL RESULTS FOR 61S-T6 ALLoy 


The experimentally determined true stress, oyy, true strain 
€yy’ curves for tensile tests of 61S-T6 alloy conducted at various 
orientations to the rolling directions are recorded in Figs. 12 to 16. 
In addition, the strains in the width direction e,,. are also shown 
in these figures as a function of the longitudinal strains ey. The 
latter data yield a simple linear dependence of ex, on &y-y, which 
reveals that over the deformations imposed here the anisotropic coeffi- 
cients, 0;, are substantially constant. Furthermore, the shear strains 
€x’yy were zero for all orientations of tensile testing, thus admitting 
the simplifications of Equations IX for 61S-T6 sheet metal. 

For the special. observations recorded in the preceding para- 
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Fig. 13—True Stress— True Strain Relations for 61S-T6 
Aluminum with Specimen Axis 20° to Rolling Direction. 
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Fig. 14—True Stress—True Strain Relations for 61S-T6 
Aluminum with Specimen Axis 45° to Rolling Direction. 
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Fig. 15—True Stress—-True Strain Relations for 61S-T6 
Aluminum with Specimen Axis 60° to Rolling Direction. 
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graph, the proposed theory for anisotropic plastic flow permits the 
complete identity of the anisotropic plastic properties to be established 
from two tension stress—strain data; when one set of data is 
obtained from tests in the cross rolling direction and the other from 
tests in the rolling direction, the analysis is simple. 

For the specimen selected in the cross rolling direction, a’,, = 


a,,=1. Therefore, the universal o-q@ work hardening curve is 


SO 


40 
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Fig. 16—True Stress— True Strain Relations for 61S-T6 
Aluminum with Specimen Axis 90° to Rolling Direction. 


exactly equal to the true stress — true strain curve in the cross rolling 
direction. The strain ratio e€y-y-/€yy, for the cross rolling direction is 


“7! = — which is equal to —0.39 as obtained from Fig. 16. There- 
22 il 
fore a,, = —0.39, whereas for a completely isotropic sheet metal this 


value would have been —0.50. Thus the substantial anisotropy of 
the material selected for study is well established. 

. For the specimen selected in the rolling direction a’,, = doe. 
According to Equations X and XI, therefore, 





Co 
O99? ee cee 
V 422 
Ey’y’ = V/d20 g 


so that by appropriate selection of a,,, the o- ¢ curve obtained from 


gi? 
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the tension test in the rolling direction can be converted into the 
Oy’y’ ~ €y'y’ curve for the cross rolling direction. Such coincidence was 
obtained for 61S-T6 sheet by letting a,, —0.995. In addition the 
strain ratio &€x-x'/€y-y' for the specimen in the rolling direction was 
found from data recorded in Fig. 12 to be —0.36. But ex-x:/ey-y- for 
, 

the rolling direction is given by ~#2 = ait = —0.36. Consequently 
a,. = —0.344. 

The above calculations completely establish all of the anisotropic 
coefficients, since a,, can now be determined by applying Equation 
IX. Accordingly 


ag — 2( On —_— Ae; ) — 2.79 


or 
Ag — 2 (422 _ O42) = 2.60 


The small deviation between these two values for a,, is probably due 
to a minor defect in the theory or a small experimental or cal- 
culation error. Since the theory requires that 2(a,,—a,,) = 
2(@.. — @,2) when shear strains are absent, it appears to be appro- 
priate to let a,, = 2.69, which is the mean value. It is interesting 
to note that isotropic metals would have given a value of a,, = 3, 
again illustrating the anisotropy of the material under investigation. 

Having now determined the a;’s it is possible to use the theory 
to predict the stress-strain curves and the strain ratios for tensile 
specimens of all orientations to the rolling direction. Calculated 
values of a’,, are shown by the solid curve of Fig. 17. By applying 
these values to the true stress—true strain (6y-y'- yy) data as sug- 
gested by Equations X and XI, the generalized work hardening 
curves (o-¢) can be obtained for the various orientations of speci- 
mens in the sheet. The curves so obtained are shown in Fig. 18. 
Although the theory demands a single curve, a family of curves vary- 
ing about +500 psi about the mean was obtained. It follows that 
the theory is good but that it is probably a slight oversimplification 
of the facts. 


, 


a 
ps are also calculable from the 
22 


previously determined values of the o;’s by application of Equations 
Villa and VIIIb. Such calculated values are given by the broken 
curve of Fig. 19, whereas the circles of the figure represent the 
experimentally determined values. Since isotropic materials give a 





The strain ratios &xx'/€y-y = 
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value of &x'x"/€y-y. = —0.50 for all orientations, the virtue of the 
theory presented here is well established, even though exact coinci- 
dence between the theory and fact was not obtained, as evidenced 


by the minor deviation of experimental points from the theoretical 
curve of Fig. 19. 
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Fig. 17—Variation of Calculated a@’:: for 61S-T6 
Aluminum with Specimen Orientation. 
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Fig. 18-—Generalized Stress— Generalized Strain Curves for 61S-T6 Aluminum. 
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Fig. 19—Effect of Specimen Orientation on Strain Ratios 
for 61S-T6 Aluminum. 


EXPERIMENTAL RESULTS FoR AZ31X MAGNESIUM ALLOY 


The tensile data for AZ31X magnesium sheet alloy are given in 
Figs. 20 to 24. Several unique anisotropic characteristics of this 
alloy are immediately apparent from inspection of these figures: 

1. Whereas the strain ratio exx/€yy was about —0.38 for 
61S-T6 aluminum alloy, the mean value of this ratio for AZ31X 
magnesium alloy was found to be about —0.50 at a strain ey-y of 
about 0.08. From this viewpoint the magnesium alloy appears to be 
more isotropic than the 61S-T6 aluminum alloy, since it exhibits 
approximately equal strains in the width and thickness directions. 
In contrast, 61S-T6 aluminum reduces approximately twice as much 


in the thickness direction as in the width direction when it is strained 
in tension. 


2. The various €,’x versus €y-y: curves are very nearly identical 


for all orientations of specimens of AZ31X alloy, whereas small ori- 
entation effects are readily noted in these curves for 61S-T6 alloy. 
This again suggests that the magnesium alloy is less anisotropic than 
the aluminum alloy. 

3. Upon closer inspection it is found that while the e&,-x - €y-y: 
curves for 61S-T6 are substantia'ly linear, those for AZ31X alloy 
are curvilinear. Near ey-y, =O the strain ratio dex-x:/dey-y, approxi- 
mates about —0.33. Consequently AZ31X alloy is initially more 
anisotropic than 61S-T6, but upon straining becomes less anisotropic. 
The degree of anisotropy changes for moderate deformations in the 
case of AZ31X alloy, thereby disqualifying the assumption of con- 
stancy of anisotropy for this material. 

4. Furthermore, shear strains ¢,-y. were generated during ten- 
sile testing of AZ3LX alloy, whereas such shear strains were not 
detectable in 61S-T6 alloy. Consequently AZ31X alloy exhibits a 
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Fig. 20—True Stress-—True Strain Relations for 
AZ31X Magnesium with Specimen Axis 0° to Rolling 
Direction. 


higher degree of anisotropy than 61S-T6 as well as a changing 
anisotropy. This means that the principal directions of plastic strains 
do not coincide with the principal directions of stress in AZ31X 
alloy. In consequence of the higher degree of anisotropy exhibited 
by AZ31X alloy, Equation IX (which is applicable to 61S-T6) 
cannot be used to simplify analyses for plastic deformation of AZ31X 
alloy. It is significant, however, to note that the shear strains e&,-y: 
generated in AZ31X alloy upon tensile stressing are zero for the 
rolling and cross rolling data. It follows, therefore, that AZ31X 
like 61S-T6 alloy has X-Z and Y-Z planes of symmetry; this sheet 
material, therefore, is not completely anisotropic. 
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Fig. 21—True Stress—True Strain Relations for 
AZ31X Magnesium with Specimen Axis 20° to Rolling 
Direction. 


DISCUSSION OF RESULTS 


The utility of the proposed theory of anisotropic flow of metals 
in some cases is illustrated by the rather good correlations between 
the calculated and experimentally determined plastic properties for 
61S-T6 alloy. Exact agreement between theory and fact, however, 
was not obtained and the minor deviations that were noted in the 
case of 61S-T6 alloy might have arisen from a number of sources. 
Prominent among these might have been small experimental errors 
or variations due to sampling. Comparison of Fig. 9, which gives 
the sheet layout, and Fig. 18 indicates that the plastic properties 
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Fig. 22—True Stress—True Strain Relations for 
AZ31X Magnesium with Specimen Axis 40° to Rolling 
Direction. 


might have been slightly different on the left and right halves of the 
sheet from which specimens were obtained. In view of the known 
variations in properties from sheet to sheet as well as the smaller 
variations commonly observed from point to point in the same sheet, 
it appears justifiable to claim that the proposed theory for anisotropic 
plastic flow is quite accurately applicable to 61S-T6 alloy. 
Undoubtedly a superior theory might include quadratic and 
higher powers of the stresses in the stress-strain relations. Although 
some evidence for the need for such terms has been uncovered by 
torsion tests (2, 3), the need for incorporating such terms in the 
present anisotropic theory for sheet metals does not appear to be 


a 
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Fig. 23—True Stress—True Strain Relations for 
AZ31X Magnesium with Specimen Axis 60° to Rolling 
Direction. 


pressing. Furthermore, the incorporation of such terms in the 
present theory would render it unattractively clumsy and thereby 
inhibit its application. As it now stands it is still sufficiently simple 
to permit easy application to special problems. 

A complete analysis of the anisotropic plastic properties of 
AZ31X alloy was not attempted. The complicating factor was not 
the presence of shear strains ex-y. which the theory admits but the 
fact that the anisotropy was continuously changing. In the present 
example the €x-y’ - €yy’ curves were quite similar for all orientations 
of test specimen, which at first suggested that the anisotropy of all 
specimens varied in’a uniform way with strain. This result would 
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Sant Masten with Specimen Axis 90° to Rolling 
not be expected generally, and other evidence on the ¢x’x: - €y-y, Curves 
suggests that perhaps the change in anisotropy might be unique for 
each orientation. Even if this be so, a phenomenological theory could 
be formulated to admit such unique behavior but it would be impo- 

tent for purposes of predicting plastic behavior. 

The major factor that restrained a more complete analysis of 
the AZ31X data was the fact that rotations of the x-x’ fiber during 
deformation caused changes in anisotropy. The necessary mathe- 
matical apparatus for handling such changes has not yet been devel- 
oped. Furthermore, the observed changes in anisotropy demand a 


new method of formulating the o-@ curve, which must also be 


oT 
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developed. Thus, the present theory appears to be satisfactory for 
analysis of some anisotropic materials, namely those which do not 
exhibit shear strains xy. and those for which the anisotropy is sub- 
stantially constant. Additional developments of the theory are 
required for the more general cases. 


CONCLUSIONS 


1. Although the proposed theory for anisotropic plastic defor- 


mation is slightly imperfect, it is nevertheless useful. 


2. Its range of applicability is currently limited to cases where 


the principal directions of stress and strain coincide and to ranges 
of strain over which the anisotropy remains substantially constant. 

3. Additional theoretical developments are required in order to 
formulate a more complete theory. 
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Appendix I 


STRAIN ANALYSIS 


The strain analysis for tension tests on anisotropic sheet metals 
can be obtained from a generalized procedure (16, 17) developed 
several years ago. A Lagrangian transformation 

X = X(Xeo, Vo, Ze, t) 

y = y(Xo, Yo, Zo, t) Equation XIV 

Zz = 2( Xe, Ve, Ze; t) 
is formulated where a point initially at x,, yo, Z. assumes position 
x, y; Z, at time t. The symbol t is ascribed the significance of time 
for conditions of plastic flow where the flow stress is sensitive to 
strain rates, but for cases of plastic deformation where the stress 
depends only on the conditions of work hardening, t is the extent 
of the deformation. 

It has been demonstrated that the strain rates at any stage of a 
finite deformation can be evaluated from the transformation by 
means of the equation 


ae «= + bos D* + Es E? + hin CD a we DE + Exx EC — 


O 
Ya > (C+ D' + E*) Equation XV 


wv 
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where 
ao Ox ox Ox += On 
aariee —~ 20. 
OXo OYo 
Oy Oy Oy ? : ~ 
=~}, +3 — " @ +—— ne Equation XVI 
OXo OZo 
Oz Oz ox 
E=—Il, 
—" a ae 


and 1,, mo, no are the imitial direction cosines of any fiber. 

For the planar problem of deformation of interest in tensile 
stressing anisotropic sheet metal, Equations XIV assume the form 
of the simple linear homogeneous tr-nsformation 

ree nae Equation XVII 


Y= btxo + Yo + tyo 
and therefore, 


Cs (1+ at)l. . rXr 
D =btl. + (1+t)m. Equation XVIII 


When these values for C and D are introduced into Equation XV 
a quadratic expression in |, and m, is obtained. This expression 
must be valid for all possible fibers of the specimen and it must, 
therefore, be valid for each of the three fibers |, = 1, m, = 0; 1, = 0, 
moail:m =k. fork 1l1,m—9 


Exx (1 + at)? + €yy b*t? + exy (1 + at) bt = 


- f ; 
4 — ) (1 + at)? + wet Equation XIX 
at | 
while for |, — 0, m, = 1 
: : Q - . ie 
yy (1+4+t)*=% at (1 +t)? Equation XX 


and for |, = m, 
Evy 2bt(1 +t) + exy (1+ at)(1+t) = le tae +o} Equation XXI 
t 


The three equations, XIX to X XI, may now be solved simultaneously 
to give the three strain rates 


See cia 

= 1+ at 

a Equation XXII 
Eyy = 1+t \quation Az 
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b 
~ (1+at)(1+t) 


The infinitesimal strains appropriate for analyses of stress-strain 
relations in anisotropic sheet metals when tested in tension can now 
be formulated for an orientation of the longitudinal axis of the bar 
at an angle @ to the rolling direction. By means of Equations XXII 


Exy 








dt 
dex's = — Equation’ XXIII 
1 + at 
deyy = Equation XXIV 
ae Bee quation 2 
bdt 
déx’y: Equation XX V 


~ (1 +at)(1+t) 


Now the finite strains of use in the theory of plasticity should 
be so formulated that they yield the infinitesimal strains given by 
Equations XXIII to XXV. The simplest case is presented by 
Equation XXIV because all fibers in the Y’ direction continuously 
remain in that direction throughout the deformation. Upon integration 


€y’y’ = In(1 +t) Equation XX VI 


Now consider any longitudinal fiber having an original length 
y’o* — y’.. The transformations of Equation XVII demand that at 
any instant during testing this fiber has a length 


y’* — y’= (y’.* — y’.) (1 + t) 


and, therefore, 


=In(l1+t)=1 i K.. =] 2. 
‘yy? — In a ae 
ory y’o* — Y’o L’. 





Equation XX VII 


where L’ is the instantaneous gage length and L’, is the initial gage 
le.gwth of the specimen. Since all fibers initially in the Y’ direction 
remain in that direction, yy is also the true finite strain, dy’cy’o, 
on the fiber that was initially in the direction of the Y’ axis. 

The extent of the deformation, t, can now be identified by 
means of Equation XX VII to be 


— L’ 
wee 





t —1 Equation XXVIII 


The integral of Equation XXIII is 
Ex’x = In(1 + at) Equation X XIX 


al 
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It is important to note that this is not the strain on any fiber, but 
it is the sum of the infinitesimal strains on all fibers that rotated 
through the X’ direction during the deformation. Its importance 
is contained in the fact that the differential, de,-.., as obtained from 
Equation X XIX is precisely the increment of strain that is required 
for the Eulerian formulation of the stress-strain relations expressed 
in Equations I to ITT. 

The method for the experimental determination of e, can be 
obtained by means of Equations X VII of the transformation. Two 
longitudinal lines on the specimen a distance x’,* — x’, apart initially 
remain parallel but are separated a distance 


x’* — x’ = (1 + at) (x’.* — x’) Equation XXX 
at any stage of the deformation. Therefore, 
x’* Sat. sae yr 


Ex’x* = In(1 + at) =In- sh Equation XXXI 


x’.* — X's W’. 





where W’ is the instantaneous width and W’, is the initial width 
of the tensile specimen. 

The transformation parameter, a, obtainable from Equations 
XXVIII and XXXI, is 
W’ 


W’. 
L? 


L’. 


a= Equation XXXII 





1 


Now the shear strain of importance in plastic deformation is 
that which has the infinitesimal value given by Equation XXV._ It is 








b 1 t 
Sy so aS Equation XX XIII 
a—l 1+t 
or 
€x'y’ = i (€x"x’ — Ey'y’) Equation XXXIV 


To obtain an expression for the experimental determination of 
b, consider the transformations applied to the two points x’, = 1, 


yo =O and x’, =0, y’, =0. Whereas the second point transforms 
to x’ = 0, y’ = 0, the first transforms to 


x’=1+at 
y = bt 


Consequently, the tangent of the angle the line through the initial 
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points makes with the X’ axis is zero before deformation and it is 

















} 
y’ bt : a aieteni 
= tan ¥ Equation XXX\ 
x 1 + at 
at any stage of the deformation. Consequently, 
W’ tan ¥ 
b= ge a Equation XXXVI 
W’, fF. 
( L’, ) 
4 
and, therefore, 
tan Y W’ L’. . tas 
€x'y' = — LW In WL Equation XX XVII 
~ L's W’ 
Note that ey is not an ordinary finite shear strain; it is the sum 
of the infinitesimal shear strains between the Y’ fiber and all fibers 
that passed through the X’ direction. 
; 
? 
i 
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eee ee 983, 996 


of chromium-molybdenum 
steel in welded areas ..198-199 
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Bend test (cont.) 
of martensitic-type stainless 
steels 
bendability vs. temperature 
charts ..670, 672-676, 678-681 
effect of austenite reten- 


ST) 60 Fa biel 0 ewe 675-677, 680 
effect of chromium-carbon 
DOE chad bsas sande he 674 
effect of ferrite formation 
Midis i diet On + ke 675-677 
effect of hardening ....670-676 
effect of nickel .......... 671 
effect of sulphur ........ 671 
. effect of tempering ...... 677 
/ effect of time at temper- 
. ing temperature ..... 677-678 
effect of two-phase con- 
SN 535s eo ulikakass 672 
i plastic deflection vs. hard- 
DOOR. 5 cde td Seen veun 702-704, 706 
relation to impact ....... 704, 706 
3 | of tungsten-molybdenum tool steel 
4] effect of austenitizing 
COMPUTES ccc ceccees 702 


effect of tempering tem- 





COE. Sa ie 6 00d we os 702 
value cl COME oii 'ckees aan 686 
yield strength vs. hardness 

Mo xe be Ce aeaae ait 702-704, 706 

Beryllia 
POCO ONee 6 Peers eer er esk 1139 
Beryllium 
BORCGNY GE aWikés 6akié<e 806-808 
apparatus for distillation .. 789 
brittleness, discussion of ... 787 
casting techniques ...... 790-791 
cleavage plane ............ 830 
deformation, mode of ..... 

a: 0 o\jaidighk alin ae aa 810-811, 831-832 
deoxidizer for molybdenum- 

chromium alloy ......... 1018 

ductility 


effect of titanium on...787, 798 
effect of zirconium on. .787, 798 
electrical conductivity ..... 787 


Beryllium (cont.) 


elevated temperature tensile 


RUOREIGIES. 2... eceeun 831-835 
effect of strain rate on .835-838 
ORO nase Ce ea ce te 791-793 
flake beryllium ............ 788 
Ns. et 0a on Dia tan 791 
EE ic ke ones koala 814-815 
impurity contents of vacuum 
RD cis vices states 790 
Pattice Gomstents .......... 804 
lump beryllium ........... 788 
melting techniques ...... 790-791 
microstructure of flake and 
lump beryllium ......... 794 
polishing methods ....... 794-795 
‘preferred orientations ..... 
bie Oilelereea Weiter 811-814, 828-830 
processes for manufacturing 
Cilkes ts cee e nese nben 788-790 
purification by distillation. . 
cabanas te aha tit aisb ditips we i se sala 789-790 
recrystallization 
COMMPOPRSITE cc ccccwcnnds 824 
time-temperature relation- 
I onc oo cc usd 0 an teemene 
GE) ow ae babs os kak dee 791 
le di ba a iy nea iaine 828 


stress-rupture test 
stress vs. creep rate....837-840 
stress vs. rupture time.837-840 


stress-strain curves ....... 829 
survey of beryllium metal- 
Se ga vikvause acea dade 786 


tensile properties 
effect of alloying elements 
Be dc ite eee 800, 802, 840-842 
effect of annealing on. .821-827 
effect of directional differ- 


SU ES osc Saweine 827-831 
effect of extrusion tem- 
perature OM .....2.; 819-820 


effect of grain size on.... 827 
effect of machining stresses 


Oo vans 6 owesbasneds 819-821 
transition temperature .... 824 
vapor pressure of ....... 304-305 


methods of determining. . 
ia wrap Sia te cas 283-284, 301-302 
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Bismuth 
vapor pressure 
methods of determining .283-284 


Blistering in steel 
as a result of gas pressure.. , 388 


Bore-lead quenching. See Pre- 
bore quench, 


Bore-lead time 
in pre-bore quench of hollow 
steel cylinders 
effect on quench cracking 
i RS See 272-276 
Bt a 272-276 
effect on thermal midwall 
and cylinder wall tem- 


MUCORUPES ... o ove ss tn 273-279 
Boron 
effect in steel on 

CAFDGTIZATION§ .. 2... sscees 101 
I elas Ss os’ 101, 109 
grain coarsening ....83-85, 109 
hardenability . 77-83, 105, 109 
bat Ware |. ovceabne eee 109 
eh ae 106 


performance offorging dies 106 
properties as a function of 

kind of boron addition. 

i eee be kb ace ee oe 102-108 
quench cracking suscepti- 

nn iwi oe ear ke ate 257 


resistance to softening by 


SE. °. Sse o's cn aoe 109 
temper embrittlement ..96-100 
tensile and impact prop- 

SD. < scnevabe 85-95, 102-103 
uniformity of distribution 

ey eae ey! 101-102, 106 

Brass 
a 635-636 


Brittleness in hardened steels. 1185 


Cadmium 
vapor pressure of 
methods of determining .283-284 


Calcium 
vapor pressure of 18 
methods of determining .283-284 


Calibration of thermocouples 


ii Duke Lik ect ahewk ewes 1131, 1140 
Carbides 
electrolytic isolation in high 
Me ee, beta ee 1163 
identification in high speed 
CO Fak Sea ccua ts 1161-1169 


Carbide segregation 
in tungsten-molybdenum 


Sn IE Se ak ce a a od 716-718 
Carbon 

content vs. quench cracking 

MN as oi USS peas 248-253 
content of gun steel..... 474, 483 
in high speed steel......... 1161 
in iron-manganese-nickel 

PE ke fb hos bm ches ds 1278 


in low chromium-molybde- 
num steel, effect on 
Charpy impact resistance 
nresk bes 179-180, 191-194, 197 
GUTS. Sob de Cees a 0c 198-199 
hardenability ..... 181-187, 205 
meramess «......... 179, 191-200 
tensile properties ....... 
sme eh 179-180, 191-195, 197 
welding characteristics .. 177 
in iron-cobalt magnet steel 
0 a ree 157-159 
in plain carbon steel 
effect on retained aus- 
IE wc siden 4 he kan 116-118 
thorium constitution dia- 
OE oe ok ie koe ee ewer 1295 


Carbon steel 
retained austenite in. See 
under Austenite. 


Carburization 
effect of boron on «........ 101 
OR Oi Sn eke 0c 1291 


Case hardening 
effect of induction heating 


Oe te GE x viv coc oes 141-148 
Casting 
high melting point metals.. 
do diweittulitansstkiae 68s 1010, 1017 
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Catalysis 
in gas determination ...... 907 
Ceramic materials 
high temperature properties 
ok Gk Oh as ao oh ES 403, 404 
Charpy test. See also Impact. 
to determine transition tem- 
perature of temper em- 
aa ra 607 -609 
Chemical composition 
in investigating uranium- 
copper syst@€m .......... 1320 


in investigating uranium- 
manganese system ..1315-1514 

composition vs. quench cracking 
of hollow stee! cylinders... 


ie al ie eee EG 239, 248-254 
Chilled blanks 
in deep drawing .......... 432 
in hammer forming ....... 428 
Chilled dies 
in deep drawing ........... 43 
in hammer forming ....... 427 
Chromium 


in Alcoa 75S aluminum alloy 

ca ee eects O49 1098, 1105, 1114, 1117 
effect in iron-manganese- 

nickel alloys ........ 1280, 1291 
effect on temper brittleness 1043 
in iron-cobalt magnet alloys 

>a eben eee 151-152, 155, 167-168 
in low chromium-molybde- 

num steel, effect on 


Charpy impact resistance 
actin ewe 179-180, 191-194, 197 
EE Maa 0 ies wie aos 198-199 
graphitization .......... 176 
hardenability ..... 181-187, 205 
ge 179, 191-200 
tensile properties ....... 
eWedas <a 179-180, 191-194, 197 
PEODETTIES OE i ssesk. hak oss 401 
in steel 
effect on quench cracking 
éGks ba eee Reems dk ees 253-254 


vapor pressure of 
methods of determining . 283-284 


Chromium-molybdenum alloys 


CE iss ss ctl eak os 1008 
Chromium-molybdenum steel 

creep properties .......... 177 

GBT oanws cuteess 176, 198-200 

graphitization ...... 175-176, 205 

hardenability ...181-189, 192-193 

MH, onsen sod 179, 190-200 


impact properties ......... 
ee ate 179-180, 191, 193-194, 197 
microstructure of ...181, 183-192 
effect of modification by 
CERIO GM gcc kc ou 659-660 
effect of modification by 
zirconium on ........ 659-660 
tensile properties ......... 
weir eee 179-180, 191-195, 197 
effect of columbium on. .658-659 
effect of titanium on...658-659 
effect of vanadium on. .658-659 
effect of zirconium on. .658-659 
SOM WE, an 4 a 180, 195-199 
Chromium-nickel 
less steels 
creep and rupture 


austenitic stain- 


935 


“eee ewe eee 


Chromium steel. See Stainless steel. 


Cleanliness 

gun steel, effect on ductility 455 
Cleavage 

as influenced by structure 

effect of cold work ...... 584-590 


effect of heat treatment. .580-584 

effect of hydrogen embrittle- 
OEE... indeed Wbn + o-0G 3 590-599 

“hackle” pattern 584 


oo & moss Oe 


relationship to shear failure 679 
Cleavage planes 
a 830 
PSM Pathan 54 Cu vis nchished 580 
Cobalt 
in iron-manganese-nickel 
ee eee 1291 
solid solubility in beryllium 802 
Cobalt-base alloys 
composition, S-816, S-590 
GTR... sh0bd sso ee 721 
deep drawn cups ........ 430-435 
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Cobalt-base alloys (cont.) 
effect of heat treatment on 


cup test ductility ........ 424 
high temperature formabil- 

SO fens cae bek ce beet 06 4 405 
metastable structure of .... 420 


stress-rupture test 
S-590 alloy 
microstructure of frac- 
tured areas ....... 734-736 
log stress vs. log mini- 
mum creep ratecurves 729 
log stress vs. log rupture 


CHE COWES on ccccees 725 
stress vs. log minimum 

creep rate curves .... 730 
stress vs. log rupture 

Ge ON os cedenea 726 


testing temperature, ef- 
fect of.... 725-726, 729-730 
S-816 alloy 
log stress vs. log mini- 


mum creep ratecurves 732 
log stress vs. log rup- 
ture time curves .... 727 
stress vs. log minimum 
creep rate curves 733 
stress vs. log rupture 
time curves ......... 728 


testing temperature, ef- 


fect of ....727-728, 732-733 
Cold work 
effect on cleavage .584-590, 505-597 
effect on sigma phase ..... 987 
Collimator 
use in determining retained 
austenite in steel ........ 113 
Columbium 
effect on the yield strength of 
chromium-molybdenum 
CEs ate ikacdndkbecnes 658-659 


effect of underbead cracking 
in molybdenum steel. . .656-658 


DOODETUNES GE o.560 000000 401, 1138 
in stainless steel ........ 943, 950 
Compressor re 
stainless steel, corrosion ... 1234 


Condensation 
of metal under vacuum .... 903 
Conductivity 
electrical 
SO. i cepevsee 787 
Constant temperature bath for 
REIN i i ep a ae 411, 413 
Constitution diagrams 
aluminum-magnesium silicide 
2h sided 0 alk bend ication ee 358-359 
aluminum-zinc-magnesium.. 1083 
aluminum-zinc-magnesium- 
WOE |. sp Reali oes 060 1085 
chromium-molybdenum 1009 
ee 642 
thorium-carbon ........... 1295 
uranium-copper ........... 1321 
methods of analysis 
chemical analysis ..... 1320 
microscopic examination 
ope tetas 1320, 1322-1325 
thermal analysis ...... 
pesbseecce 1320, 1322, 1325 
X-ray analysis ...1320, 1322 
uranium-manganese ....... 1314 


methods of analysis 
chemical analysis .1313-1314 
microscopic examination 


igiesle nan ceeded 1312-1318 
thermal analysis ...... 
ge-thhen bal 1312-1313, 1318 
X-ray analysis ........ 
uahiD a's soles 1312, 13814-1315 
Constitution of high speed 
CE chee eal eee eevee cooks 1161 
Contamination 
thermocouples ........ 1144, 1150 
Cooling curves. See Thermal 
analysis. 
Copper 
in iron-manganese-nickel al- 
ey tse cea es bk ceases 1291 


in uranium-copper alloys. 

See under Uranium. 
solid solubility in beryllium 802 
vapor pressure of 

methods of determining 
283-284, 299 
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Copper alloys 
impact properties, static and 


OEE 4k x5 os ocho 59-60, 71-73 
Coring 
as imperfection in metal sin- 
er eo Gas o's SU 337-338 
in molybdenum-chromium 
SEG eran c 0'6-4e 0's 1014, 1020 
Corrosion 


effect of quenching rate on 


75S aluminum alloy ..... 1115 
 ..  « ar 1233 
Corrosion tests 
Alcoa 75S alloy, composite 
CII nic dekhbake ns 1098 
Corrosive environment 
aluminum alloys .......... 1070 
Cracking, quench, See Quench 
cracking. 
Cracks 
in manganese steel 
effect of homogenizing 
OURO. vitcdek ao see 662 
effect of titanium...... 661-662 
in molybdenum steels 
effect of columbium ..... 
Sc on kee 654-658, 663-664 
effect of titanium ....... 
+ ark Badal 654-660, 663-664 
effect of vanadium ...... 
eat tke eee 654-658, 663-664 
effect of zirconium ...... 
Pee nee ae ee 654-660, 663-664 
in nickel-molybdenum steels 
effect of titanium ....... 660 
effect of zirconium ...... 660 


preferential formation, stainless 


steel subjected to stress 
i ee ee 1252 
under weld beads 

effect of holding period 
between hot rolling and 
WEREE 6.6 de dee Veiie ss 656 

effect of a spheroidizing 
treatment on ....... 657-658 


influence of microstruc- 
CUR obra tae bess8 2 Waa 653-654 
method of evaluating 


cracking tendency ..654, 656 


Creep 
austenitic stainless steels 
chromium-molybdenum steel 
effect of molybdenum ... 177 


935 


data in engineering design 940 
ingot iron—effect of strain 
rate and temperature.... 1128 
WOTO as a v.0.5.00 SNe bee eas 947 
resistance, ferritic steel 918 
SE in 6 ies ec ss o> Saban 939 


stress-rupture tests 
effect of instabilities on 
minimum creep rate .. 748 
stress vs. minimum creep 
ORte CUPVER: 6 ccs caus 746-748 


Creep tests 
discontinued before rupture 941 


I 86a 5 bo kctirecemaeecae 954 
intercept deformation ..... 950 
mechanical properties after 

DEEL. ols wie oe wnat bea 04 955 
microstructural changes in 

SEREREOOE: BOOEE 26s occu din 957 
minimum creep rate........ 947 
mode of fracture, stainless 

WON | ceciiesuhe eenouees 970 
nitrogen absorption in stain- 

less steel during creep 968 
stainless steel ........... 983, 992 
structural changes in stain- 

NE: GORE. « ik asike cieaewrun 941 
tevtinry CIGOD «cians os cteveas 954 
time for rupture .......... 943 
variation of density........ 970 


Critical velocity. See also Impact. 
in tensile impact testing. ..47-48 
values. specific alloy 

under Impact. 


See 


Crystal structure 
of beryllium 


composition of samples .. 804 
diffraction HMOs ..ccccsss 804 
lattice constants ...... 803-805 


preferred orientation ..812, 814 
preparation of specimens. 803 
of steel ingots 
influence on quench crack- 


EF sas We ved 243, 246-248 
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Crystal structure (cont.) 
of uranium 
arrangement of atoms ... 764 


interatomic distances 
eae ee 763 
lattice constants 
ees WRENS io bis os 763 
gamma phase ......... 769 
space group 
SU: TO occ wes wok 763 
unit cell 
Gees NS SS. cee sks 763 
pete meee oe 768 
trigonal bipyramid configu- 
WR. 5 wie eke bic eie 765-766 
Crystalline fracture 
in iron-manganese-nickel al- 
NO. iedicesadhevecs sie 1269 
Crystallography 
preparation of metal single 
crystals. See under Crystals. 
Crystals 
single 
imperfections in 
ee oC aaecech cetexd 337-338 
GE es tcickas +2 ene 337-338 
ea 336 
lattice vacancies ...... 336 
RN tans cncdaw 537-338 
macromosaics ......... 337 
RS ee ge oe 336 
optical mosaics ....... 337 
SEE hes wie bic oin o 3 337 
obtaining desired orienta- 
SO, ak bs Where oe oe 335 


preparation of 
methods based on growth in 
a temperature gradient 
Andrade method ..332-333 
methods based on the nuclea- 
tion and growth of a new 
phase 
Bridgman method .322-327 
Czochralski method: pulling 
crystal from liquid 
ROE a a aneen 321-322 
uniform slow cooling from 
the liquid phase 321 





Crystals (cont.) 
single 
preparation of 
methods based on recrystal- 
lization 
discontinuous growth. 330 


secondary recrystal- 
I 3. cat? 330-332 
strain anneal ...... 328-329 


special methods for growing 

crystals 
electrolytic decompo- 

tee Cee a 334 


Pintsch method for 


tungsten filaments 
ES 333-334 
vapor phase process. 334 
Cup drawing 
GT ca b cbse ccs coe ites 1201 
Cup test 
high temperature service al- 
MR ics bee eek cs vb ew es 422-424 
ee Be kis cet ek cocker 1199 


Cup test ductility 


effect of heat treatment on 424 
variation with strain ...... 423 
Curie point 
cementite and ferrite in aus- 
ES rove 969 
Cutting ability 
high speed steel ........... 1162 
Cyclic loading 
hysteresis loop ............ 526 
Cyclic stress 
effect on mild steel ........ 499 
effect on precipitation hard- 
ES aN ba es aa ae oa 575, 576 
test equipment .......... 502-511 
Damping 
variable factors affecting 530 
Damping capacity 
determination 
rotating cantilever beam 
(iabicnh etn te 5O4, 542-544 
effect of fatigue stress on 


OE ea 499 


OOS Sister ees eh Wash ares 6 §21 
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Damping capacity (cont.) 


for inspection ...... Fee desu 540 
isolation of variables ...... 501 
measuring equipment ..... 

ee ee 502-511, 549-550, 555-556 


Debye camera 
use in determining retained 
esr ss 113-114 
identification 
in high speed steel. .1166, 1178 


austenite in steel 


use in phase 


Decarburization 
of Faw O0ee tai Soe ee 922 
surface 
effect on quench cracking 
OE tls on bon ba 259-260 


Deep drawing 
cups, wrinkles formed in... 450 
sheets, criteria for predict- 


ing press performance 1197 


Defects in steel 
cracks 
quench. See under Quench 
cracking. 
decarburization, effect on 


quench cracking ...... 259-260 
flakes, effect on quench 
cracking ...... 258-259, 268-269 


gas, effect on quench crack- 


lt... SUN ivia ck + Cee 239, 258-259 


nonmetallic imeclusions, ef- 


fect on quench cracking 
‘cand sa dene a > 0 oe 242, 248 
surface defects, effect on 
quench cracking ......242, 258 
Deformation 
low-temperature type ..... 734 


high-temperature type .... 73 


Delta ferrite 
in quenched high speed steel 1182 


Density 
changes during creep ...... 970 
residue, high speed steel ex- 
cess phase determination. 1190 
Design 
turbocompressor .......... 1250 


Deoxidation practice 


in steelmaking .......... 474, 483 
Deoxidizers 
molybdenum-chromium 
Anas. wn 'y iw waited exh 1017 


Diffusion, surface 
of silver on silver 
activation energy ..... 380, 385 
diffusivity values ..379-380, 385 


equipment for measure- 
SE: ) bc dv cca ge étude 
Diffusion pump ............. 906 
Diffusivity 
of silver on silver... .379-380, 385 


Dilatometer analyses 
of low chromium-molybde- 
a er 179-190 


phase transformations .1264, 1267 


Directionality 
in deep drawing steel sheets 
Batis Wass a BE wia'e.e > 1198ff., 1201 
Dislocations 
as imperfection in metal sin- 
i CR an os lite tw ote 336 


Double tempering 
of iron-nickel-manganese alloys 
and im- 


effect on tensile 


pact properties ....... 1285 
Drawability 
effect of blank and die tem- 
perature upon 


Ductility. See also Properties. 


ene SRE os Ss SB cas Y54 
inclusion rating in a gun 

le ice id a weg 5 ark 455, 462 
of ingot iron 

effect of strain rate. ..... 112% 
of iron-cobalt alloys ..... 150-151 


effect of order-disorder 
phenomena on ....163, 167-169 
of low chromium-molybdenum 
steel in heat-affected 
zones of welds ..176, 198-199 
improvement by stress re- 
lieving heat treatment .198-200 
in martensitic steels 1264 
‘ive itecadd 991, 996 


Toe? as 


stainless steel 
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Ductility (cont.) 
stress-rupture test 
elongation vs. rupture life 
he @ aie ah a 0k aah babies 747-750 
elongation vs. strain rate. 750 
true creep elongation .... 
hic Gvindaabar 749-750, 752, 760 
variation in steel forgings .486-492 


I pe its Syed 1058, 1061 
Dynamic ductility ........... 538 


Dynamic modulus of elasticity 
8b eCa beaker ase eer 527, 528, 538 

determination, rotating can- 
tilever beam ......504, 545-548 


Dynamic stress 
effect of stress corrosion on 1233 
hysteresis loop method for 
measuring damping capac- 


Se Snchndscbeeke teen 502 
superimposed on static, alu- 
GENO ic ctcccsccveee 559 


Dynamic testing machine 
rotating cantilever beam .503-511 


Earing 
CUD GUOEEEE . oénivwebuies 1201 


Elastic constants 


DUS BND ws cc cevcwdecn 772 
Poisson’s ratio .......... 772, 783 
shear modulus ...... 771, 782-783 
Young’s modulus ....771, 782-783 
OE ee st beans As 776-783 
determination by resonance 
SPOUMONCIES «0.56 e00008 779-781 


preparation of specimens. 776 
Elasticity 
effect of fatigue stress on 
ie SRNR iis 6 ba A 499 


Election of Officers of ASM.. 26 


Electrical resistance 
GE DOGHEE Si vs oe deceit 805-806 
composition of samples .. 806 
temperature coefficients of 806 


test procedure .......... 805 
of iron-cobalt alloys 

effect of alloying addi- ” 

Cs ei A es 167-169 





Electrical resistance (cont.) 
of iron-cobalt alloys 
effect of annealing tem- 
Ey eee ee 160-161 
effect of order-disorder 
phenomena on ........ 162 
effect of impurities on ... 158 
OG GEE 5 5c k canes na 766-767 


Electro-chemical theory 
of stress corrosion cracking 
in aluminum alloys ...... 1070 


Electrode potential relationships 
75S aluminum alloy ....... 1117 


Electrolytic isolation 
of nonmatrix phase high 
speed steel ....1163, 1177, 1192 


Electrolytic polishing 
thorium-carbon alloys ..... 1298 


Electron microscope photographs 
Oe See SE civic eeuea ters 1110 


Elevated temperature alloys 
creep and rupture of stain- 


WUE IL on oss din in we 935 
OU TEE © 956-0 b4 hae 64.0.6 0,050.0 983 
I hid s wie Bias 5 os 405 


oxidation of manganese at. 

See under Manganese. 
stability of alloy steels .... 917 
stress-rupture apparatus .816-818 
tensile testing equipment .815-817 
tensile properties 

of alloy steels...981, 1287-1288 

ET 831-838 

elongation vs. testing 
temperature ..831-832, 834 

reduction in area vs. 
testing temperature.. 832 

ultimate strength vs. 
testing temperature.. 


epee des< 831-832, 834-835 
directional effects ....... 835 
effect of strain rate 

on elongation ....... 835-838 


on reduction in area ... 837 
on ultimate strength .835-838 
of stainless steel ...... 937, 981 
thermocouples .......... 1131 
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Embrittlement 
hydrogen 
as a result of gas pressure 
cee Aaa ene Cea 388-389 
effect on cleavage ..... 590-595 
mechanism in steel ...... 603 
temper 
anisothermal ..... 613, 615-616 
effect of boron on....... 
waeeke sean 96-100, 105-106 


isothermal... .604-605, 607, 615 
transition temperatures 

St: Caunave ebuaxauexe 609-611 
treatment for steel 


Equilibrium diagrams. See 
Constitutional diagrams. 


Etching 
for phase identification in 
high speed steel..... 1166, 1178 


Eutectic 

in thorium-carbon system 
1299, 1307 
in uranium-copper system 
1322-1323 
in uranium-manganese sys- 

COR “Scie at eme css 6 ae 1317-1319 
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Eutectoid 
in uranium-manganese sys- 


CO 55 cree eh eee 1314, 1317 


Excess (nonmatrix) phases 
high speed steel annealed.. 


is Ow ne od bie a Sees 1163, 1177 
Extrusion 
of SEryIh.. 6h i. ccwees 791-793 


Eyring theory 
to analyze stress-rupture re- 


GUNN ss << deta 748, 754-755, 760 
Fatigue fracture 
14S-T aluminum alloy ..... 
ob -a6 teks ees Oe a 567, 571-573 
Fatigue specimen .......... 512-515 
preparation, 14S-T) alumi- 
Ee Ee Oe 562 
torsion and bending, 14S-T 
aletinems 606.50. Sk 560-562 


Fatigue strength 


14S-T aluminum alloy ..... 559 
Fatigue stress 
effect on damping capacity 
and elasticity of steel ... 499 


Fatigue test 
low carbon steel (SAE 1020) 516 


Fenders 
automotive, deep drawing.. 
dP +6 ohT ies cues 1197, 1221 
Ferrite 
in stainless steels ......... 969 
oe rr 918 
quenched high speed steel.. 1181 
Ferro alloys 
Boron sources 
ferroboron, as additions to 
EE ds Gude ae <a 77-78, 105 
Grainal No. 1, as additions 
TE 4 5 5 4 ao beens 77-78 
Grainal X79, as additions 
a ain es oe acne 77-78 
Silcaz No. 3, as additions 
SA EE Sia & &: « «ea aes 77-78 


Ferromagnetic microconstituents 


in stainless steel .......... 969 
Fibrous fracture 
iron-manganese-nickel al- 
ie ee as ice 1269 
Fibrous structure 
GRPOEEIOMIEEED, kw cc ccce cscs 1201 


Finger specimen 
high velocity impact test.. 1262 


Flakes 
in steel 
effect on quench cracking 
shake ceeehs 258-259, 268-269 
Forging 
aluminum-base alloys ..... 1063 
OF POPPE so a:s.cnas weds 791 
dies 
effect of boron .......... 106 
effect of direction on temper 
USORUERGRS. 65 6 ve caunsare 1038 
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Forging (cont.) 

ratio, large steel ingots 

digaela een aw ware 488, 491, 492 
reduction 

effect on quench cracking 

SOG ES . Ctias es comewa 6-0 245-245 

steel, transverse ductility .. 486 
tests on molybdenum-chro- 

mium alloys ........ 1016, 1025 


Formability 
cobalt-base alloys for high 
temperature service ..... 405 
determined by various test- 
ing methods i .......6: 436, 437 
effects of strain rate and 
temperature upon ....... 435 
iron-base alloys for high 
temperature service ..... 405 
nickel-base alloys for high 


temperature service ..... 405 
per rc 1197 
Fractography 


definition of technique. ..578, 579 
fracturing in liquid nitrogen 


BR emis a a 579-580 
manner of fracture ...... 57s) 
test specimens ........ 578-579 


use in explaining micellar 
theory of the solid state. 


pa dis Xo 387, 389, 5S3, 590, 591 
Fractures 
block structure. .591-593, 596, 599 
“coral’-type pattern ....... 585 
fanlike pattern ............ 590 
Beets FEMCTINS oc cccccccca 595 
lineage pattern.......... 583, 590 


of stainless steel 

in stress-rupture test.970, 1008 
obverse and reverse views. 593 
roughened pattern ........ 595 
shear vs. cleavage failure... 579 


Fracture test 


GRO «fb emis e = neten cen een 1262 
dependence on ductility 
(SAE 1340 steel) ........ 447 
NOE, TON Si icy pale bas tiias 1129 
of iron-manganese-nickel wn 
SER nan a-5'e 4» Se 1269 


Free energies 
method of computing ....303-305 
of refractory metal oxides.. 400 


Frequency curves 
to show distribution of sus- 
ceptibility to quench crack- 
ing of hollow cylinders .221-225 


Furnace, for thermocouple 
NES keen eectvense 1135 


Fusion welds 


SEEEG GOOEE oko se ss ences 1236 
Gallium 
vapor pressure 
method of determining .. 299 


Gamma-alpha transformation. 1264 


Gas 
in steel 
effect on quench cracking 


Hew edie ss) Cea's 239, 258-259 


Gases in metals 
oe a a ae 900 


Geiger counter 
use in determining vapor 
BP ae 291-292 
use in measuring surface dif- 


fusion of silver on silver .377-379 
Gerber hypothesis ........ O65, 571 


Gettering of gases 
a a 906 


Gold 
vapor pressure 
methods of determining . 283-284 


Goodman relation ........ 565, 571 


Grain coarsening 
on austenitizing iron-manga- 
nese-nickel alloys ....... 1271 
in steel 


as a function of austeni- 
tizing temperature ....84-85 
effect of boron on austen- 
ite grain size...... 83-85, 109 
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Grain growth 


AXE CUO Ss 6. SBR ss 922 
high speed steels .......... 1162 
Girain refiners 
Ce EE 5. 5 45 bo ace ks 947 
(irain size 
austenitic effect on temper 
ARR sis bv ats oh 1038 
effect on measuring retained 
austenite in steel ....... 114 
in iron-cobalt steel 
effect on magnetic quali- 
GE coieebe kauaceene ss 159-161 
molybdenum-chromium 
SEs dees 954 SUE R tS 1032 
stainless steel. .936, 947, 992, 1004 
Grain structure 
of aluminum alloy specimens. 
See under Macrostructure. 
Graphite parts 
for vacuum fusion appara- 
CG Satu aeeawae dete 903-905 
Ciraphitization 
in ferrites eteehin ik. ys cows 918, 920 
of low chromium-molybde- 
num steel in superheated 
POE Scakeaes ors 175-176, 205 


Grossmann’s multiplying factors 


use in correcting hardness 


values in steel ...........81-82 


Gun steel 


effect of inclusions on duc- 


CON fi ok daa bela esi ode 455 
Gun tubes 
40 mm. and 75 mm......... 456 
Hammer forming 
high temperature service al- 
BOWE Sided a Oks caheeess 425 
Hardenability 
correlation with temper brit- 
CORON S665 dics tik + ecakiess 1053 
effect on quench cracking of 
CRONE cs cis « hens aca 254-258 
of low chromium-molybde- 
num steel..... 181-189, 192-193 


of steel 
effect of boron on.77-83, 105. 109 


Hardenability (cont.) 
of steel 
effect of boron on 
effect of type of boron. 105 
optimum boron content 105 


Hardening 
stamilens steel iii sii. . ck 670-676 


effect on bendability ...670-676 


Hardness 
of AISI steels exposed to 
elevated temperatures ... 933 
of beryllium......... 787, 814-815 


correlation with temper brit- 


aeinews. 0 6 a0S5R83 030. 4395 1038 
of low chromium-molybde- 
num steel ....... 179, 190-200 
reduction by stress reliev- 
ing heat treatment. ..198-200 
of plain carbon steels 
used for retained austenite 
determinations ........ 116 
tests on molybdenum-chro- 
mum alloys -..<<.05 1017, 1027 
tests on steel sheet ........ 1199 
of tungsten tool steel 
effect of tempering tem- 
OTRO UTO vnc owe is os 691-693 


secondary hardness ....691-692 
of tungsten-molybdenum tool 
steel 
effect of tempering tem- 
om CR ewe e BS 691-694 


...- 691-692 


perature 
secondary hardness 


Heat 

of dissociation 
heats of 
micellar the- 


ory 395-396 


ese eeeeeeeeeneneeevet 


compared with 


fusion by 


of formation 
of metallic oxides ....... 799 
refractory metal oxides 400 
of fusion 
compared with heats of 
dissociation by micellar 
NE aS re ee 395-396 
of sublimation 
method of computing. .302-305 
of vaporization 


method of computing ..302-305 
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Heat treatment 
of Alcoa 75S aluminum al- 
OO cc cde pads cohen ates 1089 
of aluminum-magnesium-sili- 
con alloy 61S 
effect of quench-aging on ten- 
sile properties. See under 
Quench-aging. 
effect of rate of quench on 
tensile properties. See under 
Quenching rate. 
of annealed boron steel forg- 
ings 
effect on cleavage...... 580-584 
effect of furnace heating vs. 
induction heating on trans- 
formation characteristics 
of alloy steels containing 
ferrite-strengthening 
elements 
of alloy steels containing 
carbide-forming 
elements ........ 140-142 
mechanism of carbide 
One i .icsccs 123-124 
preferred austenitizing 
temperatures ...142-143 
of plain carbon steels .136-140 
effect of time at temperature 
on carbide solution ..141-142 
of hollow steel cylinders 
effect on quench-cracking 
248, 255-257, 260-263, 268-269 
of iron-cobalt alloys 
for elimination of brittle- 


BOOP 245 pad een ode 151, 168-169 
for good magnetic prop- 
a 155-156, 160-161 


for maximum grain size.159-161 
of low chromium-molybdenum 
steel 
ce eee 198-200 
of plain carbon steels 
used for retained austenite 
determinations ...... 115-116 
stainless steels .......... 936, 943 


stress-relieving 


- 


High frequency current 
pickup in thermocouple wire 1151 


High speed steel 
(grade M-2) 


High temperatures 
See also Elevated temperature. 


High velocity shock test.1263, 1279 


Het working 
of steel 
effect of boron on ....... 109 
of zirconium 


difficulties of ..... 623-625, 637 


NE iin as 624-625, 636-637 
methods of ....... 623-625, 637 
Hydrogen 
embrittlement. See Embrittle- 
ment. 
ee 477-478 
in metals, analysis for ..... 912 


Hysteresis loop 
in cyclic mechanical loading 


526, 542 


“eee eee eee ereewn eee enee 


Impact 
Charpy 
one steels: ..csis.s,> 
of iron-manganese-nickel 
NS ha as 0 40 one 1262, 1275 


of low alloy steels ...... 921 
to determine transition 
temperature of temper 
embrittlement ...... 1039 
of stainless steel ...... 937, 956 
effect of tempering tem- 
DRUEEIITE. sivtsdeccrers 684 


to determine transition tem- 
perature of temper 


embrittlement ....607-609 
Izod 
of molybdenum tool steel 
effect of austenitizing 
temperature ........ 697 
effect of tempering tem- 
WOTUUMS.. da sc dvs 697, 699 


relation to hardness. .697-699 
of molybdenum-vanadium 
tool steel 
effect of austenitizing 
temperature ...... 697, 713 


effect of tempering tem- 
sedan 697, 699, 713 


perature 
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Impact (cont.) 
Izod 
of molybdenum-vanadium 
tool steel 
relation to hardness 
<deveée whe 697-699, 713-714 
of tungsten tool steel 
effect of austenitizing 


temperature ...... 693, 695 
effect of tempering tem- 
perature .....c.e0- 691-693 


relation to hardness. .691-695 
of tungsten-cobalt tool steel 
effect of austenitizing 


temperature ...... 700-704 
effect of tempering tem- 
DOTORGES: < cckas ccsdes 700 


relation to hardness. .700-704 
of tungsten-molybdenum 
tool steel 
effect of austenitizing 
temperature ...... 696, 713 
effect of tempering tem- 
POTHUUPS 6 ccicccivs 691-696 
relation to hardness 
oka aieenems 695-696, 713-714 
of tungsten-molybdenum- 
vanadium tool steel 
effect of austenitizing 


temperature ...... 698-700 
effect of tempering tem- 
DURE ans ce veavene 699 


relation to hardness. .698-700 
of tungsten-vanadium-cobalt 


tool steel 
effect of austenitizing 
temperature ...... 699-701 
effect of tempering tem- 
ORTE sb owdévencoas 699 


relation to hardness .699-701 
preparation of specimens 

ioe ahd awihte Bie eet as 689-690 
relation to hardness ..... 704 
relation to plastic deflec- 

CE ears tease sateen 704 
relation to yield strength. 704 
value of test 687 

tensile 


analysis of materials tested 54 


Impact (cont.) 
tensile 
critical impact velocity 
comparison of experimental 
and computed values.47-48 
definition of ..4...3.... 47 
relationship to static stress- 
strain diagram 
effect of quench and temper 
versus austemper 
On Cr OMe ta ccisseet 68-70 
energy absorption during. 


heat treatment of 
rials tested 
methods of testing 
percentage elongation ver- 
sus impact velocity 
effect of heat treatment 
WU ORG cakes de ok soto be 63-65 
strain propagation, theory 
Wh kind bee a EOS O03 46-48, 54 
stress-time diagrams 
Kiet Cudné bbe mne 54-56, 61-62 
test specimens .......... 50 
testing equipment ....... 48-53 
values, static and dynamic 
of aluminum alloys 
CE. vawieaws 4 59-60, 71-73 
Gb. COMMER. ceacxs 59-60, 71-73 
of ingot iron ....57-58, 65-67 
of magnesium alloys 
iret tba 59-60, 71-73 
of steels, plain carbon, 
alloy and stainless 
6 5 aiceiaielemaeiass 57-60, 65-71 
of a zinc alloy...59-60, 71-73 
velocity of impact 
effect on per cent elon- 
gation 
effect on specific energy .63-65 
effect on ultimate 


SG ot ieee kaw as 62-63 


(four) 


Inclusions 
in gun steel 
effect on ductility ....... 

frequency distribution 
curves 
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Inclusions (cont.) 
in large steel forgings .488, 492-493 
nonmetallic inclusions in steel 
effect on quench cracking 
Osh oy om cave bea ees 242, 248 
rating and transverse duc- 


tility in a gun steel...... 464 
types im steel .u......... 458, 464 
Induction 


hardening of steel. See under 
Heat treatment. 


Induction heated furnace 
sd ab aaate gee cee 1136-1137, 1261 


Induction heating 
ne OG 


Ingot iron 
effect of strain rate and tem- 


perature on creep ....... 1128 
impact properties, static and 
tensile ............57-58, 65-67 
Ingots 


position of steel in ingot 
effect on susceptibility to 
quench cracking . 245-248 
size 
effect on susceptibility to 
quench cracking of steel 
PEVGEMens es os'se 243-244, 253 
structure 
effect on susceptibility to 
quench cracking of steel 


a wighkiaaditics «lame 245, 246-248 
Intercrystalline fracture ..... 1035 
Se GU 64 bee Vike dd oon 1129 


Intergranular corrosion 
SG: GOON. . oobi als oc om 1234 


Intergranular failure 
aluminum alloy ....... 1073, 1102 


Intergranular fracture 
stress-rupture tests, stainless 


MEE sk Fak 68S tonsa 970, 10038 
Iridium 

SPENT ss os dbs von cued 401, 1138 

thermocouple wire ....... -"1132 


Iron-base alloys 


deep drawn cups......... 430-485 
effect of heat treatment on 
cup test ductility ........ 424 
for high temperature, form- 
Ee dw hn bos Gace a dis 405 
BUR ONS ii. 420 


Iron-manganese alloys 
ND ns wee me’i 1260 


Isocolloidal theory. See Micellar 
theory under Solid state. 


Isothermal transformation diagrams 
for steels 
effect of furnace versus 
induction heating 
on alloy steels ......... 133-141 
on medium carbon steels 
bask a Wri Oe. wit 124+, 128-133 
MOORE oda ck ccc 125-128 


RR ee i ee A 1198 


Lateral deflection method 
for measuring damping ca- 
SG Sateen sous ite ape ath 503 


Lattice constants 
of molybdenum-chromium 


Se fa ob <i. a bled .ea 1016, 1020 
GU i ae tas) oS s scans 1322 
ee; Se a, cc e oo ne Ba 1314-1315 
Oe ca ks no ao 6 %.s ebindino 1318 
OE IE i ks hkidw okies 763, T69 


Lattice parameters 
nonmatrix phases, in high 
speed steels ........ 1166, 1173 


Lattice vacancies 
as imperfection in metal sin- 


i ODS ia ae hie o 66 336 
Lineage 
as imperfection in metal sin- 
Oe Eee 337-338 


Lineal analysis 
high speed steel microstruc- 
CU a hs debate. £6 1169, 1178 


Liquidus determination 
thorium-carbon system .... 1301 


etn 
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Lithium 
vapor pressure of 


methods of determining .283-284 


Low carbon steel 


ES CT as 644-647 
Machinability 
Ge Wee BOONE dg cg cceccce 106 
Macromosaics 
) as imperfection in metal sin- 
Oe BONES 53% oss 624 ki 337 
Macrostructure 
of nonheat-treatable alumi- 
num alloys ......... 352-355 
anodic method of reveal- 
7 a 


alloys not adaptable to. 354 
anodizing procedure .349-350 
effect on constituents . 355 
metallographic exami- 


TES e ic iccy steps 350 
optical principles... .: D1, 353 
photographic technique 
ee ee 350-351 
Magnesia crucibles .......... 1261 


Magnesium alloys 
aluminum-zine alloys (AZ31X) 
plastic flow in sheet according 
to anisotropic theory 
...1386, 1345-1347, 1349-1350 
impact properties, static and 
tensile ............59-@0, 71-73 
vapor pressure of 
methods of determining.. 
283-284, 299 


eee ee eeeeneeeee 


Magnetic properties 


effect of gases on 900 


of high speed steel 
use in determining retained 


Bea) (55465. As 1180 

of iron-cobalt alloys...... 150-152 
coercive force .154-155, 158-161 
CONG SRG iGs Ss oss’ 154, 156-157 
hysteresis loss .......... 155 


metallurgical factors affecting 


eT TE in bec hs 159-161 
SUTINGON iin 555 6k 157-159 
order-disorder (super- 

lattice formation). .161-167 


Magnetic properties (cont.) 
of iron-cobalt alloys 


permeability ...... 154-155, 160 
compared with other 

4s vas cde 154 

effect of cobalt content 156 

OE Gi Gir sc 44 30005450 1209 

GOUT ois o's ose 1205, 1209 


of stainless steel 
permeability measurements 
938, DGS 


ore eee eee eee ee eweee 


Magnetostriction 
of iron-cobalt alloys 


effect of order-disorder 


phenomena on ...... 163-166 
saturation value ....... 163-166 
Manganese 


in chromium-molybdenum steel 
effect on yield strength... 659 
in iron-manganese-nickel alloys 
equivalent percentage in 
gamma-alpha_ transfor- 
eae heaed 1266, 1269 
oxidation at elevated temperature 
method of determining .308-311 
oxides formed ......... 313-317 


mation 


dissociation pressures of 
MnOs,s and Mn:zQO; ..315-316 
rate of oxidation at differ- 
. 011-517 
conformity to Pilling and 


ent temperatures 


Bedworth parabolic re- 
SRUIOGISMED ok ce ce eat 
scaling constant K ...... 
4) ace ean ec alll 312-313, 316-317 
use of Valensi’s theory in 
computing 
in steel 
effect on quench cracking 
253-254 


mre ant 


brittle- 


effect on temper 
ness 1044 


in uranium-manganese alloys. See 


“eee eee eee eee wn enenee 


under Uranium. 
vapor pressure of 
methods of determining .283-284 
Manganese steel 
banding 
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Manganese steel (cont.) 


effect of titanium on den- 
drite formation ....... 661-663 
microsegregation ....... 661-662 
Martensite 


transformation temperature 
effect on quench cracking 


Ge OE Gane cvame 248, 255-257 
Martensitic steels 
EE. Wate aeeid 2nsdp000% 1264 
SICTUIIETMEEINO noon s wisn ne 1034 
Mechanical equation of state. 406 
Mechanical properties. 
See Properties. 
Melting 
as envisioned by micellar 
eee eden 6 cee REG SS 395 
high melting point metals 
Seals ubewthascsdsaet 1010, 1017 
Melting point determination 
thorium-carbon system .... 1297 
OF CNM Fk on todo veduskas 762 
Mercury 
vapor pressure of methods 
of determining ........ 283-284 
Metal single crystals. See under 
Crystals. 


Metallographic examination 
of grain structure 


anodized aluminum alloys 350 


Metallography. See also Structure. 
AISI alloy steels 922 
of beryllium 

growth of crystals ....808-809 
recrystallization of crys- 
tals 
of beryllium and beryllium alloys 
inclusion in 
microstructure 
aluminum network in.. 
appearance of inclusions 
Seetes dnedasa 797, 799-800 
effect of annealing on.. 

822-823, 826 

effect of extrusion tem- _ 
perature on ....... 820-823 


800 


Metallography (cont.) 
of beryllium and beryllium alloys 
microstructure 

of various binary beryl- 
ee ED ov ksS sees 801 
solid solubility vs. temperature 

of various elements in 
Dore: . KC be ox 801-802 


detection of sigma phase in 


stainless steel ........ 938, 985 
of high speed steel ........ 
cooekeewee 1165-1166, 1178, 1180 


of manganese 
oxidized at high tempera- 


th. 2a dens tiemwegs de 311 
of molybdenum-chromium 
CN ihn wink a 4 ahis edad +s 1016 
specimen preparation, high 
ES bs w ciels wipers 1169 
thorium-carbon alloys ..... 1298 
weld heat affected zone, steel 925 
Metastable structure 
in iron-base and cobalt-base 
ME Ek bw ees s agp adese 420 


Micellar theory. See also under 
Solid state. 
to explain fractograph pat- 
SO kiss 6 as ks 583, 590, 591 
Micelles 
as subcrystalline aggrega- 
tions of atoms .387, 389-391, 393 
structures observed in chem- 


RN a we cee aes 392 
Microphotometer 
use in determining retained 
austenite in steel ........ 114 
Microstructure 
AISI steels subjected to ele- 
vated temperatures ..... 922 
of aluminum-beryllium alloys 
hin he nikeh Wikies Gawin seé 795, 800 


of beryllium ....794-795, 820-823 

of carbon-beryllium alloy .795, 797 

correlation with temper brit- 
SE sins cis HE 1038 


of deep drawing, steel sheet 1218 
in determining constitution 
diagram 
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Microstructure (cont.) 
in determining constitution 


diagram 
of uranium-copper system 
aes Fea uae 1320, 1322-1325 
of uranium-manganese 
* CRRGER: 6 a's 6 0 v0 os 1312-1318 
effect of chromium on 75S 
aluminum alloy ......... 1105 
effect on creep strength 
stainless steels .......... 994 


of iron-beryllium alloys. .796, 798 


SE es 5 a yada ant 811 
low SHO SCENE ...cccccess 1040 
of low chromium-molybde- 

Se See 181, 183-192 
of nitrogen-beryllium alloy. 

ater ie wire dons wae s 2 796, 798 
of oxygen-beryllium alloy.. 

‘cee a aes oe Braue wae 796, 798 
of plain carbon steels 

used for retained austenite 

determinations ........ 116 
of silicon-beryllium alloy .795, 796 
CRIN SEES 6. < ctv ces sme 937 
of titanium-beryllium alloy. 799 
of zirconium-beryllium alloy 799 
Molybdenum 

effect in aluminum alloy 

| PRA a = Seren 1112 
effect in iron-manganese- 


nickel alloys ........ 1278, 1291 
in low chromium-molybdenum 
steel, effect on 
Charpy impact resistance. 


ae) 0.8 179-180, 191-194, 197 
GRE cucnsavstsevrsiueeen 177 
hardenability ......... 181-187 
MPUNONE kad de os 179, 191-200 
tensile properties ....... 

calc awe 179-180, 191-194, 197 

melting and casting ...1012, 1017 
a ee re 1008 
properties of ...... 401, 403, 1138 
in steel 
effect on quench cracking 
<i iaed hae <n ead wie 2 253-254 


effect on tempér brittleness 1043 
for high temperature serv- 
Se aiueEbs.e 6c G0e 0 vere™ 947 


Molybdenum (cont.) 
thermocouple wire 
vapor pressure of 

method of determining 
Fels ue aeawrere 284-285, 299 


Molybdenum-chromium alloys 
properties 


ore eer eeeweeeeenee 


Molybdenum tool steel 
effect of austenitizing tem- 
perature on impact .. .697, 713 
relation of hardness to im- 
SE sc twhemes 697-699, 713-714 


Monochromator 
use in determining retained 
austenite in steel 
Monotectic 
in uranium-copper system.. 
1324-1325 


“eee eee eee eeeeeeeenee 


Mosaic structure 


is nS 5 ae ctminiate 336 
Mosaic theory ........389, 393-394 
Mosaics 

as imperfection in metal sin- 

ee 336 
Natural aging 
75S aluminum alloy ....... 1093 


Neumann bands 
in fractographs of iron...580, 585 


Nickel 
effect on temper brittleness 1047 


ROUEN. he bed oscee cans 1261 
POMS hI. Sees: 401 


solid solubility in beryllium 802 
in stainless steel 

effect on bendability .... 671 
Nickel-base alloys 


deep drawn cups ........ 430-435 
effect of heat treatment on 


cup test ductility ....... 424 
SR Nica anges S04 405 


Nickel-chromium-molybdenum 
steels 
exposure to elevated tem- 
ee ne eee 928 
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Nickel-chromium steels 
exposure to elevated tem- 
OOTMENTOe. 66 cht Aaa 925 


Nickel-molybdenum steel 
exposure to elevated tem- 
WOES cacccueec tube cs 928 


Nickel steels 


microstructure © of Veevs cee 22 
Nitrogen 
absorption during creep, 
SS ar 967 
in metals, analysis for ..... 912 


Nonmatrix phase in high speed 
steel 
SE 5 ko S's wun pion 1163, 1178 


Nonmetallic inclusions 
effect of boron in steel...101, 109 
oh NN ONE o> ov Ga hi cc vane 455 


Notch 
use in quench cracking test 
for hollow cylinders ..... 
.. 208-211, 213, 215-219, 272-274 
Notched bar tensile test 
SAE 1340 steel............ 53 


Notch sensitivity 
relation to cyclic stress. .537, 5388 
Optical mosaics 
as imperfection in metal sin- 
woe SEWGGNED Uisu ivi veueee 337 


Optical pyrometer. .906, 1142, 1298 
Order-disorder phenomena. 
See Superlattice formation. 


Orientation 
in metal single crystals ob- 
taining desired orientation 335 


Osmium 
BOGRONIION Fs inc 0k i cud 401, 1138 
Outgassing 
in vacuum system ........ 908 
Overaging 
effect on temper brittleness es 
oo ieee wat ay sabe 605, 610-611 


- 


Oxidation 
OF Fine BOO Ss Sa 921 
of manganese 
scaling rates at elevated 
temperatures. See under 


Manganese. 
molybdenum .......... 402, 1008 
molybdenum-chromium 
ROP seit NS 1016, 1022 
ot Sem ik Se eee. 402 
Oxides 
of iron 


effect of oxide film thickness 
on rate of phase trans- 
SORES «ic an baie 5’ 648-649 
iron-oxygen equilibrium, 
X-ray studies of ....641-647 
rate constant vs. temper- 


EONOUR, dl-bk40 4's 604.006 0 ws 646 
relative thickness of ox- 
ides vs. temperature .. 646 


Oxygen in metals 
determination of .......... 900 


Palladium 
solid solubility in beryllium 802 
Peritectic 
in uranium-copper system . 1322 
in uranium-manganese sys- 
OOS 23 yok ees 1314-1315, 1317 
Permeability, magnetic 
of iron-cobalt alloys 
effect of grain size..... 159-161 
effect of impurities (car- 
bon and oxygen) 157-159 
Phase identification 
in high speed steel 
ee 1166, 1178 
Wal) FEM ls 0.0 vain ais 1166, 1178 


Phase relationships 
in high speed steel 


DINEINE fc cadets SPIN. 1172 
CN i PII 1182 
Photo-grid 
tensile specimens ....... 420, 421 
Piezoelectric effect .......... 774 
Pitting 


stainless steel ........ 1242, 1245 
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Planar-pressure theory 
of hydrogen embrittlement 
Oe QE 6 6 ess 591, 602-603 


Plastic anisotropy 
in steel sheets ........ 1198, 1210 


Plastic flow 
characteristics of alloys for 
high temperature service. 405 
theory for in sheet 
See under Anisotropic 
sheet metals. 


anisotropic 
metals. 


Plastic strain energy 
relationship to work harden- 


Nd Ae tate 1327 
equations for ir anisotropic 
sheet metals ...... 1330-133 
Platinum 
EEE GE aax cos veveees 401 
thermocouple wires ....... 1132 


vapor pressure of 
method of determining .284-285 
Porosity 
in molybdenum-chromium 
Sd oe ee hoods oui 1017 
Potassium 
vapor pressure 
methods of determining .283-284 


Powder methods 


molybdenum-rich alloys 1009 
preparation of thorium-car- 
ENS oid ince cas oa 1296 
Pre-bore quench 
GeGmiteet OF 5... sucess 207, 271 


use in studying quench crack- 
ing in hollow cylinders... 


yA | 7, )9)- 9)O7 


maker) ~ hal 


value of pre-bore quench 


Venues oes 226-227, 232, 263 
in preventing quench 
COME nos a Soak t's > a 271-276 


Precipitate phase 


75S aluminum alloy ....... 1086 
Precipitation 

thorium-carbon system 1303 
Precipitation hardening 

aluminum alloys .......... 1062 


effect of cyclic stress on. .575-576 


Preferred orientation 
in beryllium .811-814, 828-830 
in steel sheet ....1201, 1205, 1208 
President’s Annual Address .. 10 
Press performance 
of deep drawing sheets 
Properties 
of aluminum alloy 61S 
effect of quench-aging on. See 
under Quench-aging. 
effect of quenching rate. See 
under Quenching rate. 
of boron and nonboron steels 
(AISI-C1046, 1321 and 4150) 
tensile and Charpy V-notch 
impact 


1197 


of annealed specimens. .94-96 
of normalized and tempered 
4150 and 41B50 
steels 
of tempered martensite .85-93 
GOCeeeey GE a6 ccsess. 91-93 
effect of tempering 
temperature ...S87-S9, 91 
effect of type of boron 
addition ..85-93, 102-103 
hardenability . 77-83, 105, 109 
hardness vs. tensile 


strength ....%.....89-90 
heat treatment ...... 87 
size of specimens.... ST 
yield strength vs. ten- 
sile strength ...... 90-91 
of chromium-molybdenum 
ideo. d wkdoeanckces 1008 


explanation of measured vs. cal- 
culated crystal strengths by 
micellar theory ......... 395 

impact properties. See 
pact. 


also Im- 


impact resistance 
of low chromium-molyb- 
Gentm steel .. 6s vies 
....179-180, 191, 193-194, 197 
of iron-cobalt alloys 
ductility. .150-151, 163, 167-169 
metallurgical factors affecting 
alloying elements ..... 
cb ees ere 151, 156, 167-169 
vogteneewRs 159-161 
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Properties (cont.) 
of iron-cobalt alloys 
metallurgical factors affecting 
impurities (carbon and 
oy 157-159 
order-disorder (super- 
lattice formation). .161-167 
physical and mechanical prop- 
erties .158, 160-162, 166-169 
of refractory metals and ox- 
SOB e's eens 399, 401, 1138-1139 
static crack strength of steel 
relationship to quench 


COMO hi bina shat see 241-242 

of zirconium 
ee 634-636 
EE: Jick ee aimelini sc apile is 633-634 
minimum bend radius 636 
physical properties ....621-625 
POOIEUEEN, vn bcoueke’ oo 0 637 


tensile properties 
effect of annealing tem- 


perature on ....... 626-630 
effect of cold work on 
iqiaa ok akin 625-626, 630-632 


effect of hot rolling ... 
pikwieieei ty e-aunti 625-626, 630-632 


low temperature ....632-633 
on transverse speci- 
SUONE Niwa no cob sw cnt 631-632 
Protactinium 
PTOMETEIES OF? oi 6ds i. cs sete 401 


Protective coating 
for molybdenum and tung- 
sten 


Pure metals 
in thermocouple calibration 1141 


Pycnometer method 
density of high speed steel 
SON OO <n das ck basis 1190 


Quality index 
for deep drawing steel sheet 1213 


Quartz furnace tube 


Quench-aging. See also Quenching 
rate. 
alloys to which applicable .. 


Fate ae ea 359, 369-371. 


Quench-aging (cont.) 
of aluminum alloy 61S 
effect on tensile properties com- 
pared with conventional 


aging treatments ...... 

juneeen hs" 0s 360-364, 367-369 
er We ss xs Ev ctss ene 358 
possible advantages of ..... 358 


Quench cracking 
a heat characteristic. . 238-240, 251 
of hollow steel cylinders 

effect of composition on . 248-254 
effect of flakes on 


inewanved ssp aaa, aee-aee 
effect of forging reduction 

Ge evade cae cee Eevee 243-245 
effect of gas content on.. 

St ete ue? 239, 258-259 
effect of hardenability on 

5c Co cae ene BdE22% 6 254-258 
effect of ingot size on ... 

stole cope te 243-244, 25: 
effect of ingot structure 

OD se vakeusneka « 243, 246-248 


effect of martensite trans- 
formation temperature 


OR ivbacecen nese 248, 255-257 
effect of minor elements 

OR bisvicsi eRe otis 239 
effect of nonmetallic in- 

GROONS OR. cs ives es 242, 248 
effect of position of steel 

i: CRE OE ode nines « 245-248 
effect of pouring tempera- 

ee ere 242-243 
effect of pre-bore quench. 263 

Ort BaP cracking ...<.. 272-276 

on OD cracking ..... 272-276 


on thermal midwall. .273-279 
effect of quenching tem- 

perature on. .261-263, 268-269 
effect of surface decarbu- 

SE GR bs cc ove ds 259-260 
effect of surface defects 

OR cesi.ccamenseveswe 242, 258 
effect of uniformity of 


quench on...260-261, 268-269 
types of cracks encountered 
236-237 
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Quench cracking (cont.) 
test for hollow cylinders 


advantages of test ...... 229 
index of cracking suscep- 
NN. ae ohn « eke 216-219 
information provided by 
eae 207, 225, 232 
method of conducting test 
cease at texted > ee 208-216 
methods of reducing sus- 
ceptibility to cracking . 232 
modification of test...... 228 
possible use on other 
SR Stl 6 « MAA dhe 207 
precision and_ reproduci- 
bility of results ..... 219-222 
utility of the test ...... 222-227 
i MEE 4 ab ce sv wel eu vemuas 1261 
Quenching 


pre-bore quench 
effect on quench cracking 


of hollow steel cylin- 
OG cecaie's 226-227, 232, 263 
temperature, for hollow steel 
cylinders 
effect on quench crack- 
Pe ee Cre epee 261-263 


uniformity of conditions 
effect on quench cracking 


of hollow steel cvlin- 
aoe e's 266-261, 268-269 
Quenching rate. See also Quench- 
aging. 
effect on properties of alu- 
minum 75S alloy ........ 1090 


effect on resistance to cor- 
rosion of 75S aluminum 
Oe 4. deine CEN 1115 
effect on tensile properties 
of 61S aluminum alloy 
367-369 
cooling rates in different 
quenching media ....365-367 
cooling rates in various 


“eee eee eee ee eee eeeee 


section sizes ........ 365-367 
critical quenching tem- 
perature range ...... 364-365 
testing procedure ....... 360 
sensitivity of various alumi- 
ee SE Li cds varies 369-371 


Radioisotopes 
radioactive silver as tracer 
for measuring self-surface 
diffusion of silver. .376-379 


procedure and equip- 
WO 5a eG Ses 377-379 
as tracers in vapor pressure 
measurements ........ 291-292 


Rate of vibration decay method 
for determining damping ca- 
pacity 


Rate process theory 
to extrapolate and interpolate 
stress-rupture data ....744-746 


Recrystallization 
of beryllium 
mode of deformation ..810-811 
temperature of .......... 824 
test method 
time-temperature relation- 
SR. nas cess ova aee Vee 


Refractory metals and oxides 
properties .......399, 1138, 1139 


Refractory Sillimanite 
stress-rupture tests 


Refrigeration 
effect on retained austenite 
ee a. Chae 116-118 


Residual stress 
corrosion cracking in alumi- 
num alloys 


“vee eee eneeneee 


in stainless steel 
Resistance furnace .......... 1135 


Resistance melting 
thorium-carbon powder com- 


| RE OPE ene 1297 
Resistance spot welds 
SC CE ies ons acenen 1236 


Resistivity, electrical. See Electrical 
resistivity. 


Resonant vibrations 
methods for determining 
damping capacity 
i CRO 0.6 2056. i a I 537 
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Retained austenite 
in high speed steel 
in iron-manganese-nickel al- 

loys 1271 
magnetic determination of . 1180 

Rhenium 

properties 


Rhodium 


properties 


401, 1138 


401, 1138 


Rolling 
of beryllium 


Room temperature embrittlement 
in stainless steel 
Rotating beam 
dynamic testing machine. .503-511 
test specimens 
Rupture 
of austenitic stainless steels 
Ruthenium 
properties 
Scaling 
of AISI 


of iron 


steels 


effect of temperature 
641-6438, 645-647 
micrographic studies of 
oxides 
X-ray studies of oxides.. 
644-645, 651 
Scattering of X-Rays 
high speed steel 
Secretary’s Annual Report, 
1949 
Segregation 
of inclusions in steel 
sulphur in carbon steel in- 


475 


496 


Selective etching 


high speed steel 1166-1178 


Shear failure 
relationship to cleavage.... 


Sheet 
formability of 


Sheet metals 
anisotropic 
theory for plastic flow in. See 
under Anisotropic sheet met- 
als. 


Shock test 
high velocity 


Shot peening 
to reduce stress corrosion 
cracking 


Sigma phase 
effect of nitrogen on 
identification ....... 938, 966, 
in stainless steel 
effect on high temperature 
properties 
weld metal 
Silicon 
in chromium-molybdenum steel 
effect on tend- 
ency 
effect in iron-manganese- 


1279, 


cracking 


nickel alloys 1291 
vapor pressure 
methods of determining... 


283-284 


self-surface-diffusion of. 
See Diffusion. 
solid solubility in beryllium. 
vapor pressure of 
methods of determining . 283-284 


SO2 


Sintered powder electrodes .. 1014 


Sintered thorium-carbon alloys 1303 


Slip 
in beryllium crystals 
expression of resolved shear 
stress 
markings in fractographs of 


828 
828 


580 


Slip planes 
according to micellar theory 


Soderberg straight-line relation 


565, 
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Sodium 
vapor pressure 
methods of determining. 283-284 


Solid state 
micellar theory for 
as applied to melting 395 
development of theory .388-389 
to explain crystal strengths 395 
to explain differences between 
heats of fusion and dis- 


SDS ob wk os os 0a 395-396 
novel aspects of ....... 391-393 
principal points of theory 

[% catisbie ante ca same h 389-391 


versus molecular theory .393-394 


Solidification 
nature of according to micel- 


GORE © xe whe ted 390 
from gaseous state ....392-393 
Solubility 
of copper in uranium ...... 1322 
of manganese in uranium 
Snitin Seine k One En ee 1513, 1318 
of uranium in copper ...... 1322 
of uranium in manganese 1318 
Solution of carbides 
in austenitizing ........... 1271 
on heating high speed steel. 1183 
Solution treatment 
for high speed steel ....... 1177 
Spectrographic analysis 
UE SN as 6 5S os 4 -n-0.050,0 1141 
Spheroidization 
PE I i es 5 os bac 922 
Spot welds 
Stee MONON Gia ccc oi ess. 1236 
Stability of alloy steel at ele- 
vated temperatures ....... 917 
Stabilizing 
aluminum alloys (75S) 1098 
DEINE: 4 oes. wenis- os 1276, 1282 
Stainless steel 
analysis of Class I marten- 
a 669 


Stainless steel (cont.) 
12 —- chromium 


SE So ee ow 671, 682 
compared with 16-—chro- 
SI canes tus 674-677, 682 
chromium-nickel (18-8) 935 
corrosion by sodium-chloride 
GN Fl ci He ews cH Ss KES 1257 
creep and rupture ......... 935 


effect of sigma phase on 
high 


temperature proper- 
ek: was) Sea aa 981 
MPM RNNS =. «5 ect ects vid 992, 1004 
hardness vs. bendability 
kk a baw iaelg Oe 671-674, 676, 682 
impact 
effect of tempering tem- 
CE. kee ow cketewa ws 684 
meenemetrmetwre. s..o ss sk ves 937 
microstructural changes dur- 
St NR obs oe ve dake ce 957 
nitrogen absorption ....... 967 
stress corrosion ........... 1233 


Static stress 


effect on stress corrosion, 


stainless steel ...... 1233, 1252 
method for 
measuring damping 

capacity 502 


hysteresis loop 


Statistical methods 
acceptance specifications .. 884 
analysis of variance. .865-S870, 892 


arithmetic mean ....849, 851-852 


average quality assurance... S884 
ct |) 875 
control charts.......849, 870-873 
correlation .........860-865, 892 
CUPVES ....cc2ccc0e + ae, Gou-ou4 
degrees of freedom ........ S5S 
frequency tabulation . 849-850 
“<s GE enn ca ckans SSG 
importance of statistical 

I i nig S46 


interpretation of quantitative 

ee ens 849-850 
list of statistical methods .886-887 
methods of presentation. .849-850 


information 
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Statistical methods (cont.) 
operating characteristic 


GUDGGD: a a 66nk 0 KERR EN 874-879 
Pearson Curves ......s00- S86 
SEGRE GORE - 6 cc cc tii 855 
producers fiek 4% isi ev iss 876 
provision for retests ..... 880-881 
quality assurance ........ 873-880 
quality defined .......... 846-847 
SRI CS os 65-0) 0 die Sek 849, 852 
SOMTONEIOR: 26h ei. i 860-865 
sequential analysis ...... 881-883 
standard deviation ...... 849, 852 
standard error of estimate.. 854 
"ONT clita 800s cbvus ved 857-860 


tests of significance. .855-860, 891 


WNINND S56 s9Si 6 5. en eee 854 
value of statistics ....... 847-849 
VATIREICE cow ews cst dees vee 
Steel 
AISI 304, AISI 316, AISI 
ME a A 935 


AISI 2320, AISI 2517, AISI 3115, 
AISI 3130, AISI 3316, AISI 4115, 
AISI 4317, AISI 4337, AISI 8624, 
AISI 8630, AISI 8615, AISI 4640, 
AISI 4815, AISI 6120, 


Rie ee “bee casea ees 919-920 
AISI austenitic stainless, 

creep and rupture ....... 935 
blistering 

as a result of gas pressure 388 
effect of induction heating on 

transformation characteristics. 


See under Heat treatment. 
embrittlement (hydrogen) 
as a result of gas pressure 
forgings, transverse ductility 
ingot, acid open-hearth het- 
CP rnin dame cask 487, 496 
plain carbon, alloy and stainless 
impact properties, static 
and tensile ....57-60, 65-71 
effect of quench and temper 
versus austemper on.68-70 
quality 
effect on temper brittle- 
ness 


388 
486 


“eee evrerereeeeneenennne 


standards 


Steel (cont.) 
SAE 1020 
SAE 1340 

tensile properties at sub- 
zero temperatures 
sheets 


eee e ee eeneeneneneenee 


439 


ee eee es 1198ff. 
deep drawing low carbon. 1197 
directionality in deep 


EE 2650 oh n't a dyes 1198 ff. 
isotropy and deep draw- 
es ba ack aa ory 1198ff. 
CIEE ic ccus ceucnnes 917 
stability at high temperature 917 
stainless 
AISI 309, AISI 310 ...... 1004 
AISI 314, AISI 310 ...... 983 
stress corrosion ........... 1233 
utilization of sigma phase 998 
Suet, TNS iia ia sooe> 491, 492 
Steelmaking practice 
and gun tube quality ...... 483 
Step aging 
75S aluminum alloy ....... 1096 
Strain aging 
as an explanation of hydro- 
gen embrittlement ...... 603 
Strain bands 
stainless steel ........ 1238, 1244 


Strain hardening 
CNMOMERE. 6 ks 1200, 1204, 1212 
variation with strain rate 


and temperature ....411-419 
ee rn 1199 
Strain modulus 
variation with strain rate 
and temperature .....:411-419 
Strain rate 
correlation to creep in cold 
drawn ingot iron ........ 1128 
effect on sigma phase in 
stainless steel ........... 995 
of high temperature alloys. 
éncteeaeh oes 406, 412, 420, 423 
Strength coefficient ......... 1200 
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Stress Stress (cont.) 


concentration, in fatigue test 
14S-T aluminum alloy ... 568 
stress corrosion cracking. 1252 

effect on fatigue strength of 


aluminum alloy ......... 559 
history in damping test, 
steel ..... 511, 518, 522, 523, 539 


strain relationship in anisotropic 
ee 
bain wbdewn 1327-1335, 1339-1351 
stress modulus, variation with 
strain rate and tempera- 
CUE .. 6 nckeptene eed 46 ces 411+419 
stress-rupture test 
analysis of data based on Eyr- 
ing theory ....748, 754-755 
of beryllium 
stress vs. creep rate .837-840 
stress vs. rupture 
BERS gee ae 837-840 
stress vs. testing tempera- 
ture for arbitrary 
creep rates ....... &39 
stress vs. testing tempera- 
ture for arbitrary 
rupture times ..... 838 
of cobalt-base alloy S-590 
effect of fluctuating tempera- 
ture on particles of 
dispersed phase ...753, T60 
effect of testing temper- 


eture ..... 725-726, 729-730 
log stress vs. log min- 

imum creep rate .... 729 
log stress vs. log rupture 

RE te an nk ald 5s ate 725 
microstructure of frac- 

Sen a ae ee 734-736 
stress vs. log minimum 

CTCSD FACE 2c wecccces 730 


of cobalt-base alloy S-816 
effect of testing temper- 


ature ..... 727-728, 732-733 
log stress vs. log mini- 

mum creep rate ..... 732 
log stress vs. log rupture 

SLY nubteu ees brook 727 
stress vs. log minimum 

CPOGD TONG i 4 Sk 733 


stress-rupture test 


discussion of test ..... 720-721 
effect of temperature on 
eee uesabad 734-736 


instabilities in stress-rup- 
ture time curves...734-741 
extrapolation of insta- 
bility points ........ - 738 
extrapolation of time-temper- 
ature instabilities .737-738 
high-temperature-type 


deformation ........ 734 
low-temperature-type 
deformation ........ 734 


time-temperature combina- 
tions causing instabil- 
MOR. kncndaccedeiat 734-736 
log rupture life vs. reciprocal 
of absolute temperature 
(tbeee Oe henaee 758-759, 761 
log minimum creep rate vs. 
reciprocal of absolute 
temperature ....758-759, 761 
method of testing ..... 721-724 
predicted rupture times 
vs. stress curves ...... 739 
rate process equations .744-746 
semi-log method vs. log-log 
method of plotting rup- 
ture data...746, 751-753, 755 
on Sillimanite refractory . 402 
slope of stress-rupture curve 
vs. testing temperature 


eb tis eee ew daliete ee 737, 741 
stress-extrapolated curves 

vs. temperature ....... 742 
stress-rupture as a rate 

DOGCNER Seva s idee sd 743-746 
test specimens ........ 721-722 


Stress corrosion 


cracking, in aluminum alloys 


+o ¢ Gheeheabake 1061, 1065, 1069 
MEGTOORTUCIINE ccc ttc tc eke 1077 
practices causing .......... 1074 
quenching practice ........ 1080 


resistance of 75S alloy.1082, 1121 
in a stainless steel com- 
SOUUORS: 2s cian cd cee s Ceeoel 1233 
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Stress-time diagrams. See Impact. 
effect of ratio of static elastic 
limit to static ultimate 


SOE FS 50  oa ias 6s 0 35552 54-62 
Striations 
as imperfection in metal sin- 
EERE: 24. o0 ute pee 337 
Strontium 


vapor pressure 
method of deterniining .283-284 


Structure. See Microstructure and 


metallography. 


Structure testing 
vs. specimen testing 


Subzero temperature 


tensile properties of SAE 
OE ee 439 
Sulphur 
effect on transverse ductility 
in large steel forgings 493 


prints, of carbon steel forg- 
ings 
in stainless steel 
effect on bendability .... 671 


Superlattice formation 
GUAM © bbe Sis 60 aS 161-162 
in iron-cobalt alloys 


effect of alloying addi- 


ee ee ee 167-169 
on mechanical proper- 
ee ee eddie dele 167-169 
effect on electrical resis- 
GQUAS: . std id eeialekss 166-167 
effect on fabrication of 
ek Re ake ens ue 163 
effect on magnetostric- 
OR = 62 vc ddinn ddd dae 163-166 
effect on physical proper- 
ee. cebsA seach s 162, 167-169 


Surface diffusion. See Diffusion. 


Surface distortion 
steel test specimens 


f Symmetrical forming opera- ” 
II Gade Wil o:: extansnn ms aan 1222 





Tantalum 
properties ......... 401, 403, 1138 
vapor pressure of 
method of determining 
bub dee < obwwe s 284-285, 299 
Tantalum-tungsten thermo- 
Cel ewaes ssa ye ks mp0 1132 
Tarnish 
stainless steel 
Technetium 
POMSRNIES GE. 6 baie bie se. 401 


Technical Program and Reports of 
Officers, ASM—3Ist Annual 


Convention, 1949 ......... 1 
Temper brittleness ...... 1292-1293 
See GOS obs > vr xced cos 1033 
C curves of time and tempera- 
ture for embrittlement of 
SAE Sid@ steel ......66s. 
plas ee ars A a 610, 6138, 614, 617 
carbide precipitation, theory 
Wiek<n we ka neo anna 612, 614-617 
Oe cal wine bis 1039 
effect of boron... .96-100, 105-106 
CECE OF COWIE ony cinccccass 1036 
effect of chromium ........ 1043 
effect of low alloy additions 
ohare nde te are basa w.0 1037, 1042 
effect of manganese ....... 1044 
effect of molybdenum ..... 1043 
2 1047 
effect of nitrogen ......... 1036 
effect of phosphorus ...... 1036 
effect of time at tempera- 
SHE 668.0606 cecbeecueea 604-605 
equilibrium segregation, 
Eo v.nias st maui ale 616-618 
nitride precipitation, theory 
Gib dbaks bssneceas 612, 614-617 
SAE 1340 steel ...... 444, 448-449 
selection of embrittling tem- 
po eee 606 


temperature of maximum temper 
brittleness, SAE 3140 . 609-610 
Temperature 
effect on creep of ingot iron 1128 
effect on stress corrosion 
cracking 


pba entCaeaen 1256, 1258 
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Temperature (cont.) 
increase during testing 411 
increase at high strain rates 411 
pouring temperature of steel in- 
gots 
effect on susceptibility to 
quench cracking . 242-243 


Tempering 
characteristics of iron-man- 
ganese-nickel alloys ..... 1272 
of iron-manganese alloys 1260 


of SAE 1340 steel, effect on ten- 
sile properties at subzero 


COMICTAOMO 6. eS ES. 443-450 
of stainless steels 
double tempering to im- 
prove ductility ........ 680 
effect on bendability .... 677 
of tungsten tool steel 
effect of tempering tem- 


perature on hardness .691-694 
effect of tempera- 

ture on impact strength 
691-694 


tempering 


oeeereeoeeweeereeeeeeees 


Tensile properties. See also Proper- 
ties. 
of beryllium 
directional properties ..827-83 
longitudinal and transverse 


stress-strain curves $29 
effect of alloying elements 
OM oc cccccsi cee, eo Se0-S42 
effect of annealing cold- 
worked beryllium ...821, 827 
effect of extrusion tem- 
SN ak, 5%, ooo 056.8 819-820 
effect of grain size ...... 827 
effect of machining 
Ce Cia 6 coke abe 819-821 
of gun steel, transverse di- 
SO as ike oe oe 460 


iron-manganese-nickel alloys 1278 


at elevated temperature . 1288 
of low chromium-molybde- 
DUEENES Si cec cA. 179 


in welded areas .180, 191-195, 197 
SAE 1020 steel 515 
SAE 1840 steel ............ 439 
subzero temperatures ....443-450 


Tensile specimens 


photogridding ........... 420-421 
Tensile tests 
large steel forgings ..... 488-490 
stainless steels, at elevated 
COMMMOTALUTES ..  cc ccc acs 937 
SR IO: Sica ss oss oe eee 1199 
Test specimens 
rotating cantilever beam fa- 
SES Wa weeh od Sk 6 sic naen 512-515 
Testing 


material vs. structure . 001-502 


Testing temperature 
effect on damping capacity. 521 
effect on tensile properties, 


SAE 1340 steel .:....s. 447-450 
Tests 
bend. See Bend tests. 


for determining vapor pressure of 
metals. See under Vapor pres- 
sure. 

end quench 


to study transformation 


characteristics § ...... 133-141 
quench cracking for hollow cylin- 
ders. See Quench cracking. 

Theory 
for plastic flow in anisotropic 
sheet metals. See under Ani- 
sotropic sheet metals. 
Thermal analysis 
in detecting phase transfor- 
Ee nettle iso a oes 1267 


in investigating uranium- 
copper system. .1320, 1322, 1325 


in investigating uranium- 
manganese system ...... 
‘wad ae Ree ee 1312-1313, 1318 
Thermocouple 2 
desirable features ......... Hist 
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perature on impact ....700-704 
relation of hardness to im- 
pact 


ececeeceo aoa bese eoeveeCeonee ee eons 


Tungsten-molybdenum thermo- 
GUO 6.5 ha h0s 05 1144, 1150-1153 


Tungsten-molybdenum tool steel 
effect of austenitizing tem- 
perature on impact ...696, 713 
effect of tempering temper- 
ature on hardness ..... 691-694 
relation of hardness to im- 
te kha ne geen 695-696, 713-714 


Tungsten-molybdenum-vanadium 
tool steel 
effect of austenitizing tem- 
perature on impact ....698-700 
effect of tempering temperature 
on yield strength and plas- 


tic deflection .....-csces 702-704 
relation of hardness to im- 
DOME .sékav smn thnnte tae 698-700 


Tungsten tool steel 
effect of tempering temper- 
ature on hardness ..... 691-693 
effect of tempering temper- 
ature on impact strength 


6 dw elak ee eee eee oye 691-693 
relation of hardness to im- 
ORES esvctoabesecancuhenn 691-695 


Tungsten-vanadium-cobalt tool steel 
effect of austenitizing tem- 

perature on impact ....699-701 
relation of hardness to im- 


OE Fb nek wees ent eees 699-701 
Turbocompressor 
stainless steel, corrosion ... 1233 
Types of inclusions 
os ee 458 
Ultimate cyclic stress sensitivity 
re 534 
Unbalanced dynamic Joading 
effect on stress corrosion of 
Stainless steel ...... 1233, 1251 


Underbead cracking 
possible effect of retained 
SUE ON nonde cence d 118, 120 


Unsymmetrical forming opera- 


ES nS iad woh teks Oe Wa ale 1197 
Uranium 
anisotropic nature of atomic 
| 764-766 


copper system 


compounds formed in .1322-1323 


constitution diagram. See also 
under Constitution dia- 
OR, io ot 4.< 02. 0 tee 1321 
th 1322-1323 
microstructure of ...1322-1325 
monotectic in .......1324-1325 
mumettee Ge ois +s 0 as 1322 
solubility relations ...... 1322 
crystal structure .......... 769 
GO ccc khvsccus 763, 777, 769 
electrical resistivity ..... 766-767 
interatomic distances ...... 763 
lattice constants ........ 763, 769 


manganese system 
compounds formed in .1314-1319 


constitution diagram. See also 


under Constitution dia- 

I | iss oc bbe 6 ead ee 1314 
OUONIE OE nc ci cc recs 1317-1319 
eutectoid in ........ 1314, 1317 


microstructure of ...1313-1318 
peritectic in ...1314-1315, 1317 
solubility relations ..1313, 1318 
Se Ee kee vac x bu euca 762 
microstructure 


SORE ST ow i ecaneesenns 163 
trigonal bipyramid configu- 
Meeks tie hath owe wine 765-766 


unit cell 


Vacuum-fusion method 
for determining oxygen in 


RGD. “Winds ce ddek peace 900 
Vacuum heating ............ 1303 
Vacuum melting ............ 1012 
Vacuum technique .......... 900 





SUBJECT INDEX 


Vanadium 
effect in 

(75S) 
effect in high speed steel... 


aluminum alloys 

1161 

effect in iron-manganese- 
nickel alloys 

effect on 


1283 
underbead crack- 
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